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Phase Stability and Microstructure Design in High Temperature

- (Mo,Nb)-Si-B Alloys

Abstract

The challenges of a high-temperature (T>1400°C) environment impose severe
constraints on materials selection in terms of melting temperature, oxidation resistance
and structural functionality. In order to satisfy these criteria, refractory metal silicides that
can develop adherent SiO, oxidation layers emerge as the most attractive candidates.
However, multiphase microstructure designs must be applied to address the toﬁghening
and strengthening issues that must be resolved for the use of refractory metal silicides. In
the current work, a stable two-phase equilibrium between Mo and a MosSiB;
intermetallic (T) phase has been established. While this stability is an attractive attribute,
it is also a challenge in developing processing strategies that will allow for the
manipulation of microstructure in order to achieve designs that will offer enhanced
performance at high terﬁperature. New ﬁﬁcrostmcture control based solidification
processing (including rapid solidification) has been demonstrated. An in-situ precipitation
reaction to yield Mo dispersions within the MosSiB; intermetallic phase has been

discovered and found to be effective in enhancing strength and toughness.




1 - Introduction

In an elevated teinperature environment, the esseqtial requirements for a structural
material aside from the obvious one of high melting point include high temperature
strength, Stiffness and oxidation resistance at low density, but adequate room temperature
mechanical propeﬂieé and cost effectiveness are also critical factors. Intermetallic alloys,
especially theAtitanium aluminide alloys, have attracted a great deal of interest for these
applications. However, for titanium aluminides the main applications are limited to
temperatures below 1000°C. The most significant payoffs in terms of advanced aerospace
applications and engine uses require temperatures well above that for the titanium
alunﬁnides and approaching the range of 1400°C - 1500°C [88Via, 86Hep].

High temperature service requires a thermal stability of the constituent ‘phases
which can be considered from several points of view. First and foremost is survivability
which clearly requires an inherently high melting temperature. In addition, a limited
interaction with the service environment and compati\bility with oxidation resistant
coatings or with reinforcement phases in composites are often basic requirements for
survivability of a component at high temperature. Moreover, application induced
microstructural modification due to thermal cycling and the combined effects of
temperature excursions under varying stress states are important to considef for a useful
component. The underlying basis for alloy synthesis, processing and the assessment of
thermal stability is established by the relevant phase equilibria in all systems.

It is apparent that all of the above mentioned requirements may not be satisfied by

a single phase alloy system, but instead may be achieved by using a multiphase design




with a tailored microstructure. The performance of multiphase alloys is governed by the
characteristics of their internal interfaces which in turn are greatly influenced by the
interaction among the existing' phases in the alloys. Clearly the success of superalloys is
based upon a carefully balanced multiphase design. In order to achieve an effective
combination of mechanical, chemical and morphological stability a knowledge of the
relevant phase diagrams is essential. On the basis of these diagrams it is possible to select
combinations of phases which may posses the desired properties. Kinetic data are also
required to understand and to control the possible interphase/interface reactions and the
evolution of microstructure during phase transformations. With this approach a
systematic and knbwledge-based assessment of advanced materials may be pursued
which is essential for successful development [92Dim].

Based upon several general, but critical, criteria involving central materials
characteristics and performance metrics for high temperature use, a candidate refractory
metal system based upoh ternary Mo-Si-B alloys has been identified as attractive to
examine in a systematic fundamental study of phase stability. In this system as well as the
companion Nb-Si-B system a ternary intermetallic (Mo,Nb)sSiB, ,T, phase has been
reported to coexist with a refractory metal solution phase. During the current program the
initial report has been tested and confirmed in a systematic investigation of phase stability
and microstructure control based upon the following objectives:

Examination of Phase Stability in the Mo-Si-B System

a) evaluation of the phase equilibria for the Mo-rich section of the Mo-B-Si system at

1600°C and 1200°C.




b) determination of the solidification pathways in the Mo-rich section of the Mo-B-Si
system with emphasis on the Mo(ss) + T2 two-phase field region.

c) examination of the high-temperature diffusion characteristics involved in the Mo(ss)
+ T, two-phase alloys.

d) investigation of phase stability in the companion Nb-Si-B system.

Investigation of Microstructural Development in Mo(ss)+T, Alloys

a) evaluation of microstructural modification of the two-phase alloys utilizing the rapid
solidification processing (RSP).

b) evaluation of solid-state phase transformation involved in the two-phase field region.

¢) analysis on the structure and crystallography of the (Mo,Nb)(ss)/T, interface via High-
Resolution Transmission Electron Microscopy (HRTEM).

As a background for the proposed renewal program which is intended to examine
several key outstanding issues in phase stability, microstructure control and processing in
detail, a summary of the research highlights of the current work provides an important
perspective. At the same time, it is also useful to reiterate the materials selection criteria.

From this background it is evident that the promise of the initial expectations and
findings has been realized in large measure. Indeed, the research program in the current
study has also served to define a number of important outstanding issﬁes, challenges and
opportunities in the development of (Mo,Nb)-Si-B allloys for high temperature
applications. In fact, some of the outstanding issues relate to the remarkable phase and
microstructural stability observed at high temperature. While this stability is an attractive
attribute, it is also a challenge in developing processing strategies that will allow for the

manipulation of microstructure in order to achieve designs that will offer enhanced




performance at high temperature. The experience in the current work allows for the
identification of a detailed examination of solidification microstructure development and
control, the control over an in-situ precipitation process that has been discovered in the
current work, the kinetic analysis of diffusion behavior, the thermodynamic analysis of
phase stability and the application of microstructure control to the synthesis of new
microstructure morphologies and designs for high terﬁperature service as key objectives
to pursue during the renewal effort in fundamental studies on (Mo,Nb)-Si-B alloys.

The approach that has been established in the current work based upon
complimentary' experimental approaches including: DTA, long term annealing, diffusion
couples, EPMA measurements, rapidly solidified samples and electron microscopy will
be applied in the proposed renewal study. Throughout the‘ intended effort a close
collaboration will be maintained with UTRC and P&W in related efforts on mechanical
properties and upscale sample sizes. The outcome of the three-year effort has provided an
assessment of microstructural modification potential and critical guidance for successful

materials processing in this promising high temperature materials system.
2) Approach

All alloy compositions are prepared by non-consumable arc melting of pure Mo, Nb,
Si and B in a titanium gettered argon atmosphere. The ingots are subjected to multiple
meltings in order to insure complete dissolution of the components. To expedite the
approach to equilibrium qt relatively low annealing temperature, some of the alloys are

rapidly solidified via splat quenching. The arc-cast samples and the splats are coated with




Y,03, wrapped in Ta foil, placed in an Al,Os crucible and heat treated in an Al,Os tube
furnace at 1200°C and 1600°C for 150 hours. Both splat quenching and drop-tube
processing are being employed to evaluate the extent of microstructural tailoring that can
be attained via RSP. Annealing treatments at 1600°C for varying time are conducted to
evaluate solid-state reactiéns and the resulting structures are characterized by using SEM,
XRD and TEM. The structure and the crystallographic relationships between (Mo,Nb)g
and T, have been elucidated using HRTEM and Fourier-filtered images. In an effort to
map out phase reaction sequences, selected diffusion couples have been designated to
identify component diffusivities in the T, phase. The diffusion couples are assembled in
Ta foil wrapping and annealed at 1600°C for varying times and subsequently furnace
cooled. . The diffusion couples are sectioned perpendicular to the initial interface using a
diamond impregnated low speed saw. In order to avoid carbon and/or silicon
contamination, the section diffusion couple was polished with only 12 and 1 um Al,O;
powder. In order to determine the phase compositions in equilibrated alloys and to assess
the diffusion path that evblves during interdiffusion, EPMA/WDA analysis is being

conducted on certain samples.

3. Research Highlights

During the current work a detailed experimental investigation of the fundamentals
of phase stability and microstructure control has been pursued into the focus areas listed
in the program objectives. A summary of this work is important not only in establishing

the promising potential of (Mo,Nb)-Si-B alloys, but also in identifying the challenges and




new opportunities that have been defined in the current work. Indeed, the outstanding
challenges and opportunities are the basis for the proposed continuing effort. A major part
of this work is published (see publication list) so that only the central points are

summarized.

3.1 Liquidus projection on the Mo-rich portion of Mo-B-Si Ternary System

* The liquidus projection in the Mo-rich portion of the Mo-Si-B ternary system
phases have been examined based on the microstructures of arc-cast alloys. The liquidus
projection in the Mo-rich portion involve six primary solidification reactions; five
reactions originated from the Mo-Si and Mo-B binary sections (Mo, Mo,B, BMoB, MosSi
and MosSis) and one from the ternary-based T, phase (figure 1). The liquidus surface in
general descents from the higher melting Mo-B binary side to the lower melting Mo-Si
binary side. The several liquidus surfaces such those of T2 and Mo3Si phases appear to be
quite shallow. The solidification path of the T, phase compositions is always proceeded
by the MoB primary and subsequently the peritectic reaction of fMoB + L => T,. Four
Class II reactions (quasi-peritectic reactions) and one Class I reaction (an invariant ternary

eutectic reaction) have been identified as follows:

fMoB +L => MozB +T, e 1)
Mo,B +L=>Mo(ss) + T, - 1L,
BMoB+L=>T;+T, = - I
Ti+L=>MosSi+T, - 1,

L => MosSi + Ty + Mo(ss) - I




With regards to the solidification processing of the Mo(ss) + T> tWo—phase alloys, several
solidification paths involving additional phases such as Mo,B, MoB and MosSi phases
have been observed. A more detailed examination on the solidification pathways involved

in the two-phase field is described in the following section.

3.2 Solidification pathways of as-cast alloys in the (Mo(ss) + T,) two-phase field

The solidification pathways of alloys in the two-phase field of Mo(ss) and T, phase
have been characterized by the severe segregation which involves the formation of
additional phases such as Mo,B, MoB, Mo3Si and MosSi3 during conventional casting
(arc-melting) [97Per, 97Nun]. Based on our assessment on the Mo-rich portion of Mo—B-
~ Si liquidus surface and the estimated Mo-T, quasi-binary section from analysis of the
solidification structures (see Figure 2), four types of solidification pathways involving
different primary phases have been identified within this region depending on the
composition as follows:

1. For Mo alloys with 0 < B < 14 at. % and 0<Si<7 at. %:
Mo(ss) non-faceted dendritic primary > Mo(ss) + Mo2B eutectics > Mo(ss) + T
eutectics > MosSi + T, co-precipitation.

2. For Mo alloys with 14 <B < 19 at. % and 7<Si<8.5 at. % :
Mo,B faceted columnar primary > Moss + Mo;B co-precipitation > Moss + T
eutectics > MosSi + T, co-precipitation.

3. For Mo alloys with 19 < B < 22.5 at. % and 8.5<Si<11.25 at. % :

T, faceted columnar primary > Moss + T eutectics > MosSi + T, co-precipitation
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4. For Mo alloys with 19 <B < 22.5 at. % and 8.5<Si<11.25 at. % :

MoB dendritic primary > T, (via a peritectic reaction of MoB + L > T,) > MosSi

+ T co-precipitation

Although there is a transition in primary phase selection with changing
composition across the Mo(ss) + T two phase field, the final solidification reaction in the
sequence always involves thve co-precipitation of MosSi + T as a eutectic with the Mo;Si
phase as the matrix. The formation of MosSi as the matrix in the eutectic can be
understood by thé fact that the initial solidification involves the formation of boride
phases. Following the initial solidification the liquid cdmposition has shifted toward Si-
rich levels so the subsequent solidification follows the Mo(ss) + T eutectic through until
reaching the completion of reaction in the MosSi + T, region. Hence, the limiting
composition of the remaining microstructure allows for a relatively large volume fraction
of MosSi as a non-equilibrium segregation induced constituent.

The presence of MosSi as a matrix in the final eutectic solidification reaction, in
addition to the formation of Mo,B and MoB during the earlier stages of solidification,
hinders the equilibration process during subsequent solid state annealing. The segregation
induced binary borides and silicides exhibit sluggish dissolution kinetics. In fact,
experience has demonstrated that annealing at 1600°C for 150 hours is barely sufficient to
dissolve the MosSi and Mo,B phases [97Per]. Even after this extended annealing
treatment, the microstructures of the resulting alloys are not uniform as shown in figure
15. Moreover, it is also evident that extended annealing at 1200°C yields almost no
change in the as-cast microstructure. Since the issue of solidification segregation is a

major point in assessing the phase stability in the Mo-Si-B system some means of
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reducing the extent of segregation and the formation of non-equilibrium constituents is
essential. As described in the next section a strategy based upon the application of rapid
solidification methods has been demonstrated to be most effective in achieving this

objective and allowing for a reliable assessment of the phase stability.

3.3 Development of Mo(ss) + T, Two-Phase Microstructure

The production of a two-phase (Mo(ss) + T,) microstructure directly from the arc-
melted alloys has been shown to be severely restricted as indicated in previous sections.
Furthermore, an extensive annealing process is required to dissolve the additional phases
that are formed in the arc-caét alloys due to the low diffusion rates even at relatively high
temperafures. This experience presents a gréat challenge in high temperature materials.
Although high temperature characteristics such as microstructural. stability and low
diffusion rates (of the order of 10 to 10" m%s) [99Kim] are desirable in these alloys,
the attainment of the two-phase microstructures necessitates an extensive subsequent
annealing processing at very high temperatures. Moreover, the phase equilibria at
relatively low temperatures is difficult to ascertain dué to the low mobility of species
involved in the system. Hence, an alternative material processing is required to facilitate
the attainment of two-phase microstructures at low temperatures.-In particular, a materials
processing method that yields a much shorter diffusion path is certainly beneficial.

Rapid Solidification Processing (RSP) such as splat quenching (SQ) can be
utilized to produce alloys with more refined and homogeneous microstructures. More

importantly, RSP has been frequently used to obtain high melt undercooling and rapid
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interface velocities such that solidification segregation can be successfully suppressed. As
indicated in the previous section, the solidification pathways of the arc-melted
Mo70B20Si1g alloy are initiated by the T, primary and followed by the formation of Mo(ss)
+ T, monovariant eutectic and Mo3Si + T, co-precipitation (see Figure 3). In contrast, the
resultiﬁg SQ alloys with a similar composition exhibited a refined two-phase
microstructure as shown in Figure 4 a and confirmed by XRD measurements (Figure 4 b).
Two types of microstructures corresponding to the level of undercooling attained can be
discerned. Near the edge of the splat foil, a coupled-growth of the Mo + T, was detected.
No T, dendritic structure can be observed. This can be associated with the most
undercooled regime wherein the formation of T, primary dendritic phase can be
suppressed and Mo and T, phase can grow cooperatively. Upon the completion of the
coupled-growth regime, the T, phase forms either a cellular structure with the Mo phase
or a dendritic structure that was subsequently followed by the formation of the Mo +T;
eutectic. The x-ray traces of the splat-quenched alloy indicated the presence of Mo and T,
peaks only. Thus, the segregation problem associated with the formation of MosSi phase
by conventional processihg means can be circumvented by rapid solidification. The
annealing treatment at 1200°C for 150 hours resulted in a uniform duplex microstructure
consisting of Mo dispersions in a T, matrix (see Figure 5). This is in stark contraét to the
arc-melted alloys annealed with a similar procedure which showed the solidification
microstructure with Mo3Si being maintained after annealing at 1200°C. The feasibility of
producing a Mo(SS)+T, two-phase microstructure directly from the melt via an RSP

technique is clearly demonstrated by this experience. Furthermore, the application of RSP
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to all of the coinpositions under study has used to develop the isotherm phase diagram

sections at 1600°C.

3.4 Development of Single-phase T,

It is desirable to examine the possibility of producing the T,-phase directly from
the melt. As noted in the Mo-T, plethal section (see Figure 2), fhe T, phase mélts
incongruently so that MoB would solidify first in as-cast alloys with a T,-stiochiometric
composition (Mog25B25Si125). The solidification path then proceeds »with T, phase
formation through a peritectic reaction of MoB + L => T,. MosSi and MosSi3; phases |
would then also form as the last parts to solidify. Hence, the production of T, phase via
conventional casting would be very challenging due to severe solidification segregation
involving phases such as MoB and MosSi; which exhibit sluggish dissolution. In fact,
arc-melted alloys with this composition still maintained the four phases in the
microstructures even upon annealing at 1600°C for 150 hours as shown in Figure 6. Thus,
similar to the Mo(ss) + T two-phase alloys, the single-phase T, formed via conventional
casting requires an extensive annealing procedure at very high temperature i.e. in excess
of 150 hours at 1600°C.

For these conditions, RSP can be again very useful in suppressing the
solidification segregation through the development of high melt undercooling and rapid
interface velocities. Splat-quenched alloys with a T, stoichiometric composition, in
contrast to the as-cast alloys, exhibited only a single T, phase. This was confirmed by the

XRD measurements indicating only the T, phase in splat samples (see Figure 7). Thus,
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T, phase can be successfully produced directly from the melt provided that a sufficient
level of undercooling can be attained to suppress the primary solidification of MoB and

secondary phase formation of Mo3Si and MosSis.

3.5 Mo(ss) Precipitation in the T, phase

As noted in the figure 8, the as-cast microstructure for MooB20Siio shows three
phases: primary faceted MosSiB, (T») phase, Mo(ss) and MosSi. The Mo(ss) phase
represents‘ about 0.45 volume fraction of the (Mo(ss) + T5) eutectic region and about 0.2
volume fraction of the overall microstructure. In the as-cast condition TEM examination
did not detect Mo(ss) precipitates in the T, primary phase. In samples annealed at 1600°C
for 25 hoﬁrs, there was a clear indication for the formation of Mo(ss, precipitates in the T
primary phase (see Figure 8a). A prominent feature was the plate-like shape of the Mo(ss)
precipitates. The precipitates varied in length from 1.0 to 3.0 pm. The thickness of the
precipitates was less than 0.2 pm. A tendency to form a high precipitate density near the
edge of the T, primary phase was clearly evident (see region A in Figure 8b). In addition,
an apparent precipitate-free-zone (PFZ) is also noted in the T, phase immediately
adjacent to the (Mo(ss) + T») eutectic structure (region B in Fig. 8b).

Alloys annealed at 1600°C for 150 hours (see Figure 8c) developed a microstructure
with a high density of Mo(ss) precipitates near the edge and a relatively sparse precipitatev
density at the center of the T, phase (region A in Figure 8c). The length of the precipitates
varied from 3.0 to 7.0 um. Unlike the lengthening process, the thickening process of the

precipitates was relatively slow.
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A TEM observation showed that the Mo(ss) precipitates develop facets (see Figure
8c). A number of different crystallographic orientations for the Mo precipitates within
the T, matrix were indicated by electron diffraction analysis. However, most of the plate-
like precipitates showed the following relations (see Figure 8e and 8f): -

Mo(ss) {111} || T2 (001); Mo(ss) [011] || T, [110], (1a)
Mo(ss) {111} || T (001); Mo(ss) [011] || T, [110]. (1b)

For the Mo(ss) precipitates with the above orientation relations the Mo(ss)/T interface
was identified to be approximately parallel to a Mo(ss){211} plaﬁe (for the long
Mo(ss)/T, interface of the plate like Mo(ss) precipitates, see Figure 3a) and to a Mo{110}
plane (for the short interface). In the T, matrix the interfaces are parallel to the T>{110}
planes.

The relative sluggishness of the microstructure change of the Mo7oB20Siio alloy at
high temperatures is readily apparent. This is due to the low diffusion rates in this system

which contribute to a remarkable microstructural stability. However, the same sluggish

- diffusion also plays a key role in the slow dissolution rate of Mo;Si phase and the

attainment of equilibrium. As previously shown [97Per, 97Nun], the MosSi phasey
formation can be suppressed by the use of rapid solidification processing (RSP). The
formation of Mo(ss) precipitates during heat treatment in the solid state demonstrates that
a significant supersaturation can be retained within the T, matrix and that the T, phase
can not be considered as a line compound. The precipitation reaction is an important
finding since it allows for the further development of toughening strategies for this

system [94Cha].
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The observations on the development of Mo(ss) precipitates within the T, phase are
consistent with the sketch of the Mo(ss) + T, quasi-binary phase diagram in Figure 2 and
the stability of the T, phase over a composition range. Upon solidification, the initial
formation of primary T, phase occurs with little supersaturation of Mo. During continued
freezing of the primary T, the cqmposition tracks the solidus to yield increasing levels of
Mo. The cooling conditions during arc-melting of small ingots are sufficiently rapid to
suppress the development of the Mo,B phase so that the segregation of Mo in the primary
T, phase continues to the extent given by the monovariant eutectic. The sluggish solid
state diffusion in this system allows for the segregation profile in T, to be retained after
final solidification. With this pathway the greatest Mo segregation and hence the largest
supersaturation level in the T, primary would develop at the end of | the primary
solidification as the path changes to co-precipitation of the (Mo(ss) + T») eutectic. In fact,
the microstructure does show clearly (see Figure 8b) that the highest precipitate density
does develop near the edge of the T, primary phase. At the same time an apparent
precipitate free zone develops within the T, primary adjecent to the (Mo(ss) + T2) eutectic
structure. The extent of this zone (i.e. about 1.0-1.5 um) can be understood if the Mo
supersatﬁration due to segregation in the T, phase is diminished by diffusional relaxation
(in the vicinity of the zone). This w.ould imply a diffusivity of the order of 107® m?%s
which is reasonable for a Mo-base alloy at 1600°C [79Mei].

A TEM/SAED analysis on the annealed samples demonstrates that most of the
Mo(ss) precipitates have specific orientations within the T, matrix (see eq. (1)) and a
T,2/Mo(ss) interface approxirﬁately parallel to a Mo(ss){211} plane and to a T,{110}

plane for the long interface of the plate like precipitates (see Figure 9a). These »
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orientations allow for the formation of a semi-coherent Mo(ss)/T, interface with a lattice
mismatch between the opposite Mo(ss) (110) planes (0.2250 nm) and T, (220) planes
(0.2131 nm) of 4.43 % (the lattice misfit is defined as (amo-0.5aT,)/0.5aT; where ay, and
aT, are the lattice parameters of Mo(ss) and T, phases respectively in annealed
MooB2oSijo alloys). In the Fourier-filtered image in Figure 9b the Mo(ss)(110) and
T,(220) reflections were used to show details of the dislocatioﬁ structure in the Mo(ss)/T,
interface. The filtered image shows a semi-coherent Mo(ss)/T, interface interrupted by a
periodic arrangement of misfit dislocations. The Mo(ss)/T, lattice mismatch is
accommodated by T, (220) extra lattice planes that end at the Mo/T; interface and show a
spacing of about 4.8 nm in average (approximately 23 T, (220) planes equal to about a
4.4% mismatch compensation). Thus, the interfacial dislocation structure yields more
than 94% accommodation of the Mo(ss)/T, lattice mismatch. It should be mentioned that
the semi-coherent character of the planar Mo(ss)/T, interface remains even after a
prolonged annealing treatment (i.e. at a temperature of 1600°C for 150 hours).

The lengtflening kinetics appears to be more extensive than the thickening of the
precipitates based on microstructures of alloys annealed at 1600°C at 25 and 150 hours.
The slow thickening rate can be attributed to the presence of an interfacial barrier at the
planar Mo(ss)/T, semi-coherent interface that apparently can be maintained even after a
relatively long annealing time. The relative immobility of the partially coherent Mo(ss)/f 2
interface also promotes the development of a plate morphology [78Aar]. The remarkable
stability of the. precipitate morphology and precipitate/matrix interface structure are

attractive features for high temperature service applications.
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The formation of dispersed ductile precipitates with a relatively high aspect ratio
should provide an important contribution to the damage tolerance of (intermetallic +
ductile) two phase alloys such as Mo(ss) + T, [94Cha, 91Dev]. The mechanism of
microstructural evolution of the plate-like precipitate is currently being examined. An
understanding on the mechanism will enable the development of effective strategies for
the control of the morphology and the density of the plates by annealing procedure and

alloying.

3.6 Precipitation Enhanced Toughening in Mo(ss) + T2 Alloys

A preliminary indentation test with a load of 1 kg on Mo70B2Si;o alloys indicated
the benefits from Mo(ss) precipitates in the T, matrix. Crack bridging in the T, matrix by
Mo(ss) precipitates wasl observed (see Figure 10). This mechanism should provide
important contribution to the overall toughness of the microstructures. Indeed, the
optimal condition with respect to the toughening mechanism can only be obtained by the
presence of dense Mo(ss) precipitates in the T, matrix. Thus, very short annealing
treatment at higher temperatures would be required to promote a high nucleation density
of Mo(ss) precipitates.

The role of the Mo phase distribution in a T, matrix to inﬂuence further crack
propagation resistance can bev demonstrated by a Vickers indentation test (load of 300 g)
on the SQ foil (see Figure 12). The crack propagation apparent in the arc-cast ingot was
effectively inhibited due to the homogeneous distribution of Mo phase in the T, matrix in

the SQ foil. This experience further emphasized the importance of high density of Mo
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phase precipitates uniformly dispersed in the T, phase. In this case again, RSP has been
essential to facilitate the development of a homogeneous Mo phase distribution

conducive to microstructural toughening.

3.7 Assessment on the diffusion behavior involving the T, phase formation

In the current work, a diffusion study has been initiated to examine the formation
of the T, phaée based upon reaction (b) between Mo,B and MosSis. Figure 11 shows the
back-scattered (BS) image of the cross section of the diffusion couple taken by the
secondary electron microscopy (SEM) between MosSis and Mo,B after annealing
treatment at 1600C for 400 hours. The EPMA analysis proves the Mo,B phase on the far-
left side and MosSi3 on the far-right side. Diffusion reaction between Mo,B and MosSi;
produces two product phases in a diffusion couple annealed at 1600°C for 100 and 200
hours res;;ectively. In 400 hour annealed diffusion couple, one single phase T, appears in
between Mo,B and MosSis. According to the EPMA analysis, the‘two product phases ina
diffusion couple annealed for 100 hours or 200.hours turn out to be T, and MosSi. The
product phase next to the Mo,B phase is T,. The Mo3Si phase appears next to the MosSi3
phase. The EPMA analysis also shows that the product phase in a diffusion couple
annealed for 400 hours is T,. The T, phase shows flat interface with Mo,B even though it
grows into columnar structure (Figure 11). The T, phase, however, does not have flat
interface with MosSis. In addition, the célumnar grains close to the MosSi3 are bigger

than those to the Mo,B phase. Moreover, cracks in MosSi3 are stopped or diverted at the
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interface between Mo3Si and MosSi3 and the interface between T, and this indicates that
T, and MosSi have a toughness level sufficient to reduce crack propagation.

The MosSi phase is found on the MosSi3 side in 100 and 200 hours annealed
diffusion couples, but is not uniformly produced along the MosSi3 phase (Figure 12). On
the contrary, the MosSi phase was not found in a diffusion couple annealed for 400 hours.
The Mo3Si phase is formed on the MosSi3 phase side, and the T, phase is produced on the
Mo,B phase side due to Si atomic flow. However, the disappearance of MosSi after long
term annealing seems to indicate that B atoms diffuse faster than Si atoms. This is
supported by results from a diffusion couple of Mo,B/MosSi; annealed at 1700°C for 182
hours. Figure 25 shows BSE images of the MosSi phase existing (a)&(b) along the T,
phase and (c)&(d) partially between T, and MosSi; in the Mo,B/MosSis diffusion couple
annealed at 1700°C for 182 hours. This indicates that directional movement of faster B
atoms transform the partial region of MosSi into T, (Figure 12 (c) & (d)).

A key consequence of the changing phase sequence with annealing time is that the
initial diffusion path is not the steady state path, but reflects transient conditions. The path
that appears to represent steady state is given in Figure 13. The assdciated composition
profile is shown in Figure 14 along with the analytical representation of the composition
profile that can be used to evaluate the diffusion coefficients based on analysis given in

the appendix as:

DY =1.61x10" m?/sec DY =5.14x10"® m%/sec

D}y =-1.77x10™° m’/sec D" =.532x10"% m%/sec
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or

DZ, = 1.10x10™"° m?/sec Dk, =-5.14x10""° m%/sec

DE . = 1.42x10™¢ m?/sec DL, =-1.80x10"" m¥sec

The self diffusion coefficient of Mo in a pure Mo is 1.49x10™"7 m%sec [83Smi]. When
atoms in a homogeneous system such as a pure element or an alloy are placed in a
constant chemical potential .ﬁeld, th¢ energy barriers for atoms to mc;ve to adjacent sites
are identical. The only way to move to adjacent sites is by thermal jumping. If atoms
move via .a vacancy mechanism, they may thermally jump into adjacent vacant sites
because there are local concentration differences due to vacancies. As a consequence, the
component interdiffusion coefficients tend to be larger than the self diffusion coefficient
of Mo.

The -overall growtthinetics for the T, phase is presented in Figure 15 and -
demonstrates diffusion control. The solid line in Figure 15 was obtained using the
interdiffusion coefficients of the T, phase and the theoretical solution for the solute
concentration derived by Fujita et al [56Fuj]. The estimated growth rate constant for T; is
9x107'% m%/sec at 1600°C. According to Bartlett et al [64Bar], the growth rate constant of
MosSi is approximately 3.75x10™"* m%/sec at 1600°C. The growth rate of T, is about two
orders of magnitude lower than that of MosSi. Moreover, as indicated in Figure 16 the
growth behavior of the T, layer is influenced by the neighboring phases which change

with time during annealing as the diffusion path approaches steady state. Thus, the
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extrapolation of short time growth behavior to long times is questionable. This effect is

also likely to impact the analysis and interpretation of oxidation behavior.

3.8 Phase Stability of the Mo-rich Mo-Si-B system at 1600°C

Based upon the results presented in the previous sections concerning the long term
annealing of as-cast samples, the examination of rapidly solidified samples, x-ray
diffraction determination of phase identity and lattice parameter trends and the EPMA
examination of phase compositions in the isothermal section for the Mo-Si-B system at
1600°C has been constructed as shown in Figure 16. Since the boundary lines are plotted
on the basis of éomposition data of homogeneous phases obtained using EPMA, the
boundaries are drawn as a broken line. Moreover, the present study concentrates on the
Mo-MoB-MosSi; region excluding the two-phase equilibrium region of MoB-MosSis.
Accordingly the ternary isothermal section in Figure 16 does not contain a complete
boundary of MoB-MosSi; two-phase equilibrium region. This gives incomplete
compositional boundaries of both the B-rich side of MoB and the Si-rich side of MosSis.
The composiﬁonal region of Mo,B extends from ~33 at%B to ~38 at%B and its solubility
of Si reaches to about 1 at%Si. The composition boundary of the Mo-rich side of MoB
reaches ~51 at%B and the solubility of Si reaches up to about 2 at%Si. The Mo(ss) phase
does have negligible solubility of B but appreciable solubility of Si up to about 3 at%Si.
The M§3Si phase has compositional homogeneity region from ~22 at%Si to ~26 at%Si

and negligible solubility of B. The compositional boundary of the Mo-rich side of MosSis;
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extends to ~35at%Si. In addition, the T, phase has solubility of Si from ~9 at%Si up to

~13 at%Si as well as solubility of B from ~24 at%B up to ~32 at%B.

3.9 Thermodynamic Evaluation of the Phase Equilibria in the Mo-rich Mo-Si-B system

In order to provide a basis for the reliable analysis of the measured phase stability
and to provide guidance in the further analysis and interpretation of the character of the
defect structure in the T, phase an evaluation of the thermodynamic properties is
necessary. Unfortunately, reliable thermodynamic data for the T, phase are not available.
However, some data on the phases that coexist in equilibrium with the T, phase (Figure
16) is available and may be used to establish reasonable bounds on the free energy of
formation of the T, phase. To serve as background on this approach, the evaluation
method is illustrated for a binary alloy and then extended to the ternary Mo-Si-B system.
The final result does demonstrate that the main features of the phase stability observed at
1600°C can be reproduced by the thermodynamic calculation. At the present stage there
are also clear limitations on the calculation method since it treats phases as line
compounds. However, the approach does illustrate the potential for a full analysis once
measurements become available. In fact, some of the proposed work has been developed
in order to supply the measurements needed for a more complete thermodynamic
evaiuation.

In Mo-Si, Mo;B and Si-B binary phase diagrams [92Asm], the stable phases at
1600°C are Mo, Si, B, Mo;B, MoB, MoB,, Mo;Bs, MoB,, SiB,, Mo3Si, MosSi; and

MoSi,. In the Mo-Si-B ternary equilibrium shown in Figure 15, a unique ternary phase
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MosSiB, (T) exists as a stable phase at 1600°C. Although the Mo-B binary phase
diagram contains MoB, and MoBy as a stable phase at 1600°C, the ternary isothermal
section of the Mo-Si-B system drawn by Nowotny does not include those phases.

To begin with, a methéd estimating the unknown free energy of formation of a
phase in a binary A-B system is illustrated. Let us suppose that there are 5 stable phases -
A, A;B, AB, AB; and B (Figure 17) with negligible solubility of nonstoichiometry. The
system contains the equilibria

3A+B=A;B,A+B=AB,A+3B=AB;
and the free energies of formation of A;B and AB; phases with respect to the standard

states of pure A and pure B are known except AB. g, denotes the free energy of
formation of i. The tangential line between A3B and AB; geometrically illustrates that the
free energy of formation of the stablg: AB phase (g, ,3) can vary in ranges between g}, AB
and -oo. The tangential lines between A and A3;B, and AB; and B are intercepted at the

composition of AB (Xp = 0.5). The tangential intercepts geometrically divide the stability

region of AB into three areas. Each area shows different stability as follows.

e When —o(g, (g} +5, the AB phase produces tangential relations with A and B
respectively. The binary A-B system contains stable A, AB and B phases, and
metastable A;B and ABj3 phases.

o When g} ,;(8,.5{87 s> the AB phase produces tangential relations with A and

ABj3. The binary A-B’ system contains stable A, AB, AB3; and B phases, and a

metastable A;B phase.
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e When g2 ,;(8;5{8} 5> the AB phase produces tangential relations with AsB

and ABs. The binary A-B system finally contains stable A, A3;B, AB, AB3 and B
phases.

In order for phases A, A;B, AB, AB; and B to be stable, the free energy of formation of

1 )
8rap 1 85 a8

2 ) is

AB has a value in between g}, A5 and gi, g - Usually, the mean value (

used as the estimate for g, ,p -

Using the thermodynamic data (Table 1) and the following thermodynamic

relations

S =8 TELdT
T= 29s+f T

298

T
AH, = AH g + [C,dT

298
the free energy of formation of each phase at 1600°C is evaluated (Table 2). The free
energy of formation of Mo,Bs is estimated from the free energy diagram of the Mo-B
binary system. In order for Mo,B, MoB and Mo,Bs to be stable at 1600°C, the rational
value of the free energy of formation of Mo,Bs should be in between -93.09 and -130.55
KJ/g-étom. The mean value, -111.82 KJ/g-atom, is selected as the free energy of
formation of Mo,Bs at 1600°C. Each phase in the Mo-Si-B system with
nonstoichiometric composition range has stoichiometric composition. On the basis of the
phase stability shown in Figure 17, the free energy of formation of the T, phase is
e;stimated as -130.9 £ 0.6 KJ/g-atom (or —1047.30 * 5.29 KJ/mole). A linear regression

on the free energies of formation of the T, phase at other temperatures (Table 3) gives
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AG ;= —-100.34 -0.505T (KJ/mole) for the T, phase

The free energy planes of phases in the Mo-rich Mo-Si-B system including the T
phase can be established using the sub-lattice model, developed by Hillert and Staffanson
[70Hil] based on Temkin’s model for ionic solutions [45Tem] and extended by Sundman
and Agren [81Sun]. Ansara et al. [97Ans] and Huang [98Hua] shows that the sub-lattice
model is very adequate to describe the thermodynamic properties of the ordered phases in
'the Ni-Al system which is characterized by five intermetallic compounds with different
structures.

In addition, the fact that the activities of Mo, Si and B respectively have constant
values in a three-phase equilibrium region indicates that the activities in tl{at region are
easily estimated using an equilibrium reaction among phases. A consideration of
estimated activity values of a component establishes its stability diagram illustrating the
chemical potential (or activity) changes with respect to composition. Since the chemical
potential changes during reaction affects the diffusion pathway and path sequence,
knowledge of chemical potential variation of a component as a function of composition is
significant. Generally, constant chemical potential of each component (e.g. A, B and C) in
a three-phase equilibrium (e.g. a-B-y equilibrium) gives |

G =XJu,+Xpu,+ XU, at three-phase equilibrium composition

of o phase
G’ =XPu, +XPu, +x%u, at three-phase equilibrium composition
of B phase

G'=XTu, + X u, + X u. at three-phase equilibrium composition
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of y phase
Consideration of o, B and y phases as a line compound indicates that G’ is the free
energy of formation of j phase (j = a, B or y) and X/ is the mole fraction of component i
(i = A, B or C) at stoichiometry of j phase. Solving linear equations, then, yields the
values of constant chemical potentials in the o-3-y three-phase equilibrium ‘region,. Based
upon this analysis method and the schematic isothermal section of the Mo-Si-B system at

1600°C (Figure 18), the stability diagrams of Mo, Si and B can be obtained.

3.10 Phase Equilibria in the Nb-rich side of the Nb-Si-B System at 1600°C

The eﬂzaluation of the phaée relations in the Nb-rich side of the Nb-Si-B ‘system at
1600°C focused on confirming the existence of the Nb(ss) + T, two-phase field. The
results are based on the analysis of the following alloys Nb-6.5Si-3.5B (#1), Nb-15Si-5B
(#2), Nb-10Si-10B (#3), Nb-15Si-15B (#4), Nb-20Si-10B (#5), Nb-ZSSifSB (#6), Nb-
12Si-18B (#7), Nb-27Si-3B (#8), Nb-12.5Si-25B (#9), Nb-25Si-12.5B (#10), Nb-31Si-
6.5B (#11), Nb-34.5Si-3.5B (#12), Nb-18Si-21B (#13), Nb-17.5Si-B (#15), Nb-21Si-
16.5B (#18), Nb-17.5Si-20B (#19), Nb-5Si-25B (#20), Nb-19Si-1B (#21), and Nb-7Si-
13B (#22) (all compositions in atomic %). The Nb-rich portion of the Nb-Si-B 1600°C
isothermal section according to Nowotny [60Now] is shown in Figure 19. The
cornpositipns of our alloys are indicated on the same figure. The phase identification was
determined using XRD and-SEM metallography. The T, phase XRD peaks were matched

using the MosSiB, XRD data. Alloy #1 consisted of a two-phase microstructure of
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primary Nb(ss) and a eutectic of Nb(ss) and T>. Alloys #2, #3, #4, #5, and #6 consisted
of a two-phase microstructure of primary T, and a euteétic of Nb(ss) and T,. Alloys #8,
#10, #11, #12 and #15 consisted of a three phase microstructure of primary BNbsSi; (T;
phase), T, from a peritectic reaction of L + BNbsSi3, and a eutectic of Nb(ss) and T,.
Alloys #7, #9, #13, #18, #19, and #20 consisted of a three phase microstructure of_
primary NbB, T from a peritectic reaction of L + NbB, and a eutectic of Nb(ss) and T in
the as-cast condition. |

It was found that most of the two-phase field could be reached upon solidification.
Heat treatment of the alloys at 1600°C for 150 hours produced slight coarsening of the
eutectic microstructure. In the alloys near the T, single-phase field (alloys #9, #10, #11,
#12, #18, and #19), the primary‘phase (either NbB or NbsSis) dissolved along with some
of the eutectic, increasing the amount of T, phase present. The results thérefore confirmed
the large range of two-phase field in the Nb-Si-B system as previously assessed [60Now].
The NbsB, phase was not detected in any of the alloys through XRD, which is in contrary

to the original diagram.

3.11 Solidification Reaction Sequence in the Nb(ss) + T, two-phase field

The solidification sequence has been examined in Nb-rich Nb-Si-B alloys
produced by non-consumable electrode arc melting. Through SEM/BSE and XRD
microstructural characterization, four types of primary solidification can be identified:

Nb(ss), T2, NbB, and NbsSis.
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Alloys that are near the T, composition form either NbB or NbsSij directly from
the liquid. In the Nb-Si-B system, NbsSi; (2520°C) has a higher melting point than NbB
(~2320°C). In contrast, MoB (~2600°C) has a higher melting point than MosSi3 (2180°C)
in the Mo-Si-B system. Since the near-T, compositions always sblidify with either
primary NbB or NbsSis, it would stand to reason that the melting point of the T phase is
less than the melting point of NbB or NbsSis.

The most interesting feature of the solidification is that an as-cast microstructure
consisting of Nb(ss) and T, can be formed. Either primary Nb(ss) or T, can be formed
depending on which side of the eutectic the composition is located. This allows for easy
adjustment of the microstructure in order to achieve the desired properties. If toughness
was important, then a microstructure containing primary Nb(ss) could easily be produced
in the as-cast condition. If oxidation resistance in a stronger material is desired, a
microstructure containing primary T, could also be easily produced in the as-cast

condition.

3.12 Phase Investigation on the (Mo,Nb) + T, two-phase field

Phase investigation on the two-phase field involving (Mo,Nb)s and T, phases in
the Mo-Nb-B-Si system has been initiated. The starting material used was Mo-20B-10Si
(at. %) which contains ’about 80 % of T, phase and 20% of Mo at 1600°C. Varying
amounts of Nb were added to replace the Mo content in the alloys with compositions of
(70-x)Mo-xNb-20B-10Si. The annealed alloys at 1600°C indicated the presence of

mainly the two phases with some solidification remnants of (Mo,Nb);Si. The XRD
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results indicated the continuous increase in crystal sizes of the T, phase with increasing
Nb content (see Figure 20). Hence, based on these initial results, it appears that the T
phase from Mo-B-Si ternary system and the Nb-B-Si ternary system forms a continuous
solid solution and that two phase field of (Mo,Nb) and T are indeed stable at 1600°C. It
is important also to point out the preferential partitioning of Nb solute to the T phase. As
the Nb content is increased, the corresponding increase in lattice parameters from the T>
phase are higher considerably than those from the (Mo,Nb) phase. This finding may be
provide an additional degree of microstructural control in the (Mo,Nb) + T, two-phase
alloys.

It is interesting to note here also that in the case of Mo-Nb-Si system, the
solubility extension of the binary T, phase from Nb-Si side (NbsSi3) was severely limited
due to the stabilization of the T; phase of .Nb58i3. In fact, the reported quasi-binary
section of NbsSi; — MosSi3 [65Sav] indicated that T; should be stable even at much lower
temperatures than 1650°C (the transition temperature of T; T, in Nb-Si side).
Therefore, boron apparently exhibits a profound effect in destabilizing the Ty phase in the
quaternary system and stabilizing the T, phase and the two-phase field.

With regards to the metalloid contents in the T, phase, it appears that the
variations in B and Si solubility may be attributed to the strict geometrical requirement
attached to the stabilization of the T, structure. This can be supported by the fact that the
c/a ratio of the T, phase quite constant in all of these alloys (see Fig. 21) in spite of the
continuous increase in the lattice parameters as shown in Fig. 20.

The increase in lattice parameters due to substitution of Mo by a larger atom Nb

may yield a corresponding increase in the volume of interstitial sites within the T, phase.
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This may facilitate a larger versatility in the metalloid solubility in the T phase. In this
context, the Nb addition can be accompanied by a larger solubility of the larger sized Si
atoms in the T, phase as noted in Nb-B-Si system wherein the T, phase is indeed much
more Si rich that that in Mo-B-Si system. This point is being carefully evaluated to

explore the possibility of applying this rule to alloying for (Mo(ss) + T>) alloys.

4 - Summary of Research Highlights

1. The challenges of a high temperature environment limit materials selection choices to
refractory metals, intermetallics and ceramics. When the additional constraiﬁts of
oxidation resistance and functionality as a structural component are considered,
refractory metal silicides emerge as perhaps the most attractive option. To address the
deficiencies in mechanical performance of silicides including low temperature
brittleness and higfl temperature creep resistance, multiphase microstructural designs
appear to offer viable approaches in order to take advantage of ductile phase
toughening and dispersion strengthel;ing. These approaches must be implemented
without compromising the bxidation resistance.

2. Based upon the limited available information in the literature, disilicides, especially
MoSi; do not exhibit stable two-phase equilibria with ductile refractory metals.
However, in ternary systems involving boron and silicon a Mo-MosSiB; and Nb-
NbsSiB, equilibrium has been reported. In the current work the main features of the
phase stability in the Mo-Si-B system have been established at 1600 and 1200°C. This

work has confirmed the coexistence of two-phase mixtures of Mo and MosSiB; (T
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phase) as a stable equilibrium at high temperature. Similar initial work on the Nb-Si-

B systém has also confirmed the existence of a stable Nb + T, two phase field.

The principal solidification reactions in the Mo-Si-B system have been identified.

These reactions feature extensive compositional segregation which is manifested by
the formation of boride and silicide phases. Long term, elevated temperature
annealing of as-cast structures is not an effective approach to removing the slowly
dissolving segregation induced boride and silicide phases.

Rapid solidification processing has been applied in the current work to mitigate the
problems associated with as-cast segregation. With rapid solidification it has been
demonstrated that the segregation induced formation of boride and silicide phases can
be suppressed so that Mo(ss) + T two phase mixtures can be formed directly from the
melt. Upon elevated temperature annealing the as-cast structure develops into a stable
uniform two-phase equiaxed microstructure.

The T, (MosSiB;) phase is not a line compound, but exhibits a solubility range of
several atomic percent towards Si and B rich values. The NbsSiB, phase also exhibits
a solubility range which is more extensive than that for MosSiB,. The observation of
a solubility range also implies the existence of a defect structure in the T, phase in
order to accommodate non-stoichiometry. |

Due to the solubility range a supersaturation can develop in the T, phase during
solidification. This feature has been exploited in the current work to allow for the
development of Mo precipitates within the T, phase. The crystallography and
interfacial structure associated with the precipitation reaction have been established .

The T»/Mo interface exhibits a high degree of coherency which is reflected in the
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remarkable stability of the Mo precipitates to coarsening during elevated temperature
exposure. Moreover, the Mo precipitates have been demonstrated to provide an
effective toughening enhancement to the T, phase. This discovery opens new
opportunities for microstructural control.

7. Diffusion couples between binary boride and silicide phases have been successfully
constructed to allow for the synthesis of the T, phase during interdiffusion. For a
couple between Mo,B and MosSi; the observed diffusion path exhibited a transient
period before yielding a single phase T, product. An analysis of the composition
profiles established during interdiffusion yields a diffusivity for the T, phase of about

10 m¥s at 1600°C.
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7 Appendix

In general, the interdiffusion process plays major role iﬁ microstructure control
such as solid state transformation or precipitation process. Onsager’s formalism [310ns,
320ns] described the interdiffusion behavior of various components based on (n-l)2
interdiffusion coefficients in an n-component system. The problem is that multiple
diffusion couples with crossing diffusion paths must be prepared in order to obtain the
diffusivities at the composition of the crossing point. Since there are four independent

interdiffusion coefficients in 3-component system [87Kir], the Fick’s law is
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2. aC, .
J,==Y.D; ax}  (G,j=1or2).

J

. . cep . dC; . . . .
~ where J, is the interdiffusion flux of component i, —é—’ is the concentration gradient of i
x

and D; is the interdiffusion coefficient being defined as the ratio of the net number of i

atoms moving between two planes to the negative concentration gradient of j between

those planes. Component 1 and 2 are selected as independent, and the superscript ‘3’ is

used in D; There exist 4 unknown interdiffusion coefficients and only two known

relations in a single concentration profile. If two diffusion couples cross diffusion paths,
the 4 unknown interdiffusion coefficients can be found from the four known relations. at
the crossing point. However, a new analysis method determining ternary interdiffusion
coefficients from a single diffusion couple has been developed by Kim [99Kim], based on
the linear regression method solving n linear equations with m unknown variables (n <
m). Since his model was established under an assumption of concentration-independent
interdiffusion coefficients, the model can be applied in a diffusion couple containing
small concentration differences.

Smoothed lines for Si and B can be obtained from raw data of concentration
profiles using the polynomial equation and the curve fitting method. Using the following
relation
C;(x) (oPn

j(x — X, )dC, where x, is the place where _[(x ~X,)dC, =0
c ’ cr
the interdiffusion flux of Si and B respectively is estimated. x, represents the position of

the Matano plane and ¢ is the annealing time. If the T, phase region is divided into / small
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intervals, then, from smoothed lines, it is possible to estimate the interdiffusion flux

dC;
((J,).,. ) and the concentration gradient (( 3 L ) )atx=x; (k=0, 1,2 ... ). Defining
* X n

x(@:(%)m , wm{%lﬂk , z(k)=(Ji)x=xk

and using the least square method, the interdiffusion coefficients becomes

}k:X(k)Z(k) ;X(k)Y(k ;X(k)X(k) ;X(k)z(k
3 ;Y(k)Z(k) zk:Y(k)Y(k) . ;Y(k)x(k) }k:Y(k)Z(k)
Pa = Sxox® S xErE) T T x0x () S X
k;Y(k)X(k) iij(k)Y(k) fkly(k)x(k) ﬁkly(k)y(k)
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Table 1 - The Thermodynamic Data of Phases in the Mo-Si and Mo-B Binary

Systems [KUB]
Phase S298 -AHjog GCp
(J/deg-mol) (KJ/mol) (J/K-mol)
B 5.9 0.0 1791+ 9.64 X 10° T —858 X 10°T~* — 180% 10T
Mo 28.6 0.0 2852-442x10°T-3.62x10°T% +4.28x10°T*
Mo,B 52.648.4 | 132.2425.1 | 7845+456x10°T~-1937x10°T* +280x107°T?
MoB 25.3+8.4 | 123.8£16.7 | 4540+582x10°T—-1305x10°T"
MosSi | 106.3+13 | 116.319.2 | 8586+2268x107°T +032x10°T "
MosSi; | 207.949.2 | 310.0+22.2 | 18334+3502x10°T-12.01x10°T"
MoSi, | 65.1+3.8 131.848.4 | 6786+1197x10°T-657x10°T*
Si 18.8 0.0 2393+222x107°T -414x10°T* (solid)
27.20 (liquid, AH, = 50.2 KJ/mol at 1685K)
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Table 2 - The Estimated Free Energy of Formation at 1600°C

Phase AG¢ (KJ/mol) | Ags(KJ/g-mol)
B -48.23 -48.23
Mo -103.03 -103.03
Mo,B -371.33 -123.78
MoB -253.48 -126.74
MosSi -504.15 -126.04
MosSi3 -1076.35 -134.54
MoSi, -390.44 -130.15
Si -85.18 -85.18

Table 3- The Estimated Free Energy of Formation of T,

Temperature Free Energy of Formation
(KJ/mole)

O X)

1200 1473 -845.39+£6.72
1300 1573 -893.70 £ 6.42
1400 1673 -943.50 £ 6.08
1500 - 1773 -994.72 £ 5.70
1600 1873 -1047.30 £ 5.29
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Estimated Mo(ss) +
T, two-phase field at

1600°C

\
\ MoB;
\
\ —
ns\,‘/"'
. MoSi,
\
v,
0% 60 70

Figure 1: The liquidus projection on the Mo-rich portion of Mo-Si-B ternary ssytem. The
region bordered by the dotted lines represents the the estimated location of Mo(ss) + T
two-phase field at 1600°C. The triangle point represents the stoichiometric T, phase

‘composition.
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Figure 2 Mo(ss) + T, plethal section showing four types of primary solidification




46

Figure 3 BSE image: a) overview of the MoyBzSiio alloy microstructure as-cast

sample, b) the same sample at larger magnification.
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Figure 4 a) BSE image of Mo70B30Si10 splat, b) XRD traces of the splat consisisting of
Mo and T, peaks only.




Figure 6 BSE image of Mos; 5 Bas Siiz s alloys, arc-melted and heat treated at 1600°C for
150 hours

Figure 7 XRD comparison of (1) as-cast Moga.s B2s Siiz s alloys and (2) as-splat Mosz s B2s
Siizs




T,

50 nm

Figure 8 a) BSE image of Mo7oB2Si1o alloy microstructure after annealing treatment at
1600°C for 25 hours, b) 150 hours, ¢) TEM bright field image of Mo precipitate within

the T, matrix;
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Figure 8 Selected area diffraction pattern (SADP) of Mo/T; interface: d) Mo {111} || T,

(001) ; Mo [011]][ T2 [110], e ) Mo {111} || T2(001) ; Mo [011] ][ T2 [110].
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B
5

001

Figure 9:

a) HRTEM image of the long interface of a plate-like Mo precipitate within the T
matrix with an orientation following eq. (1a).

b) Fourier-filtered image of a section of the HRTEM micrograph in a) showing a
semi-coherent interface. The Fourier-filtering with the Mo (001)/(000) and the T,
(220)/(000) reflections displays the T, (220) extra planes ending at the interfacial
dislocations (marked by circles).
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Figure 10b Vickers indentation on Mo-20B-10Si splat-quenched alloys.
An enhanced crack growth resistance due to ductile phase toughening is clearly
evident.
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Figure 11- BSE images of the cross-section of diffusion couples annealed at 1600°C for
400 hours
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MozB| T, MosSi1 | MosSis

(@
T
MO3 Si
Mo,B MosSis
T
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Figure 12 - The Mo3Si Phase Existing (a)&(b) along the T, Phase and (c)&(d) Partially
between the T, and the MosSi; Phases in the Mo,B/MosSi3 Diffusion Couple annealed at
1700°C for 182 hours.
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Figure 13 - Diffusion pathway between Mo,B and MosSi; on the isothermal ternary
phase diagram
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50

Mo2B/Mo5Si3 Diffusion Couple Annealed at 1600C for 400h
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Figure 14 - Concentration profiles of Si and B curve-fitted using the polynomial
equations
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Figure 15 - Plot of growth thickness of the T phase vs square-root time.
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Figure 16 The ternary isothermal section of the Mo-rich Mo-Si-B system showing the phase
‘boundaries.
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Figure 17 - Schematic Free Energy Diagram in the A-B System
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Figure 18 Schematic Isothermal Section of the Mo-Si-B System at 1600°C
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Figure 19 Nb-Si-B Isothermal Section at 1600°C. The numbered points refer to the alloy
compositions of this study
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Figure 20 The effect of Nb substitution in the lattice parameters of the T2 phase
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Figure 21 The c/a ratio in Nb-substituted T2 phase.
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