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' AerMetTM 100, a secondary precipitation hardened martensitic steel, has excellent strength (oys

= 1725 MPa) and toughness (Kic = 130 MP+am) when optimally tempered at 482°C. However,
it is susceptible to severe hydrogen environment assisted cracking (HEAC) in near-neutral 3.5%
NaCl at very low threshold stress intensities (Kte) and with rapid Stége II plateau rates for
subcritical crack propagation (da/dtﬁ). Interaction between environmental -hydrogen and the
complex microstructure influences the HEAC response, and modifications to heat treatment
could improve HEAC resistance, particularly considering H-trap interactions. The effect of

- aging condition on HEAC of AerMet™ 100 was examined. Specimens were aged for 5 h at

482°C, 510°C and 538°C or studied in the as-quenched condition; then stressed at slow constant

displacement rate in 3.5% NaCl at two polarization levels. When polarized to -0.9 Vscg, all aged

specimens showed substantial HEAC with low Kty (10~20% of Kjc) and high da/dty (up to
30nmy/s); but the as-quenched condition had substantially higher Kty (70% of Kjc) and slow
da/dty (1 4nm/s). The HEAC path was mostly transgranular for all conditions, but predominantly
intergranular when aged at 538°C. The aging independence of HEAC at -0.9 Vscg may be
consistent with a mechanistic explanation based on H diffusion control of crack growth rate, but
material dependent terms in the model for da/dty and the detail of the model are uncertain. It is
not possible to design alloy composition and processing conditions based on such existing
models. Qualitatively, increasing incoherence of M,C precipitates does not result in reduced
da/dty, perhaps due to the counterbalancing effects of increased trapping causing reduced H
diffusivity but inc‘reased H solubility. Relatively low H-trap binding energy of these pi'ecipitates
for all tempers examined prevents beneficial shielding of H partition to martensite laﬂl/packet
boundary interfaces where such segregation enables decohesion.  The absence of uniformly

. distributed carbide H traps in the non-aged condition increases the HEAC crack growth rate,

following this analysis, but lack of thin-film austenite may reduce martensite boundafy cracking
compared to that provided by aging at 482°C and 510°C. The preseﬂ'ce of greatly increased
intra-lath austenite appears to protect the martensite boundary to allow IG HEAC for the 538°C
temper. These experiments build on IHAC and HEAC results for peak strength/toughness
AerMet™ 100 and provide further understanding of the role of microstructure in HEAC
necessary to predict and optimize the HEAC resistance of modern UHSS. However, this work
does not provide strong _improVement in cracking resistance, demonstrating the overriding
importance of HEAC to this class of steels and the challenge in microstructural design. |




I. Introduction

When aged at 482°C to achieve peak toughness, AertMet™ 100 is susceptible 0 internal
hydrogen -assisted cracking (IHAC)[”, as well as hydrogén environment assisted: cracking
(HEAC) in near-neutral 3.5% NaCl*! at very low threshold stress intensities (Kr) and rapid
Stage II plateau rates for subcritical crack propagation (da/dfy) comparable to older UHSS?),
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Contrary to the IG HEAC fracture path of older UHSS, hydrogen assisted cracking s

predominantly transgranular in AerMet™ 100. This change is attributed to improved austenite
boundary purity, and significant H trapping that promotes decohesion of martensite lath and
packet interfaces!]
varying heat treatments may alter the fracture path of HEAC. The kinetics of HEAC in ultra-
high strength alloys are likely governed by atomic hydrogen (H) diffusion from the reacting
crack tip surface to damage sites located within the fracture process zone (FPZ), of order 1 pm

from the surfacet,

Accordingly, the trap-sensitive diffusivity of H (Dg) and local reversibly-
‘trapped H concentration (Cy) are critical factors that influence threshold and crack growth rate
>properties. Each of these parameters is sensitive to microstructure, as understood by the binding
energy (Eg) between H and the trap site!®. Although the microstructural evolution of AerMet™
100 for various heat treatments is well documented''?), precise consequences for HEAC have
not been studied. Modifications to microstructure can be critical in HEAC rfﬁtigation, and the

results from this research provide an initial basis to reduce cracking susceptibility.

I.A. Hydrogen Trapping and Microstructure in AerMet™™ 100

Hydrogen is trapped at multiple microstructural features in AerMetTM 100, including
nanoscale carbides ( M,C = (Cr,Mo),C ), cementite, undissolved alloy éarbides, martensite laths
and packet intérfaces, prior austenite grain boundaries, and dislocations*®), These traps play a
dominant role in hydfogen assisted cracking (HAC) due to strong influences on the local
solubility (Cy) and diffusivity (Dy) of hydrogen; and the exact properties of each trap is
determined by the heat treatment once the bulk composition is fixed. According to previous
studies of AerMet™ 100"**%), the most critical H traps relevant to IHAC and HEAC in the peak
toughness temper (482°C) are those associated with M,C carbides and martensite lath and packet
boundaries. Those studies concluded that nano-scale, coherent and homogeneously dispersed

M;C carbide traps have low H-trap binding energies (Eg ~ 11 kJ/mol) and are reversible upon

. Accordingly, it is hypothesized that changes in microstructure caused by



stress application, while martensite boundaries have higher binding energies (Eg ~ 61 kJ/mol)
and are more akin to irreversible traps. In THAC of AerMet™ 100, crack tip stress causes H
repartitioning froni precharged M,C carbide traps to interconnected martensite interfaces within
the fracture process zone (FPZ) to cause severe TG cracking!™*”.. In HEAC, H diffuses to the
same martensite interfaces and causes similar TG fracture[z]. It Was speculated that uniformly
distributed M,C carbide traps may beneficially impede H accumulation at (or diffusioﬁ to) the
higher energy martensite traps, but this effect was not evident in the peak-toughness conditionm_.

. Wheﬁ éged at higher temperatures or extended duiation, the M,C carbides increase in
size and lose coherency with the matrix®”, likely increasing H-trap binding energy”. As long
as particle coarsening does not change distribution uniformity, such an increase in Ep may allow

the carbides to act as H diffusion barriers and also trap H away from susceptible boundaries and

increase resistance to HEAC. This effect will be better achieved though higher temperature

tempcring rather than extended duration aging because studies suggest that extended isothermal
aging causes sudden deterioration in the yield strength and alters MyC distribution in a manner
less predictable than those caused by temperature adjustment!”®.. Therefore, aging time was
fixed at 5 h, and aging temperature was varied. The exact value of Eg for each trap site in each

tempering condition has not been investigated. Such detailed work is only justified if initial

characterization suggests substantially improved resistance to HEAC.

I.LB. Microstructure Design

Four conditions were chosen to control the critical microstructural features in AerMet™

100, selected based on detailed existing studies of microstructurel®®. These heat treatments

retain the high strength (ay:s > 1300 MPa) and toughness (Kic > 100 MPa\/m) of this alloy steel.

- At the éging temperature of 482°C, the predominant rod-shaped M,C carbides are approximately

9 nm long and 3 nm in diameter and uniformly distributed in the matrix. These carbides are

6 A small amount

coherent with the matrix and coexist with solute zones ét this temperature
of thin-film reverted austenite (y') forms between the martensite plates, 0.5%!® or 4%P1% in
volume fraction based on measurements reported by two separate groups;

At 510°C, the volume fraction of ¥ increases to 1%!® or 7%1% and remains in the thin
film inter-plate morphology. The M,C carbides increase in size to ~17 nm x 6 nm, and begin to

(6,9]

lose coherency by both reported accounts'™”. The Cr content of the carbide reduces slightly to

70%, while the Fe and Mo concentrations increase. At 538°C, the volume fraction of oy




increases to 5.5%° or perhaps higher?®!?

increase in size to approximately 28 nm x 10 nm, and further lose coherency with the matrix(®.
The Cr content of the carbide further reduces to 65%. In the quenched and cryogenically
stabilized condition that precedes aging, the matrix is predominantly unrecovered martensite
with 0 to 31" vo0l1.% of retained austenite. M,C carbides have not formed and there are only
undissolved 100-500 nm scale MC/M,3Cs carbides!®. This condition provides the reference for
studying the effect of M,C and thin-film reverted austenite, due to their absence. Moreover, the
martensite is unrecovered and the undissolved carBides do not coarsen during the ages employed.
Although large, incoherent carbides are irreversible traps which are repoﬁed to dominate HAC in
certain steels!' "% the importance of such particles is challenged and are viewed by the present

authors to be unimportant to IHAC and HEAC™?]. Cementite is absent from AerMet™ 100 in
both the as-quenched condition and at aging temperatures above 482°C.

I.C. Effect of Applied Electrode Potential on HEAC of AerMet™ 100
The effect of applied electrode potential, Eapp, on HEAC of AerMet™ 100 was

accurately established by various loading methods including slow strain rate?? and step rising

Jload!*™).  Although there is variability in the exact values of Ky, it is clear that optimal .

resistance to HEAC in near-neutral 3.5% NaCl exists near -0.6 with respect to the saturated

calome] reference (Vscg), and severe HEAC occurs at both anodic (-0.5 Vscg) and cathodic (-0.9

Vscg) potentials. Two potentials were chosen to probe the interaction of microstructure and

electrochemical approaches to mitigate HEAC. The effect of aging on HEAC of AerMet™ 100

is'isolated by experiments at a single Exy, of -0.9 Vscg where cracking is severe for the high

strength-toughness microstructure. These experiments are augmented by testing at -0.625 Vgcg

to establish the effect of aging for the applied potential regime where HEAC in the susceptible

peak aged microstructure is substantially mitigated by reduced electrochemical production of H.

LD. Ob jectives

The objective of this research is to quantify the effect of aging condition on the
susceptibility of AerMet™ 100 to HEAC. Four aging conditions that give gdod strength and
fracture toughness are examined. The Kty for the onset of HEAC under rising stress intensity
and da/dty are determined at two constant electrochemical conditions representing the extremes

- of crack tip H production and uptake. The HEAC path and morphology are examined compared

and begins forming intra-plate. The M,C carbides
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to the microstructure produced by different tempering temperatures. These experiments build on
IHAC and HEAC results for peak strength/toughness AerMet™ 100 and provide further
understanding of the role of microstructure in HEAC necessary to predict and optimize the

HEAC resistance of modern UHSS.

Il. Procedure

II.LA. Material and Specimen Design

Specimen design was identical to that used in the peak-age HEAC study', as outlined in

~ the previous chapter of this report, with the following exceptions. Eight discs of forged bar of

AertMet™ 100, each 15 cm in diameter and 1.6 cm thick, were austenitized at’ 885°C for 1 h,

quenched in liquid nitrogen and cold stabilized for 5 h. Six discs were tempered in vacuum for 5

"h and air cooled to obtain two discs per aging temperature: 482°C, 510°C, 538°C. The

remaining two pieces were not aged and studied in the as-quenched (AQ) condition. Steel
composition was identical to that examined in the HEAC study of peak aged AerMetTI_"I 100 21,
The heat treatments and key mechanical properties reported by previous investigatorst®® are

summarized in Tables 1 and 2. .

Table 1. Mechanical Properties of Peak-Aged AerMet™ 100

IIRC 0Ys OUTS Reduction in Area E O, K
(MP2) _ (MPa) (pct) (GPa)  (MPa) (MPavm)

54 1725 1965 65 194.4 1985 130

Table 2.  Properties of Aged AerMet ™ 100

oys Kic : , ¥ volume
Age HRC (MPa) (MPavm) Carbide morphology fraction (%)
Undissolved
As Quenched 52 1350 123 MC/M,3Ce carbides -
o Solute zones and

482°C 56 1725 130 Ccoherent M,C (@ Plate boundary

5h [61 0.5, 4
9x3nm

510°C Coherent M,C 1! Plate bound
e 52 1580 130 RS 11670 ay

538°C Incoherent M,C 1°”] Intra-plate
51 48 1380 118 27 % 10 nm!® 5516




Single edge micronotch tensile (SENT) specimens were machined with identical methods

and dimensions as previously used™. The Mode I load was applied in the circuﬁlferential (®)
direction and crack growth occurred in the length (L) direction in the original round-forged bar.
To obtain a sharp precrack, a wired SENT specimen was fatigue precracked to a total notch pluS
crack depth (a,) of 200-2500 um in moist air at 20 Hz with decreasing maximum stress intensity
from 15 MPavm to 5 MPaVm and constant stress ratio of 0.10. The longer precracks were
required to retain small scale yielding for the stress intensity (K) levels of intergst in the
somewhat lower strength microstructures. Due to the differences in a,, some variances were
introduced into the loading rate. These experimental variables and possible complicating effects

are discussed later.

II.LB. Experimental Setup

’fhe HEAC test setup was identical to previous experiments? with the following
exceptions. The SENT specimen was immersed fully in 3.5% NaCl solution and conﬁgﬁréd_ as
the working electrode grounded through a wire connected from the specimen to building grpund.
The potentiostat was operated in floating mode to avoid a ground loop. Experiments :were
conducted in potentiostatic control with two applied-constant potentials, Eap, of -0.900 or.'-0.625
Vsce. All specimens were preloaded quickly to 3 MPa\/m, within 1 h of specimen polarization,
then loaded at a slower-constant rate of grip displacement. The direct current electrical potential

[16-18] i identical fashion to

difference (dcPD) method was used to measure crack length in-situ
the previous HEAC experiments'?). The applied stress intensity, X, and threshold stress intensity,
Ky, were defined as in the previous reportp‘].v Kry* was defined as the K required to exceed
crack growth rate of 1 nm/s. Fracture surfaces were cleaned ultrasbnically in acetone then
methanol for 10 minutes, dried, and stored in a desiccator. When necessafy, specimens Wére
polarized to -1.5 Vgeg in 0.5 M H2S04 for 60 s or soaked in 10% HCI for 30 s to remove

corrosion products. Scanning electron microscope (SEM) fractographs were obtained using

identical conditions as before!?, and the crack advanced from bottom to top of an SEM image.



lll. Results

IILA. Krg and Crack Growth Kinetics at Ep, =-0.900 Vgcg

When aged at the selected temperatures between 482°C and 538 °C, AerMetTM 100 was -
susceptible to severe HEAC in neutral 3.5% NaCl for constant applied potential of -0.900 VSCE
Figure 1 shows measured and operafclonally defined K1y as a function of aging temperature, with-
the reference Kjc from Table 2 piotted for each cqnaitiqn. These data show that aging at 482°C
and 510°C produced similar HEAC susceptibility at Ky of 13 MPavm (11% of Kyc from Table
2) and 13.5 MPavm (12% of Kio), respectively. - Tempering at higher temperature (538°C)
s irnproved KTH’ to 23 MPa\/m,‘ 20% of the Kjc for this condition. Remarkably, substantial -
recovery of cracking resistance was observed for the AQ condition with Kty of 87 MPa\m (71%

. of Kjc). The initial crack length of the AQ specimen was substantially ionger (2.5 mm) than
| ether specimens (0.25 ~ 0.76 mm). The Kry* followed the same general trend, and the values
are listed in Table 3. This form of threshold represents the stress intensity level required to

produce a crack growth rate of 1 nm/s, as justified in the preceding chapter of this.final report[z].

Table 3. Summary of HEAC results for E,p, =-0.900 Vgcg

Heat a, Initial dK/dt (M§ Em) Kry* gfﬁg " Fracture Mode
Treatment  (mm) ) ('MPa\/m/h)_ [Figure 1] (MPavm) [Figure 2] [Figures 3-4]
AQ - 28 1.7x10° 87 77 1 TG + Branching
482°C 024  6.1x10" 13 10.7 10 TG + Branching
510°C 030 5.6x10™ 13.5 11.6 10. TG+ Branching
538°C 079 1.7x107 23 21.7 10 - IG

Measured subcritical crack growth kiﬁetics for the varioﬁs aged micfostfuctures of
AerMet™ 100 are similar to previous HEAC eﬁpeﬂments[zl ahd reperted n Figure 2. Dueto
the differences in initial crack length, the constén;t- loading rate. (dK/df) prior to the onset of
subcritical crack growth varied as noted in Figure 2 and Table 2. 'The Stage ‘I and I regl'mesv of
- growth behavior are not distinguishable for all specimens in Figure 2, so closer examination is
required. For the AQ condition, what appears to be Stage-I growth at high K 1s acttially H-
induced crack branehing and tearing at K below the H-free Kjc, also called Stage-III growth.




Therefore, the flat region below K of 70 MPavm represents Stage-II growth at da/dfy far below
that of the other aging temperatures at the same electrochemical condition, and-Stage—I growth is
not shown in Figure 2 for this specimen. For this AQ cbndition, Joad and dcPD data were not
collected for stress intensity levels below K of 30 MPavm. Clearly subcritical HEAC occurred,
but the two measures of threshold are uncertain due to this loss of data. The value of Kty (87
MPa\/m) plotted in Figure 1 for the AQ condition is particularly suspect. - This interpretation is
confirmed by fractographic observations presented in Section III.B. The specimen aged at
538°C displays somewhat erratic behavior and limited data collection, which was due to a
machine malfunction that caused premature truncation of the data at X ~ 30 MPaVm. None-the-
less, the sharply increasing da/dt around K of 20 MPavm for this aging temperature correctly
represents Stage-I HEAC growth. The crack kinetics response for the 510°C age 1s nearly
identical to that of the peak-aged condition with the Stage-II behavior somewhat dependent on K.
The da/dt values for the 538°C age show modestly delayed Stage-I to Stage-II transition at a
higher X level. The Stage-II crack growth rate, da/dty, was approximately the same at 10nm/s
for the 482°C, 510°C and 538°C tempers. However, da/dty for the AQ condition was
significantly slower at 1 nm/s, a result not compromised by the missing data for the lower K

regime.

IIL.B. Effect of Aging Temperature on HEAC Morphology at Esp, = -0.900 Vgcg

Fractographic analyses show that HEAC occurred at Exp, -0.9 Vgce fpr all aging
conditions of AerMet™ 100, but such subcritical cracking was limited to a very small region (<
100 pm) for the AQ condition. The results of this SEM analysis are shown in Figure 3. For the
AQ condition, the entire loading range from 5 to 80 MPavm produced only 70 pm of HEAC
calculated from dcPD measurements, and the crack branched with further loading. The fracture
surface was oxidized, prohibiting a precise correlation of actual crack length to dcPD
calculations. However, the location of the onset of crack branches shown in Figure 3 accurate;ly
coincides with the dcPD-measured extent of slow cracking prior to the onset of the Stage III
behavior (Figure 2). The tearing above 80 MPavm produced a unique fracture surface, shown in
Figure 2b, unlike the ductile microvoids typical of fracture in air for this steel; however, this is

not definitive since the surfaces were damaged from corrosion that occurred post-fracture.

. b'k"“ 4
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AerMet™ 100 specimens aged at 482°C and 510°C showed transgranular HEAC, as well
as some macroscopic crack branching, when stressed in NaCl solution at Eapp of -0.9 ,VSCE'
Fractographs are ‘presented in Figure 4. These two temperatures showed essentially identical
fracture surface features. Evidence of martensite lath interface cracking is prominent when aged
at 510°C (Figure 3b), and is virtually identical to the fractographs obtained for severe HACH
and HEACY! of this steel aged at 482°C. A | |

- HEAC was predominantly intergranular for the specimen aged at 538°C (Figures 4c and
d). Such prominent IG cracking has not been observed previously in IHAC or HEAC of

- AertMet™ 100, although partial-minority features of IG HEAC have been rioted[z’m’lg]. Previous

reports of IG HEAC of AetMet™ 100 always coincided with crack branching[z’”’w], Whilo such
branching was not observed for this specimen aged at 538°C. Both TG and IG HEAC of this
steel at various aging conditions (Figures 3 and 4) were very different from the microvoid
morphology typical of fracture in moist air. Key experimental results for each aging condition

stressed under this electrochemical condition are summarized in Table 3.

IL.C. Effect of Aging on HEAC at Eu,, = -0.625 Vscx

A second set of experiments were conducted at Eap, of -0.625 Vgcg, a potential which
previously gave the highest HEAC resistance for the 482°C temper explained based on
electrochemically limited H production and uptake at the crack tip®. Experimental findings are

‘ ‘s_umma_rized in Figure 5 and Table 4. The initial crack size for each specimen was essentially

- identical, however the loading rate was slower for the 510°C age. When ziged at 510°C, the

operationally defined K7y decreased to 30.6 MPavm (24% of Kic), compared to higher Kty of
40.8 MPaVm for the microstructure aged at 482°C. Unexpectédly, the AQ condition produced
the lowest Kty at 20 MPavm (16% of Kjc), although this specimen showed tho highest Kty for

Enpp 0f -0.9 Vs (Figure 1). This reversal of HEAC resistance is possibly due to the shorter

precrack used for the experiment at,-0.6v25 Vsce, and will be discussed later. Additionally, the
exact value of X at initiation of HEAC may be masked due to slow crack growth in the vicinity
of the dcPD resolution limit, and the operationally defined Kty values reported here do not
necessarily represent the true threshold™®. If the alternate measurement of susceptibility, KTH
used, the AQ condition still has the lowest Kry*, although the trend reverses for the 482°C and
510°C aging temperatures, as shown in Figure 5.
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Rates of HEAC measured at -0.625 Ve are low and to a first approximation comparable

for all aging conditions, as shown in Figure 6. These crack growth rate results are generally

similar in that da/dz values are low compared to HEAC at -0.900 Vgcg. In Figuie 6 the Stage-I
growth regime is obscured by the resolution limit of the dcPD system and is not observable for
any heat treatment with the possible exception of the AQ condition. Reasonably constant da/dt
with increasing K (da/dty) is not strongly apparent, again with the possible exception of the AQ
condition. Approximate da/diy values for K of about 35 MPavm are shown in Figure 5 and
Table 4. Differentiation of true micrdstructurally based differences in slow crack growth rates,
fypical of this regime of low-electrochemical H uptake and in the range below about 2 nm/s, is
challenging. Insufficient experiments were conducted to achieve definitive results. The rapidly
increasing da/dt at high K (above 50 to 80 MPavm) may represent Stage-TIT growth and perhaps

H interaction with microvoid fracture processes.

IIL.D. Effect of Aging Temperature on HEAC Morphology at E5p, = -0.625 Vscg

Subcritical HEAC was confirmed by SEM analysis for each aging condition of AerMet™
100 stressed at this near-free corrosion potential; the HEAC fracture mode was TG for all tested
heat treatments as shown in Figure 7. The TG features were similar in the 482°C and 510°C
temper (Figures 7¢ and d), where the crevices in the latter image was caused by removing the
corrosion damage. However, the fracture in the AQ condition (Figures 7a-b and 8) was
dissimilar, showing a flatter, rounder variation of transgranular cracking. Some martensite plate
cracking is observed (arrow in Figure 7b), but not as dominant nor common as those found in the
482°C age. Some dimples are visible even at low magnification, possibly showing craCkihg at
the larger carbide. Overall, the cracking does not appear to be restricted to martensite plate and
packet boundaries as it did in the other two aged specimens, and there are larger areas of
completely flat fracture (Figure 7a and b).

The low magnification SEM image for the AQ specimen, Figure‘ 8, shows that HEAC
occurred, but the extent was limited. This particular specimen was fatigued to fracture after
HEAC testing, thus clearly indicating the exact extent of HEAC. Of the 240 pm total crack
growth, the crack only advanced 35~50 um upon loading to X of 40 MPavm, based on dcPD
measurements. The dcPD calculated crack growth was approximately 15% higher than
measurements from the SEM image (Figure 8); most of the error is likely due to high K loading

" e L2y
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(above 130 MPaVm) which caused some plastic deformation induced dcPD signals. The rest of
the crack growth is related to the Stage-III behavior shown in Figure 6. Comparing the AQ and

- 510°C conditions, the reduction in da/dfy with increased aging temperature was barely an order

of magnitude, as shown in Figure 6 and Table 4. A factor-of-three difference is confirmed based
on fractographic measurements; a 140 h test produced only 240 pum of total-SEM measured

- crack grthh for 510°C, compared to the same amount of SEM observed cracking (Figure 8) in

the AQ condition stressed for 44 h.:

.

Table 4. Summary of HEAC results for Eap, = -0.625 Vgcp

+ ;
Heat  a, Initial dK/dt (MIPSZS/m) (MI;T Vm) éﬁg Fracture Mode
Treatmer_lt (mm) (MPe\/m/h) ' [Figure5] [Figure5] [Figurc 6] [Flgures'7 and 8]
AQ 0.81 1.8x10° 408 193 . ~15 TG
482°C 0.95 1.9x10° 20 22.3 ~0.9 TG
510°C 0.78 83x 107 30.6 67 ~04 TG

IV. Discussion

IV.A: Effect of Aging Temperature on HEAC of AerMet™ 100

Over the aging temperature range of 482°C to 538°C, AerMet™ 100 is susceptlble to
severe transgranular HEAC when stressed in neutral 3. 5% NaCl at EApp of O 9 Vgcg. The KTH
values are between 13 to 23 MPa\/m which is only a small fraction of Kic. The severe reduction
in cracking resistance remains significant for AerMet™ 100 aged to retam KIc above 110
MPa\/m and oys above 1300 MPa. As shown'.in Table 2, the highe.st' strength/teliéhness
combination is obtained when optimally aged at 482°C. However this temper showed
exceptionally severe IHAC and HEAC susceptlblhty, and it was speculated that modifications to
heat treatment could reduce the severity by M,C coarsening™. Tempermg at 510°C provides
only a small reduction in yield strength while retaining the fracture toughnese, while the
microstructure offers a higher volume fraction of M,C with less coherent interfaces that

presumably yield a higher H-trap binding energy[s]. This increased binding energy was




12

anticipated to increase HEAC resistance by preferentially trapping H away from the fracture site.
Unfortunately, Figure 9 shows virtually no difference in HEAC response stressed at Eap, of -0.9

Vsce (and only a modest reduction in crack growth rates at -0.625 Vscg). However, substantial

resistance to HEAC was found in the as-quenched condition, with Kty above 80 MPavm, for the

+ severe hydrogen environment condition of -0.9 Vgcg. The improvement in Kry is partially

attributed to the decreased oys (Figure 5), which is known to improve HEAC resistance in many

steels!>20

. However, 400 MPa reduction in oys alone cannot account for the 4-fold increase in
Kty or Kty*. Moreover, oys is approximately equal for the 538°C age and AQ condition; the
measured differences in Kty and da/dty are undoubtedly clue 10 tlle microstrucﬁlre—H interactions
that govern HEAC.

Polarization to -0.625 Vscg resulted in improved resistance to HEAC of AerMet™ 100,
paralleling the behavior of the optimally aged (482°C) microstructure™. A typical example is
presented in Figure 9. For Eapp of -0.625 Vscg, Ky and da/dty varied less significantly across
the tempering conditions than at -0.9 Vgcg. The general dependence was reversed, with lowest
values of Ky at the AQ condition and highest Kty aged at 482°C. This is unexpected from the
yield strength correlation, which predicts better HEAC resistance with decreasing strengthl®..

‘However, when da/dty or Kry* is used as the benchmark, the highest resis_tance 1s found when
aged at 510°C. Speculatively, crack tip H production for Ep, of -0.625 Vscg is already very
low, which obscured the effect of microstructure on HEAC behavior as measured by Kty or
Kry*. The fact that the AQ condition has the lowest Kty or Ktg* at this applied potential is
significant considering the best resistance it displayed at Eapp 0of -0.9 Vscg. The exact values of
K1y and Ktg* shown in Figure 5 and Table 4 may not accurately describe the true threshold and
it is possible that cracking will occur below the operationally deﬁnecl thresholds. Problems were
also encountered in carrying out these complex HEAC experiments and additional work is
required to define the behavior of the AQ condition. ‘Such work is significant to mechanism
interpretation, but not alloy development since secondary hardening carbides are critical to
strength/toughness combinations required for steels such as AerMet™ 100.

In terms of da/dty, HEAC resistance measured for Eap, = -0.9 Vgcp was virtually identical
in all three aged conditions. This is particularly evident between the 482°C and 510°C

conditions as shown in Figure 2. Since the intergranular crack path was dissimilar for the 538°C

case, 1t is probably coincidental that da/dry for that temper matches those of the other two that

o Wy
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exhibited transgranular cracking. These results suggest that M,C coarsening by aging at 510°C
has not sufficiently increased the H binding energy to the precipitates (Eg = 11 kJ/mol at 482°C)
to equal or exceed the binding-energy characteristic of martensite interfaces (61 kI/mol)PL. As
such, H diffusing from the crack tip surface to the high stress region within the fracture process
zone will preferentially partition from the carbides to martensite interfaces due to the large
binding energy difference for both aging conditions; a dramatic improvement in HEAC
resistance is thus not achieved. Considering the possibility of more modest changes in cracking

resistance with aging, diffusion limited da/dey is related to the effective H diffusivity, Dygs, 2

. characteristic distance, Xc, and surface hydrogen concentration in equilibrium with crack tip

overpotential, Cs, in the following form®':

D
daldty = ;Eﬁ f(CS_3CCrit) : [1]

c

where f{Cs, Ccrit) is a functional description of the boundary conditions for H-diffusion and Ceyit
is the critical amount of H required at the crack nucleation site for H damage to form. As a first
approximation, it is reasonable to assume based on the form of Equation 1 that da/dtﬁ is
proportional to the product of DH-Eff and C32 21 The hypothesis is that Duyxsr decreases and Cg
increases as the M,C carbides loose coherence with increasing aging temperature from 482 to
510°C. This behavior is due to increasjng H-trap binding energy as the coherence of MoC
interfaces decreases. The implication from the data is that constant da/dty with aging means that
the trap-induced changes in the magnitude of decreasing Dy gsr and increasing Cg? are essentially
offsetting. | ‘ - | o |

Other terms in Equation 1 must be considered. The critical distance Xc is closely related
to the stress distribution in the c;ack tip process zone which in turn is govei'ned by alloy flow
strength and work harden.ing[3 2], It is reasonable to assumé that these factors are affected to a
secondary extent By aging bet\;v,een 482°C and 510°C. It is éossible that Ccyie changes with aging.
This critical concentration depends on the local ﬁormal stress act-ing on this H-laden site as well
as the atomic details of the interface or lattice. For HAC in AerMet™ 100, results sﬁggest that
martensite lath and/or packet boundaries constitute this damage site and crack path!™? There is
no documented reason to believe that the local stress, trapped H content, and atomic environment

of these martensite interfaces change with aging between 482 and 510°C. Of course, subtle
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differences may exist but have not been elucidated. Finally, it is possible that Equation 1 does
not fully describe da/dty if the Cs crack surface boundary condition is surface reaction rate
limited™, | | |

Considering the AQ condition, da/dty was substantially slower at -0.9 Vgcg (Figure 2)

and the microscopic mode of HEAC was different from transgranular martensite interface

cracking due to trapped H (Figures 3 and 4). Following the logic' associated with H diffusion

limited da/dty, in the absence of M,C carbides and precipitated austenite, Dy gt is expected to be
substantially higher compared to the aged conditions. However, Cs will be proportionately
lower and the change in the terms Dy ger and Cy’ is unknown but may be reasonably similar for
AQ and the aged microstructures. The martensite should be of similar morphology and have
unrecovered dislocation structure for both the as-quenched and aged conditions; thus the strong
difference in HEAC resistance is not easily understood. Perhaps short range segregation is
enabled by aging near 500°C to promote martensite interface decohesion in concert with trapped

H. It is also possible that HEAC was promoted by increased crack tip stresses from the strength

increase during aging, compared to the lower strength AQ condition, although severe HEAC

produced for the 538°C age of AerMet™ 100 somewhat weakens this explanation. Also, it is
likely that crack tip stresses are not substantially different for the different microstructures
examined due to the fact that increased work hardening preferentially elevates crack tip stresses
for the AQ (and 538°C) microstructures to offset reduced oys.

These complications aside, the present results show that the as-quenched martensitic
microstructure is not, per se, uniquely embrittled by H. Some aspect of aging must promote
HEAC based on the results shown in Figures 2 through 4. Thermal desorption spectroscopy
(TDS) results show dramatic differences in the trapping situation, for AQ vs. the 482°C age of
- AetMet™ 100, but‘ only for the H outgaséing peak characteristic of the lack of M,CP! and
consistent with the above discussion. Subtle differences in H trapping were suggested by the
desorption peak structure generally associated with martensite and undissolved TiC interface
traps states. However, this behavior was not investigated in detail and additional experiments are

required.

While H diffusion limitation of da/dty, coupled with H decohesion and trapping, provides

a reasonable framework to examine the results of the present experiments, it is not possible to

explain the observed microstructural effects. It is reasonable to speculate that da/dty values are

(.,
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diffusion rate limited, as described by Equation 1, and the aging independence is traced to
offsetting effects of trapping on H solubility and diffusivity. The magnitude of these effects are

not known at present, but can be assessed based on the results of TDS experiments™. Such

measurements, coupled with improved modeling of the threshold and kinetics of HEAC, are
required to provide a fundamentally grounded basis for alloy and process development to
mitigate IHAC and HEAC.

IV.B. Lo_ading Rate and Crack Size Effects -

Because changes in heat treatment affect yield strength, precrack length was increased to

maintain small-scale yielding at high applied K for each condition. The loading rate was

: 'accordingly modified to maintain an approximately constant dK/ds and the test conditions are
~ listed in Tables 3 and 4. In one épecimen (Eapp = -0.625 Ve, 510°C age), the loading rate was
| purposefully lowered to observe any possible effects on ,HEA.C response. The slower loading

| rate resulted’in higher Kty* and slower da/diy when comparing 482°C and 510°C at Eap, of

-0.625 Vscg, whereas the opposite trend is expected for loading-rate affected results[1f3’2?]. The
variations in loading rate presumably did not affect the results.

Due to occluded crack geometry, different crack lengths may produce different HEAC

[23,24]

behavior . In the range of crack sizes examined (0.3 ~ 3 mm), there is some evidence of

adverse effects for cracks shorter than 1 mmm], Given the small differences between the 240

pm and 950 pm precracks in the 482°C temper, Kty and da/dfy are not likely affected.

’Additionally, previous findings suggest that long precracks (1 ~ 3 mm) show no variances in

(24]

obsér_ved Kty Overall, loading rate and crack size effects were not evident in the fegults.

IV.C. Intergranular HEAC Aged at 538 °C

Instances of intérgranular fracture were rare in HEAC?! and lHACm of peak—tbughn_ess

 AerMet™ 100. However, aging at 538°C produced predominantly IG HEAC at Eppp of -0.9

-~ Vscg. Since the specimens used for the II-IAC[I], HEAC™ and current experiments were cut

from the same small forging of AerMet™ 100, the composition should be virtually identical
across all the experiments. Assﬁming no significant segregation during forging, the onset of IG
fracture mode must be attributed to changes in microstructure due to aging at 538°C. This
assumption is substantiated since IG fracture on this specimen was not localized but prevalent

across the entire fracture surface (Figure 4d). Uniform IG fracture was not observed on any
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other experiments!"* or by any other observerst***>"***! who focused on AerMet™ 100 aged at
482°C. 1t is unlikely that localized segregation can be responsible for such IG cracking.
Large-scale impurity segregation to prior austenite grain boundaries is a commonly cited
reason for IG HAC in less pure and lower alloy content high strength steels®?®. For high
strength tempered martensitic microstructures in general, H-frée toughness is degraded by
tempering in the range from 250°C to 450°C, traced to impurity (P in particularly) segregation to
prior austenite boundaries coupled with cementite precipitation at martensite interfaces®®.
Susceptibility to HEAC due to H-impurity interaction has been characteriiéd by an impurity-
weighted composition parameter (w = Mn + 0.5 Si + S + P in weight %)%, While cementite
precipitation in the range of 400°C degrades the toughness of AerMet™ 10017, IG fraéture

with or without H is not expected for AerMet™ 100 given its very low y (0.029 wt%)?.

Impurity segregation is thermally activated and exhibits classic “C-curve” time-temperature -

(26, If the critical temperature range for optimal segregation lies above 510°C, it is

kinetics
possible that the low bulk concentration of impurities could sufficiently segregate at higher aging
temperatures such as 538°C to enable IG HEAC, while not doing so at 482°C. This application
of the classic impurity-H interaction mechanism requires confirmation of segregation by Auger
spectroscopy and such results have not been reported for high purity ultra-high strength steelsS!,
Given the high H-binding energy at both martensite boundaries and prior austenite grain

boundaries, H will accumulate to very high concentrations at both trap sites. Previously, it was

speculated that the H-degraded strength of the grain boundary of this steel was higher than the

equivalently H-reduced martensite boundary strength!?!. Otherwise, IG cracking is expected at
the peak-toughness age. In this view, the fracture mode transition from TG to IG can be due to
weakened grain boundaries, strengthened martensite boundaries, or both, upon aging at the
higher temperature. The fact that Kty was higher than the 482°C and 510°C values but still low
(23 MPaVm) suggests increased martensite boundary strength. However, Kty was much higher
in the AQ condition and cracking was not IG, which suggests weakened grain boundary strength
at 538°C.

Aging at 538°C produces three significant changes to microstructure from the 482°C and
510°C ages; M,C coarsening and loss of coherency with the matrix, increased y* precipitation
and intré—martensite plate y* precipitation. There was no evidence of preferred M,C precipitation

on martensite boundaries or prior austenite grain boundaries at any aging temperature, so the

o e
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changes in M,C characteristics are unlikely to directly cause grain boundary weakening or
martensite boundary strengthening. Conversely, y* was reported to precipitate on martensite
plate boundaries. Increased y precipitation can increase the H-degraded fracture strength of the
martensite plate interface by one of two hypothetical mechanisms: prohibiting the mai‘tensi‘ge
transformation of y* or restricting a connected martensite lath crack path.

In the presence of H it was speculated that thin-film y' transforms to martensite by H-

‘stress interactions to promote HEAC along martensite boundaries®*"?®!

. Given the composition
-~ of v° (30 wt. % Ni) in AerMet™ 100, it is unlikely to transform to martensite in its bulk form
even with elevated stresses near the crack tip; thus a thin-film-specific mechanism was

2728 Within their framework, discontinuous distribution of thin-film  y° is

hypothesized
* necessary for such transformation, and networked distribution of thicker y' prohibits that
- transformation. If this mechanism actually facilitates TG HEAC at the peak tougimess temper,
- then IG cracking in the 538°C age can be attributed to increased y* precipitation which is less
likely to transform to martensite. That assumes that the HEAC fracture site for the 482°C and
510°C to be the interface between martensite and y‘l. On the other hand, if the martensite-
martensite interfaces are responsible for low Kty HEAC, then the presence of intra-lath y and
increased y piecipitation would reduce the percentage of such boundaries by precluding direct
contact between two martensite plates.  Furthermore, with sufficient precipitation, y' may
prevent “clean” martensite plate crack paths from connecting. Aging for 5 h at 538°C produces
at least 5.5% vy and partially interconnected y* (Figure 10)[. |
M,C coarsening can indirectly increase the martensite boundary stréngth by the
previously proposed mechanism‘ of preferential H trapping™®. If the :binding energy of M,C
* carbides is increased by pai'tiole coarsening and the distribution remains relatively .uniform
'Athroughout the microstructure, then M,C carbides can act as preferential traps to keep H away
from potential fracture sites such as marterisité plate boundaries. Since tempering at 538°C
produces incoherent and presumably iiicieased Eg of these carbides, this mechanism may be |
responsible for the lack of martensite lath cracking. M,C i:oarsening does not increase the H-
reduced fracture strength of the martensite laths; instead it reduces the amount of H accumulation
at those sites. However, this is speculative since IG I—fEAC occurs at this temper at relatively
low Ky, and the only reasonable explanation is arbitrary: that ldw concentrations of H, after

partitioning to incoherent M,C, weakens the austenite grain boundaries more than the martensite
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boundaries.

Alternatively, the increased aging température may change the grain boundary
composition to lower the H-reduced fracture strength of the grain boundary. As mentioned
previously, the changes in microstructure from 482°C to 538°C are limited to M,C and y'. The
composition of those features change, but the differences are mild (less than 10%) and only
involve elements (Cr, Mo, Fe, Co and Ni) that are not traditionally considered to be grain
boundary embrittlers®™. However, the grain boundary composition has not been measured and

the possibility remains for low temperature diffusion of S and P® 261,

IV.D. Krg and da/dty in the As-Quenched Condition

The HEAC mode of non-aged AerMet™ 100 is unique from the aged specimens, as
shown in Figures 3, 7a-b and 8. There are no IG features, and martensite lath/packet interface
cracking found in peak-aged IHAC"! and HEAC™! are not prevalent. These features support the
v -martensite transformation induced HEAC mechanism for aged conditions, as the non-aged
specimen (0% v'') produced substantially higher Kty and lacked widespread indications of
martensite boundary cracking when stressed at Eap, of -0.9 Vgcg. Regardless of the exact
mechanism, the experimental results show that thin film interlath reverted austenite, while
increasing the H-free fracture toughness of AerMet™ 100, substantially reduces its HEAC
resistance. Alternatively, the MpC carbides that were anticipated to increase HEAC resistance
may actually increase the susceptibility by somehow enhancing the fracture site H concentration.
This alternative theory has not been developed.

When stressed at Eapp of -0.625 Vgcg, the AQ condition actually shows the lowest Kty
and KTH*. It seems particularly strange that the Kty is lower at Eapp = -0.625 Vscp compared to -
0.9 Vgcg. Close eiamination of the fractographs (Figures ‘3, 7 and 8) and crack growth curves
(Figures 2 and 6) shows the onset of Stage Il growth around 40 MPavm for Eapp =-0.625 Vgcg
and 100 MPaVm for Eppp = -0.9 Vgcg. Stage-III behavior depends on loading rate, and it is
possible that the differences in operational threshold are affected by the early onset of atypical
Stage I1I crack growth behavior. As it was shown previously[z], very slow crack kinetics could

hinder the determination of exact values for Kry. Presumably, the actual threshold lies

! Although there is some evidence of retained austenite in the non-aged condition[10], reverted

austenite does not exist in the AQ condition. Furthermore, retained austenite does not have thin-film
interlath morphology.



somewhere in the range of 20 to 87 MPa\m.

Uncertainties in the exact value of Kty and Krg* are not critical to the interpretation of
aging effects on HEAC as long as the trend is accurate. It is clear from the fracto graphic results
that HEAC cracking in the AQ condition is limited when compared to aged specimens.
Moreover, the ihterpretations of microstructural effects on the HEAC response at E App 0f -0.9

Vscg are valid for the AQ condition. The da/dty is under 2 nm/s for the A‘Q microstructure at
both potentials.  Since both y° and M,C are suspected to slow H diffusion, their ébsence is
expected to increase the crack growth rate, as observed in Figure 6.

Lastly, aging duration is a critical variablé that has not been investigated in these
experiments. Aging time has a pronounced effect on microstructure, particularly .affecting the
size and coherence of M,C carbides and volume fraction of 7. For example, up to 23 vol. %
of v was formed when aged at 482°C for 100 h compared to a near-0 volume fraction for 5 hP.
Small differences in -aging time can easily alter these properties, especially at the early stages
(below 10 h). If the HEAC response to microstructural differences are as sensitive results show,

additional studies for isothermal aging effects on HEAC are required.

V. Conclusions

1. When aged to obtain high strength (oys > 1300 MPa) and plane strain fracture tdughness (Kic
> 100 MPavVm), af several different aging temperatures, AerMet™ 100 is similarly
susceptible to severe hydrogen environment assisted cracking in neutral 3.5% NaCl and at an
applied potential of -0.9 Vgcg. - This isAquantiﬁed by two parameters: reduced threshold

stress-intensity for HEAC, Krg, to as low as 10% of Kic, and subcritical Stage-II crack
growth rate, da/dty;, as high as 30 nm/s.

2. The aging independence of HEAC at -0.9 Vscg may be consistent with a mechanistic
explanation based on H diffusion control of crack growth rate, but material dependeﬁt terms
in the model for da/dty and the very detail of the model remain uncertain. It is not possible to

design alloy composition and processing conditions based on such existing models.
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. Qualitatively, increasing incoherence of M,C precipitates does not result in reduced da/dty,
perhaps due to the counterbalancing effects of increased trapping; causing reduced H
diffusivity but increased H solubﬂity; as suggested by the diffusion model. Relatively low
H-trap binding energy of these precipitateé for the tempers examined prevents beneficial
shielding of H partition to martensite lath/packet boundary interfaces wher.e such segregation

enables decohesion.

. 'When aged at 538°C for 5 h, the HEAC fracture mode is predominantly intergranular at an
applied potential of -0.9 Vgcg. Hydrogen cracking was transgranular at all other aging
conditions for Eapp = -0.9 Vscg, similar to the behavior of optimally aged (482°C) AerMet™
100. It is suggested that precipitation of intra-plate austenite at 538°C impedes fracture
along martensite boundaries, promoting the less favorable intergranular crack path at higher

K.

. In the as-quenched condition, susceptibility to HEAC at -0.9 Vgcg is substantially reduced,
with Kty of up to 70% of Kjc and slow da/dty; of 1 nm/s. The fracture path is transgranular,
but not limited to martensite plate boundary cracking as observed in JHAC and HEAC of the ‘
peak-aged condition. Speculatively, the lack of thin-film reverted austenite increases the
Krh as it otherwise aids martensite plate boundary cracking; but the lack of uniformly
distributed M,C carbides slightly increases da/dsz due to increased effective H diffusivity not
offset by reduced H solﬁbility.

. Kt and da/dty levels for HEAC at an applied potential of -0.625 Vgcg are similar for the as-

quenched and 482°C and 510°C aging temperatures. Notably, each aging condition shows a
greatly reduced HEAC susceptibility, as established previously for optimally aged AerMet™
- 100. The combination of alternate aging temperatures and optimal electrochemical

polarization did not produce immunity to HEAC.

. The improved purity of AerMet™ 100 does not provide immunity to IG HEAC. waever,
the increased purity may raise the Kty required for IG fracture, causing TG fracture to. be
favored for optimally aged AerMet™ 100.
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Figui‘e 1 Threshold stress intensity, Ky, vs. agmg temperature for AerMetTMloO stressed
under slow-rising crack mouth opening displacemient at Eapp of -0.9 Vg in neutral 3.5 % NaCl.
Literature reported Kjc and oys values for each tempering condition in Table 2 are displayed for
reference.
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Figure 2

Subcritical crack growth rﬁte vs. K, for various aging temperatures of AerMet™ 100

stressed under constant grip displacement rate in 3.5 % NaCl at Eap, of -0.625 Vgcg. The initial
loading rate, dK/dt, and fatigue precrack length for each condition are noted. Load and dcPD
data were not collected for the AQ condition at X less than 30 MPavm. ‘
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(a) Fracture in 3.5% NaCl, X = 3 MPavm (bottom of
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Figure 3 Scanning electron fractographs of the fracture surface of an as-quenched (AQ)
AerMet™ 100 specimen fractured in 3.5% NaCl (0.900 Vscg). The SEM image on the left
shows the macroscopic appearance. The black spots on the left image are due to oxidation.
(a) shows a small region marked “HEAC” that represents HEAC crack growth of 70 um over
the loading range from K of 3 to 80 MPavm. Above 80 MPavm, extensive crack branching is
evidenced and presumably H assisted since Kyc equals 123 MPaVm from Table 2. (b) shows
the typical appearance of high K (above 80 MPavm) cracking in this condition.




24

(d) 538 °C, Low Magnification

Figure 4 SEM images of hydrogen affected fracture surfaces for various aging temperatures of
AerMet™ 100 stressed in 3.5% NaCl at an applied potential of -0.9 Vgce. (a) and (b) show
predominantly transgranular fracture, while (c) and (d) shows predominantly intergranular fracture.
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Figure 7  SEM images of HEAC surfaces for various aging conditions of AerMet™ 100 stressed
in 3.5 % NaCl at an applied potential of -0.625 Vgcg. All images show predominantly
transgranular fracture.
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Figure 8 Low magnification scanning electron fractograph of the fracture surface of an as-
quenched (AQ) AerMet™ 100 specimen cracked in 3.5% NaCl polarized to -0.625 Vgcg. The
thumbnail region marked “HEAC” represents subcritical HEAC extending over an average of
240 um for the loading range from K of 5 to 80 MPavm. The post-test fatigue crack clearly
marks the extent of HEAC. ‘ ‘
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. Figure 10 Transmission electron microscope
image of AerMet™ 100 tempered at 538°C; bright
field image of revered austenite (arrow). Image and
caption taken from Ayer and Machmeier!®
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