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Precipitation hardened martensitic AetMetTM 100 is a high purity ultra-high strength steel with

exceptional plain strain fracture toughness (Kic - 130 MPa'lm) and high yield strength (ays

1725 MPa). The hydrogen environment assisted cracking (HEAC) behavior of this modem steel

is not well understood, and was characterized in neutral 3.5% NaCl solution at various applied

potentials (EApp) relevant to coated applications in marine environments. A novel short crack

specimen was stressed under constant displacement-rate, and monitored using a high resolution

electrical potential crack monitoring technique to determine the Stage HI crack growth rate

(da/dtl1 ) and threshold stress intensity (KTH) typically of the chemically short crack regime (250

to 1000 pm). AerMetTM 100 is susceptible to severe transgranular (TG) HEAC when stressed in

neutral 3.5% NaCl and at near free corrosion potentials, as quantified by reduced KTH, to as low

as 10% of Kic, and da/dtu as high as 0.5 fum/s. Applied electrode potential (EApp) is a critical

variable. As EApp increases from -1.1 volts vs. saturated calomel electrode (VscE) to -0.625

VscE, operationally defined KTH increases from the very low level of 9 MPa'/m to a maximum of

40 MPaqm, and da/dt11 decreases monotonically from 500 nm/s to 1 mn/s. Additional

polarization to -0.5 VscE, typical of free corrosion in aerated solution, produces a decrease in KTH

to 16 MPa'lm and increase in da/dtl1 to 100 nm/s. The mechanism for this behavior is crack tip

hydrogen embrittlement. The effect of electrode potential is understood based on occluded crack

acidification at the anodic conditions and cathodic polarization at lower potentials, each favoring

H production and uptake. Scanning electron fractography revealed predominantly transgranular

cracking at martensite lath and/or packet interfaces for all applied potentials, caused by enhanced

hydrogen localization due to high crack tip stresses and preferential hydrogen trapping. These

results are compared to semi-quantitative models for H-enhanced subcritical crack propagation

kinetics to identify the rate limiting step, which is likely H diffusion in the crack tip process

zone. These results provide the foundation for mitigating HEAC based on electrochemical

control of H production/uptake and microstructural control of H trapping/damage. This

persisting challenge is to formulate predictive models of this behavior that are useful for

engineering design of cracking resistant steels and coatings.
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I. Introduction

Ultrahigh-strength steels (UIISS) with tempered martensitic microstructures are

susceptible to internal hydrogen assisted cracking (IHAC)['-4], as well as hydrogen environment

assisted cracking (HEAC)[5 9 ]. Susceptibility is characterized effectively by the fracture

mechanics threshold stress intensity, KTH, below which hydrogen assisted cracking (HAC) is not

observed, and rate of subcritical crack growth, da/dt, at stress intensity (K) levels above KTH.

The Stage II plateau rate, da/dt11 , is approximately independent of K and is characteristic of the

rate limiting step in the sequence of time dependent elemental processes that delivers atomic

hydrogen (H) to the crack tip fracture process zone (FPZ)[7]. The mechanism of hydrogen

damage is debated between bond-strength reduction and H-plasticity interaction~5 '6'8'1 °-'5 ?.

The severity of HAC is affected by numerous variables that complicate characterization

and understanding of steel susceptibilityf7]. A unifying variable is the amount of hydrogen

accumulated in the FPZ. This H concentration and damage site location are governed by H

trapping at microstructural features, crack tip hydrostatic stress distribution, and source of mobile

. The FPZ appears to be about 1 ptm ahead of the crack tip surface for HEAC in high

strength alloys[17] and at the region of maximum crack tip hydrostatic tension for IIAC[871.

Traditional UIISS such as AISI 4340 and 300M are particularly susceptible to intergranular (IG)

IiHAC and HEAC, where impurity segregation at grain boundaries interacts with H to lower

boundary cohesion and the associated KTH to a small fraction of the hydrogen-free plane strain

fracture toughness, Kic"8'13'15 ]. As a third-important variable, KTH generally decreases and da/dt11

increases with increasing tensile yield strength (oys)E7,SJ.

Modem UHSSs such as AerMetTM 100 (UNS K92580) are double-vacuum melted to

reduce impurities at prior austenite grain boundaries, and heat treated to produce very high Kic

and ays 19'2o1 . When cryogenically quenched and optimally aged, AerMetTM 100 is strengthened

and toughened by the presence of nano-scale secondary hardening M2C carbides in

unrecrystallized martensite, absence of cementite particles, and formation of a very small amount

of thin-film reverted austenite (y), resulting in Kic of 130 MPa•1m and Uys of 1725 MNPa[21"241.

Despite these advances, AerMetTM 100 is susceptible to HAC comparable to older UHSSfI 8'25-301.

For example, IRAC of AerMetTM 100 occurs at a diffusible H concentration, CH,diff, as low as

0.5-1 wppmn and KTH below 30 MiPaqm. KTH drops to 15 MPaqm as CH,diff increases to 8

wppmn' 81. IHAC in AerMetTM 100 is transgranular (TG), attributed to improved austenite
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boundary purity, but enabled by H trapping that promotes decohesion of martensite lath and

packet interfaces1 8'31'32 1. AerMetTM 100 is also susceptible to SCC (that is, HEAC), with KTH

varying from 14 to 36 MPaqIm for precracked specimens stressed in near-neutral 3.5% NaCl at

the freely corroding conditionC26-30 ]. Fractographic results for HEAC of AerMetTM 100 also vary:

one experiment showed a bifurcated IG crack pathE27'a8 , while others reported predominantly TG

crackingE2 6' 29' 30 ]. Consequently, the hydrogen damage mechanism remains unidentified for

AerMetTM 100, particularly the basis for the transgranular crack path.

I.A. Hydrogen Trapping

Hydrogen trapping at microstructural features in UHSS; including carbides of varying

coherency, martensite laths and packet interfaces, y grain boundaries and precipitates, and

dislocations[14' 39-42]; can play a dominant role in HAC due to strong influences on the local

solubility, CH, and diffusivity, DH, of hydrogen. Previous studies of AerMetTM 100 established
/

that nano-scale, coherent and homogeneously dispersed M2C carbide traps have low Hp-trap

binding energies (EB - 11 kJ/mol) and are reversible upon stress application, while martensite

boundaries have higher binding energies (EB - 62 kl/mol) and are irreversible traps; these

features interact to dominate IHACE31'3 2]. Alternatively, Pound argued that irreversible traps

dominate HAC and are large, incoherent carbides[43'44]. These differences in interpretation must

be reconciled in order to understand susceptibility to HAC. Moreover, the role of hydrogen

trapping depends on the H source and distribution conditions 451. Considering IHAC of

AerMetTM 100, crack tip stress causes H to repartition from uniformly distributed M2C carbide

traps to stronger trap sites at interconnected martensite interfaces within the FPZ to cause severe

TG crackingt18 '3 '32 1. In JI-EAC homogeneously dispersed precipitates may provide a shielding

effect by trapping H within the FPZ but away from the crack path. Additionally, trapping will

reduce DH, which is predicted to reduce da/dtl 17] . To test this prediction, precise measurements

of crack growth and da/dtn are needed.

I.B. Effect of Applied Electrode Potential on HEAC of AerMetTm100

Applied electrode potential, EApp, is a particularly important variable for aqueous HEAC

because EApp controls crack tip overpotential that governs H production and uptake to establish

CH in the FPZ[7,4 6 '4 7]. For steels, optimal resistance to HEAC is typically at EApp slightly cathodic

to the freely corroding range, and resistance decreases for increasing cathodic as well as anodic
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polarizations[47'481 . Steels are typically coated with Zn, Cd or Al to control general corrosion;

coating damage will galvanically polarize the exposed steel and potentially degrade HEAC

resistance[49 . On the other hand, galvanic coupling could be tailored by coating composition

control to apply a potential that can reduce hydrogen production and thus subcritical cracking.

The coating may also dissolve ions that inhibit crack growth by blocking hydrogen uptake at the

occluded crack tip [5051]. For AerMetT 100, HEAC behavior in the potential range of -1.100 to -

0.400 volts (saturated calomel electrode, VscE) must be understood to optimize coating design.

Dependence of KTH on EApp was investigated for AerMetTM 100["'"], but results are limited and

adversely affected by uncertainties in measured KTH and limited measurements of the effect of

applied potential on da/dtri. This potential dependence of HEAC must be better characterized.

I.C. Time Dependence of HEAC and Loading Method

Since H production, uptake and diffusion in the FPZ are time-dependent, KTH and da/dti1

are loading rate-dependent, given by dK/dt, and a correct protocol is necessary for accurate

characterization of susceptibilityt 33'34 ]. Variances in reported Km for HEAC likely exist because

determination of threshold is challenging despite efforts to standardize the method 3 ,'361 ]. Reliable

determination of KTH with fixed load or displacement testing may require extremely long test

duration (over 10,000 h) since HAC evolves very slowly in steels with low H diffusivity[171 .

Characterizing HAC behavior with shorter duration testing requires a precise crack length

monitoring method capable of sub-micrometer resolution, as well as consideration of time

dependence. For steels with ays above 1000 MPalm, there is no expected difference between

rising K (dK/dt >0) and falling (dK/dt < 0) K loading protocols, and either method can be used if

executed properly[7]. However, if the rate of loading exceeds the capability of the rate-limiting

step to sustain HEAC, then hydrogen damage will be obscured giving false indication of

increased resistance. The commonly used constant displacement protocol[35 ] overestimates KTH

if the test is terminated before crack arrest occurs or if crack length monitoring is unable to

distinguish a slow moving from stationary crack.

A constant load-point displacement rate (rising K) protocol has been used successfully in

studies of HEAC of Ut-SSI37 ] and IHAC of AerMetTM 100 in particularE181, as well as HIEAC of

high strength Al, Ni and Ti alloys[7'891 . An applied loading rate of dK/dt - 0.002 MPa'lrn/s

enables a relatively short (-1 day) HEAC experiment. This test method produced severe IIAC

in AerMetTM 100; KTH was low and constant until increasing sharply with rising dK/dt only
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above 0.3 MPa'1m/s[15 ]. For I-EAC of high strength 4340 steel in purified H2, applied-rising

dK/dt of 0.001-0.002 MPaqm/s yielded KTH similar to that from long term constant displacement

experiments[36 38]. The effect of dK/dt on K.H for rising load HEAC of AerMetTM 100 has not

been established for gaseous or aqueous environments.

I.D. Occluded Crack Electrochemistry and REAC Test Method Design

The electrochemical conditions at a crack tip in the UHSS-chloride solution system are

different from the exposed surface because the crack is occludedt 46'47'52'5 31. Important parameters

that govern H production and uptake; particularly local pH[461, potential[531 and composition of

the occluded crack solutioir[ 47]; depend on crack geometry. For example, at anodic potentials

oxygen is rapidly depleted by reduction and metal dissolution causes acidification within the

crack tip to increase H production and HEAC 46 . Cathodic potentials promote H production by

increasing the hydrogen overpotential for alkaline crack solution and enhance the severity of

HEAC[41]. These processes, and thus KTH and da/dt, could depend on crack geometry[161.

Accurate electrochemical representation of service conditions requires replication of

crack geometry in fracture mechanics specimens. Considering the relatively small critical crack

size for an AerMetT 100 landing gear on the F/A-18E/F fighterts41 , the damage tolerant flaw size

range of importance is a 100 ýLm to 3 mm deep surface defect. While a compact tension

specimen with a 10 mm crack provides equivalent crack tip stress conditions, a long crack may

not reproduce equivalent crack electrochemistry for a short crack[883. Experiments established

that HEAC for specimens with sub-mm cracks occurs at unexpectedly low KT{ values below 10

MIPaqm, as reported for an older steel in chloride solution near free corrosion 1 61 . Specimens

used in previous studies of HEAC in AerMetTM 100 employed fatigue precrack lengths above

1.7 rnmm[25 130 . This crack geometry effect must be characterized for modem UHSS. In order to

monitor crack length at this scale, the direct current potential difference (dcPD) method was used

to continuously measure crack length with 0.5 ýLm resolutiont561 .

I.E. Objectives

The objective of this research is to. quantify the susceptibility of modem ultra-high

strength steel, AerMetTm 100, to HEAC as a function of electrochemical polarization relevant to

a coated component in the marine environment. The constant displacement rate method is

employed to measure KTH and da/dt1 I, pertinent to subcritical growth of a chemically short crack.
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A second objective is to understand the H-trapping and electrochemical factors that govern KTH

and da/dtn1 . These results provide the basis for coating development as well as assessment of

crack tip damage models necessary to predict and optimize the HEAC resistance of modem

UHSS.

II. Procedure

II.A. Material and Specimen Design

Forged bar of AerMetTM 100-15 cm in diameter and 1.6 cm thick-was austenitized at

885°C for 1 h, quenched in liquid nitrogen and cold stabilized for 1 h, then aged at 482°C for 5 h

and air cooled to obtain the optimal combination of plane strain fracture toughness and

strength[18 ,211. The chemical composition and mechanical properties are summarized in Table 1

and 2. The AerMetTM 100 microstructure was characterized by Ayer and Machmeier[21'241 .

Table 1. Chemical Composition of AerMet TM 100 (Weight Percent)
Fe Co Ni Cr Mo C Ti P S
Bal 13.43 11.08 3.00 1.18 0.23 .009 .003 .0008

Table 2. Mechanical Properties of AerMetT 100
HRC O's UUTs Reduction in Area - E O Kic

(MPa) (MPa) (pct) (GPa) (MPa) (MPa'Im)
54 1725 1965 65 194.4 1985 130

Single edge micronotch tensile (SENT) specimens were machined with a width, W, of

10.2 mm and thickness, B, of 2.54 mm. All specimens were machined with the Mode I load

applied in the circumferential (C) direction and crack growth in the radial (R) or length (L)

direction in the original round-forged bar. C-R and C-L were considered identical because the

microstructure of AerMetTM 100 is nearly isotropic. The notch was electrospark discharge

machined to a depth of 110±10 Inm and mouth opening width of 65±115 ýtm. To measure crack

growth, two platinum wires were spot welded 385±25 ptm above and below the notch centerline,

across the specimen thickness. The wires were soldered to shielded copper wires that were
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affixed to the specimen surface using water resistant epoxy. This specimen and lead wire

attachment is detailed elsewhere["61. The wired SENT specimen was fatigue precracked to a total

notch plus crack depth (ao) of 200-950 4tm in moist air at 10 Hz under constant maximum stress

intensity of 11 MPa'lm and constant stress ratio of 0.10.

ll.B. Electrochemical Control and Loading Conditions

Each precracked specimen was loaded in a 340 ml cylindrical Plexiglas cell containing

non-deaerated 0.6 M NaCl circulated from a 10 1 reservoir at 24 ml/min and room temperature.

Solution was not buffered, and periodic measurements of pH confirmed a constant bulk pH of

6.4 for the experiment duration. The gauge length of the specimen was exposed in the solution,

precluding solution contact and galvanic coupling with the metal clevis grips. The specimen was

configured as the working electrode grounded through the testing machine, while the potentiostat

was operated in floating mode to avoid a ground loop. Experiments were run in potentiostatic

control with applied potentials ranging from -1.1 to -0.5 VsCE.

The precracked specimen was secured inside the environment chamber with flowing

solution, and loaded in a servo-electric feedback controlled tensile machine under constant-slow

actuator displacement rate (d,/dt). The clevis-based gripping configuration allowed free rotation

about the loading pins. All specimens were preloaded quickly to 6 MPax1m, within 30 minutes of

specimen polarization, then loaded at a slower test rate. Specimen load, actuator displacement,

time, and dcPD data were recorded by automated acquisition.

I.C. Crack Length Measurements Using Direct Current Potential Difference

The dcPD method was used to measure crack length in-situ[55 's6]. A constant 10.000 -

0.005 A direct current source was attached to the specimen grips and voltage-probe wires were

connected to a 10,000 gain amplifier. Voltage measurements were unaffected by electrochemical

polarization because conflicting ground levels were avoided. The resolution in measured

potential was 0.1 1 V, which corresponded to a resolvable average crack extension, Aa, of 0.5

Lm. A reference specimen was not used to compensate for spurious temperature-dependent

dcPD changes because the test duration was relatively short, and additional error can be

introduced due to local environmental differences between the active and reference specimens.

The slowest reliably distinguishable crack growth rate was 0.2 nm/s.

For every dcPD data point recorded to file, 2,240 potential measurements were taken
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over 8.6 s. Thermal voltage contribution to dcPD was eliminated through current reversal where

the first 1,120 potentials were measured at an applied current of 10 A, and the latter 1,120

potentials were measured at -10.000 A with a 0.5s delay to allow for voltage stabilization after

current polarity change. The absolute values of these 2,240 voltages were averaged to calculate

a single recorded dcPD value that reflected crack length only. This process was triggered every

30 s. The dcPD data were converted to crack lengths by Johnson's equation:[ 55 1

- 1 _ _ _ c o s h R j
a = cos-- [ 1]

cosh I

7t cosh v cosh -' c Ss ( W .]

where a is crack length, W is specimen width, 2y is the distance between lead wire attachments,

V is measured potential, VO is the dcPD value at a0 where a0 is the initial notch depth plus crack

length after fatigue precracking, as measured post-fracture. If the final crack length form dcPD

did not match within 2% of the actual final crack length, then crack lengths from Eq. 1 were

scaled using the following relationship:

acoected = a + (adPD - (aal, actual - ao [2]
(afinaldCPD a0[

where adcpD is the crack length calculated from Eq. 1 for a given dcPD value. afinal,acual and

afinal,dcpD are measured and calculated values of the final crack length, respectively. Both a, and

afinal,actual were measured by scanning electron microscopy. A 5 point average of perpendicular

distance from the notch front to final crack length was used as actual final crack length. If

branching was observed, post-test correction was performed by equating afinal,dcPD to afinal,actual,

but data collected after the onset of branching were not presented.

II.D. Stress Intensity and Determination of KTH

The following stress intensity solution was used for the SENT specimen with free

rotation at the load points[5 g]:
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W 2W
K - F 2W,2Wn(_.K [3]

K-BW -tan 2W cost7a> \[3

cs 2W

where P is load, B is specimen thickness, W is specimen width and a is crack length.

To define KT, a plot of P and dcPD values vs load-point displacement, 3, was used

(Figure 1)1"]. First, a probable crack growth initiation point, %', was chosen by visually

estimating first deviation in the linear dcPD-3 data (Figure lb). A baseline was fit by linear

regression from 0.7 3' to 0.95 3', a range selected to eliminate artifacts such as precrack closure

in the 0-0.7 3' range. A 0.2 ýtV vertical offset was constructed from this baseline. A crack

growth line is conventionally fit by linear regression from 1.05 3' to 1.3 3'. However, due to

large variance in crack growth behavior among specimens, the growth line fit was based on an

assumed initiation dcPD level (dcPD'); with linear regression from 1.01 dcPD' to 1.05 dcPD'.

KTH was defined operationally as K at the intersection of this growth line and the 0.2 [V

initiation line offset. To calculate crack growth rate at a given time and K, a 2 nd order

polynomial was fit to a vs t data over t ± 25 data points. The slope of the tangent at the mid-time

point was da/dt and this process was repeated to obtain da/dt at every value of a. Loading rate

(dK/dt) was defined in the same manner. The da/dt11 is the average da/dt over the Stage-il

regime, or reported as a range if growth rate depends mildly on K.

II.E. Fracture Surface Analysis

Fracture surfaces were cleaned ultrasonically in acetone then methanol for 10 minutes,

dried, and stored in a desiccator. When necessary, specimens were polarized to -1.5 VsCE in 0.5

M H2SO4 for 60 s or soaked in 10% HCl for 1 - 20 minutes to remove corrosion products. A

specimen was examined using optical and scanning electron microscopes (SEMI). All SEM

images are secondary electron images obtained using either 10 kV or 20 kV accelerating voltage.

The working distance was varied from 10 mm to 39 mim for optimal conditions. Unless noted,

the crack advanced from bottom to top of an SEM or optical image.
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IlI. Results

Il.A. KTH and Crack Growth Kinetics Near Free Corrosion

AerMetTM 100 is susceptible to severe HEAC in neutral 3.5% NaC1 near the free

corrosion potential. Figure 1 is a plot of P and dcPD vs. 3 for an SENT specimen tested at -0.500

Vscs, maintained constant near the measured open circuit potential of -0.51 + 0.01 VscE. From

Figure lb, the operationally defined KTH is 18 MPalm, followed by accelerating dcPD and thus

subcritical crack growth. Crack initiation is easily detected due to high resolution dcPD crack

length monitoring and fast da/dt. The low KTH of 18 MPa'lm agrees with previously reported

threshold valuesE26 29 ], validating the constant extension rate test method for evaluating KTH.

Figure 2 shows the stark contrast in crack growth resistance for AerMetTM 100 stressed in 3.5%

NaCi compared to moist air[18], illustrating severe HEAC susceptibility.

Measured subcritical crack growth kinetics are typical of HEAC and reported in Figure 3.

The apparent non-zero da/dt below KTH (below 0.2 nm/s) is an experimental artifact related to

crack tip blunting, dcPD signal variability, and crack opening effects on dcPD as discussed later.

Stage I crack growth behavior is shown clearly; da/dt increases nearly 3 orders of magnitude as

K increases from 13 MPaqm to 27 MPaqm. While dK/dt is initially constant with fixed dP/dt

(0.0007 MPalm/s), the onset of subcritical crack propagation leads to continuous increase in

dKidt to as high as 0.004 MParIm/s. For this loading, a clear Stage-HI region is shown with an

average da/dtll of 80 nm/s mildly dependent on K. Figure 3 shows that the operationally defined

KTH from Figure lb is greater than the K level at the onset of Stage I growth, in this case 18

MiPaqm vs. 13 MPaq/m for loading at -0.5 VsCE.

Optical micrographs (Figure 4a-b) show the macro morphology and extent of Mode I

HEAC with severe crack branching. The crack branched at K of about 80 MPa•/m after 1 mm of

growth, similar to crack branching reported for a constant displacement, falling K test with

AerMetTM 100[33]. SEM images at crack initiation were compromised due to corrosion, however,

fractographs from near the end of the crack (location A in Figure 4a) reveal TG fracture mixed

with some evidence of IG growth (Figure 4c and d). This TG crack path is very different from

the microvoid-based morphology typical of ductile fracture in AerMet' 100 at Kic[",I.
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III.B. Effect of Applied Electrode Potential on KTH and Crack Growth Kinetics

Applied electrode potential has a pronounced effect on KTH, as summarized in Figure 5.

At the most negative potential of -1.100 VsCE, KTH is lowest at 9.3 MPaqIm, which is only 7% of

Kic. As potential is raised, KT increases to a peak value of 41 MPaqJm (32 % of Kic) at -0.625

VSCE and drops sharply to 18 MPa'lm (14 % of Kic) at -0.5 VSCE. An operationally defined KTH

value could not be obtained for the -0.625 VscE polarization with a 242 pm precrack because

dcPD signal variability obscured slow-crack growth detection and the maximum K level

achievable without significant net-section plastic defonnation was 50 MPa'lm. Therefore a

specimen with a 947 ýtm precrack was used to expand the linear-elastic loading range to 100

MPam, and a threshold value was obtained following the protocol illustrated. in Figure 1. These

results establish significant resistance to HEAC at EApp of -0.625 VscE and -0.700 VscE.

HEAC kinetics are highly dependent on applied electrode potential, with Stage-Il growth

rates varying over 3 orders of magnitude. Figure 6 shows that specimens polarized at EApp of

-1.1 VscE, -0.9 VscE and -0.5 VSCE exhibited clearly distinguishable Stage-I and II crack growth

regimes. As specimens are loaded above KT, subcritical crack growth initiates and crack

velocity increases rapidly. These crack velocities reached plateaus suggesting approximately K-

independent Stage-II growth. Notably, da/dtn decreased from about 500 nm/s to 8-20 nm/s as

EApp changed from -1.1 VsCE to -0.9 VscE, and to as low as 0.5-2 nm/s at EApp of-0.7 VSCE and -

0.625 VscE, before rising to 60-90 nm/s at -0.5 VscE. This trend is quantified in Figure 7 using

average measured da/dt11 represented by the filled symbols. Subcritical cracking over mm-scale

distances and severe susceptibility to HEAC are unmistakable for three potentials; -1.1 VscE, -0.9

VscE, and -0.5 VscE.

As shown in Figure 6 and 7, EApp of -0.625 VscE and -0.7 VSCE produced unique behavior

with substantially slower da/dt, suggesting high resistance to HEAC. Large increases in K

caused only small increases in crack velocity, even when the specimens were loaded beyond the

operationally defined level -of KT plotted in Figure 5. For these cases, it is likely that Stage-I

behavior exists, but the levels of da/dt are below the 0.2 nm/s noise level inherent in dcPlD

instrumentation. The behavior observed at -0.625 VscE and -0.7 VscE is not complete imnmunity

because subcritical crack growth in fact occurred at these potentials, albeit at very slow growth

rates. For example, the specimen polarized to -0.625 VscE with a = 242 pm showed 28 iim of

crack growth as it was loaded to K = 50 MIPaqm over 20 h. The da/dtl1 is two orders of
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magnitude slower than the level at -0.5 VscE. The sharp increase in da/dt at K of 100 MIPalm for

the specimen stressed at -0.625 VsCE is likely due to hydrogen enhanced microvoid nucleation at

K somewhat below the H-free Kic level of 130 MiPa•ml" 1 ].

III.C. Effect of Applied Potential on IIEAC Morphology in AerMetTm 100

Fractographic analyses show that HEAC occurred at all electrode potentials examined,

but such subcritical cracking was limited to very small increments of growth for EApp of -0.700

VSCE and -0.625 VscE, and consistent with Figure 6 and 7. Post-fracture optical images in

Figure 8 characterize the macroscopic HEAC front shape as a function of potential. In these low

magnification images, specimen thickness is 2,550 ý.m and the notch plus fatigue precrack of

about 250 ptm is barely visible as a bright area at the bottom of each image. The post-test

fracture surfaces are shaded and HEAC is darkened in tone from surface roughness and slight

corrosion. Parts (a) and (b) show significant crack growth at K below 20 MPa'lm for the two

most negative potentials, while (c) and (d) show no optically resolvable crack growth at K = 50

MPam for EApp = -0.7 VSCE and -0.625 VSCE. The specimen in (e) contained a larger precrack

(947 pim) and was loaded above K of 100 MPa•Im, but crack growth is not visible. What appears

to be a H crack is the fatigue precrack with surface staining. Figure 8f shows substantial HEAC,

with the surface covered with black corrosion products produced by polarization at -0.5 VSCE.

The effect of potential on HEAC susceptibility is apparent in Figure 8. Test duration for

each specimen was approximately 20 h, with the exception at EApp of -1.1 VscE, which fractured

after 7.h. With identical specimen geometry and loading, EApp of -0.7 VscE produced crack

growth of 0.05 mm in 20 h, while the EApp of -1.1 VscE produced 5 mm of HEAC in 7 h.

Cracking was similarly limited at -0.625 VSCE, but extensive at -0.5 VscE and -0.9 VscE. Above

EApp of -0.7 VsCE, the final crack front is parallel to the fatigue precrack. However, at EApp

below -0.9 VscE the crack front is V shaped (Figure 8a and b). Since all specimens were fatigue

precracked to a flat initial crack front, with similar K levels and constraint, the final crack front

shape must result from an electrochemical effect on H production and uptake.

High magnification scanning electron microscopy established that HEAC in AerMetTM

100 was predominantly transgranular at all potentials examined, with the exception of cracking

near the open circuit potential. This cracking morphology is clearly unique compared to the

microvoid fracture mode typical of H-free fracture in moist air[18 , confirming HEAC at each
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potential. There was only limited evidence of IG cracking at cathodic applied potentials. An

example is shown in Figure 9; HEAC at -1.1 VscE was completely TG (Figure 9b) and very

different from the microvoid morphology typical of fracture in moist air (Figure 9a). Evidence

of martensite lath interface cracking is indicated by arrows in Figure 9b, and this path of IIEAC

is similar to the fractographs obtained for IHAC of this same steel and heat treatment["1 ]. This

TG HEAC is more complex at other potentials, as illustrated in Figure 4 and 10. At EApp of-0.9

VscE, the fracture surface shows predominantly TG cracking (Figure 10a) with localized areas of

rough morphology with IG character (triangular arrows in Figure 10a and b). Evidence of

martensite lath interface or packet boundary cracking can be found (diamond tipped arrows in

Figure 10a and b). Because IG fracture was only suggested on this specimen and not observed at

other potentials, the behavior could be due to localized impurity segregation. Alternatively,

small deviations in temperature and H concentration can are known to cause a change in the

fracture mode for HEAC of UHSSt9'90]. Diffusible hydrogen concentration of 7.8 wppm caused

limited IG cracking in lIAC of this steel[6°].

Two fractographs for EApp of -0.7 VSCE and -0.625 VscF (Figure 10c and e) represent the

entire loading range from K of 10 MPaqm to 50 MPa'lm. These figures prove that HEAC

cracking occurred at both -0.7 VscE and -0.625 VscE at growth rates below 1 nm/s with Aa of 50

and 28 urm, respectably, during the 20 h exposure. The fracture surface at -0.7 VscE is rough

(Figure 10d), but the larger features are TG with little resemblance to IG cracking. (Prior

austenite grains in this steel are approximately 10-20 pLm in diameter.) At -0.625 VscE, the crack

path is completely TG, ending in a flat area seen in Figure 1 Ge and that could be associated with

the limited extent of rapid cracking at high K (Figure 6). For this EApp, there is no evidence of

IG features (Figure 10e and f). Martensite lath interface cracking was observed at both potentials

(diamonded tipped arrows in Figure 10c to f). In general, the likelihood of the limited IG-type

features coincided with increasing K, crack branching and increased hydrogen production.

llI.D. Alternative Method for Measuring KTH

The operational definition of KWH shown in Figure lb characterizes the stress intensity

required to cause the onset of a resolvable amount of -IHEAC in AerMetTM 100 under rising load-

point displacement. At -1.1 VscE and -0.5 VscE, KTH is easily established because rapid Stage I

cracking is readily detected. However, the operational values exceed a true threshold by a

significant amount due to the offset method of KT determination (Figure lb) and rapid da/dt.
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This is illustrated by the interval between 13 MPa•/m and the operational KTH of 18 MPaIm,

Figure 3. A second error is evident for loading at -0.7 VsCE and -0.625 VscE, where crack growth

initiation is masked due to extremely slow Stage I crack growth and Stage H crack growth is

below 1 nm/s. The combined SEM images and dcPD data suggest that real crack growth

occurred below the operational threshold at these slow cracking potentials and that this

operational KTH not an accurate descriptor of a true threshold.

To improve estimation of a threshold for the onset of HEAC and exploit high resolution

crack monitoring, an alternative KTH* was defined as the level of K required to produce

measured da/dt of 1 nm/s. This growth rate was chosen because it is the lowest distinguishable

rate from the baseline dcPD signal in Figure 6 that can be unambiguously confirmed by SEM

images. KTH*, along with the key results of all experiments, are summarized in Table 3.

Table 3. Summary of HEAC Test Results

EApp a, Initial dK/dt KTH KTH* da/dt11  Total Aa
(VscE) (ýLm) (MPa/m/s)" (MPa'lm) (MPa'/m) (nm/s) Termination

Figure 5 Figure 6 Figure 7

-1.100 251 6.1 x 10-4 9.3 8.3 300-700 -5 Fracture
-0.900 234 7.1 x 10-4 13.0 10.7 8-20 -4 Branched
-0.700 212 5.5 x 10-4 24.0 20.1 0.9-2 0.050 Stop/Unload
-0.625 242 5.0 x 10-4 - - - 0.028 Stop/Unload
-0.625 947 11.0 x 10-4 40.8 22.3 -1 0.1 Stop/Unload
-0.500 250 6.8 x 10-4  18.0 15.8 60-90 -2 Branched

# Applied dS/dt = 12.7 nm/s for all experiments

IV. Discussion

IV.A. HEAC of AerMetTM 100

The short precrack rising displacement results in Figure 3 and Table 3 establish that

optimally aged AerMetTM 100 is susceptible to severe transgranular HEAC in neutral 3.5 % NaCl

at free corrosion potentials (- -0.5 VscE). The values of KTH* and KT are between 16 and 18

MPaqm compared to KIc that is almost an order of magnitude higher. This -EAC behavior is

consistent with severe TG IHAC of AerMetTM 100[11], as well as previous HIEAC studies with
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AerMetTl 100 using specimens with longer fatigue precracks and various loading methods[2 -3 °?.

Specifically, constant displacement testing showed crack arrest at KTH of 14 MPa'lm for 1,000 h

total exposure timet 26-28 ), and constant load testing for 10,000 h resulted in KTH of 16-22

MPaqm[2'26 1. Rising step load experiments yielded KTH of 27 MIPa•m[ 25' 26 '30 1 and a single short-

term crack arrest result equated KrH to 14 MPa'lm for 20 h exposure[291. These test results

exhibit substantial variability that bracket the present results, as summarized for EApp of -0.5

VsCE in Figure 11. Considering the electrode potential dependence of HEAC in AerMetTM 100,

operationally defined KT values are consistent and perhaps lower compared to previous

reports1 25 -30 (Figure 11). Compared to rising step-load test results[25' 26' 30°, this K TH is lower at

EApp of -1.1 VscE and -0.9 VscE, essentially equal for -0.7 VscE, and higher for -0.625 VsCE. For

KTH*, Figure 11 shows a lower measured threshold compared to existing literature at all tested

potentials. Either measure of threshold stress intensity demonstrates that BEAC in AerMetTM

100 is severe at both open circuit potential and below -0.9 VscE, while EApp from -0.625 VscEto

-0.7 VscE provides optimal resistance to HEAC.

Results show that the present accelerated test method, coupled with high resolution crack

growth measurement by dcPD, efficiently provides lower bound KTH values (Figure 11) that are

relevant to alloy and coating system design, as well as component performance prediction.

While all specimens tested were relatively small, the maximum net section tensile stress was

below the steel flow strength (1,845 MIPa, Table 2), and the plastic zone diameter ((K/oys) 2/(37c)

= 160 ptm at 70 MPa'lm) was less than 10% of the remaining ligament, even at the highest K

levels and longest crack lengths examined. As such, small scale yielding was guaranteed.

Moreover, the small plastic zone diameter to thickness ratio (< 1-4%), lack of resolvable shear

walls (Figure 8), and Mode I crack geometry strongly suggest that HEAC was under

predominant plane strain deformation. As such, the results in Figure 11 are scalable to large

components. The low values of threshold validate the selected dK/dt ( 0.0007 MPa•mn/s in

Table 3) as producing KTH that is independent of loading rate. This result is consistent with the

loading rate independence of KTH for IHAC in AerMetTM 100 for all dK/dt < 0.3 MPaq/m/s[18 ]

and results for gaseous environment HEAC in high strength 4340 stee1[ 37]. A strong effect of

precrack length on KmH is not apparent in Figure 11, particularly given test method and crack

resolution differencesEl 6l. It is reasonable to conclude that these values represent lower bounds

on HEAC resistance.
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Experimental characterization establishes that improved steel composition and thermal-

mechanical processing increased uys and Kic for AerMetTm 100, but did not provide immunity to

HEAC at any tested EApp. This susceptibility of AerMetTM 100 to HAC typified by low KTH*

may limit application of this modem alloy. However, the dramatic decrease in HEAC

susceptibility at optimal EApp illustrated by greatly reduced da/dtl1 is established for the short

crack case. This behavior is relevant to small surface cracks in coated UHSS components such

as a landing gear.

LV.B. Effect of Steel Composition on Intergranular HEAC

Instances of intergranular HEAC and IiHAC in AerMetTm 100 were rarely observed in the

present experiments and evidence for this failure mode is limited. Eun reported IG HEAC along

interfaces speculated to contain impurities segregated during processing 28 1s, but such an IG crack

growth path was not observed in present experiments or other reports[26 '29 '30 ]. In sharp contrast,

older UHSSs such as AISI 4340, 18Ni Maraging and 300M show severe IG HEAC for a wide

range of composition, thermal treatment and environmental conditionst7 '8 '481 . Impurity

segregation to prior austenite grain boundaries is reported to interact with H and cause IG

cracking[8], as characterized by McMahon and coworkers using an impurity-weighted

composition parameter (y, = Mn + 0.5 Si + S + P in weight %)[8,13,15]. As V increases, KTH

decreases and the amount of IG cracking increases; immunity to IG HAC is expected for V

below about 0.05 wt % for steel of cyys = 1450 MPatl 5]. While v accurately predicts the lack of

IG HAC in high purity AerMetTM 100, KTH values measured for TG HEAC (Table 3) and TG

IHACE 81 are far below the values predicted by V for this lower strength level of steel. To further

investigate the impurity dependence of HEAC of UHSS, high purity 18Ni Maraging and Custom

465TM stainless steels with low Mn and Si were compared to AerMetTm 100). Despite low Yf

values of 0.05 to 0.08 wt %, 18Ni Maraging steel and Custom 4 6 5TM are susceptible to severe IG

HEAC for chloride solution at free corrosion potentials with KTH below 15 MPa\'m.
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Table 4. Comparison of UEAC and y for Commercial High Purity UHSS
KTH at free

-ys H-free Mn Si P S KTHratifr HEAC
(MPa) Vf (wt %) (wt %) (wt %) (wt %) corasm) Mode

(MPa~m)
AerMet'T M 100 1725 0.029 0.019 0.016 0.001 0.0008 -15 TG

18 Ni Maraging 441 1700 0.045 0.025 0.015 0.008 0.005 -10 IG
Custom 465'M* 1600 0.079 0.05 0.04 0.001 0.008 -10 IG

Hydrogen uptake and steel yield strength affect this Wg correlation, as recognized by

McMahon et al. 8'"15. For a high purity (Mn and Si free) steel, KTH decreased from 95 MPaqIm to

.35 MPa'lm with increasing yield strength from 1450 MPa to 1860 MPa and increasing H2

pressure, presumably associated with increasing intergranular cracking. These additional effects

were well described by a revised composition parameter that included an estimate of crack tip H

content, 1 = 104 CH-S + Mn + 0.5 Si + S + P, with immunity suggested for w below 0.7 atom

%[8,15]. Here, CH-S was calculated from Sievert's law for gaseous exposure, increased to account

for crack tip stress but not considering trapping. The multiplier of 104 was necessary to fit the H

concentration effect with that of the other elements. While the Maraging and Custom 465TM

steels are relatively pure, the H concentration from NaCl may be sufficiently high to align KT-

results with this H-containing W correlation for IG cracking in H2. Compared to AerMetTM 100,

prominent IG cracking may be due to somewhat higher S, Mn and Si contents in the Maraging

and Custom 465 steels, and hence'slightly higher H-modified Yf (Table 4), but this is speculative

since austenite grain boundary compositions were not measured. While it is uncertain whether

lower purity AerMetTM 100 will display IG HEAC and IAC, these comparisons show that grain

boundary purity is not the single critical factor that governs HAC immunity in modem and

relatively pure UHSS. As developed in an ensuing section, very high levels of H can be trapped

at austenite and martensite boundaries in UHHS, enhanced by very high crack tip stress and high

trap binding energy. KT-IH is controlled by this localized H, coupled with the intrinsic boundary

strength and reduction due to H decohesion. The H-modified W suggested by McMahon and

In collaboration with Kehler and Scully, 2 cm diameter round bar of Custom 4 65TM was aged for 4 h
at 482°C and air cooled to obtain uys = 1600 MPa1911. Specimens were machined and tested with identical
loading and electrochemical conditions outlined for AerMetTm 100. HEAC of Custom 4 6 5TM was IG with
KTH below 12 MNa'lm at all tested EApp of -1.100, -0.625, -0.575, and -0.500 VscE t
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coworkers[8 ,15 ] is aligned with this explanation, but is not sufficiently quantitative.

IV.C. Effect of Applied Potential

Applied electrode potential strongly affects the kinetics of HEAC in AerMetTM 100, as

shown by the results in Figures 6, 7 and 11. Pioneering work by Brown qualitatively

demonstrated the effect of EApp on da/dt, with the slowest crack growth rates for older UHSSs in

the applied potential range of -0.8 VscE to -0.9 VsCE and increased cracking at more anodic and

more cathodic potentials 471 . Similar effects were noted for HEAC of 18Ni Maraging steel, with

optimal cracking resistance at an applied potential -0.2 V cathodic of free corrosion[45 1.

AerMetTM 100 parallels this potential dependence (Figure 11), with the highest KTH and lowest

da/dtii values when polarized to -0.7 VscE and -0.625 VscE, or slightly cathodic with regard to

the open circuit potential of -0.51 VscE.

The potential dependence of HEAC is explained based on changes in the concentration of

lattice-dissolved H (CL), in equilibrium with crack tip pH and potential. The electrochemical

principles that govern CL vs. EApp are well established [' 47'5 2' 61' 621 and modeling approaches for

idealized-quantitative prediction have been developed 16'46'631. It is not, however, possible to

accurately predict absolute values of CL, KTH*, and da/dt1 I vs. EApp[7]. The trend in these

properties is predicted based on a minimum in the overpotential for crack tip H production.

Specifically, H overpotential and CL are large, with associated low KTH* and high da/dt11 for two

regimes of applied potential. When crack tip corrosion occurs near free corrosion, local pH is

lowered relative to the bulk-neutral chloride solution via hydrolytic acidification of Fe and Cr, to

increase overpotential at the crack tip relative to the boldly exposed surface. At the other

extreme, substantial and increasing cathodic polarization promotes increasingly high H

overpotential and thus increased CL. The maximum in KTH* and minimum in da/dtij are

produced in the range of EApp where crack tip dissolution and acidification are reduced to near 0

and crack tip cathodic polarization is minimal, producing minimal overpotential and minimal

CL.t Quantitative coupling of this EApp dependence of CL with KTH* and da/dtff is considered in

SCrack front shape exhibited significant differences due to applied potential change, as shown in Figure
8. This behavior is consistent with the fact that crack tip cathodic polarization is somewhat less than that
at bold surfaces due to crack potential difference and crack pH increase. At anodic potentials, the crack
advances as a flat front without preferential propagation at the side surface because H overpotential is
much larger within the crack compared to the boldly exposed surfaces.
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the ensuing section on micromechanical modeling of FPZ H embrittlement.

IV.D. Stress and Trapping Enhanced H Localization

The severity of transgranular HEAC in a high purity UTHSS such as AerMetTM 100 is
understood based on significant crack tip microstructural trapping and stress enhancement of CL.

This enhanced H concentration, CH,,T, is approximated by:[7,84, 931

CH,,T =CL eXP(jT). ex O H [4]

where VH is the partial molar volume of H in the lattice (2.0 cm 3/mol), cr1 is crack tip hydrostatic

stress, EB is the binding energy of H to a specific trap site, R the universal gas constant and T is

temperature. Equation 4 is accurate for the situation where CHCT << 100 atom percent. For a

given value of CL, the equilibrium concentration of hydrogen at interconnected microstructural

sites that constitute the crack path is determined by the stress field interaction energy (ujHVH) plus

EB, assuming that uH does not affect EB. While CL is typically low, of order 0.0005 wppm for a

H overpotential of 0[14,18,62], CHa,T/CL is high for a high purity UHSS and it is this enhancement

that drives HEAC. Crack tip C-H is 3 to 10 times uys due to various crack tip shielding

mechanisms as modeled by traditional plasticity considerations, dislocation mechanics or strain

gradient continuum plasticityt 7' 64 661. For a reasonable crack tip hydrostatic stress of 5o-ys, OHVH

is -17.5 kJ/mol for AerMetTM100, yielding CH,,T/CL of 1,200 from Eq. 4. Fractographic results

in Figure 9 and 10 show brittle TG features consistent with cracking along martensite lath
interfaces and packet boundaries. A very large concentration of H accumulates along these

incoherent interfaces due to preferential trapping. The binding energy for H to such trap sites is

about 60 kJ/mol[31'3 2]; from Eq. 4, CHa,T/CL = 6 x 106 for a lower bound of this binding energy
(40 kJ/mole) coupled with nHVH of -17.5 kJ/mol. For the zero overpotential estimate of CL, the

maximum value of CH,,T enriched along martensite interfaces is 1,600 wppm (9 atom pct). This

hydrogen enrichment provides ample cause for interface weakening by the decohesion

mechanism and thus the path for HEAC, consistent with results for HlIAC of AerMetTM 100[11].

Crack tip electrochemical conditions that cause a finite H overpotential will increase this level of
FPZ H to lower KTH, while surface reaction rate and H diffusion rate limitations will reduce

da/dt1 i
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The lack of prior austenite boundary cracking in HEAC or IlAC is not explained by

increased grain boundary purity because the binding energy of H to incoherent grain boundaries

typically exceeds 50 kJ/molt 32 1, and such interfaces, should trap H analogous to the case for

martensite lath and packet boundaries. Such a high CHo,T should embrittle prior austenite grain

boundaries in the absence of co-segregated impurities. The fact that IG cracking is observed in a

wide range of UIHSSs negates the argument that there is a small probability that large (10-20 jtm)

prior austenite grain boundaries intersect the sub-pm FPZ compared to martensite lath and

packets sized from 0.5 ýtm to 5 rim. The alternate hypothesis is that the intrinsic fracture

strength of segregation-free prior austenite boundaries exceeds that of certain martensite

interfaces for equal or even greater concentrations of trapped H.

Thin-film austenite that precipitates between martensite laths could provide an

explanation for a preferred martensite interface crack path crack path in both IlACd' 1 and

HEAC of AerMetTM100. This phase, which forms during aging, likely enhances CH,,T through

trapping and solubility considerations. Moreover, elevated stresses in the FPZ could cause thin-

flim y' to transform to martensite of higher volume ahead of the crack tip[67" 6" 1. If this fcc

austenite is enriched with H, the martensite will be supersaturated causing a transient increase in

interlath hydrogen concentration which -will further enhance interface cracking. Conversely,

Ritchie et al. showed that retained interlath austenite is mechanically stable when present as a

continuous network, and enhances intergranular cracking resistance by attracting impurities and

impeding H diffusiont691. Olson argued that a thin austensite film is stabilized because the

number of martensite nucleation sites is small and partitioned alloy content is hight70]. Nohara's

composition correlation for stainless steels (which does not consider Co) shows that the

deformation induced martensite transformation temperature (MD) of y' in AerMetTM 100 is far

below 0 K (MD = -390 C)[7 'I. This stability is countered by the fact that dissolved H promotes y

transformation to martensite[72'7 31 . The relative importance of these competing mechanisms is

unclear for y' in AerMet TM100.

Hydrogen traps play a complex role in both IHAC and HIEAC of high strength

alloys[7 '14 '39 '44 '74J. In HEAC consideration of H diffusion suggests that H damage is localized to

within 1 urm from the crack tip surfacet7 '17 . The dcPD measurements of HEAC in AerMetTm 100

stressed in NaCl did not evidence discontinuous crack advance at the 1 ýtm resolution level,

consistent with this small FPZ distance. For a prior austenite grain size of 10-20 pmn, a I urm
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FPZ contains a small fraction of y grain boundaries and coarse carbides, a somewhat higher

density of martensite boundaries, but a very dense population of homogeneously distributed M2C

precipitates. M2C traps within the FPZ could shield the FPZ from hydrogen damage by trapping

H preferentially away from the martensite interfaces. A homogeneously dispersed fine carbide

phase will only act as a beneficial shielding trap in HEAC if: (a) EB is substantially higher than

EB for crack path trapping,t and (b) trapping at fine particles is not saturated by the high level of

CL and finite number of carbides in the FPZ. These conditions were not realized for peak aged

AerMetTM 100, and low KmH* for TG HEAC were produced at both cathodic and anodic

potentials. Speculatively, the M2C phase could be coarsened to reduce coherence and increase

EB to induce H shielding, for example through higher temperature aging or Cr addition[21,23,241.

Such shielding may be particularly exploited at EApp between -0.625 and -0.700 VscE where the

absorbed hydrogen concentration is reduced by lower crack tip driving force for H production.

While KTH is controlled by equilibrium CL, da/dtu may be limited by H diffusion or surface

reaction rate control. When the latter is important, the likelihood of carbide trap saturation is

reduced and the relative beneficial effect of such shielding should be enhanced. In the least,

interaction with M2C results in reduced H diffusivity and thus reduced da/dtii as developed in the

next section.

IV.E., HEAC Propagation Kinetics

HEAC propagation kinetics are understood based on the concept of a rate limiting step in

the overall sequence of H production on the crack surface and delivery to the FPZ [7,9,92] Surface

reaction controls da/dtii if the rates of H production, migration, adsorption or absorption are

slower than the rate of H diffusion from the sub-surface to the FPZ. Weakly aggressive

environments or coated surfaces which block H permeation are representative cases of surface

reaction limited growth, in which trap enhanced H concentration under the exposed crack tip

surface, Cs, changes with time. For more aggressive environments, Cs reaches an equilibrium

level quickly and H diffusion controls da/dt 1 [63]. A one dimension model, solved with a variety

of boundary conditions, yields a prediction for da/dt11 of the form[17]

• Based on relative trap binding energies, EB = 11 U/mole for coherent M2C and 40-60 kJ/mol for
incoherent martensite interfaces 3 ], the probability that H partitions to the martensite from M2C is near
unity[,5'76).
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da /dtfl DH1 r[Cs ýDH3X)Coys~tj [5]1

where t is time, Xc is a critical distance ahead of the crack tip surface, Cc is a critical H

concentration necessary for damage, and ý is a functional description of the driving force for H

ingress that depends on the assumed boundary conditions [17,77,78,80-82,93. The Cc depends on

local stress. In this modeling, the crack is hypothesized to propagate when Cc is reached at Xc

such that:

da _ Xc [6]

dti z•At

where At is the time required for the hydrogen concentration to reach Cc at locations on average

Xc within the FPZ.

Figure 7 shows that EApp strongly affects da/dtli for HEAC in AerMetQ'100, with a

minimum produced by cathodic polarization from free corrosion through -0.7 VsCE, followed by

increasing da/dt1 l to 0.7 am/s at -1.1 VscE. The electrochemical driving force for H production is

very high at this potential and HEAC can be presumed to be diffusion limited. This expectation

is supported by an empirical correlation between upper bound plateau crack growth rates for a

wide variety of high strength alloys, plotted in Figure 12 vs. trap sensitive H diffusivity, DHI- 7v.

The linear dependence of da/dtnj on DH is confirmed for situations involving very severe

environments, including AerMetrm100 under severe cathodic polarization (-1.1 VSCE) and

presumably high levels of Cs that are established rapidly resulting in diffusion limited HEAC.

For this upper bound correlation, and an assumed value of the 4' function equal to 3, the data in

Figure 12 suggest that Xc = 0.7 gim. It is important to determine the extent to which the diffusion

based modeling, Eqs. 5 and 6, can predict the electrode potential dependence of da/dtn1 shown in

Figure. 7. Kehler et al. used the measured EApp dependence of KTH shown in Figure 5 with the

constants shown in Table 5 to predict the EApp dependence of Cs for AerMetTM 100 in NaCI

solution[50 . This is the local H concentration in the FPZ and in equilibrium with a given applied

potential, and crack tip H overpotential. This crack surface concentration boundary condition is

a critical element of crack growth rate analysis, and the use of reverse engineering from a

threshold-based model is a valid starting point for da/dtli modeling, as demonstrated by Symon

and Hall for HEAC of nickel-based superalloys[82'93 1. This kinetics modeling will be complicated

by the likelihood that: (a) DH depends on hydrogen concentration and trap density, (b) the
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binding energies of trap states associated with the critically important martensite lath and packet

interfaces are not sufficiently quantified3 2] , and (c) the critical distance developed from the'

correlation shown in Figure 12 may vary with EApp and thus Cs. Additionally, Cs may not be at

equilibrium with the crack tip H overpotential in the time frame of crack advance; as such,

da/dt11 would not be strictly H diffusion limited as required for Eq. 5 to be valid 63]. This detailed

analysis of crack growth kinetics is the subject of proposed research in the next phase of this

proj ect[941.

The engineering significance of da/dtIT is especially pronounced when da/dt1 I is slow, as it

is at -0.625 VscE and -0.7 VsCE in Figure 7. For example if a component is polarized to -0.625

VscE, it would take 70 days of continuous loading at 50 MPa'/m in 3.5% NaCl to grow the

critical crack size of 6 mm prescribed for an AerMetTM100 landing gear[5 41. This is of critical

importance, because the same loading conditions at -0.5 VscE would grow the same crack length

in 20 h; at -1.1 VscE it would take less than 4 h. Although the experimental results in this work

show that perfect immunity is not obtained at any potential, polarization at -0.7 VscE to -0.625

VscE can significantly prolong component lifetime and reduce inspection frequency. This

regime of applied potential is ideally suited for coupling with H production or uptake inhibitors,

or microstructural alteration of H trap states, as the foundation for mitigating HEAC of UHSS.

V. Conclusions

1. AerMetrm 100 is susceptible to severe transgranular hydrogen environment assisted cracking

(HEAC) when stressed under slow-rising displacement in neutral 3.5% NaCl and at near free

corrosion potentials, as quantified by two parameters: reduced threshold stress-intensity for

HEAC, KT, to as low as 10% of Kic, and subcritical crack growth rate, da/dt, as high as

hydrogen diffusion rate limited values on the order of 0.5 nm/s.

2. The slow-rising load method with high-precision dcPD monitoring of crack growth provides

an accurate and accelerated characterization of the operationally defined threshold-onset of

HEAC for da/dt above 1-2 nm/s. The true threshold and Stage I growth kinetics are

ambiguous for cases where da/dt is less than this level.

3. Short crack size does not dramatically promote HEAC of AerMetTM 100 in NaCl compared
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to more conventional measurements of KTH and da/dt based on fracture mechanics specimens

with long cracks.

4. High binding energy traps, in particular martensite lath/packet boundaries form the

transgranular crack path of HEAC in AerMetTI 100.

5. The improved purity of AerMet TM 100, in particular reduced S and P as well as Mn and Si

contents, does not provide immunity to HEAC or substantially increase KTH. However, the

increased purity may increase the inherent grain boundary strength leading to the absence of

intergranular cracking.

6. The HEAC susceptibility of AerMetTm 100 is strongly dependent on applied potential.

Severe HEAC, with low KTH and high da/dt11 , is produced at potentials that are substantially

cathodic, as well as at or mildly anodic with regard to the free corrosion potential regime for

aerated sodium chloride solution.

7. An electrode potential range exists at slightly cathodic potentials between -0.625 and -0.700

VscE, where HEAC susceptibility is greatly reduced, particularly as characterized by reduced

crack growth rates. However, complete immunity to HEAC is not obtained at any applied

potential.

8. The applied potential dependence of KTH and the crack front shape agree with

electrochemical considerations for an occluded crack tip in chloride solution, including

increased H production from crack acidification at anodic potentials and crack polarization at

cathodic potentials.

9. A semi-quantitative analysis of da/dtjl shows that IEAC is likely to be H-diffusion limited at

potentials that are substantially cathodic, as well as at or mildly anodic, with regard to the

free corrosion potential regime for aerated sodium chloride solution. Significant

uncertainties exist and preclude mechanism based modeling of the electrode potential

dependence of da/dt11 .
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Figure 1 Load, P, and dcPD vs. actuator displacement, 6, for an AerMet' M 100 SENT
specimen polarized to -0.500 VscE in 3.5 % NaCi. The dotted box in (a) is enlarged in
(b) to show the method used to operationally define K- for the onset of crack growth.
Note that (a) is a scatter plot, but the high density of data collection gives the appearance
of a line graph.
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Figure 2 Stress intensity, K, vs. crack extension ratio, AaIW, for an AerMetim 100 SENT
specimen polarized at -0.500 VSCE in 3.5 % NaCi. Baseline data from a CT specimen.
stiessed to failure in moist air are superposed to show the severity of HEAC.
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A100tT  100 Stage-Il
100 3.% NaCI -0.5 VSC-E

E
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d~dldt=
10- 6.8xIOAM4 aplm/s

o 0.1 Below da/dt detection limit
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Stres.s Intensity, K (M.Paqm)
Figure 3 Subcritical crack growth rate vs. K, for peak-aged AerMet'T m 100 stresse d .at -0 !5.500
VSCE in 3.5 % NaCi. Stages I and 1I of HEAC growth are clearly identified, with the latter
mildly dependent on Stress intensity durig rising dK/dt loading.
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(a) (b)L!

(c) -0.500 VSCE (d) -0.500 VscE

Figure 4 Optical and scanning electron images of an AerMetTM100 specimen tested in 3.5%
NaCi at -0.5 VsCE. (a) D = notch and fatigue precrack, 0 = HEAC and 0 = fracture in air. (b)
The side profile shows the extent of branching, with HEAC occurring from right to left. At the
location of branch; average crack length is about 1 mm and approximate stress intensity is 75
MPa'lm. The SEM images (c) and (d) are taken from location (A), and shows TG fracture mixed
with some IG fracture (arrow).



29

50-

E" AerMet TM 100

40 40ys = 1725 MPa
3.5% NaCI

; 30

Cn "120

C',

0-
0. I I * I * I * I * I *

-1.1 -1.0 -0.9 -0.8 -0.7 -0.6 -0.5

Applied Potential, V (VScE)

Figure 5 Threshold stress intensity, KTH, vs. applied potential for peak-aged AerMetT 100
stressed at constant dK/dt = 6 x 10-4 MPa'm/s in 3.5 % NaCl.
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Figure 6 Crack growth rate vs. stress intensity for peak-aged AerMet T 100 in 3.5 % NaCi.
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Figure 7 Stage-If crack growth rate, da/dt11 , vs. applied potential for peak-aged AerMetM 100
in 3.5 % NaC1. da/dt11 is an average value obtained from Table 3 and is substantially slower at -
0.700 VsCE and -0.625 VSCE. The calculated da/dtn for H diffusion limited controlled crack
growth is based on simple application of Eq. 5 coupled with data on the applied potential
dependence of Cs from Kehler et al.[50].
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(a)-1. 1 VscE (b)-0.9 VSCE (c)-0.7 VS ,CE (d) 1-0.625 (e)-0.625 '(f)-0.5 VscE
VscE short VscE long

precrack precrack

Figure 8 Low magnification optical images of the fracture surfaces for peak-aged
AerMetTM 100 stressed at varying applied potentials in 3.5 % NaC1 solution. All specimens

measure 10 mm vertically in this view, with crack growth from bottom to top on the page.
Parts (a) and (b) show significant crack growth at K below 20 MPaq/m. (c) and (d) show no

optically visible crack growth at K = 50 MPaqm. Specimen (e) with a larger precrack (0.76

mm) was loaded above K = 100 MPaq/m, and still shows no visible crack. (f) Shows the

fracture surface covered with black corrosion products.
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(a) Microvoid fracture in 3M5% NaCI K> 110 MPa /m

w7.i

(b) HEAC TG fracture, K - 10 MPam
Figure 9 Scanning electron fractographs at two locations on the fracture surface of an
AerMetTM 100 specimen fractured in 3.5 % NaCi polarized to -1.100 VSCE. The optical
image locates the SEM images. (a) inside ductile fracture at K > 110 MPaqim showing
microvoid fracture. (b) at crack initiation, triangular arrows showing possible martensite
lath packet boundaries, and diamond tipped arrows showing possible martensite lath
interface cracking.
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71
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(c) -0.700 VSCE(d-07sc

(e).-0.625 VSCE, ao = 242 gxm (f) -0.625 VscE, a0 = 947 gm
Figure 10 High resolution scanning electron images of fracture surfaces in peak-aged AerMetTM 100 in
3.5 % NaC1, showing the dependence of fracture mode on applied potential. All surfaces show predominantly
transgranular fracture. (a) and (b) were both taken from the same specimen near the crack initiation adjacent to
the fatigue precrack, but (b) shows limited IG fracture features. Triangular arrows show possible cracking at
prior austenite grain boundaries or martensite lath packet boundaries, and diamond tipped arrows show possible
martensite lath interface cracking. (d) shows some areas of an atypical flat fracture surface beyond TG ITEAC,
generally interpreted as stretch zones. All markers represent 25 pm except (d).
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Figure 11 Threshold stress intensity vs. applied potential for peak-aged AerMetTM100 in
neutral 3.5% NaCl from Various literature reports. KmH,, the level of K required to produce crack
growth at da/dt of 1 rin/s, is also shown. The constant load-point displacement rate testing
method can accurately replicate KTH obtained from 10,000 h constant load tests.
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Figure 12 The dependence of the fastest-measured da/dt11 on DH from permeation
measurements for a variety of high strength alloys that exhibit HEAC in aqueous chloride
solutions at 25'C.E17]
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