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PREFACE

These proceedings represent the written record of the Second International Symposium

on Structural Intermetallics which was held at the Seven Spring Mountain Resort, Champion,
Pennsylvania, from September 21, through September 25, 1997. The intent of the symposium
was to provide a detailed and in-depth perspective of the approaches, results and progress toward
the structural application of intermetallic compounds and their composites. Longer presentations
which focused on real progress and trends rather than recent results, and extended discussion
periods formed the centerpiece of this symposium. Emphasis was placed on a balance of
presentations covering basic research, alloy development and applications.  There was an
excellent international representation in the presentations as well as in the attendees. To meet the
objective of making this symposium a premier event to be held every four years, very stringent
requirements were applied in the selection of the papers. Only two thirds of the papers were
accepted for the presentation at the symposium. Our intent was to publish a first class
proceedings, therefore, each manuscript was critically reviewed by at least two reviewers.
Guidance given to the reviewers was to follow procedures used by well-established journals so
astoensure: 1)the subject matter was adequately covered, 2) the manuscript contained significant
findings or original unpublished research, and 3) the work presented was of technological
significance. We believe that we have succeeded in meeting our objective based on the quality
of the papers that appear in these proceedings.  These proceedings describe the results from
extensive research and development programs which are being carried out throughout the world
to develop intermetallics for structural applications. Considerable progress has been made in
understanding as well as solving the ductility and toughness issues, component and engine tests
have been successfully completed, and examples of introduction into service are becoming more
common. The recent successes bode well for ISSI-2001.
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INTERMETALLICS FOR STRUCTURAL APPLICATIONS; POTENTIAL, REALITY
"AND THE ROAD AHEAD

J. C. Williams
GE Aircraft Engines
Cincinnati, OH 45241

Abstract

Intermetallic compounds represent a new and essentially
not yet implemented class of materials. This paper describes
the status of these materials with respect to their readiness for
introduction and outlines some of the barriers that must be ad-
dressed and overcome. Emphasis is placed on non-technical
barriers such as organizational culture, since these aspects of
materials acceptance are less commonly discussed. Some sug-
gestions to accelerate progress also are offered along with some
cautions. In the final section, a prognosis for implementation
of intermetallic compounds is offered.

Introduction

Intermetallic compounds have been the subject of study for
the past thirty-five years, both as intellectually” interesting
phases from an alloy theory standpoint and as materials that
have unusual physical and mechanical properties. More re-
cently, there has been recognition that intermetallics have
promise as high temperature structural materials because they
exhibit excellent strength retention at high homologous tem-
peratures. The status of intermetallics as structural materials
was reviewed at ISSI-1 four years ago. The purpose of this pa-
per is to update the status of this class of materials and to at-
tempt to review, in capsule form, some of the lessons that have
been learned in this ensuing period and the realities of the ap-
plication potential for these materials. Following this, some
speculation will be offered about the future applications of in-
termetallics and the time frame in which these materials may be
potentially realized.

It turns out that the barrier issues to implementation of any
new class of materials, intermetallics being one example, are of
several types. These are technical, economic and a third which
here will be called “cultural” for lack of a more precise term.
There is some overlap in these categories, but it still is useful
to discuss the barrier issues in this way. The focus of this paper
will be weighted in favor of the latter two categories (economic
and cultural) because these are matters less frequently discussed
and because there are many better qualified authors (a number of
which are attending ISSI-2) to write a detailed technical treatise
on intermetallics. There also is interaction between discrete
issues in these categories and these must be addressed and over-
come if real progress is to be made. Many of these issues have
been discussed in a National Materials Advisory Board report
that examines the process of commercializing new materials

(.

Brief Assessment of Leading Candidate Intermetal -
lics

From the standpoint of maturity both in terms of cumula-
tive effort expended, progress and continuing application po-
tential, there are essentially five classes of intermetallic mate-
rials, at least in the opinion of the author. These are three Ti
base systems: Alpha-2 (Ti,Al based), Orthorhombic (Ti,AINb
based) and Gamma (TiAl based) and two Ni base systems:
Gamma prime (Ni,Al based) and Beta (NiAl based). There are
many other intermetallic compounds that have been the object
of basic research studies, e.g. ALNb and MoSi,, but most of
these appear to be have considerably less ductility and, as a
result, have not yet been the subject of detailed evaluation for
specific components. Thus they are a long way from imple-
mentation in actual products. This section is not intended as a
detailed assessment, but rather a discussion of these materials
together with enough examples of the issues to establish some
credibility of the assessment.

Among the five systems mentioned, there are two systems
that appear to be the front runners: Gamma and Gamma-prime.
Gamma is attractive because of its low density, which leads to
good specific stiffness and strength. It is currently being ag-
gressi{'ely pursued as an airfoil material, both for the compres-
sor and the low pressure turbine section of gas turbine engines.
Gamma-prime has good high temperature strength and oxida-
tion resistance and is very cost competitive relative to ad-
vanced superalloys. It does not compete well with the highest
performance PM superalloys for highly stressed component
applications such as disks, but is very attractive as a replace-
ment for stainless steel and lower temperature capability Ni
base alloys. In these latter cases it provides affordable per-
formance improvement. Orthorhombic Ti aluminide has good
strength in the range 675-750° C and is less susceptible to en-
vironmental embrittlement than Alpha-2 (2). Orthorhombic Ti
aluminide also is more ductile and easier to shape than the Al-
pha-2 materials. Orthorhombic Ti aluminides also have a lower
(=50%) coefficient of thermal expansion than Ni based alloys.
This system appears promising for applications in casings and
other static parts that operate in the temperature range just men-
tioned. It also is attractive as a matrix for SiC fiber reinforced
composites, but these materials are considerably further from
commercialization due to some unresolved technical issues still
being worked and for cost reasons.
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Beta NiAl has been studied and extensively evaluated both
in polycrystalline and monocrystalline forms. These studies
have led to significant improvements in the understanding of
this material, and a successful factory demonstrator engine test
has been conducted with NiAl turbine vanes. However, the low
toughness including impact resistance and the limited ductility
of NiAl are sufficient barriers that further development for ap-
plication in turbine airfoils has been abandoned at GE. Having
said this, it is important to recognize the important learning
that the NiAl effort has allowed. For example, the learning re-
garding the design of attachments described in more detail later
has been accomplished using NiAl. When dealing with new
classes of materials the concept of cumulative learning is im-
portant, especially when assessing the yalue of discontinued
development investments. This is important not only for
company funded efforts but also for government sponsored
programs. The materials community should assert some leader-
ship in establishing the value of cumulative learning as a met-
ric.

Work on the Alpha-2 materials also has been discontinued
in favor of the similar, but constitutionally different Ortho-
rhombic Ti Aluminides. The Alpha-2 materials exhibit a large
reduction in tensile ductility during tensile testing in air be-
tween =600 and 800° C (6). This has been traced to an envi-
ronmentally induced embrittlement effect. As mentioned ear-
lier, the Orthorhombic materials do not show such a pro-
nounced effect. This, coupled with more attractive properties,
has prompted a shift in most active efforts to apply the =25
atom Al Ti based intermetallics from Alpha-2 to the Ortho-
rhombic materials. In some regards, this can be viewed as an
evolutionary step in materials system development and the
distinction between the Orthorhombic and Alpha-2 materials
classes may only be important to materials specialists. The
maturation of Orthorhombic was significantly aided and accel-
erated by the learning gained during the extensive investiga-
tion of Alpha-2. This is a good example of the use of cumula-
tive learning.

Barrier Issues

As already mentioned, it is convenient to address the bar-
rier issues in three distinct categories. One reason for this is to
call attention to the “softer”, but essential, issues of economics
and organizational culture, both of which can severely impede
the acceptance and implementation progress of a technically
acceptable material.

Technical: The technical issues which remain as barri-
ers to wide spread applications of intermetallics include some
familiar ones mentioned in a variety of earlier papers (2-5).
Among these are limited ductility at low temperatures, inade-
quately developed methods for designing load bearing compo-
nents using materials with such limited ductility, lack of expe-
rience (and therefore confidence) in using such materials for
load bearing applications, limited manufacturing experience for
making components from intermetallic compounds and a
plethora of ancillary, application and material system specific
questions that require answers before committing any new mate-
ral to product introduction. Answering many of these ques-
tions is not technically demanding, but providing the answers
takes time and consumes resources. Thus the cost of obtaining

these answers enters into the cost:benefit calculation and can
become a barrier.

Structural materials with limited ductility are anathema to
design engineers because of the perceived and real increase in
risk of catastrophic failure. One of the long-standing difficul-
ties in this area has been the inability of the design and materi-
als communities to separate reality from perception. Clearly,
there is a real requirement for enough ductility at component
features such as attachments to allow re-distribution of loads. It
also is necessary to have enough ductility to achieve damage
tolerance in service and robustness during manufacturing in-
cluding assembly. The divergence of reality and perception
comes when the definition of “enough” is attempted. A signifi-
cant part of this is because the greatest ductility often is needed
at locations or under conditions that are most difficult to ana-
lyze, i.e. at attachments where there is multi-axial loading or
under less well understood loading conditions, such as impact.
Analytical tools to deal with these situations are evolving, but
are not mature enough yet to allow analysis to supplant com-
ponent and product testing as the final verification step. Fur-
ther, the availability of detailed failure modes that can be prop-
erly represented in analytical routines is limited to say the
least.

There also are issues related to design paradigms (paradigm
has become an overworked word, but it still has real meaning)
that can interfere with acceptance of a new material. For exam-
ple, the “requirement” for tensile ductility levels that are as
large as those that have become accepted through years of suc-
cessful use of metallic alloys. In reality, this is not a require-
ment but only a level that has been shown through experience
to be large enough to work. It is much harder to estimate the
margin that is present in successful applications, yet it is fre-
quently argued that this is a minimum. The unwillingness to
use materials with less than these levels of ductility certainly is
a paradigm problem, but is not necessarily a technical one. As
described earlier, it is very difficult to analytically determine
what the minimum required ductility is. However, there are ex-
periments that can be performed to bound the ductility require-
ment and to concurrently obtain data on the relation between
detailed feature geometry, required ductility and failure modes.
For example, in the case of turbine blades, simple pull tests on
attachments (dove tails) have showed that changes in geometry
can permit the breaking loads to increase by several hundred per
cent. These data, coupled with analysis of the maximum operat-
ing loads, allows a suitable geometry to be defined without
specifically invoking ductility or failure modes. A factory en-
gine test is the ultimate step in determining if the new attach-
ment geometry is suitable. Clearly, this empirical approach is
less elegant, more expensive and consumes more time than
analysis, but at the moment it is the only reliable approach.
The ability to accelerate qualification of advanced materials by
analysis, simulation and modeling should assume a higher pri-
ority in the materials community. This requires close coopera-
tion with design engineers who understand component behav-
ior. If this capability is developed it will aid accelerating the
acceptance of new materials. Similarly, design methods are
evolving to handle anisotropic materials, but the convergence
between these methods and the required types of materials prop-
erty data still creates additional effort if not uncertainty about
the accuracy of the analysis.




The object of this paper is not to provide a complete or
detailed litany of the application or material specific technical
issues that have been encountered in the attempts to introduce
intermetallics into service. However, it is instructive to men-
tion some examples, which will be done in the following para-
graphs.

Chemical composition control is an issue for all metal
based materials. For intermetallics, the compositions fre-
quently lie in alloy content domains where there is little expe-
rience in controlling composition or, even, for which reliable
chemical analysis methods exist. Usually this is not an large
technical barrier, but development of analytical methods and
compositional standards takes time and costs money. In some
instances, small concentrations of alloying additions are bene-
ficial to the performance of the material. Realization of the
benefit of small alloying additions also can lead to narrow
composition limits which may be difficult to achieve in produc-
tion heats. In these cases the analytical sensitivity required
may require special techniques that are not generally available.
Again, this is manageable but creates another special case
which is not conducive to acceptance of the material.

Methods for manufacturing components from new classes
of materials must be understood and the applicability of past
practices need to be determined. The availability of shape mak-
ing techniques such as forging and casting and the capability of
these processes (in a statistical variation sense) must be
known. Applicability of secondary shaping processes such as
machining or grinding also must be understood. For example,
the machining or grinding conditions used during manufactur-
ing of an intermetallic component are potentially different than
for an alloy, if these processes can be used at all. Feeds,
speeds, coolants and tools all need to be evaluated and the pro-
pensity for cracking or burning must be determined. In many
cases acceptable conditions can be identified and processing
practices can be defined. In such cases, the main point of dis-
cussion becomes availability of the necessary machine tools
and the cost differences associated with machining the new
material. Similar evaluations and comparisons must be made
for surface treatments including both coatings and vapor blast-
ing or shot peening. Relatively speaking, intermetallics pose
fewer major challenges in these types of matters than other
advanced materials such as composites. Nevertheless, evaluat-
ing all of the processes required to make a component from a
new material takes time, costs money and, therefore, represents
another barrier to acceptance and implementation. The impor-
tance of cost will discussed in the next section on economics.

Economic: In the past 4 years (since ISSI-1) the reali-
ties and consequences of the “New World Order” have become
clearer. As a result, there has been a rapid transition away from
military driven applications to dual use (military and commer-
cial) or purely commercial applications of many high perform-
ance materials. The tried and proven practice has been the in-
troduction of new materials into a military system or product
and then transitioning them to commercial applications. There
is growing recognition that this cycle can no longer support
the development schedule for competitive commercial products.
This is finally becoming the new “conventional wisdom” for
most managers and technologists in aerospace companies.
Concurrently, the emergence of the airlines from a multi-year
period of record financial losses has increased the cost sensitiv-

ity in the aircraft and aircraft engine producers. Today, intro-
duction of a new material into a product requires a much better
cost:benefit analysis than was the case ten or even five years
ago. In recognition of this, preliminary cost:benefit estimates
are being used by some companies to guide selection of R&D
projects. In the long term, this new level of discipline in
choosing development projects should lead to fewer projects
that are technical successes but economic failures and more that
are outright successes. To contribute to this result and to sus-
tain the role of materials and processes in competitive prod-
ucts, the materials community needs to learn how to better
quantify and depict the benefit of their output. One promising
but little used method is option value pricing which gives more
appropriate results then discounted cash flow or internal rate of
return calculations used to guide other types of investment deci-
sions (e.g., machine tools and acquisitions).

In a reduced or fixed sum funding environment, there natu-
rally will be an element of competition for funds between the
engineering disciplines, especially those that provide the so-
called product enabling technologies. The author perceives the
materials case to be somewhat more difficult to make, in part
because it is distributed between materials developers, users and
producers. In the U.S. few vertically integrated enterprises
exist for structural materials. Whether the above perception is
accurate or not, it is clear that establishing the methodology
for representing the benefit of materials and process develop-
ment investment should be a high priority for the materials
community. For advanced materials such as intermetallics, this
is even more important because the incremental investment is
larger than for a true evolutionary material, e.g. a next genera-
tion Ni or Ti alloy. Clearly the incremental benefit associated
with a new class of material also is larger, and quantifying this
should become the centerpiece of the discussion.

The cost of development and introduction of a new material
consists at least of three discrete elements or phases: (1) devel-
opment and definition of the desired composition and structure
and getting representative preliminary property data; (2) an-
swering the (myriad) application specific technical questions
and developing high enough quality data to use in preliminary
component designs; (3) obtaining a design data base and dem-
onstrating that components can be made from the material in
representative production scale facilities and at acceptable
component cost. With each of these successive steps the cost
increases by a factor of 5 to 10. Yet the availability of federal
funding usually is heavily biased toward phase one. Today,
there are numerous interesting concepts that have been “stuck”
at the end of phase 1 with no funding available to move them
forward. In addition, many phase 1 activities are conducted at
universities and national laboratories and transitioning these
concepts to product making organizations is essential if they
are to be implemented in real products. This transition process
including third party (federal) funds to support the product dem-
onstration has been an uneven one at best. The current
“corporate welfare” stigma is only making this matter worse.
From an industrial perspective, there needs to be some com-
pany provided “risk capital” available to stimulate this transi-
tion process, but there is little such funding available today.

The U.S. research and development community continues
to decry the reductions in funding for basic research, but there
seems to be little attention given to the growing “backlog” of




ideas, discoveries and inventions that are stalled in the phase 1
/ phase 2 transition zone due to lack of funding for transition to
products. It seems that phase 2 activities are high enough risk
that use of federal funding is appropriate to help offset this
risk. After that, promising concepts that emerge from phase 2
should be reduced to practice using some combination of public
and private sector funds. (In past times the public funds often
came from large systems development projects as opposed to
discrete funding for materials commercialization. The results
were the same but the “visibility and optics” with regard to the
use of public funds were very different.) Today, there also is the
uncertainty of market size, at least where military programs are
concerned. This creates a natural reluctance by materials pro-
ducers to make capital investments to produce a new material
because of the vagaries of the pay-back analysis. To understand
this point, one only has to contemplate the recent fate of the A-
12, the P-7 and the dramatic reductions in quantities or produc-
tion rates of the V-22, B-2 and F-22 to begin to appreciate the
severity of this problem.

One might ask, “What does this have to do with intermet-
allics?”. One reply is that factors that inhibit transition from
phase 2 to phase 3 are economic focused barrier issues for in-
troduction of a new material. For intermetallics, the extent to
which the capital base for manufacturing components is a limi-
tation depends significantly on the particular compound under
consideration. For the Alpha-2 and Gamma titanium aluminides
and for Ni,Al, conventional metal working and casting facili-
ties are adequate, although not optimum. For other compounds
such as NiAl, ALLNb and MoSi, there are basically no produc-
tion scale facilities available. Thus even if the prospect for
commercialization of these latter compounds were strong, the
barrier to transitioning them from phase 2 to phase 3 would be
significantly higher. It is reasonable to speculate that the ab-
sence of production capability for these materials is related to
their immaturity, but it is harder to know whether, if there were
real niche markets for one or more of these compounds, if there
would be capital available to establish facilities to produce
them.

A key factor in the decision process for facility investment
is market size. One way to increase market size is for the user
community to cooperate in developing materials and to commit
early in the development process to using common materials.
Many advanced materials including intermetallics will have
relatively small volume requirements at best. Sub-division of
this volume between several similar, but discrete, composi-
tions only heightens the commercialization barriers. The cur-
rent realities (at least as perceived by the author) are that this
type of cooperation needs to accelerate if the implementation
of advanced materials is to keep pace with the needs of new
products.

Organization Culture: Perhaps the “softest” aspect of
commercializing a new material is the role of organizational
culture. Organizational culture has its basis in history and tra-
dition and in the ingrained attitudes of the employees and lead-
ers of an organization. Therefore, anything written in detail
about this subject is, of necessity, specific to one organization
or even a unit of a larger organization. Most aspects of the
culture of an organization cannot be represented quantitatively
and even can be difficult to describe. Organizational culture
nevertheless has a great deal to do with the acceptance of

change, the willingness to assume reasonable risk, the will-
ingness to engage in technology sharing/cooperation for mu-
tual gain and many other less tangible characteristic traits such
as top down vs. bottom up decision making processes.

There is a relationship between organizational culture and
the nature and persistence of paradigms. As discussed earlier,
the acceptance of new materials with different characteristics
extends beyond the ability to satisfactorily address the techni-
cal issues and ultimately depends on the existence of a few in-
fluential individuals to “champion” the new material and move
beyond their paradigm based rejection. The existence and in-
fluence of champions is unto itself a measure of organizational
culture. Without such champions it is unlikely that the oppor-
tunity to provide enough answers to technical questions will
occur. This is more so today than it was five years ago because
the availability of risk capital is less. The role of the cham-
pion ranges from saying “just go do it” to influencing the allo-
cation of the necessary resources needed to address the technical
questions. All organizations have a formal structure and a
(separate) power structure. The champion may or may not hold
a position of authority in the formal structure, but he or she
must have significant influence within the power structure.

The speed with which an organization recognizes the need
for change is a cultural matter and is usually related to the way
success and failure have been and are rewarded and punished.
Organizations that deal in high technology content products
must permit employee teams to tackle very hard problems
without unreasonable fear of failure. They also should recog-
nize that an excellent effort which leads to a negative result is
not a failure if the effort contributes significantly to cumulative
learning. This is the mark of a striving, progressive organiza-
tional culture. Such organizations are destined to operate at the
frontier of their domains. Organizations that only tackle sure
things are, at best, destined to be followers (and not fast fol-
lowers at that). Other organizations seem to foster a culture
that seems not to differentiate activity from accomplishment.
This often is characterized by doing some work on literally all
new concepts. These organizations either have too many re-
sources or no strategy. In a limited resource environment,
strategy really means choice and excellent execution of a sound
strategy is the mark of winning organizations.

Another aspect of organizational culture is the degree to
which conformity is encouraged or rewarded. Conformity, ex-
cept where compliance and legal issues are concerned, can stifle
creativity. The current use of Integrated Product Development
(IPD) teams is sometimes argued to encourage conformity. This
does not have to be the case. A good team member contributes
the best he or she has to offer and communicates both output
and approach to the rest of the team. This does not seem to
necessitate conformity.

So what does all of this have to do with acceptance and
implementation of a new material such as an intermetallic?
Simply put, it has a lot if not everything to do with it! For
example, an organization that allows the metallic alloy ductil-
ity paradigm to impede the evaluation of a less ductile, but oth-
erwise attractive, material is destined to fall behind organiza-
tions that move out and try the material. Risk mitigation can
be achieved through selection of low risk initial applications.
Similarly, organizational cultures that are preoccupied with
always succeeding (no matter how small the successes) will




stifle the willingness of designers to devote time, energy and
creativity to re-thinking their methods and approaches to en-
able a new material with different characteristics to function
successfully. This situation or culture places rules above rea-
son. Paradigm bound organizations will experience difficulty
operating in new domains, even though they may have world
class track records in incremental product improvements. The
key to moving beyond existing domain boundaries is having
leadership with vision and that empowers employees and hav-
ing creative, energetic employees who see excitement in calcu-
lated risk taking. These organizations will be more successful
in implementing new materials such as intermetallics and will
realize the benefit of new materials with different characteris-
tics in their products. _

Universities and government or non-profit research or-
ganizations also have their own cultures. The best of these
institutions clearly have on staff some of the most creative
materials scientists and engineers available anywhere. In these
institutions ", there has been a tendency to focus on concept or
knowledge creation. This is an essential first step in creation
of any new material. In terms of cost, however, it also is the
least expensive step. Also, there are aspects of commercializ-
ing a new material and/or introducing it into a product that are
hard to appreciate without doing them. One of these is under-
standing the cultural characteristics of a product making or-
ganization; some of these have been described earlier. The
acceptance and transition of materials concepts created in uni-
versities and in research institutions has been and continues to
be a slow and uneven process. As product making organiza-
tions continue to focus more and more on current and next gen-
eration products, it will become increasingly important to rem-
edy this situation. One possibility is a more regular inter-
change of people which will provide a “grass roots” understand-
ing of other organizational cultures. Industrial sabbaticals for
university faculty is one specific suggestion. A standard objec-
tion to this is the perceived need by product organization to
protect their proprietary information. While this issue has real
dimensions, the perception is substantially larger that reality.
In fact, some of the organizations that are most vocal on this
point have become so insular that they no longer realize how
little proprietary information they truly have! This becomes a
culture clash and is a good example of the unwillingness of an
organization to share to gain.

The Road Ahead

The prospect of major breakthroughs in intermetallic
compounds that lead to simultaneous retention or improvement
of high temperature strength and substantial improvement in
low temperature ductility seem unlikely if not scientifically
unfounded. Thus, the focus on continuing to learn how to use
the materials that are available today through improved design
methods and more consistent (lower variation) processing
seems to be the more productive use of thg available resources.

* Corporate Research Laboratories have been excluded from this
category because they are part of a larger product making enter-
prise. The integration (or lack thereof) of corporate laborato-
ries into the larger enterprise is a corporate culture issue unto
itself.

The ability to sustain investment in advanced materials
such as intermetallic compounds and the future of advanced ma-
terials over the next ten to twenty years will depend on success-
ful implementation of a few production applications. This is
why low risk introduction strategy is needed to complement
higher risk, higher pay-off applications. Another critical ele-
ment of near term success will be the ability to get the cost of
production components within an acceptable range. The grow-
ing cost stringency in the aerospace industry makes achieving
this even more challenging, but current progress provides rea-
son for cautious optimism. While there will be future genera-
tions of intermetallics both from a compositional and a consti-
tutional standpoint, there is real merit in focusing on a very few
first generation materials. Coupled with the discipline to avoid
proliferation of compositions with marginal (at best) im-
provements in performance must come agreements to cooperate
more extensively in pre-competitive development activities,
particularly those in phase 2 and some aspects of phase 3 such
as data bases. Similar focus on a very small number of fabrica-
tion methods will be needed to amass critical concentration of
resources to truly productiotlize a few manufacturing processes.
Today, this seems essential, given the relatively small total
volume of material that will be used in the next five years.

The road ahead for advanced materials including intermetal-
lics has some potholes in it, but these can be circumnavigated.
Attention to cost, better cooperation across the materials
community, using low risk introductions and creation of the
“right” culture will help. What cannot be tolerated, metaphori-
cally speaking, is a number of unproductive detours driven by
false pride, technical curiosity or lack of discipline. Funding is
the fuel for this journey and it is a finite resource. The high
performance materials community must have the vision, disci-
pline and constancy of purpose to stay the course and not devi-
ate. That is, we must identify a few successful production appli-
cations before the fuel supply is exhausted. This is a high
stakes game that impacts the competitiveness of future prod-
ucts. Many of the key drivers are factors that have very little to
do with technology per se. Recognition of this point repre-
sents new territory for most materials technologists, but is one
of the important keys to success.
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Abstract

This overview paper presents a summary of the effects of constraint on
the near-tip fracture process in intermetallic alloys and in-situ composites.
In addition to geometry, constraint can arise from the crystallography of
slip in single crystal alloys and from the microstructure in polycrystalline
alloys and in-situ composites. The dependence of constraint on the phase
morpaology in the microstructure is illustrated with experimental
evidence, and its role in ductile phase toughening is summarized for both
intermetallic alloys and composites. Various means for mitigating
constraint in these materials are examined to investigate possible impact
on fracture resistance. Particular attention is focused on the effects of

constraint on the initiation fracture toughness and the onset of crack.

instability. Relations between constraint, microstructure, and resistance-
curve fracture behavior are examined and compared against experimental
data in the literature.

Introduction

Constrained plastic flow is a term used to describe a deformation state
where plastic straining is impeded in a certain direction. Classical
examples of constrained plastic flow are rolling of a plate and
deformation at a notch root, ahead of a crack tip, or under a hardness
indentor. In these cases, the constraint arises from the deformation
geometry that induces a triaxial state of stress in the deformation zone.
Because of the triaxial stress state, the stress for constrained plastic flow
is higher than that for the unconstrained. A common measure of plastic
constraint is the ratio, 0,/0,, of the maximum principal stress, g,, in
constrained flow to the flow stress, G, in uniaxial deformation; such a
ratio is generally referred to as the plastic constraint factor. Another
common indicator of plastic constraint is the triaxiality parameter, which

is the ratio, 0,/0,, of the hydrostatic or mean stress, G, to the yield
stress, 0,. For both cases, a highly constrained deformation field like a

. deep notch root or a crack has a plastic constraint factor on the order of

three. Both parameters are used interchangeably in this paper.

The development of the crack-tip plastic constraint due to geometry
effects has been examined and summarized in two recent symposia [1, 2].
The geometrical effects can arise from a crack-tip geometry change,
which is related to the amount of crack-tip blunting and the specimen
dimensions [3]. Figure 1 illustrates the plastic constraint near a crack tip
as measured by the triaxiality parameter, 0,,/a,, for three different crack-
tip geometry changes [3]. In the Hutchinson, Rice, and Rosengren
(HRR) field [4, 5], a plastic constraint factor of three is present at the
crack-tip because of the assumption of small strain and little geometry
change. In the case of small scale yielding, only small amounts of crack-
tip blunting and geometry change are aliowed. The plastic constraint is
highest when the size of the plastic zone is small compared to other
characteristic dimensions (i.e., thickness and width) so that small scale
yielding prevails. Under this condition, the fracture processes near crack
tip are dominated by the leading singular term in either the K-field or the
J-field, and the maximum hydrostatic stress developed near the crack tip
can be as high as three times the flow stress [3]. In contrast, the fully
plastic field is nonunique [6] and exhibits a geometry dependence [3].
As the crack-tip plastic zone size increases, a loss in the plastic constraint
results when crack-tip yielding changes from small to large scale and
becomes uncontained (Figure 1).

Beside geometric constraints, a high plastic constraint can be induced by
nondeformable constituents in the microstructure, particularly at the
interfaces of deformable and nondeformable phases. This type of
constraint, which is microstructural in nature, is prevalent in alloys or
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composites that contain a less deformable or rigid phase in a more
deformable phase. Metal-matrix composites and ductile-phase toughened
intermetallic alloys and in-situ composites fall into this category. The
amount of plastic constraint that develops within the ductile phase
depends on the volume fraction, size, and morphology of the less
deformable or rigid phase [7-10].

A high plastic constraint factor also exists under certain crack-tip slip
conditions [11, 12]. The high plastic constraint does not arise from
geometry or microstructure, but originates from the crystallography of
slip and its interaction with the crack tip stress field. Crystallographic
constraint can exist in single crystal alloys, even those with a single
phase microstructure. It is prevalent in planar slip materials. As a result,
ordered alloys and intermetallics that exhibit planar slip behavior and
have limited independent slip systems can be vulnerable to brittle fracture
resulting from a high crystallographic constraint.

In summary, plastic constraint in metals and deformable intermetallics
can arise from three sources: (1) geometric, (2) crystallographic, and
(3) microstructural origins. The objective of this paper is to give an
overview of the effects of plastic constraint on the near-tip fracture
processes in intermetallic alloys and in-situ composites. Since the
geometric constraint is well known [1, 2], it is included in this paper for
completeness and comparison purposes only. The concept of
crystallographic constraint is new and is therefore examined in greater
detail than its geometric and microstructural counterparts. The paper is
divided into two main parts, one on crystallographic constraint and the
other on microstructural constraint. For each type of constraint, attention
will be focused on (1) the origin of the particular constraint, (2) relax-
ation of the plastic constraint, and (3) the role of plastic constraint in
fracture resistance in intermetallics and its composites.

stallographic Constraint
A)_ Origin

In Figure 1, crack-tip plastic flow is described by continuum plasticity
theory for a power-law hardening material characterized by the Ramberg-
Osgood constitutive equation. For a crack in a single crystal alloy, the
crack-tip blunting process is dictated by crystal plasticity and
significantly influenced by crystallography. The strong influence of
crystallography on the plastic constraint and fracture process in single
crystal alloys exhibiting planar slip has been analyzed [11-13] by
considering the propagation of a mixed-mode crack along a coplanar
slipband, as shown in Figure 2 [11]. The salient feature of a mixed
mode slipband crack is the formation of a plastic zone containing slip on
a plane that is coplanar with the crack plane and a region of both
coplanar and out-of-plane slip as depicted in Figure 2. The size of the
coplanar slip zone is considerably larger than that of the out-of-plane slip
zone, but the latter is located closer to the crack tip. The shear stresses
within the plastic zone are relaxed and prevented from increasing by
coplanar slip. The coplanar slip, however, does not relax the normal
stresses. As a consequence, the normal and hydrostatic stresses within
the plastic zone continue to build up until out-of-plane slip is activated
near the crack tip. The resulting elastic-plastic stress field is described
by [11]

+ . L
o, 0, O,
. + .
o,=0, O, O, 1)
. . +
Oy O Oy

where c;,, o:,, and u; are the shear stresses relaxed by coplanar slip;
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o;, c:y, and a:, are the normal stresses that must be relaxed by out-of-
plane slip. At the out-of-plane slip plastic zone

where v is the Poisson's ratio and r,' is the out-of-plane plastic zone
size. The corresponding triaxiality factor is then given by

o 21+v)K
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where the yield stress, g, is taken to be twice the critical resolved shear
stress, 27,, for coplanar slip. From Eq. (3), it is apparent that the plastic
constraint factor depends on the size of the out-of-plane slip plastic zone,
which in turn, is controlled by crystallography and the ease of activating
out-of-plane secondary slip. When activation of out-of-plane secondary
slip is difficult and r" is small, the plastic constraint factor at the
secondary slip zone boundary can be large. The presence of this type of
constraint at the crack tip provides the driving force for continual
propagation of the mixed mode crack along the slip plane and the
formation of cleavage-like fracture facets, despite the occurrence of
coplanar slip directly ahead of the crack plane [11].
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Figure 1: A comparison of the triaxiality ahead of a crack as given by
small and large geometry change boundary layer formations. The
triaxiality of the HRR field is independent of r and is indicated by the
horizontal straight line. From Hancock et al. [3].

COPLANAR Y(OR o)

SLIPBAND

QUT-OF-PLANE
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Figure 2: A schematic illustration of the stress state ahead of a mixed
mode crack with a coplanar slip band characterized by a slip vector b at
an angle ¢ to the crack front. The coplanar slip extends to r, while
secondary slip is activated to r". From Koss and Chan [11].




Table I: Calculated triaxial constraint factors for a mixed Mode I and II crack (¢, = J, = 45°, §; = 90°)
in L1, (TiAl) and B2 (NiAl) single crystals compared against those for fcc, bee, and hep crystals

. Out-of-plane Secondary
Crystal Structure Coplanar Slip System Deformation System 0./27,
L1, (TiAl) [18] (111) <110) (111) <110 1.65
B2 (NiAl) [49] (110) {001} (110 [111] 1061
(011) [100] ™
fee 111) f101] (11 101} 1.65
bec (110) [111] 121 1111 2.0
hep (0001) [1120] (1012) [1101) twins 33
Table I presents the triaxiality constraint factor for a mixed mode I and = cos® (cosW sind + 2
II crack along a coplanar slipband for several crystal structures and S, = co(con¥, b cosil,oosd)) ™
material systems, including those of intermetallic compounds like L1,
(TiAl) and B2 (NiAl). These calculations are based on the assumption where
that v, and «; are equal. Large values of the triaxiality constraint factor 2
are obtained for the fcc, bee, hep, and L1, For B2, the triaxiality f = E ®)
constraint factor for coplanar slip on (110) [001] is extremely large ! % - (Ccosy, cosy, + Dcosyy, costy.)/B
because of difficulty in activating out-of-plane slip in this crystal
structure for the crack/slip configurations considered.
B = cosy, cosY, sind + cosp, cosy, cosd 9
Relaxation of Crystallographic Constraint ¥, cou¥, ¥, ce¥, ®
When crystallography is favorable for out-of-plane secondary slip, the C = cose, cos pz + cosa, cosB, (10)
triaxiality constraint buildup near a coplanar slipband crack is strongly
influenced by the ease of the activation of the out-of-plane slip, the size
of the secondary slip zone, ».’, and the size of the coplanar slip zone, L D= cose, cosP, + cosa, cos B, an
Both of these plastic zone size parameters have been derived by Koss
and Chan [11). In this analysis, a uniaxial stress, g, is applied along a
y' direction such that y' is at angles of ¥,, w,, and ¥, with the x, y, and E=cos¥,(cos,coscz, +cos B,cosax, +2vcosf, cosar) (12)

z axes of the mixed-mode crack, respectively. The angles between the
X, ¥, and z coordinate system of the crack and the slip plane normal are
@, &, and a, while those for the slip direction are §,, B, and ;. The
analysis indicates that the size of the coplanar slip zone, r,, is given by
(1]

2
r,= -:—t;f,(i',. ¢) @

y

where f; is a function of the orientations of the crack (, i =1, 2, and
3) and the coplanar slip direction (¢) with respect to the stress direction
(see Figure 2). In addition, the size of the secondary slip zone, r,‘, can
be expressed as {11]

2
= f, (¥, 9,8, ®)
2‘:,
with
g -2 ®)
T

where «) is the critical resolved shear stress for out-of-plane secondary
slip; f, is function of ¥, a, P, and ¢, with i = 1, 2, and 3. The
expressions for f; and f, are given by {11}
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The mode I stress intensity factor for the mixed mode crack is given by
(1]
K = o cos’y,\/na 13)

which can be combined with Eqgs. (3) and (5) to obtain the triaxial
constraint factor, X, leading to

o, o, (1+v)eosy,
o, I, 3\/_7'

where o, is taken to be 27,, a is crack length, and v is Poisson's ratio.

This model has been used to elucidate the role of slip anisotropy, as
measured by the y parameter defined in Eq. (6), in the relaxation of
plastic constraint of a mixed mode slipband crack. Figure 3 presents the
calculation of the triaxiality constraint parameter for a mixed mode I and
I crack in an fcc crystal [11, 13]. This result is also applicable to the
L1, system found in a TiAl single crystal. For this calculation,
Y, = §, = 45° §, = 90°, and ¢ = 90°. Coplanar slip is taken to occur
on (111) [T01], while out-of-plane secondary slip occurs on (111) [101].
The corresponding values for ¢,, «, and ¢, are 35.26°, 70.53°, and
61.87°; they are 90°, 35.26°, and 125.26" for §,, B,, and B, respectively
[11, 13).




Planar slip on (111) [T01]
system + secondary slip

to 7} on (111) [101]
Isotropic stress field

Figure 3: Approximate normal stress distribution ahead of a coplanar
crack for (111)[101] slip in an isotropic single crystal. The result is
applicable for fcc and L1, crystals. From Chan [13].

Figure 4 indicates that the value of the triaxiality constraint factor
increases linearly with increasing values of . It has a value of 1.6 when
the critical resolved shear stresses for coplanar slip and out-of-plane
secondary slip are both equal () = 1). For comparison, the triaxiality
factor for the corresponding mixed mode crack in a von Mises solid is
0.5 only. Thus, the triaxiality factor is elevated by a factor of more than
3 due to coplanar slip and the difficulty in activating out-of-plane slip.
This constraint factor is further increased if out-of-plane slip is more
difficult than the coplanar slip (i.e., { > 1). In contrast, the constraint
factor is decreased when out-of-plane slip is easier than coplanar slip
(X <1). Aty =0.67, extensive out-of-plane slip relaxes the triaxiality
stresses to zero so that the crack-tip region is essentially under pure
mode 11
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Figure 4: Calculated values of the triaxiality constraint factor, 0,/2t,,

as a function of the slip anisotropy parameter, x = 7,/t,.

(C) Constraint Relaxation and Fracture Resistance

The driving force for propagating a slipband crack can be evaluated
using the J-integral approach pioneered by Rice {14]. First, a fictitious
cut is made to extend the slipband crack into the out-of-plane slip zone.
The newly created crack surface is then superimposed with appropriate
normal and shear tractions. Evaluating the J-integral around the crack
surface by taking a counterclockwise path gives

14

+ . .
J =008 + 0,8 + 0,8 15

where a; is the normal traction; a;and o, are the shear tractions on
the extended crack surfaces; §,, 8,, and &, are the corresponding crack
tip opening displacements. At the onset of crack extension, the J-integral
is represented by a critical value, J, which is a measure of the material's
resistance against fracture. The a;,a, term in Eq. (15) corresponds to
the work done in opening up the slipband crack, which contains both the
surface energy, 1":, and the p!astic energy, I';, dissipated by out-of-plane
slip, while the o,3_ and o,3, terms correspond to the plastic energy,
T, dissipated by coplanar slip. The condition at the onset of slipband
fracture is thus given by

J, = I', +T, + T, 16)

which corresponds to the effective surface energy [15] or to the work of
crack separation per unit area [16]. The distinction between the two
types of slip in the plastic zone provides additional insight into the
slipband cracking process. A significant implication of Eq. (16) is that
the T, term due to coplanar slip is essentially decoupled from the mode
I fracture term, which is the sum of I, and T',. In general, the fracture
resistance of a slipband crack depends on the plastic energy dissipated by
both out-of-plane and coplanar slip. In the extreme limit that out-of-
plane slip is difficult, the out-of-plane slip zone is negligibly small
(T, = 0) and mode I opening of the slipband crack occurs when
o, 8, =T, Since coplanar slip takes place prior to the condition of
0,,8, =T, is attained, the resulting J, has a value equal the sum of T,
and I', with I'; >> I',. Hence, the fracture resistance of the slipband
crack is dictated by plastic energy dissipated by coplanar slip, even
though mode I opening of the slipband crack, which occurs elastically,
controls the crack surface separation process. When I', << I', Eq. (16)
can be expressed as

1 n
J, = f T, dy, + f T, 7, dy, an
) )

where 7: and y. are the critical shear strains to fracture for the out-of-
plane and coplanar slip, respectively. Ignoring strain hardening, Eq. (17)
leads one to

s, % .
J, =T, * L (18)

which can be rewritten as

J, Ty,
S =1t = 9)
. T y Ye "’
and combined with Egs. (4)-(6) to give
Lo L
—_— + —
7, 7. 20)
with
J,=,y.r, , @




when y:and 7: are set to be identical. This assumption is only valid
when the triaxial stress states associated the two types of fracture are
similar. - Figure 4 indicates that the triaxiality constraints are likely
different and, as a result, 7: and 7: would generally have different
values. The fracture strains are assumed to decrease with increasing
triaxial constraint according to the relations given by [17]

y; =y, exp[- alE(r")] (22)

and

‘y: =y, exp[- alE(r’)] 23)

where vy, and a, are material constants and the triaxial constraint factor,
I, given in Bq. (14), is a function of the relevant plastic zone size.
Substituting Eqgs. (22) and (23) into (19) gives

j—: =1+ -’5—-’- {exsla,(ze)- 20,)]} @

which differs from Eq. (20) by the inclusion of the triaxial constraint
term.

Figure 5 presents the calculated value of J/J, as a function of ¥ using
Eq. (24) for the mixed mode I and II crack considered earlier in Figure 4
using a, = 3/2 [17]. In addition, Figure 5 also shows the ratio of the out-
of-plane plastic zone size to the coplanar slip plastic zone size. When
X 2 1, the amount of-plastic work dissipated by out-of-plane slip is
negligible due to difficulty in activating this mode of slip because of
unfavorable crystallographic orientation and a higher critical resolved
shear stress. As a consequence, the fracture resistance is entirely
contributed by the plastic work done in fracturing the coplanar slipband
and is relatively independent of . When y < 1, the amount of plastic
work dissipated by out-of-plane slip increases with decreasing values of
%. The increase corresponds to increases in the out-of-plane slip plastic
Zone size and deceases in the triaxial stresses. Increase in the out-of-
plane slip makes fracture along the coplanar slipband difficult. At
X = 0.6667, all plastic dissipation is spent on out-of-plane slip and
fracture along the coplanar slipband becomes impossible.
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Figure 5: Calculated value of J/J, and r,'lr' as a function of the slip
anisotropy parameter, x = v,/

(D) Relationships Between Slip Anisotropy, Constraint Relaxation, and

Fracture Resistance

The strong influence of slip anisotropy on the stress triaxiality near the
tip of a mixed mode crack is summarized in Figure 6. When y >> 1,
coplanar slip is considerably easier than out-of-plane slip. Near-tip stress
relaxation is primarily by coplanar slip, which produces no relaxation
against the buildup of elastic normal stresses. As a result, the triaxiality
constraint factor is extremely high. Since the slipband is subjected to a
large unrelaxed elastic normal stress, separation of the slipband is
relatively easy and fracture occurs along the coplanar slipband,
Figure 6(a), and results in a relatively low fracture resistance, Figure 5.
The lack of out-of-plane slip and the presence of large triaxial stresses
are conducive to the formation of a cleavage-like fracture appearance
without evidence of plastic flow. When ) = 1, small amounts of out-of-
plane secondary slip are activated, thus limiting a large buildup of triaxial
stresses near the crack-tip. The near-tip constraint is still high, however.
Consequently, fracture still occurs along the coplanar slip and the fracture
resistance remains low, Figure 5. The stress triaxiality is sufficiently
high to produce a cleavage-like fracture appearance, but exhibits evidence
of out-of-plane secondary slip, i.e., slip steps. When y << 1, out-of-
plane slip dominates and relaxes the normal stresses near the crack tip.
The lack of a buildup of triaxial stresses near the crack tip makes fracture
along the coplanar slip band difficult. The fracture resistance is also
increased considerably as the result of out-of-plane slip, Figure 5.

mixed-mode crack
/ coplanar sli
p & P

——

€Y

mixed-mode crack .
/ copla/nar slip

7
— >\~

out-of-plane slip

®)

out-of-plane slip

mixed-mode crack
7/

v
coplanar slip

©)

Figure 6: Crack-tip slip morphology for different values of the slip
anisotropy parameter, x = "';/',' and the resulting fracture resistance:
@x=>1,11=150)x=13/d=1and ) x <<1,1J,> L




(B) Application of the Model to the Lamellar TiAl Microstructure

Slip in the y phase in the lamellar ¥ + «, microstructure of TiAl-based
alloys occurs predominantly on the (111) planes [18-23]. Because of the
aligned nature in the lamellar microstructure, (111) slip parallel to the
y¥/0c, would be easy, while that across the lamellae would be more
difficult. The lamellae interface can also be a (111) plane in y {24] and
serve as a slip plane. Thus, interlamellae (111) slip is easy, but
translamellar (111) is more difficult in lamellar TiAl alloys. This slip
anisotropy leads to anisotropic fracture characteristics that can be readily
explained on the basis of crystallographic constraint and its relaxation by
slip anisotropy.

Figure 7 shows a mixed mode slipband crack propagated on a (111)
plane in the interlamellae direction of a lamellar TiAl grain [25]. For
this crack configuration, coplanar slip occurs in the easy slip direction.
Relaxation of the normal stress of the K field must be accomplished by
hard slip in the translamellar direction. Since activation of out-of-plane
hard slip is considerably more difficult than coplanar easy slip, ¥ > 1 and
a large buildup of triaxial stresses near the crack tip is expected. Inui et
al. [26] reported that the CRSS for ordinary slip, superlattice slip, and
twinning in PST Ti-56Al crystals is in the range of 80-120 MPa. The
variation arose because the CRSS was dependent on the crystallographic
-orientation of the crystals. If the CRSS for easy slip is taken to be
80 MPa and that for hard slip is 120 MPa, the ¥ ratio is estimated to be
1.5; the corresponding triaxial constraint factor, X, is 4 and the
normalized fracture toughness, J/J,, is one. Thus, continual crack
extension along the coplanar slip is favored and most, if not all, of the
fracture toughness arises from plastic dissipation associated with easy slip
in the coplanar slip zone. Because of the large triaxial constraint at the
crack-tip, the fracture resistance is expected to be low. Indeed, crack
extension occurred at a K level of 6-9 MPa vm [25], which is
considerably lower than the K, value of 18-20 MPa v'm for fracture that
does not follow exclusively along a slip plane [25, 17]. Additionally,
out-of-plane microcracks formed near the tip of the slipband cracks as
shown in Figure 7.

Stress Axis

Crack Growth
Direction

.

GiL, 25C
displacement rate = 4.2 x 102 mm/s

Crack-Wake Ligament, B

Figure 7: Slipband cracking in a lamellar TiAl grain with the formation
of out-of-plane microcracks due to a high crystallographic constraint near
the crack tip. From Chan and Shih [32).

When crack extension occurs in the translamellar direction,
crystallography dictates that coplanar slip takes place in the hard slip
direction but out-of-plane slip occurs in the easy slip direction. For this
crack configuration, ¥ < 1 and the out-of-plane easy slip keeps the
triaxial constraint near the crack tip to a low value (¥ = 0) and the
normalized fracture toughness is improved substantially (JJ/J, > 5) due
to extensive out-of-plane slip in the interlamellar direction. As a result,
crack extension along a coplanar slipband on a hard slip plane cannot
occur. This crack process is illustrated in Figure 8, which shows a mixed
mode crack propagated in the translamellar direction (areas A and B)
[28], hard slip occurs ahead of the crack but most of the crack-tip
deformation is manifested as interlamellar, easy slip. As a result, the

Figure 8: Interlamellar and translamellar slip in the crack-tip region and a crack-wake ligament in a lamellar TiAl alloy. From Chan and Kim [28].

16




crack culd not propagate translamellarly, but deflected to propagate
interlamellarly. As explained earlier, this anisotropic fracture behavior
is the consequence of crystallographic constraint and its relaxation by slip
anisotropy. It is important to note that slip anisotropy can increase or
decrease the crack-tip stress triaxiality, depending on the value of
X (s/z). When the stress triaxiality is reduced to zero, plastic
dissipation increases rapidly and can lead to shear ligament toughening
[29, 30].

Microstructural Constraint

(A) Origin

Plastic constraint occurs in a microstructure where plastic incompatibility
exists between phases. In maintaining compatibility, hydrostatic stresses
build up in the more deformable phase so that higher stresses are
required to further deformation. Metal or intermetallic matrix composites
formed by phase mixing to give hard particles in a ductile matrix is one
example where triaxial stresses lead to strengthening. In-situ composites
formed by phase transformation to give a microstructure of hard particles
in a deformable matrix is another case where plastically incompatible
phases are used for improving strength.

The relation between strength improvement and hydrostatic stress in the
matrix is illustrated in Figure 9, which shows results of a finite-element
calculation of the stress-strain response of a composite microstructure
simulated by a unit cell of spherical Cr,Nb particles in a Nb matrix [31].
The geometry of the unit cell is presented as an insert in Figure 9(a).
The von Mises effective stress of the composite is normalized by the
yield stress of the Nb matrix and plotted as a function of logarithmic
strain in Figure 9(a). As expected, the flow stress of the composite
increases with increasing volume fraction of the intermetallic phase. A
major enhancement in the strength occurs when the volume fraction, f,
of the intermetallic phase is increased from 60% to 80%. The triaxial
constraint at the interface of the Nb matrix and Cr,Nb particle that is
presented as a function of the angle © in Figure 9(b) indicates that a
buildup of large hydrostatic stresses at f = 0.8. Thus, the improvement
in the composite strength is accompanied by a large increase in the
hydrostatic stress in the matrix and at the matrix/particle interface. It is
evident that the manner by which the triaxial constraint develops in a
two-phase microstructure is quite different from those induced by
geometrical and crystallographic effects.

In addition to volume fraction, the triaxial stress distribution in
particulate composites also depends on the shape, size, and distribution
of the reinforcement, as well as the externally imposed constraint {7-10].
FEM calculations based on a uniform size, shape, and distribution of
particles, which are used in unit cell calculations, usually do not agree
with experimental results even though the size, shape, and volume
fraction of the reinforcement are modeled precisely because of local
clustering of particles in real materials [7]. Nonetheless, unit cell
calculations have provided a qualitative description of the triaxial
constraint in particulate composites, even though local clustering effects
needed to be factored in also. In terms of reinforcement shape, finite-
element calculations have shown that whiskers are more effective in
increasing composite strength than spherical particles, but the triaxial
constraint is also higher in the whisker-reinforced composites [7-10].
Triaxial stresses also tend to concentrate at corners of irregular particles
[7-10]. Variation in the spacing between particles can lead to horizontal
and vertical clustering, and both affect the strength of the composite [7].
Tensile and compressive hydrostatic stress fields generally exist in the
composite. Horizontal clustering does not result in overlapping of the
tensile and compressive stress fields, while vertical clustering usually
does. The consequence is that vertical clustering can cause a more
drastic reduction in strength than horizontal clustering [7].
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Figure 9: FEM results for Cr,Nb/Nb in-situ composites based on a unit
cell containing a spherical Cr,Nb particles in a Nb solid solution atloy
matrix: (a) calculated stress-strain curves, and (b) triaxial stresses.

(B) Role of Constraint in the Fracture Process

While they contribute to strength, triaxial stresses also increase the
propensity for composite fracture and low fracture toughness. For
particulate composites, the failure mechanisms include fracture of the
reinforcement particles [32] and void nucleation, growth, and coalescence
in the matrix [8, 10]. In ductile-phase toughened materials {33, 34] and
laminated composites [35-39], the high triaxial constraint localizes plastic
flow in the matrix phase and hastens fracture of bridging ligaments in
the crack wake, thereby reducing the effectiveness of the ductile phase
in improving fracture resistance. Since fracture of laminated composites
has been the topic of several recent articles [36-39], only fracture of
particulate composites and in-situ composites is discussed here due to
lack of space.

For composites with strong particles, void nucleation in the matrix or at
the particle/matrix interface may be the dominant failure mechanism.




Interface void nucleation has been observed at the end of whiskers where
the hydrostatic stress is highest [9]. For spherical particles, a recent FEM
calculation indicates that the plastic strains are highest in the region
located at © = 45° near the particle/matrix interface (D) and in the matrix
region above the pole of the spherical particle (C), Figure 10 [10]. The
triaxial constraint is, however, higher above the pole. Song et al. [10]
postulated that void nucleation would take place both at regions C and
D. Void growth in region C would be unstable and occur at a faster rate
that voids in region D. Complete separation of the reinforcement particle
from the matrix would occur when the larger voids from region D link
with the smaller voids in region C, resulting in a fracture surface
containing a bimodal distribution of void sizes, as observed
experimentally.

/1

Figure 10: Void nucleation in a ductile matrix containing hard particles:
(a) a contour plot of hydrostatic stresses, and (b) postulated void
nucleation sites. From Song et al. [10]

‘When the particles are angular, higher stresses are carried by the particles
and the surrounding matrix exhibits higher triaxial stresses also. As a
result, the failure mechanism is dominated by particle fracture rather than
by void nucleation, growth, and coalescence at the matrix/particle
interface. The detrimental effect of the triaxial constraint ca the fracture
toughness of an in-situ composite is illustrated in Figure 11, which shows
the fracture toughness of Cr,Nb/Nb composite as a function of Cr,Nb
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Figure 11: Comparison of fracture toughness values of RS and

conventionally processed Nb-Cr-Ti materials [40-43] as a function of
volume percent of Cr,Nb. From Chan et al. [41].

particles [40, 41). At low volume fraction, the Cr,Nb intermetallic
particles are embedded within the more ductile Nb solid solution phase.
In contrast, ductile Nb solid solution alloy particles are embedded in a
brittle Cr,Nb surround when the volume fraction of Cr,Nb is high.
Without Cr,Nb particles, the fracture toughness of the Nb solid solution
alloy ranges from 18 to 87 MPa Ym, depending on the amount of Ti
addition [40]. The fracture toughness of the in-situ composites [40-43]
decreases with increasing volume fraction of Cr,Nb particles. The role
of the hard Cr,Nb particles in the fracture process can be understood on
the basis of FEM calculations {31] that indicate that the particles are
highly stressed and a relatively high plastic constraint is prevalent in the
Nb matrix located between the two particles. As a result, the Cr,Nb
particles ahead of the crack-tip fractured and the plastic flow in the
resulting ligaments are highly localized, as shown in Figure 12 [32].

b T

Figure 12: Fracture of angular particles in a Nb-Cr-Ti in-situ composite
with a microstsructure of Cr,Nb particles in a Nb(Cr, Ti) solid solution
alloy matrix. From Chan {32].
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4 microns

Figure 13: Near-tip strain distribution obtained by the stereoimaging
technique for the in-situ composite, Nb-36Cr-27Ti. The strains are
presented in terms of Mohr's circles of strains at various locations in the
near-tip process zone. The von Mises effective strains are indicted at
locations of high strain concentration. From Chan [31].

Figure 13 shows the local strains in the bridging ligaments in the form
of Mohr's circle of strains that were obtained using a machine-vision
stereoimaging technique [32]. In addition, the von Mises effective strains
are also indicated for selected locations in the bridging ligaments.
Figure 13 indicates that the von Mises effective strain as high as 22%
existed in the bridging ligaments prior to their fracture. The highly
strained region was, however, quite small, indicating that the plastic
strain was fairly localized. As a result, fracture of the ligaments occurred
easily without substantial amounts of plastic dissipation, leading to a low
fracture resistance for the composites.

One possible means of eliminating particle fracture is to reduce the
particle size. A recent work [41] on Cr,Nb composites demonstrated that
rapid solidification techniques can be used to reduce the particle size
from =20 pm to 2 pum so that fracture of the intermetallic size becomes
more difficult. High triaxial constraint still exists in the refined
microstructure so that the fracture resistance of the RS in-situ composites
has not been improved compared to those processed by conventional
routes. A high oxygen content might have embrittled the RS in-situ
composites also.

(C) Relaxation of Constraint and Fracture Toughness

Relaxation of triaxial stresses is important for increasing the plastic
dissipation in the bridging ligaments formed in the crack wake. For both
particulate and laminated composites, an effective means for relaxing the
triaxial stresses in the crack wake ligaments is by limited debonding at
the matrix/reinforcement interface [33-35]. Numerical analyses have
demonstrated that partial interface debonding leads to a significant
increase in the plastic dissipation and to enhanced fracture resistance
[33, 34]. Results of rigid/plastic [33] and elastic/plastic [34] formulations
both predict increasing fracture energy when the interface is allowed to
partially debond. The enhancement in fracture toughness due to ductile
particle bridging also increases with particle size, yield stress, and
volume fraction of the ductile phase [34].

Work on Nb,Si; in-situ composites [44-48] has indicated that hot
extrusion followed by heat-treatment to obtain a microstructure of
recrystallized Nb solid solution alloy and Nb,Si, particles leads to a
resistance-curve fracture behavior and a relatively high fracture
resistance, The resistance-curve fracture behavior is the result of crack
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bridging by Nb particles in the crack wake, as shown in Figure 14 [32].
Limited interface debonding has been observed on some particle/matrix
interface; necking of the Nb particles down to a point has also been
observed on the fracture surfaces [45]. Figure 15 presents the fracture
toughness of NbsSi, composites as a function of silicide content for both
hot-pressed [44] and extruded materials [40, 44, 45, 48]. Comparison of
the fracture toughness of Cr,Nb and NbSi, composites presented in
Figures 14 and 15 indicates that the Nb,Si, composites are more fracture-
resistant than the Cr,Nb composites in the presence of small amounts of
intermetallic particles (=20-30% intermetallic particles). The higher
fracture toughness in the NbsSi composites appears to arise from the
presence of ductile ligament bridging in this material and the lack of it
in the Cr,Nb composite. The difference in the crack bridging behavior
may be attributed to these factors: (1) more small spherical particles in
the NbSi composites and large angular particles in the Cr,Nb
composites, (2) recrystallized Nb matrix in the NbSi composites and
unrecrystallized microstructure in the Cr,Nb materials, (3) strong
particle/matrix interface in the Cr,Nb composites, and (4) a higher
fracture toughness for Nb,Si (=3 MPa ¥'m) when compared to Cr,Nb
(=1 MPa ¥m). Thus, the fracture resistance of intermetallic in-situ
composites depends on the fracture properties of the intermetallics, the
ductile phase, and the microstructure. Many microstructural parameters
affect the distribution of triaxial stresses in the microstructure, which, in
turn, influence the fracture process and the material's resistance against
fracture. '

Figure 14: Crack bridging by ductile Nb particles in a Nb,Si/Nb in-situ
composites. From Chan [32].
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Figure 15: Fracture toughness of Nb,SiyNb in-situ composites.




Conclusions

Plastic constraint can arise from geometrical, crystallographic, and
microstructural means.” Crystallographic constraint originates from the
crystallography of slip in single crystals, and it can be mitigated by slip
anisotropy. Microstructural constraint, which exists in microstructures
containing plastically nondeformable and deformable phases, depends on
the volume fraction, size, shape, distribution, and local clustering of the
hard phase. High triaxial constraint can lead to particle fracture, as well
as void nucleation, growth, and coalescence or cleavage in the ductile
phase, leading to low fracture resistance in metal and intermetallic matrix
composites. Mitigating the triaxial constraint in the ductile phase during
fracture is an important consideration in improving the fracture resistance
of intermetallic in-situ composites.
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Abstract

The high temperature creep properties of some of the single-
phase, intermetallic alloys found in the Ni-Al-Ti temary
system are discussed. The creep characteristics of these
ordered alloys are reviewed and compared with those of pure
metals. Although the general shapes of the creep curves for
intermetallic alloys are similar to those observed for pure
metals, the underlying creep mechanisms may be quite
different. In many instances, the diffusion-assisted recovery
processes that lead to steady-state creep in pure metals are
replaced by a gradual evolution of the deformation
microstructure with creep strain in intermetallics. In such
cases, creep of intermetallics has been found to be controlled
by the glide mobility of dislocations, the immobilization or
multiplication of dislocations, or, in some cases, by
dynamic recrystallization.  In these cases, the Dom
description of power-law creep is no longer valid and
attempts to characterize the creep behavior with activation
energies and stress exponents, derived from minimum creep
rates, have met with limited success. In such cases, the
development of fundamental constitutive equations for creep
should be based on microstructural observations of the
development of substructure as a function of creep strain. In
- the small number of cases where diffusion-controlled power-
law creep of intermetallic alloys has been observed, the creep
behavior is not remarkably different from that observed for
single-phase metals, provided the effects of diffusivity and
elastic shear modulus are taken into account.

Introduction

Research on intermetallic alloys has been motivated in part
by the expectation that these materials can be used for high
temperature structural applications. The high melting
temperatures, low densities and excellent oxidation
properties of some intermetallic alloys, compared to high
temperature structural metals and alloys, have made them
attractive candidates for further development as high
temperature structural materials. Among the mechanical
properties of interest for these materials is the resistance to
creep deformation, particularly at high temperatures. In the
present paper we review briefly the present state o
understanding dislocation creep in some of the single-phase,
intermetallic alloys found in the Ni-Al-Ti ternary system.
The alloys of interest are shown in Table 1, along with the
crystal structure, lattice parameter and density of each phase.
We note a wide spectrum of crystal structures among these
phases, thus providing an opportunity to explore dislocation
creep of intermetallics with a variety of different crystal
structures.

The focus of this paper is on the creep deformation of either
single crystals or coarse-grained, polycrystalline materials.
In particular, we do not discuss the technically important
role of grain boundaries, twins or second phase particles on
the creep of intermetallics. We limit our attention to simple
crystalline states in an effort to examine the basic role of
dislocation processes in creep of intermetallics. In particular,
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we seek to understand dislocation creep in intermetallic
alloys and to compare the controlling mechanisms with
those typical of coarse-grained pure metals. Our focus on
creep of single-phase intermetallics can also be justified on
the basis that these processes are important in the creep of
intermetallic alloys with more complex microstructures.

For pure metals it is well known that high temperature,
power-law creep is controlled by lattice self diffusion.
Typically, at the beginning of creep, dislocations glide and
cross-slip rapidly on their slip planes until they are stopped
by their interactions with other dislocations. Usually the
creep rate declines rapidly in this primary stage of creep, as
dislocation networks and substructures are formed. Lattice
diffusion-controlled climb allows dislocations to rearrange
and annihilate, thus permitting more dislocations to move
and multiply. In this way a steady-state condition may be
reached in which the bardening effects of dislocation
generation and interaction are balanced by the softening
effects of recovery. This is sometimes called recovery-
controlled creep. The entire creep process may be controlled
by the climb motion of the dislocations which, in turn, is
controlled by long-range lattice diffusion. This diffusion-
controlled, power-law creep can be described by the Dom
equation, a phenomenological equation for the steady-state
de ub

strain rate:
( a ] ki (
S

Here D is the lattice self diffusion coefficient, A is a factor
that depends on stacking fault energy, and the other terms
- have their usual meaning. For many pure metals the stress
exponent in the power-law regime is about 4-5 and the
activation energy for creep is about the same as that for
lattice self diffusion. This equation may be derived by
considering the competition between strain hardening and
recovery. Such derivations invariably lead to a creep
equation of the form of the Do equation but with a natural
power-law stress exponent of 3, rather than the 4-5 observed
experimentally.  Nevertheless, the model of diffusion-
controlled dislocation climb has provided a solid foundation
for understanding power-law creep of pure metals.

o

i)

The prominence of the Dom equation in the creep literature
has had a strong influence on the study of creep of
intermetallic alloys. In many studies it has been common to
first measure the activation energy and stress exponent for
creep deformation to determine if the Dorn equation is
obeyed. Often the stress exponents for creep and the creep
activation energies are taken to indicate that creep might be
controlled by climb, as in the case of pure metals. Usually
such equally important factors as the transients associated
with primary creep and with stress and temperature changes
have received less attention and the microstructural evolution
associated with creep is often not studied. As noted above,
ordinary pure-metal-type creep of the kind described by the
Dorn equation involves strain hardening processes and
microstructural changes during creep. If these characteristics
are absent from the creep response, then the relevance of the
Dorn equation and the assumption that creep is controlled by
ordinary dislocation recovery must then be questioned.

Table 1: Crystal Structures, Lattice Parameters and
Densities of Several Ni-Al-Ti Intermetallic Alloys

Alloy Structure  Lattice Density
Parameters
a(m) c(m) (glem’)
NiAl B2 0.288 - 5.96
NiLAITi L2, 0.585 - 6.38
NizAl Ll 0.357 - 7.40
TiAl Ll 0.398 0.405 3.89
TiAls DO, 0.395 0.860 3.36
TisAl DOy 0.577 0.464 4.23
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Also, if the softening processes leading to steady-state flow
involve recrystallization, then the Dorn equation is not
applicable, in spite of any similarities with the stress
exponents and activation energies for climb-controlled creep.

In the present paper we seek to understand dislocation creep
of single-phase intermetallic alloys. The atomic ordering
found in intermetallic compounds causes both ordinary and
superlattice dislocations to form and their motion leads to
the formation of antiphase boundaries (APB’s), superlattice
intrinsic stacking faults (SISF’s) and complex stacking faults
(CSF’s). The dislocations in these crystals have core
structures that are much more complex than those typically
found in pure metals. The reader is referred to the work of
Yamaguchi and Umakoshi [1] for an excellent description of
the faults and dislocation core structures in the intermetallics
under consideration here. These core structures and faults are
expected to alter both the glide and climb characteristics of
dislocations, thus changing the basic mechanisms by which
dislocation creep can occur. In addition, the ordering in
intermetallics is expected to alter the diffusion process
associated with dislocation climb, as more than one element
must be transported to or from a dislocation for it to climb.
This too could have effects in creep, although atomic
mobility in intermetallic alloys does not seem to differ
greatly from that in close-packed metals with similar melting
temperatures.

In the following we briefly review the creep properties of
several intermetallic alloys of the Ni-Al-Ti ternary system.
We begin with NizAl, in part because the discovery of the
yield strength anomaly in that material motivated much of
the early interest in the high temperature strength properties
of intermetallics. Much of our discussion of NizAl will be
based on our own work. This is followed by a discussion of
the creep properties of y-TiAl, perhaps the most promising
of these intermetallics for elevated temperature structural
applications. That part of our review is based partly on our
own work and partly on the work of others, most notably
Oikawa and his colleagues. We also discuss the current
state of understanding of creep of TisAl and TiAls, although
much less is known about the mechanisms of creep
deformation in these materials compared to other
intermetallics. In the last part of the paper we review the
creep properties of NiAl and ternary alloys containing Ti,
involving both solid solutions and the Heusler phase
Ni;AlTi. This review is also based largely on our own
work, but we relate our results to the early work of Strutt
who first elucidated the creep properties of these materials.




NiAl (L12)

Early work on the creep behavior of Ni;Al was based on the
assumption of steady-state creep [2-4], but subsequent work
by Anton et al. [5] and Schneibel and Horton [6] has shown
that steady-state creep is not achieved at temperatures
corresponding to the peak in the flow strength anomaly.
Instead, they [5,6] reported that the creep rate increases
continually with creep strain and termed this behavior
“inverse creep”. The elimination of pure-metal-type steady-
state creep as the controlling process greatly aided our
understanding of creep in this alloy, but a microstructural
mode! describing inverse creep in NisAl was not developed
until some time later.

The present authors, have studied the creep behavior of
Ni;Al(Hf,B) single crystals oriented along different tensile
axes (TA) in the temperature regime where the yield strength
increases anomalously with increasing temperature [7].
Typical creep curves from that work are shown in Fig. 1.
The creep rate of this alloy was found to increase normally
with increasing temperature, and the general shapes of all of
the creep curves were found to be the same. The specimens
strained rapidly at the beginning of the test, but the creep
rate quickly decreased and appeared to go to zero.
Surprisingly, after 10-15 hours the creep rate started to
increase again and it continued to increase until the creep rate
reached a value almost two orders of magnitude higher than
the minimum. This latter observation is consistent with the
catlier observations of inverse creep in the polycrystalline
specimens [5,6].

TEM studies of specimens crept for only a few hours showed
that almost all of the dislocations were aligned along their
screw direction and found to be cross-slipped into Kear-
Wilsdorf (KW) lock configurations, see Fig. 2(a). It should
be noted that these dislocations were homogeneously
distributed. No evidence of subgrain formation could be
found in these specimens. The absence of subgrains and the
presence of KW locks are clear indications that the
mechanism responsible for the decrease in creep rate during
primary creep of NiaAl differs from that for pure metals. The
observation of KW locks suggests that cross-slip pinning,
the mechanism responsible for the anomalous yield strength,
is also the controlling process for primary creep. This
microstructural observation is supported by the fact that the
amount of creep strain associated with primary creep
decreases anomalously with increasing temperature [7].

Additional insight into the nature of primary creep of Ni;Al
and the anomalous temperature dependence of the yield stress
has been gained by studying the creep response at much
lower temperatures, where only octahedral glide and cross-
slip pinning are allowed to occur. Here we review some of
the creep experiments on Ni;Al that have been conducted at
room temperature in an effort to develop a better
understanding of that stage of creep.

Thomnton et al. [8] studied creep of polycrystalline Ni;Al at
low temperatures, but where the yield stress increases with
temperature. On loading to just above the yield stress, they
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Fig. 1 Intermediate temperature creep curves for
Ni; Al(Hf,B) showing a normally shaped primary transient
and a transition to an extended period of inverse or
accelerating creep. Primary creep decreases anomalously
with temperature, but inverse creep has a very strong
normal temperature dependence.

Fig. 2. The deformation microstructure associated with (a)

primary and (b) inverse creep in Ni;Al(HF,B).  Super-
dislocation motion is exhausted by KW lock formation
during primary creep, but bowing out and subsequent
motion of these dislocations on the (010)