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EXECUTIVE SUMMARY

The third annual report of the University Research Initiative project at UCSB
on High-Temperature, High-Performance Composites consists of sections compiled
in a total of six books. The first section in Book 1 is concerned with the properties
and structure of bimaterial interfaces and the related problem of coating decohesion
and cracking. The second section describes research on the strengths and fracture
resistance of brittle matrix composites manufactured with fibers, whiskers and
ductile phases. This information is presented in Books 2 and 3. The third section
addresses the flow and crecp strength of reinforced systems, with emphasis on effects
of aspect ratio and the incidence of damage, and is offered in Book 4. The fourth
section, Books 5 and 6, describes work on processing of intermetallic and ceramic
matrices and composites, as well as numerical modelling of the melt-spinning

process.

SECTION 3: FLOW AND CREEP STRENGTH

a0

A substantial activity has been initiated to examinelét;ength and ductility
during both plastic flow and creep in the presence of reinforcements. The variables
of principal interest are the reinforcement aspect ratio and size, as well as their
fracture/debond resistance. The initial studies have been on a model, solute-
strengthened system, Al 4% Mg reinforced with SiC having different morphologies,
fabricated by squeeze casting. The matrix is chosen to be ductile and fails by
necking to a ridge and thereby, inhibits premature rupture.

Strengthening and ductility have been explored in the alloy containing
equiaxed SiC particles (50% by volume) having a range of particle sizes between 3
and 160{m (Yang etal.). The results indicate that the flow strength diminishes
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somewhat with increase in particle size; this effect has been attributed to the
enhanced damage (particle cracking) observed in materials containing the large
particles. Conversely, there is a strong effect of particle size on ductility, with the
greatest ductility occurring in materials containing the smallest particles. This trend
is attributed to the relative iuicidence of particle cracking, as governed by weakest
link statistics associated with flaws in the particles, introduced during commination.
The ultimate strengths of these materials is high (~ 600 MPa) and greater than that
expected from calculations conducted for composites with a spatially uniform
particle distribution. The discrepancy is being addressed by examination of the
influence on non-uniform spatial arrangements and the associated high constraint
between the more closely-spaced particles. Similarly large strength elevation has
also been found for material reinforced with Al2O3 particulates (Hirth et al.). In this
case, the strengthening has been attributed to dislocation cell formation governed by
the particle spacing. These different effects remain to be brought together in a
unified model. In addition, the toughness of the Al,03 containing material has been
measured (Hirth etal.) to reveal that the toughness increases with increase in

particle size in accordance with known concepts of ductile fracture.




MATERIALS
I||I

THE FLOW STRENGTH

AND DUCTILITY OF AN AL

ALLOY REINFORCED WITH SiC

PARTICULATES

by

J. Yang, C. Cady, M. S. Hu, F. Zok,
R. Mehrabian and A. G. Evans,

Materials Department
College of Engineering
University of California
Santa Barbara, California 93106




]

ABSTRACT

The processing and mechanical properties of an Al alloy reinforced with a
high volume fraction of SiC particulates have been investigated. The properties are
shown to be appreciably affected by the particle size. These effects have been
exclusively related to the incidence of damage caused by th2 particulates. In
particular, particle cracking has been shown to occur in the larger particles, with a
cracking probability that increases as the particle size increases. The cracks reduce
the flow streagth of the materials and crack coalescence controls the ultimate
strength and ductility. The measured trends in these properties are consistent with

simple me-els ef these damage processes.




1. INTRODUCTION

The modulus, strength and ductility of Al alloys reinforced with ceramic
articulates are known to be influenced by such variables as the particle size and the
volume fraction, as weli as the matrix flow stress and the debond resistance of the
interface.-2 L« particular, the attainment of the high Young's modulus required for
some applications (of order 200GPa) dictates high volume fractions of
reinforcements and attendant problems assodated with relatively low ductility and
toughness. The intent of the present study is to examine mechanical properties in
systems of this type, as needed to provide a basis for optimizing properties.

Al matrix composites with high volume fractions of reinforcaments can be
produced with controlled matrix and interface characteristics by squeeze casting.
This processing approach is selected for present purposes. Furthermore, it has been
evident that a high ductility matrix is needed to achieve good composite properties
at high reinforcement volume fractions. Consequently, this investigation
emphasizes solid solution alloys based on Al/Mg.

An important theme of this paper is to relate the composite mechanical
properties to the flow strength and ductility of the matrix through appropriate
modelling approaches. For this purpose, the flow properties of the composite are
evaluated in both tension and compression and the ductility is measured in both
tension and bending. In addition, microhardness measurements are used to
correlate the flow strength of the matrix material with the flow strength of the
corresponding bulk matrix material. Effects of particle size on these properties

represent a central feature of the investigation.




2. COMPOSITE PROCESSING

A modified squeeze casting, pressure infiltration process was used for
composite processing. In this process the silicon carbide preform is surroundad with
a relatively rigid ceramic filter, (Sig. 1), which serves several funclions. First, the
ceramic filter removes oxides entrained in the melt. Second, the melt flow into the
preform is multi-dimensional, from its sides as well as the top, allowing uniform
preform deformation and hence microstructures. Finally, since the lower die half is
not evacuated, entrapped air is pushed down into the porous filter located below the
preform.

The Al-4wt%Mg alloy melt was prepared from 99.98% purity Al and Mg using
an induction power supply. The melt was degased using conventional practice, and
superheated ~150K prior to introduction above the filter/preform assembly in the
lower die (Fig. 1).

The preforms consisted of SiC particulates, 3.5um to 165um in size purchased
from Norton Company. The particulates were encapsulated in the ceramic preform,
heated to ~1050K in a resistance furnace prior to introduction in the lower die half.
The die itself was preheated to ~573K.

The ram speed in the hydraulic press during the infiltration process was
~10mm/sec. A final press pressure of ~180MPa was maintained on the composite
until complete solidification of the alloy.

Representative saicrostructures of as-cast composites conta*ning 0.5 volume

fraction of SiC particles are shown in Figure 2.




3. MECHANICAL MEASUREMENTS
3.1 COMPRESSIVE PROPERTIES

Compressive tests were conducted using procedures described elsewhere,?
leading to the true stress/true strain curves plotted on Fig.3 . A prominent feature
of the results is the grouping of the materials into two classes: "large” particles
(550pm) and “small” particles (<20 pm). The flow strengths of the former are lower
than those for the latter, but both have substantially higher strength than the
matrix.

Observations conducted on the test specimens revealed a substantial
difference between the two material classes with regard to the tendency toward
particle cracking during testing. Specifically, materials containing the “large”
_ particles exhibited multiple particle cracking, with most cracks oriented along the
stress axis (fig.4a). These cracks had fully developed at relatively small plastic
strains of order 1 percent. Conversely, cracks could not be detected in the materials
containing small particles, even at plastic strains of ~ 3.5 percent (Fig. 4b). Similar

trends in particle cracking are evident upon tensile and flexural testing, as
claborated below.

3.2 TENSILE PROPERTIES

Tensile tests have been conducted on test specimens having the geometry
depicted in Fig.5. Following water jet cutting, the gauge sections were carefully
polished to minimize mechanical damage. Stress-strain curves obtained for each
material are summarized in Fig. 6. It is apparent that the flow strengihs of the
materials are similar, but that the ductility is substantially dependent on particie
size: decreasing as the particle size increases. Also, some weakening of the material

containing coarse particles is apparent at strains approaching the rupture strain. The




effects of particle size on strength and ductility are summarized in Fig. 7.
Fractographic inspection of the fracture surface revealed that the large SiC particles

fracture, whereas interface debonding occurs with the smallest particles (Fig. 8)

3.3 FLEXURAL PROPERTIES

Specimens suitable for four-point flexure tests have been prepared with
considerable care devoted to the condition of the tensile surface. Specifically, final
polishing with 1/4um Al;03 has allowed high quality surfaces to be produced.
Nominal stress-strain curves obtained from the flexure tests are shown in Fig. 9.
This mode of testing confirms that material with the 'small' particles exhibits the
higher flow strength and the greater fracture strain. The flexural information may
. be converted into tensile stress/strain curves (Appendix 1), leading to trends in the
effects of particle size on strength and ductility summarized in Fig. 7.

Sequential observations have been used to monitor the evolution of the
damage that leads to fracture and controls the ductility. For the materials with the
larger reinforcements, particle cracking is appa.ent and initially occurs in a spatially
random mode (Fig. 10). Just prior to ultimate failure, cracks within particles interact

with those in neighboring particles and produce 2 macroscopic crack which leads to

rupture.

3.4 HARDNESS MEASUREMENTS

The in-situ flow strength of the Al alloy within the composite and the bulk Al
alloy were compared using microhardness measurements performed with a Vicker:
diamond indentor. The load (~ 2N) was selected such that the indentation size was
no greater than about one third of the spacing between adjacent SiC particles in the

composite. Anomalously small indentations in the composite were disregarded




because of the influence of particles immediately beneath the indentation, The
results, sunmarized in Table 1, indicate the in-siru flow strength of the Al matrix is

= 40% greater than that of the bulk alloy.

4. SOME BASIC MODELS
4.1 FLOW STRENGTH

It is apparent that the composite flow strength decreases with increasing
particle size, independent of the testing mode. To understand the size ¢ *~ ¢t, it is
recognized that continuum analysis of the composite flow strength predicts_size

independent behavior. However, it is also appreciated that damage in the form of

particle cracking and interfacial debonding degrades the flow strength.t One
interpretation of the observed flow characteristics thus invokes unique flow
strength behavior in the absence of damage, with deviations occuring as damage
accumulates in the material. Qualitative support for this hypothesis is given by the
observations of damage and the strains at which damage initiates (Fig. 10). Notably,
particle cracking is most prevalent and initiates earlier in materials with larger
particles. Further support for the effects of damage is provided below.

The level of the flow strength of undamaged material is sut tantially above
that for the matrix. Specifically, by taking account of the differences in matrix flow
strength in the composite and in the bulk alloy, the strength ratio
(composite/inatrix) is ~ 4. Such large strengths are not consistent with calculations
of the composite flow strength conducted for regular arrays of equiaxed rigid
particles, which indicate a strength ratio of only 1.5 for the present volume fraction
o = 0.5).5 Howevaer, the spatial arrangement has a profound effect on the flow
strength, because of the high constraint present between closely spaced particles.
One possible explanation of the high strength trus resides in the specific spatial

arrangements and the associated level of connectivity between closely spaced

7




particles. To further explore this possibility, it is insightful to invoke the Prandtl
solution for a perfectly plastic layer between rigid plates which predicts a flow

strength, g, given by 6
afa, = 3/4+14(R/) W

where O is the uniaxial yield strength of the matrix, 2h is the metal layer thickness
between particles and 2R is the plate width (Fig. 11). Consequently, to achieve the
measured strength level (of order 4T,), the metal layer thickness that controls the

composite behavior should be

h/R = 0.08 (2)

Matrix regions of this thickness are certainly common (Fig. 2), but it is unclear why

such regions should dominate the strength.
4.2 EFFECTS OF DAMAGE

To further examine the influence of damage on the flow strength, a solution
for the strain caused by penny-shaped microcracks in a power law material may be
invoked.? This solution has reasonable applicability to the present problem of
cracked particles, because most of the plastic strain deveiops around the crack
perimeter. Specifically, for a crack subject to axial and transverse stresses Os and

O, respectively, the volume of the microcrack AV is;

8ega’ O
(1 + 3N)V2 |0' s— O"rl

&)




where N is the work hardening exponent for a power law hardaning material:

N
0 = 0, (€/€,)", a is the crack radius and € is the remote (applied) equivalent
plastic strain. When multiple aligned cracks are present, £ per unit volume, the

dilatational strain @is then,

0 = (v @

Furthermore, using the conventional notation for the "volume fraction" of

microcracks, &, given by,8

E = (dn/3)(a%)e

(5)
the dilatational strain becomes;
ofes = (1 -f :fN)"2 IO:-SGTI ©
For uniaxial tension (01 = 0), equation (6) reduces to;
V= .

where €] is the applied strain. In the present problem the quantity & can be
associated with the volume fraction of cracked particles. Furthermore, since all of
the strain caused by the microcracks occurs in the direction cf the applied strain, 6 in

equation (7) can be viewed s the extra axial plastic strain induced by the




microcracked particles. For the present case, N = 0.1 and, it all the particles

microcrack, & = 0.5, then;

6/en = 0.84. ®

Consequently, substantial additional strain is possible. Some results for different &,

representing different fractions of cracked particles, are shown in Fig. 12.

4.3 FRACTURE STRENGTH AND DUCTILITY

Strong effects of both particle size and applied loading on the ultimate
strength and ductility are evident (Fig. 7). The trend in tensile ductility with particle
size is related to the effect of size on the :ncidence and coalescence of damage.
Specifically, the cracks that form rather readily in the larger-sized particles result in
reduced ductility, whereas the smaller SiC particles resist cracking and provide
greater ductility. Since the stresses in the particles are independent of particle size,

these trends reflect the strength characteristics of the particles. The most obvious

size effect derives from weakest link statistics.? Notably, for particles subject to
homogeneous stress S having behavior dominated by surface flaws, the fracture

probability P atstress S varies as;

~ta(l-p) = (5/5)" (RY/A,) ©)

where Sg and A, are scale parameters and m is a shape parameter that characterizes

the flaw population: R is the particle radius. The size scaling associated with
particle crack formation thus has the form, S~ (1/ R)Z™

10




Another size effect arises because the cracks formed have size governed by the
particle size. A fracture model involving cracked particles that has the requisite
basic features invokes a crack comprising multiple, contiguous fractured particles,
with intact intervening matrix (Fig. 13). For this model, the onset of unstable

fracture occurs in accordance with a mode I toughness, Kic that varies in

approximate accordance with,10

- 1/2
E_l.g. a4+ .-—.---——--——-OEfmSc

Ko K3(1-v?) (19)

where K, is the toughness associated with a crack without bridging ductile
material, G is the traction exerted on the crack by the intact ductile ligaments, S¢ is

the critical plastic stretch of the ligaments, fp, is the matrix volume fraction and E
and v are the modulus and Poisson's ratio of the composite. The fracture stress T

is related to K¢ by;

T = Kc /242 (11)

where &¢ is the crack radius at fracture. The critical crack radius is governed by the

o
-

number of contiguous cracke: particles, i, and the particle fraction, fo ( 1-f m),
such that,
A /R = -\/n— / fp"3 (12)

Consequently, the fracture stress becomes,

11




) E n'/

The occurrence of f p in the numerator reflects the feature that_fower cracked
particles are needed to produce 3 crack of specified radius, when f is small.

The two preceding size dependent features can be combined to provide un

(13)

estimation of the tendency for particle cracks to form in neighboring particles and
thus, to establish some basic characteristics of the fracture process. At the very
simplest level, it may be assumed that particle cracking occurs in a statistically
independent manner (i.e., no interaction effects). Results of this type have
previously been developed for microcracks and creep cracks.11.12 The analysis
presented in Appendix II indicates that I is a weak, logarithmic function of the
strain, the volume fraction of particles and the specimen volum.e. Consequently,
the dominant non-dimensional parameter is, TR / Kic f p“s. The variation in
composile fracture stress T with particle size R measured in this study (Fig. 7) indeed
varies as ~ -\/—R- .

5. CONCLUDING REMARKS

The experimental measurements and observations have highlighted the
influence of damage on the flow properties of the composites as well as on their
ultimate strength and ductility. An important influerce of damage has also been
identified in previous studies of the effect of superimposed pressure.4 Various
forms of damage are possible, but the present studies have emphasized particle
increases. The cracking encourages additioral plastic strain in the matrix and can
lead to appreciable softening of the material. This effect has been proposed as the

principal origin of the lower flow strength of the material containing the larger

12




particles. Cracks in particles have also been shown to coalesce and produce a
macroscopic crack bridged by segments of the ductile matrix. The unstable growth of
this crack occurs at the ultimate strength and governs the ductility of the composite.
Tentative models for this process have been provided.

Finally, it is appreciated that the dominant mode of damage and its role in
flow and fracture is {nfluenced by the matrix strength and ductility. The present
results and interpretations refer to a low strength, high ductility matrix. Transitions
in damage mode and in the faflure criticality are expected when higher strength, low

ductility matrices are used.
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APPENDIX I

TRUE FRACTURE STRESSES IN FLEXURE

The true stress Oy on the tensile face of a plastically deforming flexure
specimen can be estimated by assuming that the axial strain varies linearly across
the beam section and that the material exhibits no strength differential effect i.c. the
tensile and compressive flow curves are identical. In this case the applied bending

moment, M, is given by!3:

j!"c'r"é(i

o

(A1)

where B is the spedmen thickness, D is the specimen height, €; is the strain on the
tensile face, and the flow siress G is assumed to obey power law hardening.
Integraling equation (A1) gives,

2M g,

2

BD? N+2 (A2)

The corresponding nomiaal stress, S, derived from a linear elastic analysis is,

6M

S = —
BD? (A3)

Comparison of equation (A2) and (A3) leads to the result,

o, _ 2+N

0 e—
—

s 3 (A4)
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For the materials examined ir this study N = 0.] and thus G, = 0.75
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APPENDIX II

PROBABILISTIC ASPECTS OF PARTICLE CRACKING

The probability ¢ that n cracked particles will be contiguour within a gauge

section volume ¥ is 11,12

O = fpn*-ll'.'. (V/RS) [1/2 - lllnp]-l (81)

The full gelution ; the fracture problem described by equations (9) and (B1) is
unwieldly. Physically insightful trends, suitable for present purposes, can be
clucidated by regarding P as relatively small (P < 0.2) and 1 as relatively large (r >

10), whereupon equation: (9) and (B1) combine to give;

AV sy Rl (s &
o B Sl

‘To facilitate application of this result, it is convenient to express it in terms of the

(B2)

stress dependence of the number of contiguous cracked particles, at a fixed

probability level; whereupon,

R3®
: FAY {—ln[(S/So)m RZ/AO]}
* log[(S/54)" R2/ A,

lo

(B3)
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The logarithmic dependence on the variables indicates that It js refatively Invariant
and can be regarded as approximately constant in equation (13).
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TABLE 1,

SUMMARY OF HARDNESS TESTS
VHN STANDARD
(MPa) DEVIATION (MPa)
Al alloy in 690 50
composite
Bulk Al 500 20
alloy

Ratio of VHIN (Composite/Bulk) = 1.38

19




Fig.1
Fig. 2

Fig.3
Fig. 4

Fig. 5
Fig. 6

Fig.7

Fig. 8

Fig.9

Fig. 10

Fig. 11

Fig. 12

A schematic diagram of the squeeze casting process.

Microstructures of as-cast composites conlaining SiC particulates, ()
160um and (b) 13 pm in size.

Effects of particle size on the compressive stress-strain behavior.

(a) Transverse section of a compressed specimen containing coarse SiC
particles. (b) Longitudinal section of a composite containing small
particles. Both specimens were subjected to a compressive strain of
3.5%. The compression axis is vertical in (b).

Tensile test specimen. Dimension are in mm.

Typleal tensile stress-strain curves for composites containing lurge and
small particles.

Effects of particle size on (a) ultimate strength and (b) ductility in
tenisile and flexure tests.

Fracture surfaces of composites cortaining (a) 160ptm and (b) 13gtm SiC
particulates. The large particles crack, whereas the smaller ones exhibit
both cracking and debonding. The fine dimples in (b) are a result of
particle-matrix debonding. (c¢) Crack propagation in a flexure specimen
of material containing 13pm particles , again showing both particle
cracking and debonding.

Typical nominal tensile stress-strain curves obtained from four-point
flexure tests.

Micrographs showing the propagation of particle cracking on the
tensile face of a flexural spedmen. (a) and (b) are identical regions at
nominal stresses of 120 and 270 MPa, respectively. The arrows in (b)
show cracks which were not present in (a). (c) An SEM view of the
tensile face immediately before fracture showing linking of particle
aacks.

A schematic diagram showing the stress-strain characteristics of a thin
metal layer sandwiched between rigid plates.

A diagram showing the effect of the volume fraction of cracked
particles, E, on the plastic flow behavior of a metal-matrix composite.

20




g3

A scheraatic diagram showing the evolution and coalescence of
dwmage during plastic straining of a particulate-reinforced composite.
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Fig. 3 Effects of particle size on the compressive stress-strain behavior.
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Fig. 4

(a) Transverse section of a compressed specimen containing coarse SiC
particles. (b) Longitudinal section of a composite containing small
particles. Both specimens were subjected to a compressive strain of
3.5%. The compression axis is vertical in (b).
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Fig.5 Tensile test specimen. Dimension are in mm.
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Fig. 8

Fracture surfaces of composites containing (a) 160pm and (b) 13pm SiC
particulates. The large particles crack, whereas the smaller ones exhibit
both cracking and debonding. The fine dimples in (b) are a result of
particle-matrix debonding. (c) Crack propagation in a flexure specimen
of material containing 13ptm particles , again showing both particle
cracking and debonding.
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Micrographs showing the propagation of particle cracking on the
tensile face of a flexural specimen. (a) and (b) are identical regions at
nominal stresses of 120 and 270 MPa, respectively. The arrows in (b)
show cracks which were not present in {a). (c) An SEM view of the
tensile face immediately before fracture showing linking of particle
cracks.
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Fig. 13 A schematic diagram showing the evolution and coalescence of
damage during plastic straining of a particulate-reinforced composite.
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I INTRODUCTION

Ceramies are typically capable of withstanding higher temperatures than
other materials. Hence, there is substantial interest in such materials for heat
engines [1,2], bearings (3], ctc. However, high temperature degradation
phenomena exist that influence performance and reliability. The important
degradation processes include: creep (4], creep rupture {5,6], flaw generation
(7). diminished toughness {8) and microstructural instability [9). The
fundamental principles associated with some of these degradation phenome.
na are reviewed, and prospects for counteracting the prevalent mechanisms
are discussed.

The strength of a seramic typically diminishes at ¢levated temperatures
(Fig. 1), initially owing to the diminished potency of toughening
mechanisms! (8] and subscquently, following the anset of creep {113, The

¥ Ceramic composites that eshibit notch nsensitivity at lower temperatures can also
experience & lemperature desendent transition to noich seanvity (10).
t

KNLRIONL, SUARCOWONITS 697 Copnadt © 199 by Acsdemnic Precs, Inc.
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degradation mechanisms that operate at the highest temperatures=—in the
creep regime—are emphasized in this article. A dominant microstructural
consideration with regard to clevated temperature behavior is the existence of
a graln boundary phase {9]. Such phases typically remain after liquid phase
sintering and, frequently, are amorphous and silicate-based. The second
phase constitutes a vehicic for rapid mass transport and dominates the ereep
(12], crecp rupture [13] and oxidation [9] properties, as well as the
microstructural stability. The grain size constitutes another important nicro-
structural parumeter, by virtue of its influence on the diffusion length and on
the path density. Amozphous phase and grain size effeets are thus emphasized
1n subsequent discussions of microstructural influences on high temperature
propestics.

The high temperature phenomenon that, in the broadest sense, hus
overwhelming practical significance? is the existence of a transition between
creep brittleness and creep ducrility [5,6] (Fig. 2a.b). Fracture in the creep
ducule regime occurs at farge strains (¢ 5 0.1, Fig. 2¢), in excess of allowable
strains in typical components. Consequeatly, when crecp ductile behavior
obtains creep rupture 15 not normally a limiting material property, The
current article thus emphasizes the material parameters that govern the
brittle-to-ductile transition. However, it is recognized that this transition may
not occur within a practical range in materials having undesirable micro-
structures. The emphasis regarding microstructural design would thus differ

3 Especaally for applicatioas that allow only limited dimensional changes dunng operation
such as engine components.
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from those presented in this article. Finally, some preliminacy remarks and
speculations regarding the influcnee of retnforcements, such as whiskers and
fibers, on the high temperature petformance are presented.

i, CreeP DUCTIUTY

The transition to ercep ductility represents, at the simplest level, a
competition between flow and {racture, and thus, occurs when the flow stress
becomes smaller than the stress needed to induce the unstable extension of
cracks (Fig. 22). At a more sophisticated level, it {3 necessary to specify the
flow and fracture characteristics, subject to the imposed loading. The flow in
fine-grained materials is supposedly governed by diffusional ereep and can
usually be represented by a viscosity [4]

e |
"™ B&1 + D.Z/D5 n

where ¢ is the grain size, D, is the lattice diffusivity, Q2 the atomic volume and
D§ is the difTusion parameter pertinent to either the grain boundary, D,é,, or
the grain boundary phase, D,5,. Some complicating effects oceur in very fine
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graiacd matenals, involuing nonlinearity at low steeiies [14]. Such effects are
Aot underitoad, but are preiumed (0 telate o 3tress dependent interface
hened phenamena (sueh 42 gr31a boundaty shding). Nonlineatities ate also
encountreied 1 liquad phaic aiateted iystems (13,16) agaia Ror reasons ndt
yet apparent,

The peetinent fractuee prodeiies sre mote comples. The fracture parameter
wemungly having the geeatest relevanee 1o the brttle-10-ductile traniiion i3
the threshold sizeis intensity, K, that dictates the oniet of ¢rack blunting (6]
tFrg. 1) Specrfically, at streds intensitics below Ky, ctack growth 15 prohie
bited, whereupon Srecp irctility 18 adaured (Fig, 2a) A conicevative enterion
for creep ductluty is thus obtained by applying the inequality

where u 13 the radius of the largest erack that cither pre-exists or may be
nuckated by heterogencous ercep, oxidation, ete., 3nd o, is the design stress.

Bevie
roeiute

-

in (a)

In (K}

k. 3. A chanalic illustrating the pencealised dependence of high tempersture crack growth
nale, &, on stress (ntaniity. &, Jhowing the differing regimes of crack growth,
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However, st 18 also recognized that the permissible creep strain ¢* muit not be
exeeeded within the lifetime, 1%, resalting in a second criterion,

L X h
45'-3—.— (3)

The snequalitics of Eqs. (2) a:ed (3) must be-2 be sattafied in order to agiute
adeguale ereep performance. Further progeess tius requires appreciation of
the crecp crack growth threshold, 33 weli ai an underitanding of the
dominant high tempetature flaws,

1n some materials. significant creep crack growth ii not encountercd before
the ductility traniition. For such materials, the critical 3tress intensity, K is.
presumed 10 be the relevant fraeture paramster, replacing K, in B, (31
Conscquently, K, at etevated temperatures is alio afforded conilderation.

M. CREEP CRACK GROWTH
& Creep Crack Growth Mechanisms

The basis for compeeherding creep crack growth mechanisms is the
character of the crack tip when diffusion operites, at elevated temperatures.
At such temperatures, chemical potentisl continuity and force equilibrium
are demanded at the crack tip [17]. Hence, since cracks are typically
intergranular at high temperutures (5,6,15) the crack tip must be partislly
blunt (Fig. 4) in order to satisly the equilibium relations [17),

hm 2,008y
Ym0y

where y is the dihedral angle, 7, and 7, are the grain boundary and surface
energies, respectively, Ng is the surface curvature at the crack tip and g, is the
normal stress on the grain boundary at the tip intersection. The resultant tip
configuration, as well as the correiponding crack tip field are very dilfferent
from those associated with the sharp cracks involved in brittle fracture,
Consequently, the conditions for extension of the crack cannot be readily
related 10 the ambient [racture toughness. Instead, the crack growth mechan.
isms involve the removal of material from the crack tip region (by diffusion or
viscous flow), resuiting in the creation of new crack surface, Two categories of
such mechanisms typically dominate: direct extension mechanisms thet entail
matter transport over rslatively large distances (17,18] (Fig. 4a), and damuge
mechanisms that involve small scale mass transport within a zone directly

)
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b} Lomoge Mechaniem of Cnt‘n}&-‘\

b & Khematx Bustnating the Rt mdcpipaiogy ard the mass Aurer sccompanying
Intetgranular high feedesatiozg Croep Crck promidy, 787 direct exteziion mechannan, (b] damsge
mechatiun . !

ahead of the erack tip [9, 20] (Fig. 4bj. However, the mechanistic detals are
scagitive (O various aspects of the miceostruciure,

Creep erack growth rates in ceramis that exhibit Newtontan behavior
typically satsfy the non-dimensional form:

Kiga /L = F(M) (5)

vhere L i3 3 charactristic Jength for grain boundary diffusion, and F is a
funciion of «anious microstructural features, such as grain size and cavity
spacing. T,pucally, Both ¢ and L depend on crack velocity, resulting in
non-linear crack prowth rates

4 m Aot KK 0)

where dg and n 2re material sensitive sheftivents. In particular, the magnitude
of n depends sensitively on the dominant inechahism and the choice of
boundary conditions. Sclection of conditions that pertain to the aciual crack
growth problem ofintecest is thus a crucial aspect of corparing crack growth
measurements with predictions.

In some materials, especially those contaiming amorphous phases, intact
licaments of amorphous material remain behind the ceack tip (16] (Fig. 5}
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b So Amorphous ligaments behind the crack up, (a) ebseevationt fuz AL O, S0,

These ligaments enforee crack surface tractions that reduce the tip K and
thus impede crack growth, Such wake cffects need to be incorparated into
generalized models of ereep crack growth, Some of the relevant models and
the associated conditions are described below.

1. Darer Extinoon ACHANS WS

Direct crack extension involves the mass flow depicted in Fig. 4a. The flux
within the crack is directed toward the tip, while the local grain boundary flux
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nonhinear function of K, due 1o the nonlincar relation between erack veloeity
and the predominant diffusion kngths (e, L in Eq. (3)).

Operation of the above mechanism in polycrystals 18 resteicted by the
ability of cracks 10 circumvent grain junctions. Specifically, when the craek
doct not contain a wetting fuld, the dihedral angle, ¥, i3 large, and
subitantial masx Aow 13 needed 10 achieve crack extension 32ross a grain
junction. Consequently, only the selatively narrow cracks that arc obtained
at higher velocities extend by this mechanmiim, Hawever, when 3 wetting flud
i located in the crack, (W — 0 or 5, = 7\, 2), the ¢rack can remain us u narrow
entity {18), even at low velocities, and extend beyond the grain junction, For
this reason, 3 wetting Auid may be regarded as a prime source of high
temperature streis corrosion,

Matcrials that contain a continuous amorphous phase may be subject to
an asliernative direct erack advance mechamim [13]). In this instance, an
amorphous phase memiscus at the erack p (Fig. 6) simply extends along the
grain boundary, causing the erack 1o grow, and leaving amorphous matenal
on the cruck surface. Analysis of this proecss has been conducted subject 1o
the conditions: the amorphous phase is thin, the grain displacements are
diseretized by the sliding of grain boundaries ahead 1o the crack and such
displacements are accommodated by viscous creep of the surrounding solid.
Then, crack growth is highly constrained and the crack growth rate has the
form [13]

KD,
™ TPIG G =) @)

where § is now the amorphous phase thickness (the subscripts 0 and ¢ refer,
tespectively 1o the initial value and the value when the graing at the crack tip
separate). Unfortunately, it 15 not possible to compare Eq. (9) with Eg. (8),
because of the very different matcrial responses used to derive the results,

he. b A mechanism o creep ceack growth in malerials that contain a thin amorphous grain
boundary phase,
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nonhincar function of K, due 10 the nonlinear eclation between criack veloaity
and the predoninant diffusion lengths feg. Lin Bq.09)

Operation of the above mechanism in polyerystals o resteicted by the
ability of cracks (0 eircutnvent gram juncuons. Speasfically, when the crack
docs not contain a wetung Mwid, the dihedral angle, ¥, is large, and
substantial mass Mow 13 necded to achieve crack exteasion 3cross 4 grin
juncuon. Conscquently, only the selatively nacrow cracks that are obtaned
at higher veloeites extend by this mechanism. However, when a wetting flid
is located in the crack, (@ = Qor 5, = 5\ 2) the erack eun remain us u pagrow
cntty (18], even at low velocities, and extznd beyand the grain junction. For
this reagon, a wetting fuid may be regarded as a prime soutee of high
temperture stress corrosion.

Materials that contain a continuous amasphous phase may be subject 0
an alteenative direct erack advance mechamsm [13] In this instanee, an
amurphious phitse mentseus at the erack bip tFg. &) sinply extends along the
gran boundary, causing the erack 1o grow, and leasing amarphous maienal
on the crack surface. Analysis of this process has been conducted subect to
the conditions: the amorphous phase 13 thin, the grain displacements are
diseretized by the sliding of grain boundancs ahead to the erack and such
displacements are accommodated by viscous creep of the sucrounding sohd.
Then, erack growth is highly constrained and the crack growth rate has the
form [13)]

Ko,Q
B v opcrmms——
KT¢*P(8486 = 1)
where J is now the amorphous phase thickness (the subscripts 0 and ¢ refer,
respectively to the initial value and the value when the grains at the erack tip

separate). Unfortunately, it 15 not possible to compare Eq. (9) with Eq. (3),
because of the very different material responses used 1o derive the results.

d 9

Menistus

Gesln

fic. 6. A mechanism of cseep crack growth in matenals that contain a thin amorphous grain
boundary phase.
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Gromn Goundories
e 7. A schematic sttusteating the dam:'c mechanism of crack growih,

Nevertheless, it is noteworthy that the erack velocity in Eq. (9) is insensitive
to the thickness of the sccond phase, §q, but strongly dependent on grain size.

2. Dasuet Aycransvig

The prevalant mechanism of damage enhanced crack growth involves the
nuclestion and growth of cavities on grain boundaries in 2 damage zone
ahead of the erack [19,20] (Fig. 7). The stress on the damage zone motivates
growth of the cavities, once nucleated. Consequently, the crack progresses
when the damage coalesces on those grain facets continuous with the crack.
The growth of the cavities in the damage zone generally causes dispincements
that modify the stress field ahead of the crack [20] (c.f. Fig. 4a). Determina-
tion of the crack growth rates thus requires solution of simultancous relations
for the cavity growth rate (as determined by the resultant normal stress) and
the stresses (as dictated by the displacements induced by cavity growth). Such
calculations have been conducted for a viseous solid [13,20]. Then, when the
damage zone is large (such that damage growth is selatively unconstrained)
the steady-state crack growsh rate has the form

. K,
d"k_-‘T__’T('(ul) (10)
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where 4 is the spacing between cavities in the damage zone. Noninear
behavior would be obtained if 2/2 were dependent on crack velocity. Zone
size effects also emerge, and afeet the linearity, when the zone size becomes
small {13).

Comparison of the above erack growth rate predictions with data has been
achieved by using independent measurements of 2 and of the damage zone
size obtained, on failed specimens [21] (Fig. 8). However, a full predictive
capability does not exist, because there is no fundamental understanding of
the effects of microstrueture on 4, Nevertheless, certain important trends are
apparent, In particular, the importance of the grain size, diffusivity and cavity
spacing appear explicitly and have the expected inflience on crack growth
rates. When an amophous phase is present [20], the velocity increases by //8,
as well as by the increase in diffusivity (D,/D,).

3. Micransat Reaves

Various observations and predictions suggest that the direct extension and
damage mechanism have differing realms of dominance. Observations of
failed specimens [21] have revealed that cavitation damage exists on the
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0c. 9. The lracture sutface morphology accompanying creep crack growth in Al O, (3)
slow growth rates (4 X 10°* ms*!) indicating cavitation damage, (b) rapid propagation
(45 10°* ms™") revealing featureless grain boundary facets,

fracturs sutface in the region of slow crack growth (Fig. 92). By contrast,
rapid propagation is accompanied by a facetted fracture surface (Fig. 9b).
Such observaticns clearly suggest the prevalence of damage mechanisms at
the lower crack velocities. Crack growth models predict similar features (Fig.
3), because the direct extension mechanisms have a larger n [Eq. (6)], owing
to additional velocity dependent parameters (notably, the crack width), This
separation of the regimes of relevance has significant implications for two
features of the fracture process: the crack growth threshold, Ky, and the
critical stress intensity factor, K., as discussed in the subsequent sections.
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3 Eitet oF LcavisTs

When mtact hgaments remutn behind the erack tip, they exert forees on the
crack surface that tend to reduce the tip K und thus diminigh the ercep crack
growth rate. The general trends can be conceived from a simplified analysis,
depicted in Fig. §, based on ohscrvations by Wiederhorn et al. [15,16]). The
tntact regions exert tractions that depend on the sine, ¢, and viseosity, i, of
the ligament material. The corresponding opening rate of the crack surface s
governed by the viscosity i of the body and the resultant tp K. Hence, by
ubilizing a Dugdale analysis, it can be readily demonstrated that the changein
K provided by the intact ligaments has the form,

AK m = () (panhnd PRV 2334 (n

where d is the spacing between ligameats and J is a constant = 0.1, Then, the
crack growth rate may be related to the applied K, by combining Eqs. (6) and
(1) within

Ke.m K+ AKX (2
to give the relation

1
K, =gl 5{(;"; + QU+ 3n3e ‘%‘:T- HO R CR0) .19 et i (13
o o

The ligaments thus introduce a complex dependence between crack growth
rate and stress intensity. Furthermore, strong effects on erack growth rate of
the viscosity of the ligament material and ligament sinc and spacing are
apparent. Ligament effects may be of considerable importance in the near
threshold region and thus, some understanding of how ligaments form is
regarded as an important topic for future research,

B. The Threshold Stress Intensity

The considerations of the preceding sections reveal that the threshold
represents o process that intervenes while crack growth is occurring by a
damage mechanism (Fig. 3). It thus scems appropsiate to regard the
threshold as a stress intensity level that inhibits the nucleation of damage in
the crack tip region [22). For a viscoelastic solid, typical of most ceramics,
damage inhibition would require that the elastic stress on the first grain
boundary facet {as modified by grain boundary sliding, at the crack tip) be
less than a *critical" stress for cavity aucleation. Indeed, considerations of
cavity nucleation rates [22] indicate thut cruck growth can be nulceation
limited (Fig. 10), resulting in a relatively abrupt decrease in the crack giowth
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fic, 10, Predictod erack growth rates when 3 damage auclestion step i incorporated,
revealing an abrupt change in behavior, at 3 "threshold® stress intensity, Ky

rate. A nucleation limited threshold thus seems plausible, with the threshold
occurring at a stress intensity
ka2 g &
W= auy (v) (l4a)
where, F(¢) = 2'3(8773)"3 [2-3 cos ¢ + cos® ¥]'2, or in the presence of an
amorphous phase,

K = /150 (14b)

This predicted threshold is larger than values observed experimentally
{probably because of additional stresses induced by grain boundary sliding
transients) [22]. Nevertheless, general trends in K,, with grain size and
sutface energy appear to be in accordance with the limited theeshold data
available in the literature. Specifically, the threshold is anparently lower in
maierials having a fine grain size? and in the presence of 2n amorphous phase

3 However, 11 15 cautioned that the effect of grain s72c on viscosity introduces some subjectivity
into the interpretation of gran size trends,




m . A G EVANS ARD B3 DALGLUSH

that both reduces the sutface energy pertinent to damage nucleation, and
al&o,ws an increase in the characterstic nuclcation dimension (g replaces,
04y,

Compasison of Eq. (14) with Eq. (2) reveals the explicit influenee on the
ducule-to-brittle transition of such parameters as the grain stze, diffusivty,
surface enerpy, dilicdral angle, and amorphous phase content. In particular,
amorphous phases substantially reduce K, and thus cncourage crecp
brittleness [13,22]. The major remaining uncertainty is the flow size, a. High
tempetsture flaws are discussed in the following sections.

C. The Critical Stress Intensity

The preceding discussion of mechamism regimes suggests that unstable
crack growth by bond rupture is most likely to inteevenc while ereep crack
growth 15 proceeding by a direet extenston mechanism. However, the
criterion that dictates the transition is unknown. Furthermore, in most
ccramic matcerials, high temperature stable, slow crack growth may oceur at
stress intensitics substantially-in exeess of the ambient K,, as tlustrated in
Fig. 3 (16.25). This phenomenon reflects the *blunt® character of the crack tip,
during ereep crack growth, as clucidated in Section HLA.

Recognition that dircet ercep crack extension processes are accompanied
by a peak tensile stress, ¢ at a distance x, ahead of the erack tip (Fig. 4a)
suggests two plausible criteria for the transition to brittle propagation. Either
o exeeeds the stress needed 1o nucleate a brittle crack at 2, or 2 diminishes to
the atomic dimension. Both criteria give a peak stress intensity, R, in excess of
the ambient X, (Fig. 3). in qualitative accordance with the previously stated
measurements of crecp crack growth, The quantity R would represent the
*critical stress intensity factor’ measured using the usual fracture mechanics
techniques,

1V. HIGH TEMPERATURE FLAWS

Observations of fracture origins and of faw initiation sites at high
temperature are less prevalent than those available at lower temperatures,
Nevertheless, present evidence [5,6] strongly infers that the predominant
high temperature flaws are generally different than the flaws that dominate
the ambicnt mechanical strength. In particular, flaws are frequently found to
originate at various chemical and microstructural heterogeneities (Fig. 11), as
summarized in Table 1. Such regions evolve into flaws, cither because local
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e, 11, Scanning clectron microgeaphs of typical high temperatures faws,

TABLE {

OniGins of Hign Temeeratuae Fuaws
Hhigh Temperature Flaw Material
Large Grained ALOMEO
Reglon $C/B
Amorphous Zone ALOMO

SiC/8
Machining Flaw SiyN, (all alloys)
SiC (all alloys)
AL O, (all alloys)
Oxidation Pit SiyN, (sll alloys)
*Blocky" Heterogeneity AlL0,/Si0,
St )NJ.\([O
Chemical Keterogenaity  ALIO/MEOMNIO
SiC’A1,0,

713




14 A €5 EVANS AND K. J DALGLEISH

1%
P 2
Mylpepserety
[y \0“-‘
— —
F)
———-—— ‘S
I .- Resuitant
io,
2
-
) T Ry 2y Duttiatyl
[N -
\ 'I N
N -
< X (Applied Fleld)
ey
AN
’ ~
’ S
S KpltecatFieldy  “~o
/

3 |- R
bie. 12 Trends in strets intensity with eeack kength, incotporating the focal (residual) tetem,

Ky and the applied term, K. revealing the cxistence of 2 minimum K. Creep ductduy 1
sttured when K. € K,

strain concentrations result from viscosity differentials, oxidation strains, cte,,
or because phases are formed that locally degrade the creep crack growth
resis.ance. In cither case, the zone of influence is typically of the order of the
heterogencity size, resulting in flaws that scale with the heterogencity
diameter [6).

“While tk> quantitative understanding of high temperature flaws is lacking,
it is deemed useful to present some results that have relevance to flaw
jormaticn and initial growth. In particular, it is noted that stress concentra.
tion effects can be estimated from elastic solutions, by replacing the shear
moduli with the equivalent viscosities, Furthermore, it is noted that the
important flaw problems usually involve two stress intensities: a localized
value, Ky, associated with the concentrated stress around the heterogeneity
and an applied value K, (cf. indentation fracture) [25). Typically, these
stress intensities have opposing trends with crack length, resulting in a
minimum, K,, (Fig. 12). When this situation is obtained, creep ductility can
be assured, by requiring that K, < K,,. Explicit expressions for creep
ductility can thereby be derived,

Of particular interest are planar, low viscosity faults [16]. Such faults,
when inclined to the imposed tension, cause the sliding of rclatively large
*blocks® of material resulling in values of K, of order,

Koo /d (15)
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where ¢, {5 the shear stress along the fault and 2o v the legth of the fault.
Henee, ercep ductility 15 assured when,

rowlid

ey b 4

) 6

Qi > Foyy (e

This inequality constitutes a conservative ductiinty eriterion, because stress
relaxation by local mass transport reduces thy stress at the fault tp and
climinates the singularity (.. Fig. 4a). The maximum strés  then varies with
time 1, after the sliding svent, a3 (23]

- 4“ - \':)k' 16
O ™ T4/ —ro.-:s:ﬁ";{] (17)

Consequently, large values of the diffusivity and slow sliding rates ean reduee
the local stress and may result in peak stresses less than the enitieal level
needed to nucleate Naws. Such eficets may be used, advantageously, to
encousage creep ductihity.

Oxidation induced Naws have various mamfestations, depending on the
nature of the heterageneity having the greatest suseeptibilty to oxide
formation. The Naws may cither form externally, as pesturbations on the
surfuce oxide [26], or internally. Such oxidation sites usually evolve into high
temperature flaws because of the residual stresses associated with the
oxidation strain-rate, (¢). Crack formation at sites of local dilatation In a
viscous solid is accompanied by a residual stress intensity,

Kp = 3 /R nb¥(e77a%?) (18)

where b is the radius of the oxidation zene. Hence, by superimposing the
stress intensity associated with the design stress

Ko = (2/m0sfa (19)

K, may be evaluated, Then, by setting K,, > K. the following creep
ductility criterion results,

% 21b 4
e @

where ¢ = 3. The trends associated with the important material parameters
(7, &7, n ) are clearly prescribed by this result. In particular, a critical size of
oxidation prone defect can be defined, such that, ductility is assured if,

/i
bz‘?{%’c%ﬁ @
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V. CERAMIC COMPOSITES
A Creep Rasen

Ceramic compotites typically consist of a creep susceptible matrix and
creep redistant reinforcements [27). For this case, the croep chardcteristics
depend on the relative dimensions of the whiskers and the grains. When the
whiskers are relatively large und have a width, w 5 7, the matrix behaves ai a
continunm, Then, the stcady-state ereep rate of the composite has the sume
stress dependence as the matrix, but deviates from the matrix creep rate by »
fixed multiple w, that depends on the creep resistance, volume fraction, and
shape of the reinforcement, as well o the shear resistance of the interface, For
 linearly viscous matrix, the magnitude of vy can be obtained from composite
elastie modulus solutions, by replacing the shear modulus with the viscosity.
Typica trends arellustrated in Fig, 13 for candomly oriented, rigid whiskers
(28] having u shear resistaal interfuce, Similar values of w would obtain for,
n 2 2, typicul of most ceramics.

When the interface has a relatively low viscosity compared with that of the
matsix, the magnitude of w diminishes. Such behavior is expected to be
typical of many reinforced ceramics, due o the tendency to form thin
amorphous phases at the interface [29]. Sliding at the interface clearly
enhances the creep rate, by means of a change in w. However, sliding may

g 08
Y
3
i
0
02
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1
] [X) 0z 03
Volume Fraction Whishers,

#c. 1), Predicted trendi in creep rale with volume [raction of long aspect ratio whiskers,
according 1o 2 contisuum model.
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also induce stress concentrations that result in erecp damage snd 2 vonse-
quent acceleration of the ereep rate, In particular, the component of the stress
resolved along the major axis causes stress conzentrations at the tip of the
reinforcement, that may nueleate cavities. The reanforeement then becomes
partially inclfectunl as & creep inhibiter.

When the fiber width is small, w < 7, 1 continuum description is inappro-
pnate. Then, the role of the whisker is to inhibit 3rain boundary sliding, as
sketched in Fig. 14, Sliding occurs at a rate dictated by the transport of
matter from one side of the whisker to the other, through the amorphous
interphase, Simple analysis indicates that this process can be charaeterized by
a viscosity

- kTw’{
= b

Comparison of Eq. (22) with Eq. (1) reveals that, since w < £ and D§ for the
amorphous phase is expected to be larger than that for the grain boundary,
smal] whiskers should not exert a significant influence on the creep rate.

A comparison of the preceding predictions with creep data obtained for
Al 0, reinforced with SiC whiskers reveals several features of interest (Fig.
15). In particular, the composite creep rate data have a different slope than
the matrix data and hencs, the results deviate from the continuum prediction
for a composite containing stiff, bonded whiskers. Anather disparity between
experiment and theory is the relatively low creep rate achieved by the
composite, at law stresses, Such low creep rates (small w) are not predicted
from composite theory. One explanation of the disparity is that the dilfusivity
and grain boundary sliding rate are affected by the chemical changes that




21 HRA Temperss, smee of Cetamics und Cerdmis Composites 79

not well understoad. Futther uncerstanding of this phenomenon should thus
be a prionity for futuce rescirch on high tempetature reliability.

Modcls of creep crack growth have limited appleability because, 1a most
caxes, the matcnial response conmdered 1n the models docs not conende with
the behavior of typical ceramic polyeryitals. A substantial need thus exiits ot
the derelopment of models that incorparate both the viscoelaitic character of
the ceramic and speific microstruciucal events (such as localized prain
boundary sliding).

High emperature flaws in ceramics, in many instances, differ from the
flaws that control brittle falluce at ambient temperatures, Some understand-
ing of these Maws iz beginning 10 emerge. However, a sysiematic attempi
should be mace to locate and unalyze the flaws having the major influence on
creep rupture, in the creep brittle range.

Finally, it is noted that certain ceramic composites have interesting high
temperature characteristics, such as creep and ceeep rupture restitance, Little
15 known about these materisls, suggesting the need for systemanc investigas
uon.
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Brittie-to-Ductiie Transition in Silicon Carbide
Geoffray H. Compbell,” Brion J, Dolgleish,” ond Anthony G. Evans®

Matedals Depodment, Cotiege of Enqs::ﬂinq. Universily of

Obeeryations of the microstructure and creep behavior of two
commerical silicon cardides are presenied. A combination of
fechniques has been used 1o characterize the microstructures.
Sequential creep rupture testing has been carcled out and
scanning cleciron microscopy used o observe creep-crack
propagation nud camage development. Nasic theory for stress
fields and creep rates sreund a crack tip Js related to the ob-
seeved brittle-to-ductile iraneition In these malerisle. Analogy
with the brittle-to-ductiie transitior. In steels ks made and used
o laterpret the prosent obsecvatlons, [Key words: siiicon car-
bide, mechanical prepatties, creep, microstructure, cracks.)

L Introduction

Tma high-tempersture failure of ceramics has been shown o
involve two predominant regimes: rupiure at Aigh siress
occurring by the extension of preexisting cracks and fowssiress
fractures that occue by damage accumelation (Fig, 1). The transie
tion between regimes coincides with a relatively abrupt change in
upture strain (Fig, 1) and is accompanied by the creep blunting
of peeexisting Naws.' Some aspects of the blunting teansition
have been studied for various A1;0,." SIC.™ and ST)N," mate-
rials. However, presemt understending of this vitally important
aspect of creep rupture is still speculative, The prevalent specula-
tion is that blusting occurs when the stress and displacement field
shead of the crack reduces below 2 theeshold value, &t which the
aucleation of a crack-tip damage zone {1.c.. cavities at grain

K. T. Fabar — comnibbuting eduor

l*\:miu?k. 198882, Received Seprembur 21, 1944; spproved Decermber 20,
“Member, Americ:
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Fig. 1. Schematic of stress versus fatlure time for alu-

mina at high temperature indicating crack growth and
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boundarics andror in a s phases) 15 suppressed, resulting
in a theeshold stress intensity, K.

At stress antensitics below K, ruptute occurs by damage weeu.
mulatton. For ALO). fadure in this damage-contrulled regime
has been shown 10 occut by the growth and coalescence of shear
bands that nucleate ot lange microstructural and chemical hetero-
geneities within the material.”® However, when such damage

mechanisms are suppeessed, by having suprior microstrctural )

and chemical homogeneiy, recent rescarch on 2:0," (TZP) and
ALO,/2rOs composites'™ " indicates that the material then bes
comes superplastic,

The sbrupt change in rupture behavior around the blunting
threshold can be regarded as a transition from creep brittleness to
¢reep ductility. The rupture characteristics thereby exhibit a
strainsrate-dependent transition temperature, T, Below T, the
matenal fails 3t small straing, by crack growth from peeexisting
flaws, Abave T), creep ductility obtaing with (ailure proceeding
by damage mechanisms,

The Intent of the present tesearch is to cxamine aspects of the
:“iulm-dﬂc transition for two SiC maxcﬁasl;;: needed (0 fu;

ratand this impoctant phenomenon, prioc researc

on SiC™" has provided indirect evidence of a blunting threshold
that varies with tempesature, microstructure, and environment,
This research has also su that both the threshold and the
creep-<crack growth rate sbove the threshold are dominated by the
presence and the characteristics of amorphous grain-boundary
phases that either preexist or are formed by exposure to oxidizing
environments. Specifically, low viscosity and low surface energy
amorphous phases sccelerate the crack growth and reduce the
relative blunting threshold, K /K, as also established for vatious
ALO,™ and Si)N." materials. The present rescarch [s thus per-
formed in an inert ervironment in an sttempt 10 preserve the ini-
tial phase characteristics during testing.

An impoctant constituent of the current research is the thor-
ough characterization of the materials and the direct observation
of crack blunting and of damage. These aspects of the research
are presented first, followed by measurements of mechanical be-
havior and then interpretation of the beittle-to-ductile transition.

II. Experimental Procedure
(1) Materials and Procedures

One silicon carbide' was manufactured™ by mixing 2 fine,
high-purity silicon carbide powder with 0.5 10 5 wt% aluminum
in a ball mill, using cobalt-bonded tungsten carbide grinding
media, and hot-pressed at 2075°C and 18 MPa. The other ma-
terinl' was sintered &-SiC containing boron and exs<css carbon as
sintering aids."

The surfaces subject to examination were first mechanically
polished. The polishing procedure began with 15-um diamond
paste on glass, reduced to 9 um and then 6 um, the latter on a
lapping wheel. Polishing was completed with 1-um diamond
paste on a vibration polisher, Several specimens were thermally
treated to highlight grain boundaries prior to examination. Treat-
ments were conducted under vacuum or in an argon atmosphere.
Temperatures ranged from 1300° to 1600°C and times from 15 to
45 min,

oy “Gamneg sy} wemsvary 2gp ke pind @ shwlday
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Chemical analysis wes performed to Jetermine the total doron,
silicon, carbon, aid oxygen contents. For doron analysis. sam-.
ples were crushed and the boron leached out into an acid solus
tton. This solution was then plasma-hested and the photon
intensitics characteristic of boron determined, The silicon content
was determined by fusing. The resultant glass was digsolved in a
hydrochleric acid solution and the silicon eviluated using atomic
absorption. The carbon content was Jetermingd by fusing with an
oxidant to evolve carbon dioxide. The carbon dioxide content
was then analyzed using a coulometer and 2 carhonate standard.
Finally, the oxygen content ‘was determined by neutron activation
analysis. Other impurities were identificd using semiquantitative
spectrostopic procedures,

A microprobe was used (o determine the compasition of secs
ond-phase impuritics from X-ray spectra and maps. The scanning
clectron microscope (SEM) was used to obtain tnformation about
porosity and carbon inclusions: the former ot uncoated, mechanis
cally polished surfaces and the laiter on gold-coated fracture sur-
{aces. Transmission clectron microscopy (TEM) was used (o
cxamine grain-boundary phases, emplaying both light. and derk.
field techniques. Electron energy 10ss spectroscopy also identis
fied the principal second phases.

(2) Microstructure

(A) Her-ressed Silicon Carbide:  Specimens having a light
thermal ek -bserved in the optical microscope revealed a grain
size of ubost «.5 jtm, The chemical analysis (Table 1} indicated
appreciable uxygen, aluminum, tungsten, and cobalt, The tung-
sten and cebalt were presumably introduced by the cobalt-bonded
tungsten carbide grinding media used to mix the initial powders,
Microprobe analysis confirmed appreciable quantities of second

s, Backscattered clectron images and related X-nay specta
identified silicides having variable composition, Some of these
are tungsten silicide while others are a mixture of tungsten,
cobalt, and iron silicides. Attempts to image a grain-boundary
phase In the TEM were unsuccessful, indicating that amorphous
phases, if present, must be less than ~0.5 nm in width.

(8) Sintered Silicon Carbide: Optical observations of ther-
mally ctched specimens revealed a grain size of about 10 um,
Chemical analysis (Table [) Indicated few impurities, However,
residual carbon is implied. Specifizally, by assuming that all the
silicon and boron present are in the form of carbides, the residual
carbon content can be estimated at 0.8 wi%. This estimate is con-
firmed by TEM, which reveals graphite inclusions (Fig. 2(A)).
The graphitic structure is confirmed by the near-edge (ine struc-
ture of the electron energy loss spectrum (Fig. 2(B)). The graph-
ite is also well delincated on fracture faces (Fig. 2(C)).

(3) Toughmess Measurements

Fouc-point flexure beams (3 by 3 by 30 mm) were indented
on the tensile surface, with a 200-N Knoop indent, such that the
long axis of the indenter was oriented perpendicular to the
applied stress axis. The indent created a semicircular crack hav-
ing 125- to 150-um radius. The residual stress was removed by
surface polishing. The edges of the tensile surface were also bev-
eled to remove flaws that might cause premature failure,

Table I. Material Composition

Majot impunties

Maseriel
{quantitative composition)

{semiquantitstive)

Hot-pressed SiC 1.50 wi% Al
29.84 wi% C 2.50 mi% W

64.89 wi% Si 0.10 wi% Co
50 ppm B 0.10 wi% Fe
1.70 % O

Sintered a-Sic 0.18 w1% Al

30.50 wt% C 0.07 wt% Ca

69.40 wt% Si 0.06 w1% Cu
0.15w% B 0.16 wt% Fe
0.23 wt% O
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Fig. 2. (A) Transmission clectron

of sintered silicon carbide
showing graphite inclusion, (B) Electron encrgy loss spectrum from
inclusion with graphitic structure confirmed by near-edge fine struc-
gur?. (C) Scanning electron micrograph of fracture surface with graphite
inclusion.
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Table I1.  Fracture Toughneas 28 8 Function of Temperature
K (MPa e m*Y) T
E; Siwend 3IC Heot:pressed 3iC s
RT 27 39
}g 27 X ..L
1600 17 34 O on=2> 1
1700 2.9 26 1
1800 27 Ex107Ts"t | En10"ds
‘Resm mporeture. :
t
t

The fracture toughiness was determined as 3 function of
temperature by using indented beams tested 3t a sirain rate of
6 X 107 371, ‘The Initis] flaw size due 1o the indent was meas.
ured on the fracture surface in the SEM after testing, The critical
stress imencity (actor was determined using the relation™

K = (2/V¥)a;Va M

where oy is the fraciire stress aad ¢ is the flaw radius,

The results (Table {1} show that the simtered material has a tem-
peraturesinsensitive toughness. The hot-pressed matesial has a
somewhat higher room-lemperature toughness, but the toughness
dimnishes at higher lemperature 0 a level comparable to that of
the sintered matetial,

(4) Deformation Measurements

Crecep tests were performed at 1600* 10 1300°C in an argon at
mospherc and & constant displacement rates of 107" ta 10™° m/s
and the “steady-sate™ creep properties charscterized by

te = ifou/ad’ )

where &, Is the strain fate and o, the siress in steady state, nt is
the creep exponent, and &y and o are constants, The steady-state
stress on the tensile surface was estimated using"

oo ML= DR+ o
o bh? I

where L Is the outer span in four-point bending, [ is the inner
span, P, is the steady-state load, & [s the thickness, and & is the
height. The use of Eq. (3) s justified by the absence of notice-
able creep damage (see Fig. 8) and, hence, of obvious asym-
metry in creep between tension and compression. Sequential
testing was used in some cases, with SEM examinations con-
ducted between each lteration, The evolution of damage and the
behavior of indentation Nlaws could thereby be established. At the

€

Fig. ). Schematic strest=strain curve (or tests used 1o evaluate creep
damage. The sudden increase In strain rate 3t a cerwala Jevel of sttain
Causes the specimen to fracture &t an Overstress dv.

conclusion of sequential testing, the beams were fractured cither
by testing rapidly to failure (Fig. 3) or by cooling under stress
to room temperature and then loading to failure, The material
dircctly in front of the crack tip waz then examined for damage in
the SEM and a nominal toughness ascertained.

The testing revealed an abrupt transition from beittle to ductile
behavite (Fig. 4) such that, In the ductile region, the strain on the
tensile surface exceeded 10% without failure, Extensive creep
ductility in SiC has slso beea noted in 2 previous study.™ At
strain rates of ~1077 57!, the transition for the hot-pressed ma-
terisl occusmed between 1650° and 1700°C. and (or the sintercd
material it occurred between 1750° and 1800°C. In the ductile
range, the creep exponent of the Lot-pressed silicon carbide was
2.3, and that for the sintered silicon carbide was 1.7. These
values are in the range expected for superplastic behavior.™!
cgn“smem with the extensive ductility observed above the transi-
{ 3
Above the transition temperature, precracks In the sintered
material exhibited blunting and opening without growth (Fig. 5).
such that the crack-ip opening b increased substantially with
strain (Fig. 6). The blunting exhibits a functional dependance on
strain (see Eq. (12a)): bfa ~ £ (Fig, 7). Furthermore, damage
is evident In the vicinity of the blunt tip in the form of cavities
that seemingly initiated st graphite inclusions (Fig. 8). These
cavities are typically 1 s in diameter, essentially independent
of the creep strain. [n the hot-pressed material, some slow crack
growth occurred. Appreciable damage was also detected in a
crack-tip zone (Fig. 9) consisting of lenticular-shaped facet cav-

(A) Sintered a-SiC (8) Hot-Pressed SiC

o e 1800° C et R 1700° €

[\ (]

$ $ -
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tative stress-strain curves illustrating the change in behavior of both materials over a small temperature

. 4. Represen
En‘;e: (A) sintered, (B) hot-pressed.
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kics typical of those apparent durisg crrep-crack growth.i* The
lacidence of slow erack growth caused the crack profile 1o evolve
with complex yeometry, and thus blunting messurements compa-
rable 10 those obtained for the sintered material (Fig. 6) could not
be obtained. Consequently, the study of biuating effects is re-
stricted to the measurements cixained on the sintered materdal.

Specimens of the sintered material tested at room temperature
afiec exposure 10 steady-state conditions 3¢ high temperature (0
cause crack blunting gave nominal toughnesses Ky larger than the
sharp-crck toughaess (Table itl). Specimens tested rapidly to
failure ot temperature after steady-state creep also gave a rela.
tively high nominal toughness, Furthermere, the toughness sys-
tematically increased with increase In creep strain and, hence.
crack-tip opening, b (Tadle 1),

Il Some Baske Mechanies

Stationary cracks [n a body subject 10 stesdy-staic creep gencr-
ate displacernent and strain fickds directly analogous to the corre-
sponding nonlinear hardening solutions.”? The crack-tip stresses
outside the blunting region in plane strain have the singular form™
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Fig. 5. Scanning eiectron micrograph of indentation crack in
sintered material tested sbove the transition temperature,
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where C* is the loading parameiey, £ Is the Pichie ton v
crack tip, and [ and &, are nondimensional coalTiclonts tabn et
by Hutchinson.™ Then, by noting that. Wor a surfae k™

C* m g, b0k, 5
where A, is a constant, Eq. (4) becomes

E! (,h_ﬁ Lganiy )

. ™ ‘l’) d-' )]

Al the erack tip. blunting occurs, and the atirases vt foaai'; re-
duced below the value predicted by Eq. (6). A pese “in$s 06 e
at 7 values of | 10 2 times b.™ However, the peak i substanttally
influenced by the shape of the blunting crack tip. Some saluticie

Fig. 6. Crack tip in sintered matsrial tested above the transition
temperature exhibiting blunting and opening with no propagation:
(A) e = 3.5%, (B) ¢ = 6%, (C) ¢ = 8.5%.
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foe self-similar shapes are first summanzed, followed by approxi-
mate results that may apply when the blunting morphology
changes (Fig, 6).

When the material shead of the crack can be represented by a
continuum coastitutive law, the {ollowing expressions obtain:™

&loy = Eln) (1a)
b = 0.55C*/o; )

where £ Is a function of the creep exponent only, & is the
peak value of o,, and oy is the flow stress at a strain rate of
1/(n + 1), Inserting C* from Eq. (5) into Eq. (7D) then gives,
{oc steady state

bla = 0.55h,(n + 1)"™Ee, 8

where ¢, Is the imposed creep strain, The crack opening is thus
predicted (o vary linearly with strain, This prediction s at vadi-
ance with measuresnents (Fig. 7). The disparity arises because
the erack-tip blunting does not deveiop with & sell-similar shape,
probably because of discrete grain-size effects that obtsin at small
b (Fig. 6). When self-simiiarity {s violsted, the coefficient £ in
EQq. (7) «xhibits an sdditional dependence on b.3" Exglicit results
for £ are unavailable, Consequently, for present purposes. a
simple agsumption Is made and justified by comparison with
experimental results, Specifically, it is assumed that the peak
stress develops at r = 2b, for all b, Then Eq. (6) gives

&/ay ~ (ha/Ub)"s,, 9
which for the present matesials® (n = 2, &, = 1.4, ] = 5.8,
&, = 1.8) gives

&/o,, =~ 0.8%a/H)" (10}

Consequently, this assumption predicts that the peak stress dimin.
ishes upon blunting. An analogous expression for the blunting
rate is desived hy also allowing the blunating to scale with the

pesk stress
b~ ACe/s an

where A is a nondimensional coefficient of order unity. Hence,
inserting & from Eq. (10) and C* from Eq. (5), gives (1 = 2)

bla =~ 2Ae} (12a)
such that
& ~ (0.7/AV)a, e51? (§28)

The nonlinear dependence of b on &, conforms well with experi-
ment (Fig. 7).

e ——
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When specimens with blunt cracks are cither loaded rapidly to
{ailure at elevated temperature Oc sested 10 failure ot low lempers-
ture, & furtwr clastic stress concentration $ develops ot the crck
tip gives by¥!

Sw(l+ 2/bAe (13

whete Qo i3 the inctemental applicd stress upon elastic loading.

1V,  Brittie-to-Ductile Transition

The brittle-to-ductile transition involves local competition
between (Tow and feacture. Flow at elevated temperature is

(A)

/////// Tensile surface
Original s /////////
indent
lcr:c:: ’.'gl," Brittle crack

]
Q

-
~

!

Fig. 8. (A) Scanning electron micmnlnph and schemacic ilustration of
a sintered SiC fracture face of 2 bend beam deformed 3¢ & temperature
above the trausition and thea fractured at room temperature. (B) Creep
dinmue ‘\:'oid nucleated at & graphite inclusion neas the blunt indenta.
tion crack,
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govemed by creep, while fracture involves prapagation of an ini-
tal erack. A transition would be expected whea the flow stress
becomes smaller than the fracture stress. The most entical seglon
is clearly within the cracktip ficld. Funther discussion thus in-
volves consideration of the competing deformation and {racture
processes near the crak tip,

Prediction of trends 1n the brittle fracture stress with temperas
Ture requires that the oprrative fracture mechanism in the pres.
ence of a bluat erack be establithed, Analysis of the fracture iests
on cracks subjected to creep blunting provides pertinent Inlorma-
tion. In this regard, the . saltion from battle to ductile behavioe
seems 10 havs <. ung saalogics with the correspondiag transition
in steels, except that the mate nce 1§ stconger. The basic
behavioe is sehomatically illustrated in Fig. 10. At lower tempera-
tures. the crack remains sharp and the toughness 15 tnsensitive fo
wmperature. The onset of significant crack-tip creep dunng load.
ing nitiates tip blunting and changes the brittle (racture mecha.
nism to onc iavolving Initiation ahead of the erack, at small
microstruetural Naws (Fig. 10). The fracture 1s then governed by
the interaction of the crackstip ficld with the population of flaws,
such that the toughness varies strongly with temperature and
straln rate and Is microstructure-sensitive.™ In the absence of a
creep-damage mechanism In the material, a trantition (0 supers
plasticity should occur when the peak stress in the crack-tip 20ne
becomes less than the stress needed to activate the largest micro-
structural flaw,

The activation of flaws in the crack-tip zone is assumed 10 be
governed by Eq, (3), reexpressed in the form

Vi ke

Ty ™ s (14)

2Ve

where o, Is the critical stress that must be exceeded in the crack-
tip z0nc to cause brittle fracture and ¢ is the radius of the flaws in
the damage zone, The ductility requirement Is thea simply

lpm

Fig. 9. Scanning electron micrograph of lenticular cavities formed in
hot-pressed SiC
which was crept 10 10% strain above the transition tempenature and subse-

the region close to the tip of an ind2ntation crack in the
quently fractured at room temperature,
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o <a, (15

To funther examine this premise, the crack-tip stress at fracture
can be caleulated for the tests deplcted In Fig. 4 by summing
Egt. (10) and (13):

o, = 0.5%a/8) e, + (I + 2a/b)Ae (18

Then. upon cquating o, 10 @,, the radiug of the faws in the dam-
age 2onc ¢ czn be caleulated, The results for the sintered materisl
{Table 1V) yield a coastant value, ¢ = | um,. Funhermore, this
value of ¢ agrees well with measured values (Fig. 8). The results
are thus congistent with the proposed criterion for brittle (ratture
after greep blunting.

With this background, it 15 now passicle to address the dueul
ity transition. Ultimately, this will require knowledge of the size
distribution of the crack-tip damage In conjunction with a
weakest-link statistical snalysis within the crack-tip field.™ With.
out this knowledge, an clementary transition critenion for cons
stant displacement rate testing may be based on Eq. (125), which
{mplics that the peak stress decreases as the straln increases, dure
ing stcady state. Consequently, creep inhibis fracture (at least
when the damage size. ¢, is strain-insensitive), whereupon ductils
ity obtains as soon as tip blunting initiates. Convessely, {or ma«
terials in which the size of the flaws in the damage zone tncreases
upon blunting, bnttle fracture can occur during ereep.

Y. Concluslon:

Silicon cacbide exhibits a transition {rom creep brittleness to
creep ductility. Below the transition temperature, the material
fails by brittle crack exiension, Above the transition temperature,
the material Is superplastic and can withstand strains in excess of
10%. Cracks In sintered silicon carbide open and blunt with dam.
age around the crack tip characterized by cavities opening at
graphite inclusions. Cracks in the hot-pressed material open, stay
sharp, and propagate at a very slow rate sccompanied by cavity
formation on grain facets in {ront of the crack tip.

The brittle (racture stress st rapid strain rates is temperature-
insensitive. However, the onset of blunting is strongly dependent
on strain rate and temperature, When the crack blunts, the stress
field around its tip is reduced and impedes brittle fracture.
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Fig. 10, Schematic representation of the competition between
flow and fracture to produce a transition temperature, with 2
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Table 1V, Calculation of Flaw Slae In Demage Tose oL
Sintered SIC
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ABSTRACT

Fracture toughness and tension tests were porformed on two
aluminum alloy matrices, 2014-0 and 2024-0, reinforced with
alumina particulates of different volume fractions and
particulace sizes. The resulus indicated that the yield strength
increased with decreasing particle spacing. The fracture
toughness increased with lncreasing particle spacing provided
that the particle size was less than a limiting value, above
which unstable crack growth occurrad and the toughness lowared.
Although these compositex exhibited limited ductillity on a
macrxoscopic scale, fractography revealed that fracture occurred

by a locally ductile mechanism.




1. INTRODUCTION

Most research in aluminum-matrix composites has boen directed
toward development of high performance continuous fiber-
rolnforced compeasites, with high spocific strengths and elastis
modull, for speclalizod aerospace applicatinns (1). Such
composites, in spite of their unique propertias are not cost
effective for most applications because of the high costs of
reinforcements, tabrication amd sacondary processing. This has
led, in vecent years, to the development of the relatively less
expensive particulate~reinforced aluminum-matrix composites for
potential use in certain azrospace applications where the very
high directional proporties available with continucus fibev-
reinforced composites may not be required. Currently, moderate
knowledge exists regarxding the tensile proparties of particulate-
reinforced aluminum-matrix compositaes but not much is known about
their fracture behavior.

The principal cbjectives of tnis current investigation were
to determine how the microstructural parameters, such as the
volume fraction of the particulate and the particulat2 size,
affect the tensile properties and fracture toughness and to shed
more light on the failure mechanisms operative in such composites
so as to aid in the correlation of microstructure and properties

for such materials.




2. EBXPERIMENZAL PROCEDURES

The materials chosen for study in this investigation were two
aluminum alloy matrices, 2014-0 and 2024-0, reinforced with
alumina particulates of diffarent sizas and volume fractiens. The
starting materials, in the form of 4 mm thick, 76 mm dismecver
disks, are listed in Tabls 1. Thg nominal compositions of the
matrices (2] are &s follows:

2014 : 4.4 wt, 3 Cu, 0.8 wr,  Si, 0.8 wt. ¥ Mn, 0.3 wt. } ¥g,
balance Al.
2024 : 4.5 wt. % Cu, 1.5 wt. % Si, 0.6 wt. ¥ Mn, balance Al.

These composites were fudricated by means of a slurry casting
technique, the details of which are described in xef. 2. The
composites contain a nominally homogeneous distr!/bution of
alumina particulates with the surrounding matrix being void frae.
The composites also have excellent bonding between the alumina
parhiculates and the aluminum alloy matrices ({2). The bonding is
postulated to be associated with the formation of thlzo‘ and
CuA1204 spinel pnarticles at the interface [2]. Interface
interactions between alumina and aluminum alloy matrices during
fabrication cf composites using mechanical agitation have been
previously invastigated and discussed (3,4]).

Tension and mode I fracture toughness tests were performed cn
these materials in the O condition to produce & scft matrix. The
tension test specimen design used in this investigation is shown
in fiqure 1. It does not satisfy the ASTM E-8 [5) requirements

for a standard sheet specimen for tensiun testing a quge sectirn
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width of 3.18 mm because the as-received material was too small.
Two specimens were tested for each composite listed in tabla 1 by
means of a MTS servohydraulic testing system. The tusts were
performed at a constant cross-head speed of 10 um/s. The load and
the cross-head displacements were recorded by means of a X-Y
rvecorder. The effaects of the machine compliance were included in
the data analysis.

The pure mode I fracture toughness tast specimen desiqgn is
shown in figure 2. It is based on the standard compact tension
specimen design recommended by ASTM E-399 (6). The w/B ratio is
6.4, which does not correspond to the recommended 2 s w/B s 4,
but is an acceptable alternative when the thickness of the as-
received material is small. Most of the compact tension specimens
had sharp crack tips of 4 um radius produced by means of electron
discharge machining (EDM). Tests on specimens with pre-cracks
produced by fatigue, a difficult process for the composites, gave
equivalent values for KIQ' Thus, the ECM notches are smaller than
the process zone size and the simpler EDM notches were used. The
specimens were tested on a MTS servohydraulic testing machine at
a constant cross-head speed of 10 um/s. The load and the
displacements parallel to the load line were recorded. All the
broken tension and compact tension specimens were then examined
under the SEM. Some fractured specimens were sectioned in a plane
perpendicular to the crack plane to examine the material just
underneath the fracture surface and to determine the extent of

subsurface micro-cracking.




3. RESULTS
3J.1. Tensile Tescs .

A representative true stress versus true straln plot obtained
from a tension test is shown in figure 3. The (.2 percent offsat
yield strength ay, the ultimate tensile strength % and the
strain to failure €¢ were calculated from this plot and the
calculated values of the tensile properties are listed in tablz
2. Each value listed is an average of two readings, with a mean
deviation for all tests of 2.2 nercent, 1.5 percent and 4.7
percent for the yield strength, the ultimate tensile strength,
and strain to failure, respectivaly.

The volume fraction of aluminz particulates was found to have
a significant effect cn the tensile properties of both the 2014-0
and the 2024-0 aluminum alloy matrix composites. Thls is
iilustrated in figures 4 and 5 which show the variation of 0.2
pexcent offset yield strength and strain to failure with volume
fraction of alumina, respsctively, for a constant particulate
size. The ultimate tensile strength varied in a manner similar to
that in figure 4. A single one of these graphs, with two or ‘three
data points, would be inadequate to draw even a trend line:
however since the data trends are monotonic in the same sense for
all graphs, they are presented as a guide to the trends. The
yield and the ultimate tensile streagths of the composites
increase whereas the strain to failure decreases as the volume

fraction of alumina increases, for a constant particulate size.
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Figures 4 and 5 also show that, for a constant particulate size
and volume fractlon of alumina, composites with 2014-0 as the
matrix exhibit higher yield and ultimate tensile strengths but
lowar strains to failure as compared to composites with 2024-0 as
the matrix; trends consistent with properties of those alloys in
in the O condition without any dispersojds (7). This implies that
along with the reinforcemant content, the matrix composition also
plays a significant role in controlling the tensile properties of
such compesites.

The alumina particulate size also had a significant effect on
the tensile properties of both the 2014 and 2024 alloy matrix
composites. As shown in Table 2, for a constant volume fraction
of alumina, the 0.2 percent offset yield strength, ultimate
tensile strength and strain to failure all decreased with an

increase in particulate size for both the matrices.

3.2. Fracture Toughness

The mode I stresgs intensity factor analysis was performed
according to ASTM E-399 (6). A representative load versus load
line displacement plot is shown in figure 6. PQ was chosen to be
the load where the initial drop in the load occurred as

illustrated in figure 6 and KIQ w&s calculated by means of the

following relationship :

P
K = ——Lr- f(a/w) (1)

IQ B wl/2
The caluvulated values of K are listed in Table 2. Each value

listed is an average of two realings. The average spread cf the




two values was 1.5 percent. For most cases KIQ satisfies the
condition for the applicability of linear elastic fracture
mechanics (LEFM), that is *

a, w-a 2 2.5 (KIQ/of)z (2)
but does not satisfy the condition for plane strain, that is

B 2 2.5 (xIQ/of)2 (3)

where o = (°y + ou)/z, the coefficient for the present case
being 0.45 instead of 2.5. Thus the RIQ values obtained here are
meaningful fracture toughness parameters, but not formally valid
plane strain fracture toughnesses.

The influence of volume fraction of alumina on the
conditional mode I fracture toughness (KIQ) is shown in figure 7.
For a constant particulate size, KIQ decreases with increasing
volume fraction of alumina. Figure 7 also shows that, for a
constant alumina particulate size and volume fraction, 2014-0
alloy matrix composites have a lower RIQ than 2024-0 alloy matrix
composites. This implies that the matrix composition also plays a
significant role in controlling the fracture toughness along with
the reinforcement content.

The conditional mode I fracture toughness increases with
increasing particulate size, for a constant volume fraction, as
listed in Table 2. This is in contrast to the behavior exhibited
by the tensile properties. A similar contrast in behavior between
the tensile properties and fracture toughness has also been
reported by Stephens et al [8] for cast Al-7Si composites
reinforced with either silicon carbide or boron carbide

racticulates.




3.3. Fractography

Although these conposites exhibited limited ductility on a
macroscopic scale, SEM fractography revealed that the fracture
occurred by a locally ductile mechdnism. The tension and the
coipact tension specimens assentially exhibited similar general
features under the SEM. A few representative fractographs are
shown in figure 8. The fracture surfaces essentially consisted of
a bimodal dlstribution of flat dimples of the order of 5-50 um in
size associated with the alumina particles and small dimples,
less than 1 um in size, asscocjated with the ductile failure of
the aluminum alloy matrix, analogous to the observaticns of You
et al (9]. In most cases the large dimples contained alumina
particles and were of the same approximate size as the particles
responsible for their formation. The obssrvation of stereo paivs
revealed the dimples to be shallow, which is conslistent with the
low plasticity levels exhibited by these composites. Also the
observation of stereo pairs of particle surfaces at high
magnification essentially showed smooth planar particie surfaces
for about 90 percent of the particles, which, together with the
observation of such particles in about 95 pércent of the dimples,
indicates that this portion of the particles were cut rather than
decohered. Since the thickness of the spinel layer at the
interface is minimized for the present heat treatment (2], the
observi;tion of particle fracture for the méjority of particles is
consistent with recent observations of alumina fracture for thin

spinel layers at a planar bimaterial alumina/aluminum ccuple




{10). ‘rhe other 10 percent of the particles appeared to have
fractured in the matrix near the Iinterface as in the earlier work
{10} with thicker layers and as observed by You et al [{9]. A few
seccondary branches of the crack were observed on the fracture
surface for all the composites and they were confirmed by cross-

sectional vicws of the reglon adjacent to the fracture surface.

4. DISCUSSION
4.1, Strength

Models for hardening of composite systems include the shecar
lag model (1l1] and a dislocation model related to plastic strain
introduced near particles by mismatch in thermal expansion
-coefficients {12). The former model wouid lead to a flow stress,
for spherical particles, of the form ([13]:

g = cy (1 + 0.48f) (4)
independent of microstructural parameters. The second model would
be related to a dispersion-hardening type model, with plastic
incompatibility, expressible for example by the Asnby
geometrically necessary dislocation concept [14], leading to
excess dislocations in the near-particle region. The plastic
deformation induced dislocations would become dominant when the
plastic strain exceeded the thermal misma.ch strain and the two

effects would act in parallel, so they are lumped together.
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For fine particles and spacing, the incompatibility/
dislocation approach would lead to an Orowan-type relation of
stress to both particle size and particle spacing {14-18].
However, for the relatively larger particle size and spacing in
the present work, the single dislocation, Orowan-type hardening
would be completely negligible. On the basis of experimental
observations, for example those of Humphreys and Hirsch [19]), we
suggest the following alternative. At small strains, dislocation
tangles form around the particles, because of plastic
incompatibility, and eventually link up creating a dislocation
cell structure with the cell size d linked to the particle
spacing A. Together with the universally observed scaling of the
"flow stress with (1/d) [20]), this would lead to a flow stress
¢ = a(n b/i) (5)
Figure 9 represents a plot of the 0.2 percent offset yield
strength normalized by the matrix yield strength as a function of
f for all the material. As can be seen, a roughly linear
correlation of strength and £ could be made for the 5 um diameter
particles, bhut the data for the larger particles fall well off
such a line, Moreover, the magnitude of the hardening in all
cases is largeyr than expected from equation (4). Figure 10
presents a plot of the normalized yield strength as a function of
inverse particle spacing. As indicated, the fit to such a
relation is good. We interpret the fit as consistent with the
dislocation model described above. A conceivable alternative is
that shear bands, resembling mode II cracks, are pinngd by

particles giving an Orowan-type effect with resistance associated
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with the elastic energy of the bowed shear band, analogous to the
mode I results of Rice (21].

The correlation of yield strength with particle spacing does
not mean that the shear lag is absent. The work hardening rate of
tha particulate composite would decrease at the peint, presumably
noayr the yleld strength because of the high stress lovel, where
tha natural matrix cell size becomes became smallor than the
particulate pinned size, say at €, in figure 1l1. ‘The subsequant
{low behavior of the composite o (€ - €)) should map with tlie
matrix flow behavior om(E - Ez) past an equivalent cell size.
The value of 0.(€)) - 0,(€,) should then represent the shear lag
contribution to hardening at €,. Further experiments are planned

to test this hypothesis.
4.2. Fracture

The trends in KIQ values with A, together with the
fractographic observations, suggest that the toughness is limited
by particle spacing in the manner first suggested by Rice and
Johnson {22]. All particles are considered to crack or decohere
ahead of the major crack tip and at a small local strain value.

The region of intense plastic flow is limited to a volume of

width A as illustrated in fiqgure 12. This model would give a
value for the energy release rate Jic = %¢ A and would imply that

J;. ttould increase monotonically with A. In order to test this

Ic
susmise, data for K;o were converted to Jyc values by the

relation
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I = K2 (1 - vy/E (6)
1f the data were to fit the Rice-Johnson relation (Jrclaf)

should scale linearly with A.

Jic/og = A (7)
A plot of this line is presonted In figure 13 along with the
experimental values of JIc/°f for both matrices. As shown in the
plot the data lie on or near the Rice-Johnson line for all cases
where some stable crack growth occurred, supporting their model.
For the largest value of A for each alloy, corresponding to the
largest particle spacing, there was very little stable crack
growth and the JIc/a£ values fall well below the expected trend.
The values in Table 3 show the same trend.

For the cases of unstable crack growth, one would expect
behavijor analogous to that discussed by Evans [23) for steels
tested below the ductile-brittle transition temperatures. The
initial crack begins to blunt and the stress is increased ahead
of the crack because of rlastic flow and because of hydrostatic
stress alevation {24), giving maximum normal stress values -.

5 0¢. A particle in the deformed region cracks and, if the local
energy release rate is sufficient, runs back to the main crack
and triggers unstable crack growth. Statistically, the most
likely particle to crack is unlikely to be at the maximum stress
position, so the maximum stress, influencing the propagation of
the microcrack back to the main crack, would tend to exceed the
local stress at the particle by some small factor, leading to
further plastic flow, work hardening and stress elevation prior

to cracking. Together, these factors would contribut2 to a local
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expected K,  value for propagation of the microcracked particle
into the matrix of ~ 10 o£VD. Further it this propagation evant
triggered unstable crack growth, the local value should correlate
with the dynamic fracture toughness value Kip of the matrix
alloys (25]), which should be less than the value of K1 which is
approximately equal to 15 MPavm [26). The value of 10 oEVD for
the 2014-0 alloy with D = 15 pum and £ = 0.05 is 6.87 MPavm while
that for the 2024-0 alloy with D = S0 um and € = 0.20 is 10.1
MPavm. These values are of the order of the matrix toughness but
are somewhat smaller, consistent with the above discussion.

A summary of a workshop on the dasign of ideal
microstructures to optimize toughness (27) indicated that the
optimum structure would be a dispersoid with very small particle
size and spacing, provided that the particle size was less than a
critical value, dependent on interface cohesion or particle
toughness, but of the order of 20 nm, below which decohesion or
cracking of the particles should not occur (28). Once Jy. were
reached for such a material, however, unstabie crack growth wa ld
occur. Contrariwise, for particles that do crack or decohere, a
large particle spacing is desirable, as in the present case,
achievable by decreasing the volume fraction or increasing the
particle size but only up to another limiting particls size. The
lattex critical size corresponds to that for unstable propagation
of a microcrack into the matrix. To the extent that the matrix
toughness does not degrade and lower the upper critical size, an

increase in matrix yield strength should increase toughnesses in

this latter case.
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Together, tha two cases suggest that large toughnesses
together with resistance to unstable cracking could be achleved
by a duplex microstructure. The larger particlas, provided that
they were less than the upper critical size, would provide
resistance to unstable crack propagation while the finer
particles, provided they were less than the lower critical size,
would provide matrix strengthening and crack initiacion

toughness.

5. CONCLUSIONS

1. Alumina particles in the size range 5 to 50 um and with volume
fractions from 2 to 20 percent harden 2014-0 and 2024-0 aluminum
alloy matrices in fair accord with an inverse particle spacing
relation. The results are consistent with a model that the
initial yield depends on both shear lag and and structural

effects while subsequent flow is dominated by the shear lag.

¢. The fracture toughness increases with particle spacing
provided that the particle size is less than a critical value.
This critical value correlates with a particle which when cracked

presents a microcrack that exceeds the matrix toughness locally.
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Table 1. List of Composites Investigated

18

Matrix Alumina Particulate Size Alumina Volume Fraction
um
a4 5 0.02
2014 5 0.05
2014 15 V.05
2024 5 0.02
2024 5 0.05
2024 ] 0.20
2024 50 0.20

Table 2. Tenaile Proparties and Fracture Toughness of the
Composites in the O Condition

Composite Oy 9, Ef KIQ
Matrix D £
Hm MPa iHPa % MPavm
2014-0 * 97 185 18.0 -
2014 5 0.02 128 265 10.0 14.55
2014 5 0.05 137 280 7.3 13.50
2014 15 0.05 118 237 1.3 13.90
2024-0 * 75 185 21.0 -
2024 5 0.02 100 227 12.0 16.54
2024 5 0.05 107 240 3.0 15.77
2024 5 0.20 114 252 4.3 12.16
2024 50 0.20 92 194 2.5 13.19

* Values from ref. 29.




Table 3. Comparison of Measurcd Values of Jy /o with A.

Composite Measured JIc/°E A
Matrix o £
pm pum Hm
2014 5 0.02 13.18 25.58
2014 5 0.05 10.40 16.18
2014 15 0.05 12.95 18.54
2024 S 0.02 20.42 25.58
2024 5 0.05 17.06 16.18
2024 ) 0.20 8.41 8.09
2024 50 0.20 12.% 80.90
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Fig. 8—SEM fractographs showing locally ductile ELrazture:
a) bimodal dimple distribution, b) equiaxed shallow silmples
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of the crack visible on the fracture surface.
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intcoduction

The ralatively lowar costs {or {abrication and secondary procassing ufl
particulate-vainf{oresd aluainunm alloY natrix coaposites haa made them
attractiva for cartain aarospaca applications where the very high strenyihid and
elaztic modull offezed by continuous {iber-zeinforced aluminum alloy-matrix
composites may not ba required. Tha role of microstruciural pacrameteérs mn
{racture toughness and tenslle propercties In such composites nas baan discussed
in a pravious papec (1). However, sure often than not, practical stractuces
are subjected to combined mode loading, which nacessitates the study ol cravk
initiation under such conditions. °Tthe nbjective of this paper is to dotormine
how mode 111 loading superimposwd on mode 1, an exanple among savaral mixed-
made possibilitios, aflects the {racture tdughness and f{atlura mechanisms in
aluming particulate-zeinforcod aluminuam alloy-mateix composices.

There is a pavcity ol experimental data descridbing fracture undar combaned
mode [ - mode 111 loading conditions [or any type of material let alone
pacticulate~ceinforced metal-matrix composizes. Most investigators have
zepozted (2-5) that an i{mposed mode IIl load contribution lowars the mode !
component cequired to inltiate {racture. However, Pook }6) {ound that mode I
{racture tgughness was {ndependent of transverse shear for sevaral high
strength alloys and that {racture occurs when the resolved mode 1 component
equaly Kyee Recent investigations {7,8) have astablished that combined mode 1

- mode IIl behavior In steels could be characterizcd into two ?:oups. In
ductile ateels, a mode II! loading component seems to have a signifizant
inf{luence on the mode ! fracture toughness whereas in relatively brittle stecls
the mode III component has very little influence ol mode I {racture toughness.
Thus it would be {nteresting to observe whether aluxina particulate-reinforced
aluminum nllol-na:rlx composites, which exhibit only A limited macroscopic
duc;{li:y, follow & simlilar trend under combined mode I - mode IIl loading
conditions.

tapecimental Procedure

Mode 1 and combined mode I - mode IIl {racture toughness tests were performed
on the composites listed in Table I with the matrices in the O condition and
with nominally equiaxed particles as discussad in earlier work (9,10). The
mode I and combined mode I - mode Ill srecimen designs ara illustraied in
(igures 1 and 2, respectively. The rode 1 specimen dasign is based on the
standard compact tension design recommended by ASTM E-399 {1l1). The essential
modification of the combined mode I - mode Il design compared to the standard

compact tension design is the slanted notch oriented at 45° to the load line,
which causes the crack planc to adopt this slanted orientation at the onset of

523
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crack tnftiation. ‘The 45° angle wal choden bacause tt rasulia in equal amounts
sl =dde 1 and moda 111 loading ecapsnants. The w. 0 catio in both the apaeciesan
Jasigna &8 6.3, which ddes nul gatisiy the teccmmandad 2 s w O ¢ 4, but i3 an
dcceptable altecnazive whon tha thickneis of the ak=recoivad material is #mail.
for tha combined mode 1 - mode 1Ll aﬁgg;aena. it was abzerved
axparimentally that the fatique pre-eraeks did sat follew the initial siantad
natch, and hence for consistency all the 3pecimens, iheludiniy thy pure mJa |
specimdna, ware pre-cracked by =eana gf gleciran dxacha:?a machining s EONL.
Campagazeve tants with prefatigued and EOX nAtohad made | Bpecimans gave
idertical rasules {ndicacing that tha EOY noteh oot was le23 than the pidvans
wone sfxe. Tha specimans were pulled at a constant crosshead velecity of 10
un/3 in 3 ¥TS sacvohydraulic tosting machine and tha lead varaus lnad-line
Jisplacesent zecorded. Pur 3 {ow osbined mala apaciseng, the leading wag
interrupted at fixed intervals to paasure tha didplocements nugmal Lo the lvad
line (horizontal displacemants) aceeas the mouth of the spacimens. The
measuremants corgelated wall with continuous measursmants and {inal
displacement measurements and hence the rest of the combined mode 1 = moda 111
rests ware carcled out continuously. The {racturs surfaces of all the broken
compact tension specimons were exdminad undar a 3canning olesiron mICIVICpPA.

Resultn and Discuxaion
L &
The sode ! stress fntansity facror analxsln was dona dcearding O ASTN E-
%9 (11). KIQ was calculated by means of the f{ollowing relatiunship:
xx = (PaiB v"a) fiasw) (i
The calculated values of KIO are listed in Table II. Each value ilsted {s an
aversge of two readings with & spread {n the total data of 1.5 percent., For
most cases, the KlQ obtalined zatisfies cthe conditlion for the applicabilicy of

LEFM but does not satisly che condition {or plane strain. Thus, the acress
intensity factors obtained here ara meaningful fracture toughness pazametuers
out not valld plane strain fracture toughnessas.

- M .

There {3 no standard procedure for analy:lng conbined mode 1 - mode Il
data. In this investigation we hava chosen to do the analysis using the
resolution method. This method involves resolving the loads and the
displacements into mode [ and mode {1l componants. From the geometry of [iqure
3, one can write:

P! = P sind, P!!I = P cocd (2)

6 - 6, sind - Sh cost , 6”l * §,6cosy ¢ Sh sin® t))
whore §, is the measured vertlcal displacement or displacament parallel to the
load line and §) iz the measured horizoantal displacement or displacement normal

to the load line. I% was experimentally found that L 0 which reduces
egquation (3) to

and,

& = &, sine , Spgp v 6, cost t4)
Representative P, versus 6x and P&lt versus §p;¢ plots are shown in (ig. 4.

They ace identical because ¢ was = 45° {n this investigation, which results in
PLQ being equal to 91110. The resolved mode I stress intensity (factor, KIO'

was then calculated analogous to ASTM E-J99 {11) by xeans of the [ollowing

relationship:
Kig = (/B M) grqapm) 8)

where B’ « B/sine. This Is because the slanted crack makes the effective
thickness of the crack plane larger tharn the specimen thickness.

A similar tyrs of analysls could be used to calculate the resolved mode [I1
stress Intensity factor, Kii1Q with Klllo glven by:

Kigg * Puuge/® ¥h tpygtam 9
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Howavar, the problem (s that thege are na explicit solutions available for
{ygq(aiv), for compact tension spacimens lcaded in mode IIt conditions. This

problem was selved by finding tha ratio «f the stross intendity factors undor
=ode II1 and mcde 1 eonditiens {or 3 gaometsy, illuazzatad in figure §, which
approxinates closest to a compacs tansion geomselry and asduming that the sase
tatio holds true for the compact teniicn care. The ratio Bipy o Ky was

caleulated {ar tha albove qeeaet:x using the atress 1AtAnAity faCLage ivan in
rat. 12 3nd waz found to be Q?ua te 9.833. Thue
9.8) K, B2

»
The values of x‘o and ”&txo 40 obtained are liated in Table Il alung with the

valua of the total strass intensity factar {or the cemb: nad mde ~aje,
‘:9‘310' which ;aa caleculated by =aana I the (ollowing valatiendhip:

S |

Feoralo * %10 K 11 -m2 i

Each value listed i3 an avecage of twd readings with & apread in the total data
of 1.5 percent.

u oy eam - -
rigure E a) ang b) show the bar graphs of Rig and “:otalq for tha twe vragk

anjles, cteapectively. “:é:alo and R,Q age identical for the pure swde 1 <ase.

The xngoned aode 11l leading component alightly lowared the sode | atress
intansicy factor required {or crack initiation, hewavar, the total avress
intansity factor was higher in the combined mode ! - mode 1Ll casa as compaced
to the mode I <ase. This fmplied that the crack initlation was more difficule
in the combined mode I - mode 111 orientation ax compared to tha mode 1
orientation. This result was consistent with the -ocrolcoglc observation of
crack rotation towards mode orientstion {mmediately following crack initiation.
Tha cbservation of iracture surfaces of both tha mode I and combined mode 1 -
aode IIT1 compact tension sgecipins under the SEM reveéaled assentially the same
?cnqral {matureas as shown in {igure 7. The combined mode I - mode 1Il speciman
racture surfaces did not show any voids elonqated in the shear [mode 11})
direction. All of cthe above observations rend to {ndicatn that the f{racture in
such composites was mainly governed by vensile (mode 1} stresses and not by
mode II1 shear. Thus, it appesrs that there iz no appacrent change in the
fallure mechanism in such compoaites with the introducticn of a mode 11
loading componant. These observations are conslistent with the results reportad
by other invastigators (7,8,12,1)) for other materials exhibiting limited
duceility. The higher value of xtozalo in combined mode 1 - mode 11l loading

cospared to Klo also suggested that in alumina-particulate reinforced aluminum

alloy-matrix composites, at least for the combined mode ! - mode (Il loading,
Kic may be a good conservative estimate of the {racture toughness f{or design

purposes.
Conclusion

1) The Imposed mode III loading congoncn: slightly lawered the mode I atress
intensity factor required for crack iniciation. Howevar, crack lnltlation was
more difficult {n the combined mode 1 - mode III case as compared to the pure
?o?c‘l galc as reflected by the higher total stress intensity factor at crack
anlciativn,

2) Thera was no apparent change in the failure mechanism with the introduciion
of the mode I!1 loading component. Mode III shear did not play & significant
role in the failure process which was mostly influenced by mode I tensile

stTesnes.
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2014 ] 0.0% 2024 S 0.05
014 15 0.08 2024 ) 0.20
2024 50 0.20

Table 11. Mode I and combined mude | ~ mode 111 fracture Lovghness of Lhe
composites In the O condition

node | X Combined Mode | - Node [l K
woooposite *10 *iq *it1g KeoralQ
um NPavm NPavm nrava MPIVM
{A} U1 S 0.02 14.6 12.% 10,7 18.1
is) 014 S5 0.08 13.8% 11.8 9. 16.2
{4} 2014 1S 0.09% 1.9 11.9 9.9 16.7
{0} 2024 S 0.02 16.5 13.2 11.0 18.6
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A NUMERICAL STUDY OF HiGH TEMPERATURE
CREEP DEFORMATION IM METAL-MATRIX COMPOSITES
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Abstract

‘The creep deformation behavior of metel-matrix composites has been studied using finite element
techniques., The objective of the work has been to understand the underlying mechanisms of
fiber reinforcement at high temperatures. Axisymmetric and plane strain unit cells are used to
model a material that consists of stiff, elastic {ibers in an clastic, power law creeping matrix.
Results indicate that large triaxial stresses are induced in the matrix due to the constraint imposed
by the more rigid fibers, and that these stresses have a strong effect on reducing the creep rate of
the composite. The effect of reinforcement phase geometry on the overall deformation rate is
investigated, with particular is on fiber aspect ratio, unit cell geometry, and various forms
of fiber clustering. Theoretical predictions from this modelling are compared 1o experimental
results of creep deforrmation in metal-matrix composites.

To be published in:
Proceedings of the TMS Intemational Conference on Advanced Metal and Ceramic Composites:
ll’é.\gfb Processing, Process Modeling, & Mechanical Behavior, Anaheim, CA, Febeuary 19-22,




Introduction
The development of advazced aerospace structures and engine components depends critically on
the availatlity of inaterials that retain their stiffness and strength at high temperatures. leit
has been known for severul years that fiber reinforcement incresses the strength and stiffness of
:jn:(uls even at high tcm(um. there is still !:bi‘scekhi(;i undcrmndingsibout‘htche ba;i:
ormation processes in -roatrix composites &t temperatures, Strengthening

been attributed to such mechanisms as lcad transfer from the mamm the fiber {1}, increased
dislocation density around the fiber (2], constrained flow of matrix material sround the fiber [3),
and residual stresses resulting from thermal expansion mismatch between the fiber and matnix
(4). The importance of each of these mechanisms in creep deformation for any given fibes/matrix
combination has not been adequately assessed. In particular, the effect of geomeine variables
and fiber distribution has not been clearly defined for the cresp regime.

The objective of this study is to further understand the geometrical constraints on plastic flow
during creep deformation in fiber reinforced metal-matrix composites. Finite element modelling
is used to characterize the evolution of hydrostatic stress and plastic strain during creep
deformation and to consider the effects of various geometrical arrangements of {iberz o the
overall steady state creep rate,

Finite El Model Descripd

The process of formulating the boundary valte problem to be solved by the finite clement method
is illustrated in Figure 1. In order (0 make the problem tractable, the fibers are represented by
cylinders of half-leagth ! and radius r in a regular armay aligned with the principal loading
direction. The ratio of fiber length 10 diameter, Ur, is defined as the fiber aspect ratio. It is
further assumed that this regular array of fibers may be approximated by a unit cell consisting of
a single fiber embedded in a cylinder of matrix material of half-length a at.d radius b. The ratio
of unit cell length to diameter, a/b, is defined as the unit cell aspect ratio. The symmetry of the
problem is used to further simplify the three dimensional unit cell to a two dimensional
axisymmetric unit "half cell” as shown in the figure. The effect of the other fibers in the amay is
simulated by appropriate choice of the boundary conditions cn the outer surface of the cylinder.
The boundary conditions on the unit cell are sumenarized as:

ue=0 Oz=0 on r=0 (l)
ur=0 Og=0 on z=( )
U f{z) Oy=0 on rxb 3
U R Ar) O =0 on I=q (&)

The composite is loaded with a constant average stress of &, and condition (4) ensures that the
tractions on the end of the unit ceil, T, are given by:

fTdA =BA Q)

The inner boundaries between the fiber and matrix are assumed to be perfectly bonded so that all
displacements are contiruous across the boundary. The constitutive behavior for the fiber is
purely clastic, and the matrix is modelled as elastic-viscoplastic :

e=c/E for fiber 6)

E=3/E+Cc"  formarrix ()

whgrc E is the Young's modulus for the material, n is the stress exponent, and C is a constant
which depends on temperature. While any choice of material is possible, for this study 6061
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Figure 1 - Formulation of the boundary value problem for creep of a fiber reinforced
composite. a) regular array of fibers in matrix; b) array divided into
hexagonal array of cells; c) hexagonal array approximated by cylindrical
unit cell; d) symmetry used to define axisymmetric domain for problem.




aluminum reinforced with 20% silicon carbide whiskers with the following properties [5,6,7)
will be used:

Eal=68.3 GPa val = 0.345 8)
Esic =470 GPa vsic = 0.300 )
n=4,0 (10)

The boundary value problem thus formulated is solved using MA_RC, a commcxcially availab}c
finite element code for structural problems (8], A mesh of approximately 150-200 axisymmetric
8-node isoparametric elements is constructed for each geometry under consideration.
Convergence studies show this number of elements to be sufficient to describe the stress state
accurately, An updated Lagrangian element formulation is used to account for the gecomeny
changes associated with large strain plasticity, expected in the more highly stressed regions of the
mesh, A Newton-Rhapson technique with adaptive time stepping is used to solve the nonlinear
equations associated with plastic deformation,

Results
Description of Sress §

For all subsequent analyses, the nominal conditions for the "base case® have been defined as an
average stress of 80 MPa applied at 561°K to0 a composite consisting of aligned SiC fibers with a
volume fraction of 20% and an aspect ratio of 5 in a matrix of 6061 aluminum having a cell
aspect ratio of 5 as well. Under these conditions, the predicted creep rate is 3.41 x 108 sec1,
which is in good agreement with the experimental data for the composite at this stress and
temperature. All variations in geometric arrangement will be compared to this base case-to
determine the effect of the variations.

Axial Stress, Figure 2 shows the development of axial stress within the composite upon initial
loading ang after 4, 18 and 356 hours of creep deformation. The figures are plots of the
magnitude of the axial stress as a function of radial and axial position within the unit cell of the
finite element model. The numbers printed around the surface plot indicate the magnitude of the
quantities plotted in certain important areas of the mesh.

Upon initial loading, the fiber bears a large fraction of the load, with the stress reaching a value
of 194 MPa or over twice the applied stress of 80 MPa. The stress cecreases axially along the
centerline of the fiber and is continuots across the fiber/matrix interface. Note that this load
transfer across the end of the fiber, which is often neglected in simpler analyses, is a significant
105 MPa. Axial stress in the matrix is significantly lower at 20 MPa, . Note that there is a large
stress concentration of 248 MPa at the sharp comer of thie fiber. While the presence of this stress
concentration is expected, its veluc may not be very accurate because the mesh is not refined
enough in this area to capture the rapid increase of stress with position. However, since the
primary purpose of this study is to look at the deformation of the matrix, etrors in the prediction
of the stress concentration in the fiber should not affect the overall prediction of creep rate of the
composite,

As the matrix creeps around the fiber, it forces the extension of the fiber beczuse of the perfect
bond at the fiber/matrix interface. This results in an increas: by nearly a factor of two in the axial
stress in the center of the fiber after four hours of creep, reaching a maximum of 390 MPa after
18 hours of creep deformation. Consequently, in crder for equilibrium to be maintained, axial
stresses in the matrix around the center of the fiber become compressive. A maximum
compressive stress of 97 MPa is established in the composite. Note that after 36 hours, there is

vir}:lpalz no change in the stress state around the fiber indicating that steady state has been
achieved.

Hydrostatic Stress, Figure 3 shows the evolution of hydrostatic stress in and around the fiber.
As seen in the axial stress profile, iznsile hydrostatic stresses are produced within the fiber, and
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Figure 2 - Evolution of axial stress within the composite over time. Each surface plot
represents the magnitude of the axial stress plotted as a function of radial (r)
and axial (z) position within the unit cell at the time indicated. The numbers
represent stresses in MPa for pertinent areas of the surface plot.
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Figure 4 - Evolution of equivalent plastic creep strain within the composite over time.
Each surface plot represents the magnitude of the plastic creep strain plotted
as a function of radial (r) and axial (z) position within the unit cell at the time
indicated. The numbers represent strains in percent for pertinant areas of the
surface plot.




these stresses increase with creep deformation. Large hydrostatic compressive stresses develop
in the matrix around the center of the fber. These compressive stresses may be attributed to the
coastrained outer surface of the cylinder of the unit cell which cause large compressive radial and
circumferential stresses to develop. Note that by the time steady state is reached, the streas state
in the matrix near the fiber center is purely hydrostatic in nature, with the hydrostatic stress (<101
MPa) being roughly equivalent to the axial stress (-97 MPa).

Near the end of the fiber, there is a rapid variation in the stress field, changing from slighdy
compressive within the fiber end, to strongly tensile in the matrix, with a steady state value of
about 180 MPa. The variation in the stress field can be seen most clearly in the t={) surface plot
of Figure 3. The same variation exists at subsequent times, but it is obscured in the surface plot
by the peak stresses near the fiber comer. This phenomenon can be cx&l ined by the difference
in Poisson's ratios for the two materials. The aluminum matrix, with the larger Poisson's ratio,
wants to contract radially more than the stiffer fiber will allow. Consequently, the matrix
"squeezes” the end of the fiber radially resulting in compressive hydrostatic stesses. The fiber,
on the other hand, resists this deformation and "pulls™ the matrix into tension. The magnitude of
these stresses is also seen to increase with creep deformation until a steady state is reached.

Creep Strain, Equivalent creep strain in this context is defined as the integral of the equivalent
creep strain rate given by the constitutive law:
L {

g = [Edi=[C3,. (11)
[ ] 0

where Eu is the equivalent creep smain rate and v is Von Mises equivalent stress. Figure 4
shows the cvolution of plastic creep strain in and around the fiber. As expected, there is no
plastic creep strain upon initial loading. Once creep deformation begins to take place, strain is
concentrated in the matrix in the region of the sharp fiber comer. After 36 hours, a maximum of
7.2% strain is seen locally although the overall strain of the composite at this time is only 0.6%.
While not modelled in this simulation, it is highly likely that damage would accrue in this highly
deformed region, leading ultimately to tertiary creep of the composite and ultimate failure.

Effect of Fiber Aspect Ratio

Fiber aspect ratio ({r) was varied over the range of 3 to 20, representing the typical range of fiber
aspect ratios found in whisker composites. In order to make & valid comparison between models
with differing fiber aspect ratios, the cell aspect ratio was assigned the same value as the fiber
aspect ratio. This has the effect of preserving the ratio of matrix material at the fiber end to
matrix material at the fiber sides. Under the nominal conditions of 561°K and 80 MPa, creep

rates were determined for composites of varying fiber aspect ratios, and the results presented in
Figure 5 in the form of a strain rate versus strain plot.

In all cases, there is a short transient where strain rate decreases as load is transferred from the
matrix to the fibers. Note that while this transient looks like primary creep behavioe exhibited by
many pure metals and Class II solid solution alloys, there is no primary creep modelled in the
matrix at the present ime. The steady state strain rate is seen to decrease by several orders of
magnitude as the fiber aspect ratio is increased. This effect is explained by the more severe
constraint on the matrix material flowing around the fibers. In this aligned configuration, as the
fiber aspect ratio increases, the inter-fiber distance decreases, resulting in a smaller cross
sectional flow area for the matrix material. In this region around the sides of the fiber, the
compressive hydrostatiz stress is seen to increase with fiber aspect ratio from a value of -70 MPa
for an aspect ratio of 3 to a value of -110 MPa for an aspect ratio of 20. The large hydrostatic
compressive stress in this region inhibits local creep deformation.

In order for the composite to extend in the axial direction, matrix deformation must take place
both in the more highly constrained region at the sides of the fiber and in the less constrained
region at the end of the fiber. With the side walls of the unit cell constrained as described by
equations (3) and (4), the two deforming zones are placed “in parallel”, and the overall
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Figure 5 - Effect of varying fiber aspect ratio on the simulated creep rate of
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Figure 6 - Effect of varying unit cell aspect ratio on the simulated creep rate of
6061 Al/20% SiC whisker composites. In all cases, the fiber aspect
ratio remains at a value of 5.




deformation rate of the composite is limited by the deformation rate of the more slowl
deforming region at the fiber sides. In order to assess the constraint effects on the overall
deformation rate of the composite, a finite element simulation was run with the constraints of
uvations (3) and (4) removed. In its place, traction-free boundary conditions were substituted.
withthesidew:nmmim in this fashion the two regions are placed "in series™ and
are free to deform independently. Consequently, the overall deformation rate of the composite is
set by the mose rapidly deforming zone at the fiber end. Without the constraint on the outer
surface of the unit cell, the steady state creep rate is increased by nearly two orders of magnitude
t0 3.14 x 10-6 sec-l. The importance of the lateral constraint of the unit cell in accurately
modelling deformation behavior of composites has already been stressed by Christman et al. [9).

Effect of Unit Cell A Ragi

Unit cell aspect ratio (a/b) was varied over the range of 2.5 to 10 to simulate the effects of fibers
being clustered together axially (ccll aspect ratio small) and radially (cell aspect ratio large). In all
cases the fiber aspect ratio was held constant at & value of 5. Changing the cell aspect ratio has
the effect of varying the relative amounts of matrix material at the fiber ends and the fiber sides,
The results are plotted in Figure 6 in the form of strain rate versus strain curves.

Radial clustering of the fibers, as described by an increase in the unit cell aspect ratio, causes a
greater constraint on the flowing matrix material and results in a lower creep rate. While it is true
that there is more matrix material at the fiber ends, and this material is subject to less constraint
from the fiber, the smaller amount of matrix material at the fiber sides is very greatly constrained
and causes a reduction in the overall creep rate of the composite.

For very low cell aspect ratios, when the fibers are strongly axially clustered, the material trapped
between the two fiber ends cannot effectively contribute to the flow of the compasite. Thus the
composite begins to act like a continuous fiber composite, having a very low criep rate. This
explains the decrease in creep rate as the cell aspect ratio is reduced from 3.5 t0 2.5. Taking this
trend further, at a cell aspect ratio of 2.236, the compuci‘e would have continuous fibers (for this
volume fraction of 20%) and a stcady state creep rate of 0,

Effect of Offsetting Fibers

In all the previous finite element simulations, the unit cell has consisted of a single fiber in the
surrounding matrix material. In order 0 assess the effecis of clustering and interactions between
fibers, it is necessary to include two or ruore fibers offset in some way within the unit cell.
Consequently, the axisymmetry of the single fiber unit cell is lost and a full three dimensional
model must be used in order to fully describe the geometry. However, valuable insights may
still be gained from the much simpler two dimensional plane strain model. In this case, the
results will describe the interaction between two infinitely wide plates, and therefore will not be
directly comparable to the previously derived results for axisymmetric cylinders. For exarrple, at
the same 20% volume fraction of reinforcement and the loading conditions of 561°K and 80
MPa, the single fiber axisymmerric model predicts a steady staze creep rate of 3.41 x 10-8 secl
while the single plate plane strain model predicts a steady state creep raie of 1.29 x 10-7 sec-1,
This difference of a factor of nearly 4 shows that the results are not directly comparable.
However, it is believed that the trends apparent in the plane strain data for various geometries
will still be valid for comparable geometries in the fiber composite.

Figure 7 shows the geometry of the \.~it cell for this part of the investigation. Because of the
symmetry of the problem, the unit cell consists of one quadrant of each of the two fibers within
the unit cell. The fiber center-to-center distance along the x direction is defined as a; the center-
to-center distance along the y direction is defined as b. The offset ratio is defined as a/b. For the
offset fiber plane strain geometry, varying the offset ratio varies the amount of overlap betwesn
the fibers. For offset ratios less than 2, the fibers overlap, with a lower aspect ratio meaning a
greater degree of overlap. Offset ratio was varied over the range of 1 to 12.5, while holding the
fiber aspect ratio constant at a value of 5. The predicted creep rates are presented in Figure 8.
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Overlapping of fibers, as described by a decrease in the offset ratio, results in an increase in the
creep rate. In this overlapped configuration, the tensile hydrostatic stress field associated with
the end of one fiber adds to the compressive hydrostatic stress field associated with the sides of
the other fiber resulting ia a net tensile hydrostatic stress field throughout the matrix. This
mduceddeu[:esfdlmuﬂn:mmmmwd ests itself as a&memd‘ppx:dthgbamcpargte of the
composite, ition to an i state creep rate, the ov: coafiguration
exhibits 2 much shorter transient to establish steady state, indicative of the ease wita which the
matrix material can flow sround the fibers. Note that if the offset ratio is decreased below a value
of 1, steady state creep rate will decrease because of the increased difficulty for flow of matrix
material between the ends of the fibers. At an offset ratio of 0.5, the composite would
have continuous fibers (for this volume fraction of 20%) and a steady state creep rate of 0.

Simulation of Creep Deforma

A comparison between the creep deformation behavior of the 6061 AY20% SiC composite (from
the data of Nich {7]) and the simulated behavior of the finite element model is shown in Figure
9. While the finite element model of the composite simulates an appropriate reduction in creep
rate of the matrix material at high stresses, it grossly overpredicts the creep rate at lower stresses.
Since the finite element modelling is based on a continuim treatment, the simulated stress
Cependence of the composite must be the same as the stress dependence of the matrix material
alone, namely having a stress exponent of 4. This is not in agreement with the observed stress
exponent for the composite of nearly 21 (7,10]. Clearly, other microstructural features such as
dislocations and grain boundaries are inhibiting flow at low stresses. Finite elemeut modelling
alone cannot assess the effect of these features, and further experimentation is needed to describe
the stress dependence of the composite material.
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Figure 9 - Comparison of finite element simulations with experimental dats, for
6061 Al/20% SiC: whiskers at 561 K. Data taken from Nieh [71.




Conclusions
In summary, this work has shown that for a regular array of aligned fibers ..« a creeping matrix:

1. The constraint on the outer Jurface of the unit cell is crucial to accurately model the
deformation behavior of the composite because the overall deformation of the composite is
controlled by the flow of the matrix through the highly constrained region around the rigul fibers.

2. Increasing cither the fiber aspect ratio or the unjt cell aspect ratio while holding the volume
fraction constant reduces the spacing between fibers and results in higher compressive
hydrostatic stresses. Higher hydrostatic stresses are indicative of a greater degree of conswraint on
the matrix material and cause a decrease in the steady state creep rate cf the composite,

3. Offsetting fibers causes the hydrostatic tensile and compressiv stress ficlds of adjacent fibers
to overlap and reduce the degree of constraint on the matnx material, which in tum results in an
increase in the steady state creep rate.

4. Finite clement madelling of creep behavior can simulate a reduction in the creep rate of the
cor?c;l&sli!: but cannot adequately predict the nbserved high stress exponent of the composite
matezial.
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ABSTRACT

The results of three-dimensional finite element calculations are presented for a
cubic array of rigid spherical inclusions embedded In an elastic perfectly plastic matrix.
The analysis examines the strengthening effect of the inclusions under macroscopic loads
of uniaxial tension and pure shear. At low volume fractions, the fractional increase in
strength is more modest than the volume fraction of particles, and only becomes
comparable at around 40% loading. The local stress and deformation fields in the region
of the inclusion are presented. The numericai results show that for volume fractions of
inclusions below about 25% the sucface tractions on the inclusion have the same order of
magnitude as the matrix material’s tensile ylield stress. Volume fractions of 40% particles

are necessary before the interface tractions are approximately double the yield strength.

1. INTRODUCTION

A hard second particulate phase is sometimes added to ductile metals to provide
improved strength and other specific mechanical properties. In addition, such hard
particles are often present in alloys as a result of processing and both types of inclusions
provide a source for ductile fracture. When the particles are large, bigger than 1pm say,
they will act as continuum elements within the microsctructure. Then the role of those
particles in strength and fracture must be understood and modelled in that context. This
paper presents some results of continuum calculations for hard spheres embedded in a
perfectly plastic matrix, providing information relating to sirength and fracture.

There have been some attempts to model the strength of ductile materials
reinforced by large hard particulates. Drucker (1] used limit theory to show that small
volume fractions of inclusions would have a negligible influence on strength because
they would fail to inhibit the plastic flow. He also estimated the strengthening effect of

hexagonal fibers loaded transversely and interpreted the model for particulates with




hexagon-shaped cross-sections. He found only weak effects at low voiume fractions of
particles. However, he deduced that above 50% loadings, the fhactional strengthening
exceeds the particle volume fraction and rises in a strongly nonlinear fashion with
volume fraction. This arises due to the constrained plastic flow which occurs. Similarly,
Duva (2) finds modest strengthening at low volume {ractions of spherical inclusions in a
power law matrix where he used the self consistent averaging scheme to obtain results.
The fractional strengthening over the matrix level is about half the volume fraction
when the latter is low and again the rule of mixtures estimate Is exceeded substantially
only above 50% loadings.

Cell model calculations for spherical inclusions in strain hardening materials {3, 4}
indicate the same behavior at low volume fractions up to 10% in that there Is little
strengthening. However, Christman et al. (4] report that squat cylinders in cell
calculations have a more substantial effect on strength, which they attrib-:te to the angular
shape of such reinforcements and its influence on strain hardening. They also attribute
many features of the plastic flow, strength and failure of ductile matrix composites to the
plastic constraint which develops between the reinforcements.

Many numerical calculations have been carried out to determine the tensile stresses
arising at the particle-matrix interface. For isolated particles, the tensile stresses have a
magnitude comparable to the matrix yield strength {5-10], not more thar 60% above the
applied stress. The exception is Thomson and Hancock {8} where no steady polar stress
occurs on the particle and the stress level continues to climb with strain. This apart, the
stress levels are thought generally to be too low to explain particle decohesion or cracking
in ductile failure [7]. Argon et al. (7] suggested that proximity interactions between
neighboring particles would elevate the interface stresses. This would occur due to plastic
constraint. Needleman (3] outlined an alternative possibility that nominal stresses on
isolated particles could cause void nucleation and used a model with cohesion

characteristics to model the prcress. A fairly high triaxiality was invoked in the nominal
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stress field, however, more characteristic of a crack tip domain [11] than a necking tensile
bar.

In this paper we present the results of calculations for plastic flow around a cuble
astay of rigld spheres. Both the effect on strength and the interface stress levels are
considered. Uniaxial tension and pure shear are analyzed for a few volume fractions of
particles. Most results involve low loadings of particles of less than 25% in which case the
cffects are modest and interactions between particles are mild. However, one result for

38% of particles is also provided.
2. FORMULATION OF THE BOUNDARY VALUE PROBLEM

A ductile material containing hard second phase particles was modelled as a
periodic cubic array of rigid spherical inclusions embedded in an elastic-perfectly plastic
matrix. A single representative cube of matrix material with the approprate symmetry
and periodicity conditions at the faces of the cell was used in the calculations as shown in
Figure 1 and 2. All six sides of the cell cube were constrained to remain plane so that the

cell deforms into a right parrallelopiped. The cube contains a single rigid spherical

inclusion at the center of the cell as indicated in Figure 2. The effect of this inclusion was
modelled by constraining displacements at the inclusion-matri.* interface. The elastic
response of the matrix material was isotropic; the plastic response was perfectly plastic and
governed by a von Mises yield criterion with the associated. Prandtl-Reuss flow rule.
Displacement boundary conditions are impesed at the face of the cube to make the
normal surface tractions correspond to a given macroscopic state of stress. All shear
tractions on each face of the cube are zero. Two macroscopic stress states, shown in Figure
1, were analyzed; pure shear and uniaxial tersion. For an elastic-plastic matrix material
with an elastic inclusion, Wilner (3] has shown that when purely hydrostatic stresses are
involved, very high stresses are required fi istic zope of significant size lo develop.

Therefore, a moderate macroscopic hydrosi. .ponent of stress can be superimposed




on the solutions for uniaxial stress and pure shear without perturbing the plasticity
behavior. Thus, the magnitude of stress at the inclusion-matrix interface can be estimated
from the finite element results to which can be added the superimposed hydrostatic stress.

The problem of a complete cubic cell containing a spherical void can be reduced due
to the symmetry of the two loading conditions examined. For the case of macroscopic
uniaxial tension, five planes of symmetry exist and only one sixteenth of the cell need be
considered. Figure 2 shows those symmatry planes and the fraction of the cell that was
actually analyzed. The appropriate boundary conditions were imposed on the symmetry
planes. For the case of macroscopic pure shear, three planes of symsetry exist and only
one eighth of the cubic cell need be considered. The part of the cell analyzed for the case of
pure shear is the segment shown displaced in Figure 2 plus a mirror image across the
dlagonal plane added to it.

The volume fraction of inclusions P is determined by the ratio ¢f the inciusion
volume to the cube cell volume. Inclusion volume fractions, p = 0.8, 6.5, 12.7, 21.9 and
38.2% were considered.

The numerical computations were carried out to large macroscopic strains to study
the plastic flow in the inclusion-matrix cell. For these large deformations in the matrix, a
formulation and an elastic-plastic constitutive law discussed by McMeeking and Rice {13}

were used which accounts for large rotations of the principal axes of deformation.
3.  FINITE ELEMENT FORMULATION

The problem described in Section Z was solved using ABAQUS, a general purpose
finite element code (14]. An updated Lagrangian feature is used for large deformations.
The modified Riks algorithm described by Powell and Simons [15] was itinzed for
incrementing the load. This algorithm provides improved numerical stability for

problems involving perfectly plastic materiai response. For each increment of load,




approximately four iterations were periormed to achieve equilibrium at the end of the
step.

A typical finite element mesh used to model the one sixteenth segment of the cube
unit cell under macroscopic uniaxial tension is shown in Figure 3. This mesh contains
135 twenty noded isoparametric brick elements and 3252 degrees of freedom. The 20-node
brick element was used with cight integration stations and locking of the finite element
mash due to the plastic Incompressibility constraint was avoided by use of an element
feature based on the method of Nagtegaal, Parks and Rice {16]). The mesh for a
macroscopic pure shear load consists of that shown in Figure 3 and its reflection across the
diagonal symmetry plane.

The macroscopic true strain E, isdefinedas 1n(l / 1,) where 1, Is the length of
the underformed unit cell shown in Figure 1 and 1 is the current length of the unit cell
in the X, direction. The coordinate system is defined so that the X; axis lies In the
direction of the macroscopic tensile stress (see Figure 1). Calculatiors for uniaxial tension
were carried out to macroscopic strains E, of 40% or until increments of local plastic
strains in the matrix were too large to allow convergence of the solution in a reasonable
amount of time. Calculations for pure shear were carried out to macroscopic strains of
10%.

The finite element computations were done using a Convex C1-XP2
minisupercomputer at the University of California, Santa Barbara. In a typical case for
uniaxial tension, 45 increments were performed which required 675 minutes of computer

time.
4. RESULTS OF THE FINITE ELEMENT ANALYSIS
Results of the numerical computations for macroscopic stress states of uniaxial

tension and pure shear are presented in this section. All calculations were done with

material constants E |/ &, = 200 and v = 0.3, where E is Young's modulus, 0, is the




yield stress Iin uniaxial tension, and » is Poisson's ratio. The material in all the

calculations presented is perfectly plastic obeying the von Mises yield criterion.
41  The Macroscopic Effect of Rigid Inclusions

Figure 4 Is a plot of the macroscopic response of the material containing rigid
inclusions under uniaxial tension. The macroscopic true stress-true strain curves are
plottec for five different inclusion volume fractions. As one would expect, for all {ive
inclusion densitics, the material is strengthened by the particles. As the strain is
increased, the response of the material with the small inclusion densities p = 0.8% and
6.5% remains unchanged and there is a classical limit flow at constant applied stress.
However, for the large inclusion densities p = 12.7% and 21.9% increasing strain causes a
slight strengthening of the material. Clearly for p = 0.8% and 6.5% the inclusions have
little effect on the plastic flow of the matrix, and it is as if particles are isolated. Indeed, the
strengthening effect is less potent than a simple volume fraction, with the fractional
increase of strength being about p / 2. For p = 12.7% and 21.9%, the inclusions seem
to be interacting at larger strains in a way that creates more resistance to plastic flow in the
matrix material, but the initial effect is still modest with the fractional increase of strength
still limited to p / 2. Only when p = 38.2% is the fractional increase of strength in
excess of p.

Figure 5 is a plot of the stress-strain behavior of the cubic cell under conditions of
pure shear. The results show that for all inclusion densities there is a steady increase in
the strength of the composite material with increasing strain. For the three lowest
inclusion densities of 0.8, 6.5 and 12.7%, the response of the material is roughly the same
with a slight divergence with increasing strain. However, for the 21.9% inclusion density,

the composite material has a higher strength.
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4.2 The Local Stress and Strain Fields Around the Inclusions

Figures 6 are contour plots of the tensile effective plastic stain & in a cross section
of the cell with p = 6.5% for uniaxial tension. The tensile effective plastic strain is a

measure whose rate of change is defined as
of . l
£ =(3dpdf) M

where d " is the plastic part of the deformation rate which in turn is the symmetric part
of the spatiai velocily gradient. The dark lines in Figure 6 represent the boundary of the
plastic zone, and indicate the development of the zone during the carly stages of loading.
The finite element results show that ylelding first occurs in the matrix above the
inclusion. The plastic zore quickly moves' down to the ligament between the inclusion
and {ts transverse neighbor. Once the plastic zone envelops this ligament, the limit load
of the cubic cell is reached and plastic flow is relatively unconstrained in the matrix.
However, small regions in the matrix at the top and side of the inclusion remain
completely elastic at high macroscopic strains.

Figure 7 is a contour plot of the tensile effective plastic strain £ in a section of the
cubic cell for p = 6.5% in uniaxial tension at a macroscopic strain E; of 10%. The contour
plot shows that most of the plastic deformation occurs directly above the inciusion,
because the ligament between the inclusion and its neighbor in the tensile direction must
deform more than other material to maintain compatibility with the macroscopic str«in.
The strain level in the rest of the cell is roughly uniform at the level of the macroscopic
strain. However, in the ligament between the inclusion and its neighbor in the
transverse direction, there is a slight elevation in the plastic strain which indicates a small
amount of interaction between the two particles. There is also a slight concentration of

strain on the inclusion surface at 45° above the transverse plane.




The Interaction between particles Is seen more clearly for higher inclusion
densities. Figure 8 is a contour plot of the tensile effective plastic strain for p = 21.9% In
unfaxial tension at a macroscopic strain E; of 11.1%. The cell is contracting in the
transverse direction and this has become noticeable at this strain level. This contraction
and the incompressibility constraint results in strains in the ligaments which are higher
than the macroscopic strain. Material Is flowing away from the ligament on the
transverse plane and into the ligament separating particles in the tensile direction. Two
shear bands on planes oriented at 45° to the direction of the tensile loading are required to
accommodate the motion of the matrix relative to the particle.

Figure 9 is a contour plot of the effective plastic strain in a section of the cubic eell in
pure shear when the macroscopic shear strain E; is 9.0%. The figure shows that most of
the plastic deformation lies in shear bands oriented in the direction of maximum
macroscopic shear. These shear bands lie between diagonal layers of inclusions. The
contour plot (Figure 9) also shows that In pure shear even for high strains, regions in the
matrix directly above and to the side of the inclusion still remain elastic.

The finite element analysis was also used to obtain the strezs at the particle’s
surface. Figure 10 s a plot for the uniaxial tension case of the normal interfacial stress for
an inclusion density p = 6.5% versus the angle ¢, which Is defined in the figure inset.
The stress states at various leveis of macroscopic strain are plotted. The results show that
the interfacial stresses reach a steady state at high strains. The maximum normal stress
predicted by the finite element calculation is approximately 1.40, and it occurs over a
region from 70° to 90°. Argon et al. [7], Wilner {10] and Budiansky (9] have noted that for
isolated inclusions the maximum normal stress occurs at an angle slightly off the pole but
it is not clear in our finite element results if that is, in fact, the case. The dashed line in
Figure 10 is the stress state when no inclusions are present in the matrix. Clearly the
presence of the inclusion does not raise the level of stress significantly. For volume
fractions of 21.9%, the level of the normal interfacial stress is roughly the same as that

predicted for the low inclusion densities. Figure 11 shows the surface stresses for
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macroscopic uniaxial tension and an inclusion density p = 21.5%. [n this case, the
normal stress seems to be slightly higher at the top of the particle at low strains but as the
deformation increases, the peak in normal stress scems to move away from the pole. At
low strains the maximum normal stress is 1.60, , but at higher strains it drops to 1.50,
and seems to be off the pole. The compressive stress at the side of the inclusion increases
with Increasing macroscopic strain. This elevation seems to be due to the compression in

the ligament as the inclusion and its transverse neighbor move closer together.

Elevation of the interfacial tensile stress is more apparent for the high volume
fraction of 38.2% in unlaxial tension. At macroscopic strains of 0.5%, the maximum stress
is already over 3 times the matrix tensile yield strength. At 2.1% strain, the maximum
stress is almost 4 times the matrix yield strength and seems to have steadied at that level.
The effect must arise from plastic consiraint in the ductile layer between two particles
which has a thickness only 1/9 of the particle diameter. Such layers become comparable to
the highly constrained channels analyzed by Drucker [1].

Figure 13 is a plot of the normal surface traction at the inclusion-matrix interface
for macroscopic pure shear and p = 6.5%. The dashed lines indicate the stress field when
no inclusions are present. The results show that the local stresses are actualiy reduced by
the presence of the inclusion, The stress magnitudes at the top and side of the inclusion
are lower. This seems to reflect the fact that the neighboring matrix material is still
completely elastic there and the plastic flow in the matrix has relaxed the stress in these
regions. Because the macroscopic load is pure shear, there sezms to be little tendency for

the stress level at the interface to be insreased by local hydrostatic stress.

5.  DISCUSSION

The results presented in the prior section concern finite element calculations for
the plastic flow around a cubic array of rigid spheres. Periodicity and symmetry are

imposed in the calculations to produce states of uniaxial tension and pure shear. The
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results reflect this strict imposition of periodicity and symmetry in the following sense
first enundated by Drucker (1). Consider a large body of perfectly plastic material in which
is embedded a cuble periodic array of rigid spheres. The surfaces of this large body are
subject to traction boundary conditions producing a state of pure shear with principal
stresses aligned with the array axes. Let this stress be sufficient to yield the matrix material
in the absence of the Inclusions. 1f a plane ¢an be passed entirely through matrix material
in such a way that the normal to that plane is one of the square diagonals of the sphere
array, then the composite material wili also yleld at that stress. That Is, the limit load in
pure shear of the composite material In this crientation will be the yield stress in shear of
the matrix material and the rigid spheres have no effect on the strength of the composite
material. The associated limit mechanism could be localized shearing on the 45° plane
passing through the matrix material. Furthermore, the interface stresses would be simply
the normal and shear stresses projected by uniaxial state of stress so there would be little
or no concentration of stresses assoclated with the rigid spherical inclusions.

The situation described above prevails for volume fractions of spheres in regular
arrangements below 18.5%. Above that volume fraction, plastic shearing cannot occur on
single planes in the matrix and constraint would develop, elevating the limit load abcve
the yield stress in shear of the matrix material. Thus, above Inclusion volume fractions of
18.5%, there will be a strengthening effect arising from rigid spheres arranged in a pericdic
cubicarray.

Now consider the finite element results for pure shear. The boundary conditions
on the domain analyzed ensure that its plane surfaces remain plane during the
deformation. The net forces on the planes are chosen to enforce the state of pure shear,
but the kinematic aspect of the boundary conditions used precludes any prolonged
localized shearing mode of deformation.

It is apparent in Figure 5 that for p equal to 0.127 and less, the composite material
yields at the flow stress in shear of the matrix material. This seems to occur because at the

instant the limit mechanism of flow sets in, localized shearing can occur on a plane at 45°
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passing from one corner of the unit cell to the other. After some small amount of strain,
the 45° plane no longer passes from one corner of the unit cell to the other due to the
finite deformations occurring in the calculations. The requirement that the plane surfaces
of the unit cell remain plane precludes any localized shearing on 45° planes since they no
lorger pass from comer to corner. This constrains the plastic flow and a higher load is
required to cause the limit mechanism. This behavior appears in the finite clement
results as a form of strain hardening as can be seen in Figure 5. The effect is really one of

geometric hardening and is independent of inclusion volume fraction. However, the

effect in the finite element calculation is also somewhat artificial as it is tied up with the
peculiarities of the particular unit cell used, the finite deformations in the caleulations
and with perfect plasticity. As long as a 45° plane can pass through the matrix, it can be
expected that no strengtheniag will cccur in perfect plasticity of the composite. The finite
element results for p = 0.219 in Figure 5 show a modest elevation of the strength of the
composite material in pure shear above the yield strength of the matrix. Thereafter, the
material hardens at a rate similar to the lower volume fraction materials, so this effect
seems to arise predominantly from the same geometric source as described above.

Similar phenomena as in pure shear seem to occur in the finite element results for
uniaxial tension. However, in this state of stress, Incalized shearing at 45° in the matrix
requires an applied stress of 2, / /3", about 15% above the yield stress in tension.
Diffuse plastic deformation in the matrix is thus favored by a state of uniaxial stress and as
a result, the cubic array of rigid spheres does provide some real strengthening to the
composite material, since the inclusions disrupt the diffuse pattern of plastic flow.
However, in the case of p = 21.9% and below, shearing in somewhat narrow bands is still
possible and this seems to make it relatively easy for the flow pattern in the matrix to
accommodate the presence of the rigid spheres. As a result. the strengthening effect is
well below the level of a volume fraction effect as can be seen in Figure 4.

On the other hand, when p = 38.2%, the strengthening is around 40% and the

interface tensile stresses on the particle rise considerably above the uniaxial yield strength




of the matrix materal. This reflects high hydrostatic stresses in the thin layer of material
separating particles in the tensile direction. These hydrostatic stresses build up to about 4
times the yield stress in tension towards the end of the calculation when the nominal
strain Is only 2.1%. The plastic constraint in the thin layer causes this stress build up and
its development s completely analogous to the effect Drucker [1] computed in similar
thin layers betiween rigid hexagons. It is perhaps also the effect Argon et al. (7] were
invoking as the source of high stress capable of decohering or cracking large closcly spaced
particles. Note, howaever. that the gap between neighboring particles is only 1/9 of the
diameter of the particles when p-= 38.2% in the cell model calculations. Furthermore, a
regular cuble array of spheres percolates (touches) at 52.36% volume fraction of those
spheres. A matrix which completely wets and bonds to the particles would then
experience such a high constraint that the composite material would be locked against
substantial plastic flow. In view of this the strengthening effect must rise dramatically
above 38.2% until there is an Infinite strength at 52.36%. Of course, this would tend to
lead to interface or matrix failure, but the behavior would differ from a regular plastic
flow of the matrix which can occur at lower particle volume fractions.

The interfacial stresses of Figure 11 confirm that the geometric hardening in Figure
4 for P =0.219 is due to the narrowing of the transverse ligament between particles as
strain increases. It is apparent that with increasing deformation, the compressive stress in
the transverse ligament is depressed while the tensile stress in the ligaments above and
below the particles is relaxed. This seems to be related to the increasing difficulty that
squeezing materiai out of the transverse ligaments presents as it gets narrower. At the
same time, the top and bottom ligaments thicken and it becomes easier to deform that
portion of the material. However, the depressed compressive stress in the transverse
ligament must be balanced by tensile stresses to ensure a net zero transverse stress in the
composite material. This recuiras a general increase in the hydrostatic stress which is
apparent in the relatively steep *ise to a relatively flat curve for tensile stress around the

pole of particle. As a result, a higher axial stress i¢ required to cause plastic deformation.
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This effect indicates that at higher leadings of particles, and with consequently thin
ligaments between partidles, the yield stress will be dominated by the constraint built up
in these narrow zones of matrix materdal. This effect Is apparent at 38.2% in Figure 12
where high stresse. have built up around the pole of the particle. In this case, however,
the stresses rise steadily towards the pole and there is no plateau of stress evident around
there.

It is clear that some of the behavior evident in the finite element calculations Is

dominated by the perfect plasticity of the matrix and the regularity of the cubic array. One
would expect that strain hardening would eliminate the very localized modes of
deformation and so allow the unit cell calculations to be more representative of
macr~scopic flow in the pure shear case. However, the kinematic constraint in the pure
shear case may still produce spurious effects even with strain hardening since there may
still be a tendency for somewhat localized shearing to occur. On the other hand, in the
uniaxial tension case, there would seem to be no reason for radical changes of flow
behavior just because of strain hardening. The diffuse deformation in uniaxial tension
suggests that regularity is not of such great significance to those results at modest volume
fractions of particles as has been suggested also when strain hardening is present by
Christman et . (4]

A comparison of the theoretical results can be made with experiment in the case of
silica particle-filled epoxy resin composites tested in compression [17). The ultimate
strength for the composite normalized by that of the matrix alone is plotted in Figure {14]
against the volume fraction of silica particles in the composite material. The values for
ultimate strength were estimated from Figure cf ref. {17). The numerical results for the
limit load are shown in the same figure. It can be seen that there is a substantial
discrepancy at the lower volume fractions. However, at higher volume fractions of
particles there is an indication of reasonable agreemeni. The discrepancy is probably due
to the fact that the silica particles are not spherical, they ase not of uniform size and not

regularly arranged. We feel that these features would be more important at lower
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volume fractions of particles than at high. The fact that the data rise rapldly at around

50% volume fraction secems to confirm our previous comments about the eifect on
strength of a very high density of particles. Also shown In Figure (14) is the volume
fraction at which spieres In a cubic array touch, indicating a very high limit stress in that
case.

On the other hand, the finite element results presented here are incopable of
explaining any of the data for the plastic flow behavior of certain particulate reinforced
metal composites such as aluminum reinfurced with SIC as reported in refs. (18, 19}, In
those materials, the increase in uniaxial strength expressed as a fraction of the flow stress
of the matrix material alone exceeds the volume fraction of particulates at modest
volume fractions as in the epoxy compsites. Indeed, Christman et al. (4] also found that
calculations for cylindrical unit cells containing spherical Inclusions underpredict the
flow stress of the camposite even though they included strain hardening and show a
stronger strengthexning effect than we find In our computations. Christman et al. {4] were
able to get agreement between model and experiments by using squat cylindrical
inclusions in the calculations rather than spheres to represent the Influence of sharp

cornered particulate reinforcements.

6. COMPARISON WITH LINEAR HARDENING MODEL

It has become popular to 1na'yze th- strengthening effect of elastic reinforcements
in metal matrix composites by use of a linear hardening model [20-28). This model is
based on an assumption that the plastic strain is uniform in the matrix and that this
situation cannot be relaxed by any rearrangement of dislocations. As a result, the
incompatibility between the strain in the matrix and the shiain in the particles must be
accommodated by elastic distortions of both matrix and particle. This leads to elastic
stresses superimposed on the stresses already present in the matrix. By assumption, this

stress cannot be relaxed by dislocation motion and so its associated elastic strain energy
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remains locked in the matrix. This work contribution must be pirovided by the applied
loads and so those loads rise lincarly with the uniform plastie strain in the matrix since
the strain incompatibility between matrix and particles Is proportional to the plastic strain,
Thus, no limit load can develop even if there is no inherent matrix hardening

mechanism controlling the slip of dislovations. The flow stress is then predicted to be

0y =0,+Cput, )

where 4 is the matrix elastic shear modulus and C is a dimensionless order unity
function of particle aspect ratio and the ratio of particle elastic modulus to matrix elastic
modulus, This predicts very large increases of strength with plastic strain.  As noted
above, this model is sometimes used to explain the flow stress and hardening behavior of
metal matrix composites 20, 22, 23-28).

The model outlined above is only viable if the matrix plastic strain is in fact
uniform in practice. This situation can be envisaged in a narrow set of circumstances in
which the size scales are relatively small and the ability of dislocations to slip in arbitrary
orientations is limited. The smallness of the size scale would ensure that there could only
be a few dislocations present in the matrix near the particles so that there would be a
limited potertial for any relaxation deformations to occur. The limitations on the ability
of the dislocations to slip In arbitrary orientations would make it possible for elastic
stresses to build up in certain orientations not favoring dislocation motion. Although the
size scale and crystallography in which this situation occurs is not precisely known, in
general, it is probable that the particles have to be submicron for the effect to prevail. In
the case of larger particles embedded in a polycrystralline matrix, the mobility and
availability of dislocations and the fact that the spacing between slip systems is very small
compared to particle size mean that dislocations can readily rearrange to relax elastic
stresses which exceed the stress capable of moving dislocations. This will keep the stresses

locally down to levels which are determined by the inherent hardening of the matrix
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independent of the large elastic particles. The plastic strain will also be markedly non-
uniform as a result of the dislocation motion. In view of this, it must be inappropriate to
model the strength of particulate reinforced metal matrix composite materials by the
linear hardening model when the particulates have a diameter larger than a micron.

Instead, the apprepriate model is related. to the calculations presented by Duva (2),
Christman ¢t al. (4) and by us in this paper, i.e. where inhomogeneous diffuse plastic flow
occurs around reinforcements embedded in the matrix. The rather weak effect on
strength computed at low volume fractions in those results suggests that flow inhibition
by particulates is not 2 promising strengiliching strategy. On the other hand,
experimental data Indicate that large increases In strength are apparently caused by
particulate reinforcement [4, 17, 18] and these increases cannot be explained by flow
inhibition models alone. However, the actual matrix properties must be used in any
comparison of strengths rather than the nominal properties of the matsix material when
not in reinforced form. These properties can be very different (29), with a considerably
higher strength occurring in the composite material matrix because of accelerated aging.
In addition, thermal expansion mismatches and actual reinforcement geometry must be
taken into account. Furthermore, careful and critical comparisons between hypothesis

and experiment must be camricd out such as described in ref. {30).

8.  CONCLUSIONS

Calculations show that modest volume fractions of rigid spheres arranged in a cubic
array have little effect on the strength of a perfectly plastic matrix. The increase in
strength in uniaxial tension as a fraction of the yield strength of the matrix is predicted to
be about half the volumns fraction of inclusions present at volume fractions below 25%.

At around 40% loading, however, the fractional strengthening equals the volume fraction

of particles.
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In the low volume fraction cases below 25%, the interface stresses between the
matrix and the indusion are modestly elevated compared to the matrix yleld strength. At
40% volume fraction, however, the peak interface stress rises to 4 times the tensile yleld
strength when the macroscopic strain is 2.1%. These stress elevations are caused by plastic
constraint.

Unit cell calculations for pure shear in perfect plasticity could be misleading as
predictions of niacroscopic behavior because of the symmetry and perodicity conditions
imposed. Bzlow 20% volume {ractions, the calculations are interpreted to confirm that in
periect plasticity there Is no strengthening. Above 20% volume fraction, the 45° shear

bands are inhibited by the particles and a very small amount of strengthening occurs.
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FIGURE CAPTIONS

Figure 1:

Figure 2:

Figure 3:

Figure 4:

Figure 5:

Figure 6:

Figure 7:

Figure 8:

Figure 9:

Figure 10:

The two macroscopic stress states examined and the coordinate system used
in this paper.

A unit cell containing a single rigid inclusion embedded in a cube of
plastically deforming matrix material. The shaded lines indicate the five
symmetry planes for a loading of uniaxial tension.

The finite element mesh used to medel one sixteenth of the cubic cell.

The macroscopic true stress true strain hehavior of the cubic cell under
uniaxial tension for difierent inclusion densities.

The macroscopic true stress-true strain behavior of the cubic cell under
pure shear for different inclusion densities.

Contour plot of the effective plastic strain & in the cubic cell. Development
of the plastic zone around the inclusion under uniaxial tension for p = 6.5%
is shown with dark lines. The view is the cross-section of the cubic cell
shaded in the figure inset.

A contour plot of the effective plastic strain &’ in a cross-section of the
cubic cell under uniaxial tension. The level of macroscopic plastic

strain E, is 10.0% and the inclusion density p is 6.5%.

A contour plot of the effective plastic strain " in a cross-section of the
cubic cell under uniaxial tension. The level of macroscopic plastic strain E,
is 11.1% and the inclusion density p is 21.9%.

A contour plot of the effective plastic strain £’ in a cross-section of the
cubic cell under pure shear. The level of macroscopic plastic strain &;

is 9.0% and the inclusion density p is 6.5%.

A plot of the normal interfacial stress at the surface of the inclusion

versus angle ¢ for uniaxial tension at various levels of macroscopic

strain. The inclusion density p is 6.5%.




Figure 11:

Figure 12:
Figure 13:

Figure 14

A plot of the normal interfacial stress at the surface of the inclusion

versus angle ¢ for uniaxial tension at various levels. of macroscopic

strain. The inclusion density £ is 21.9%.

Same as Fig. 11 but p =38.2%.

A plot of the normal interfacial stress at the surface of the inclusion

versus angle ¢ for pure shear at varlous fevels of macroscopic strain.

The Inclusion density p is 6.5%.

Comparison of ultimate compressive strength for silica particle-filled epoxy

resin composites with the theoretical predictions.
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ABSTRACT

The fructure of a (ibrous and & particulate metal-matrix compasite have been studied as a
functica of confining pressure. The fracture was found to occur by the accumulation of
damage caused mainly by the fracture of the ceinforcing phase. The mechanlsms by which
the damsage nucleates and grows, and links to form a finul fallure surface, chunges as the
pressure Is Increased. These mechanisms are described and thelr consequence for alloy
development Is discussed,

1. INTRODUCTION
It is well established that the application of hydiostatic pressure during deformation can
influence both the damage accumulation rate and the final fracture mode. Investigations
have been reported on the behaviour of various metallic materisls (see, for example, Teirlinek
etal, 1988) and on polymer-matrix fibre composites (Parcy and Wronski 1985,1986), but none
to our knowledge on metal-matrix composites,

Compatites represent an interesting class of materials from the viewpoint of thelr pressure-
dependent flow becurse, tn addition to the problems of damage accumulation due to dilatant
behuviour, they muy contain residual stresses and Interfaces whose behaviour may be
dependent on the hydrostatle pressure.

In the current ztudy, the Influence of hydrostatle pressure on the fracture behuviour of two
metulematrix composites has been examined: (i) u directionally solidified Al 6% Ni eutectic
ulloy containing aligned AlgNt fibres in an Al matrix, snd (i) an Al alloy containing SiC
purticles. Our observutions ure discussed in a general context of the competitive dumage und
(racture procesics which muy occur in both fibre-reinfcrced und purticle-reinforced
composites.

2. DAMAGE AN FRACTURE PROCESSES IN COMPOSITE MATERIALS

Fullure of composite muteriuls generally occurs not by sudden, catastrophie propagation of a
single crack, but by a more grudual process of damage sccumulation, The dumuge may
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originate in the matrix or In the reinforcing phase, Various possible damage mechanisms are
described below; they are bused on direct observations described inthe nest section,

The sequence of possible damage processes in compotite materials containing long beittle
fibres in a ductile metallic matrix Is shown schematically in Fig. 1. Plastic strain causes load
transfer to the fibees, and damage develops in the form of fibee fracture, this appears to occur
throughout the composite 1Stage N The damage spreads in a number of ways depending on
thecurrent stress state and on the relative mechanical propertics of the mateix and the fibrea.

l " m__
[ M

|| LLLLL L.
1T

' . ;'l l l/U] Fig. 1.

Sequenceof damage events leading o
fracture in fibre composites.

O
e
TS
t;
f

g
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If, for example, the mateix yleld stress Is sufliciently large and the fibres are closely spaced,
then the elastic stress concentration In the plane of the crack may result In fracture of the
neighbouring Nbres (Fig. 1(a), Stagell). The damage then spreads in a planar fashlon,
progressively Increasing the load carcied by the mateix until ultimately the ligaments
between the czacks fail (Stage H1). This process Is favoured by large hydrostatie tensile
stresses.

If on the other hand the matzix yleld steess is very much lower than the fibce fracture stress
and the work hardening rate of the mateix Is low, then the additional stress in the matrix,
resulting from fibre fracture and the corcesponding load re-distributlon, may cause strain
localization shead of the crack tip (Fiy. 1(b) Stage [1). The stress concentation at the tip of the
localization alds in the fracture of nelghbouring fibres, causing the damage to spread along u
planein:lined at approximately 45° to the tensile direction.

When the hydrostatic pressure exceeds a level approximately equal to the ultimate tensile
strength of the composite, an alternate process may occur (Fig. l(c)). Here agein damage
fnititally inveclves fibre fracture and the damage may spread by & cooperative mechanism
(Stage [1). But now the net axial stress is always compressive and the tensile fracture of the
matrix, shown in Figs. 1(a) and (b), is inhibited. Instead, the softening effect of the dilatant
damage results In a macroscoplc strain locelization (Fig. 1(c), Stage 1) similar to that
frequently seen in single phase ductile materials (Telrlinck et al., 1988). This strain
localization may be accompanied by large rotations of the fibres which can also contribute to
soltening within the deformation band, as deseribed later.

518




The inlluence of pressuce on fracture ol sompesites.

Tha sequance of poseible damage processas In particle reinforced metals matrix composites is
shown schamatically in Fig. 2. The figure shows a micrestructure containing both cosrse
reinfoccing particles and smaller precipitates or Inclusions la mikredtruciuce representative
of the ALSIC compatlie examined in the present study). Hece the damuge peocesses may
initinte either at the eeinforcing perticles oc within the mateix.  For example, the large
particles may fracture (Fig. 2(2)) or debond from the matelx (Fig 2(bY  Upon further

' siraining these damage events may tpresad in u manner similar to that deiceibed (or fidre
componited, until ultimately the matrix falls by cither 3 ductile oc shear mode However, the
constraints exeried by the non-deforming particles can generate large triaxial tensions in the

y matrix, caudlng damage In the mateix In the form of veid growth or shear ceacks (Fig 2{c) and
{d)), originating at the amaller particles and Inclusions and which spreads by & peocess which
Tnvolves particle fractuce oe decshedion.

The vacisus damage and f2acture processes described here are used as a framework to
+ desctibe the fracture behavieur of the composites axamined in this study.

—-®

3. MATERIALS AND EXPERIMENTAL PROCEDURES

The Al-6%Ni alloy was produced by Alcan International and was subsequently directionally
solidified in a Bridgeman-type furnace ot a rate of Jcnvhr. The resulting microstructure
consisted of 10% aligned AlyNI fibres in an Al matrix. Most fibres werc approximately 1 pm
in Ciameter and spaced ~3 ym apart. Regions containing coarse fibres, ~10 pm in diamater,
were also present.

The Al-SiC composite was a commarcial Dural contalning ~20% particulate SiC in a 2014 Al
alloy matrix. The average particle size was 13 ym and average sspect ratio moasured in the
plane containing the tensile axis was 1.23. However, a significant {raction of the particles
(~5%) were larger than 40 pmor had an aspect ratio greater than 3. The material was provided
by General Motors and was tested in the extruded condition.
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Tensile tests were conducted on cylindrical samples using superimpased hydrostatic
pressures up to T00MPa  The delormation and fracture behavivurs were dtudied using
Mandard {ractogeaphic and metallogea, . te teckniques on both samples tested to failure and
damples from inteerupted teats,

4L RESULYS AND DISCUSSION

4.1 ALNialloy. The influance of hydeostatic presiuce un the ductility of the Al-3i ulloy
isahawnin Fig.3 Thelracturesteuinincreased capidly with pressurcupto =330 MPa. beyond
whizh paint it was intenditive to presiure ‘Thia enitical presiuce 5 approximately equal to
the ultimate taniile strength of the compoiite

“‘ Al T Ad T
Al«Nj I

o R
- )

o’ 1 Fig 3. Theinfluenceof hydroitatic pressure,

( p. on the feacture strain, ¢p, of the Al

Nicomposite.
ok -
e
P (MPa)

These results suggest that st low pressuces lracture is controlled by a strongly pressure-
sensitiva inechanism (that is, a dilatant mechanism involving microcracking or void growth)
wheress at high pressure it is controlled by a less dilationa! mechanism, The fractographic
and metallographic observations confirmed that a change in {racture mechanisms occurred at
a pressure of around 350 MPa. Typical fracture surfaces of samples tested above and below
this pressure are shown in Fig. 4.

Fig. 4. Fracture surfaces of the Al-Ni composite tested under hydrostutic pressure of (u)
175 MPa and (b) 525 MPa (30° tilt).
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The leasture surfaces of samplea Leated At low pressures wore inglined at ~435° 1o the wasile
direstion and exhilinted a dimpled appearanee A fractused AlgNt fibre wai lacated at the
eentee of cach dimple The fracture proccss in this perssure regima invalsed the csaperative
specad of fibire fractuce similar to that shawn schernauieally in Frg 1iby

Thelractarv autfaces sl samples teited atthe higher predivres wesealsa tnchinedat ~ 45" o the
tenmle dircetion, but exhubited large shallow dirspies. with only very fow fracturid Gibees
interictting the fracture surface The fracture process in thid prediute regime wak eiucidated
by examimag extérnsl surfaces and lorgitudinal sections of both fractured and intersupted
aampler. The events leading Lo fracture are shown In Figs. 5 asd 6, and can b deiribed in
the follawing way.

Fig. 5. Lorgitudinal section through fractured ALNi sample tested ut 690 MPs
pressure. Notethe fractured fibees and the subsequent inward flow of the matrix
(see arrows),

3”‘ I“ \ A N
:ﬂ;ﬁ R I Ir
. .
Fig. 6. Longstudinal sections through ALNi tensila sumples texted ut 690 MPa pressure

(u) Interrupted ut ¢ = 0 08, (b} Interrupted at ¢ = 0.2, und (¢ Fructured Note
thedevelopment of the struin localization und the correzponding fibire rotation,
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Atsmall plastic atrains ¢ 20 031 the fibred began 1o feacture The large stressesdeveloped in
the mateix ahead of the crack Lip caused fibze-matein debonding over lansthaof <0.1 pmitig

$1 Thin terus-shaped voids were alsa facmed in the matrix ahead of the cracks Hlawever,
upen further straining, the fractured fibee cnda separated and the matrix Qowed inward
between the fibre ends  the hydrostatic prelure suppredsesd, and ulumately reverses the
dilational damage which leads to fracture at lower preddures Although the cracks formed in
the bulk of the material were unable 10 link or 1o propagate, eracks located near the external
ueface were able to link up with the sueface via narrow shear eracka tFig, Gall Authetipsof
someof theiesheareeacks, the stralnbecame localized intacoarse deformation bands (=200 pm
wide) which propagated stably into the bulk of the material (Fig 6tbh)  Withia the
deformation bands, the strain was sufficlently large that the fibres were rotated away (rom
the teasile dicection causiag gevrneleic softening of the band until a geitical point{~30%40% at
which feacture occursed along a path through the Al mateix (Fig, Gicl). As & result very few
fibeet were de¢n on the feacture sucface,

The shear fracture behaviour of the ALNI composite and the corresponding saturation in
frasture steain at large hydrosuatic pressures may provide useful Information regarding the
lirnits of plastic strain which ¢an tn gencral be applied to fibre composites prior to instabality
and fracture. Forthia reason, it is of interest to examine the nature of the shear Instability in
the ALNi composite in more detasl.

Duting tensile defortmation of metallic materials thers are generally twa processes which
promate shear localization. They areli)adecrease in work hardening rate and (i) an Increase
in dilational damage with plastic strain (Yamamato 1978). In fibra reinforced compotites, an
additlonal softening mechanism, caused by fibre rotation must be considered Fig, 7 shows a
plotef tha teasile streis required to deform an element of she ALNT composite in simple shear
on & plane at 48° 1o the tensile direction, against the local fibre cotation. For simplicity, the
fibees ace assumed to be Infinitely long and rigid-plastic, the mateix s ussumed to be in plane
strain and the composite flow stress is written [n terms of the simple rule of mixtures The
plot suggests that bayond a critical rotation (~14*) the net hardening rate for timple shaar
deformatlan (neglecting any dilations) damage) Is less than zero, Therefore, shear
localization in fibre composites may not only be Influenced by the work hardening rate of the
matrix and the dilational damage, but alio by any relatively small fibre rotations or
misarientations.

~

€
o«
o

Fig.7. Tensile stress required for simple
shear deformation of Al.Ni
composite.
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The influence of pressure on fracture of compasites.

42 ALSIC compesite. The elfect of hydrostatic presaure on tha duetility of the ALSIC
compotite is shawn in Fig. 8 The fractuce steain was strongly presiuce-dependent ovee the

enlice predsuce cange,
I T et s
\ " 4

) 1 Fig.8.  Theinfluence ol hydrostatic presaure,
ol p, on the fracture strain, gy, of the Al-
SiC componite.
(2] L
= )

4
P (i)

The eriging of fracture in AL.SiC particulate composites have previously baen suggested to be
either the {racture or decohesion of the SIC particles (Lewandawski et a! 1987) or feilure
within the Al alloy mateix (You et a). 1986), as shawn schematically In Fig 2. To distinguish
betwean fracture and decohesion of the SIC particles In the present study, matching leacture
auriaces were carefully examined. Fig.9 shows an example of maiching fracture ausfaces,
where the correspanding letters on the micrographs show matching halves of fractured SiC
purticles; pacticle-matrix decohesion was rarely observed. Longitudinal sections through the
fractured samples also revealed & number of fractured particles below the fracture aurface
(Fig. 10), Pacticle (racture was ollen associated with the more elongated particles which were
sligned with the tensile direction. There was also evidence below the fracture surface of
cavitation at some of the small intermatallic particles,

The only observed change in fracture behaviour with pressure was in the mechanism by
which the mateix failed. Atlow pressures the mechaniam was one of micravoid coalescence,
a8 evidenced by the dimpled fracture surface. At the higher pressures the matrix feiled by a
shear mode. Atall pressures, however, it wus difficult to ascertain the order of events leading
to fracture, L.o., whather or net matrix fallure preseded particle fracture.

Fig.9. Matching fracture surfaces of Al.SiC sample tested at 490 MPa pressure,
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In ocder (0 datertning whether composite fracture was imtiated by fracture of the SiC
patticles, the tensile stress 1n the SiC pacticled at the point of compdsite fracture wai
catimated using Ethelby’s equivalent inclusion mcthod {Eshelby, 19371 The particles wire
assumed 19 be 190lated ellipsonds with an arpeet ratio of 3 1that of the mare clangated
particled) ta a mateix which was aubjected 2 a far ficld teniion plud a hydrostatic prexsure
Tha calculationi anly sccount for the elastic companent of steain, the inteenal siréxicd which
atise from the plastic strain Incompatibility at the unde’ormable particles aze neglected. The
tesults were then used to predict the composite fracture stresd aziuming that compodite
fracture occurred when the tensile stress in the mere slongated particles reached a critical
value required fur beittle fracture, Le. the largest, mest alongated pacticles, were nasumed to
be the weakest link. Figure 11 shows the peedicted curve along with the experimental data,
The peedicted cueve was normalised by the compodite fractuce stress at atmospheric pressure
such that the pressure-dependencies of the predicted and measured fratture stredsed could be
compared. The predicted curve shows that the far field tension required foc particle fractuce
does net increase with pressure s rapidly as weuld be peedicted by a critical magrosconic
tension (shown by the line of slope 1). However the predictad cucve still exhibits a presaure.
dependence which s greater than that of the messured values,

AlvSuC l

Fig.tl. A plot of the experimentally
measured and predicted fracture
stressesr of the ALSIC campoiite
sgainatthe hydrostatic pressuce,

—x—-
P i)

The disccepancy between the predicted and messured values may be due in par to the
Internal stresses which are developed during plastic deformation, The intecnul streseesinthe
undeformable SiC particles are tensile und therefore further promote pucticle feucture The
average value of internal stress muy be measured at small plastic struins by conducting
Bauschinger tests; however, the results of such tests may not be representutive of the locul
internsl stresses st elongated SiC particles or within particle clusters where the dumuge
peocess is most likely to initiate, p2riiculurly at the level of stenin at which failure occurs In
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additien, the undatiring assumptions in the equivalent Inclusion calculations, namely that
the volime (raction of particles is small and that the particies are ellipiaidal, may result in
significant errers In the caleulated siresees,

In Tight of the complexities Invelved In evaluating the »tress dlatribution in the composite
matecial, (s cleariy difTicult 1o establish & simple fracture criteria which involves a critical
averagd dtreds or siemin  Navertheless, our obiervations and appraimate caleulstions
FuZeal that composite fradtare {4 tnitated by & process which involves brittle fracture of
elongated SiC pacticles.

Inoeder to better unducstand tha rele of mateix [allure in compesite feacture, we are cucrently
studying the effect of pressure on the fractute behvisur of the Al alloy mateix itsell. However,
in 4 concutrent study of a SiC whisher-reinforced Al alley, Vasudevan ot ol, 11988) found &
streng premiure-dependence in the fractuce strain ol the compotite material and almest no
preseusy dependence in the fractuce straln of the Al alley matrix itsell. This result provides
further evidence of composite fracture that is initinted by demage in the reinforcing purticles
rather than within the mateix  But, aa pointed out by others (Hunt et al,, 1987) this inay not
b the cade foe highee volume fractions of reinforcemant.

8§, CONCLUSIONS

The behaviour of Al based metal-matrix composiles under supecimpoted hydroatatic pressure
revesls a variety of damage uod lractuce peocesses. In the case of fibee-reinfocced compoiite,
farlure at atmospharic presaure occurs by a series of fibee fractures follawed by ductile fallure
of the matrix. Atlerge peassures, failure accurs by a steain lecalisation which is sccelerated
by beth dilation due 1o fibee fracture and sellening due to fibee rotation. [n the case of
particle-relnforced componiten, fuilure Is Initiated by beittle fracture of the reinforcing

particies.

Studies of the peessure-dependence of ductilily may be useful for deflining the celtical
parametecs, such as reinforcement aize, morphology and degree of particle aggregation, which
control damage initiation and evolution in metal-matrix composites,
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Abueact = Diagrams can he constroctod s stres spave b whaw, for matals and alliy, the competition
beturen the proceiwes whah frad o fracture Thew ndude ynid, aoching, vond maltation, Jixtiie
fracture, hattle grain-boundary fracture, cleavage, shear fracture, and plasin rupture. Simplifed diagrams
are constrted for ET.P. copper, xebrats, twa stech and an atununium alloy. The dragrams show how
the fracture mechanirm chanjes wath stredt state and help atenalive 4 sumber of appatently conflicting
obiervations. They have application in peedicting the behaviour of metals uader complex sirens siates,

Résami—-On peut construre, dans Fespace des contraintes, Jes diagrammes qui peprésentent ba come
phition entre Jos diffirents mecamimes conduisant 4 L4 rupture dans ki métaux et les alliages, ves
mécanismes étant: la deformation, la striction, le pernination Je cavitds, la rupture ductile, la rupture
intergranulaire {ragile, le clivage, 1a rupture par undillement et-1a rupture plastique Nous canstruisons
des diagrammes umphiés pous le cunre T.T.P, 1e Jaiton x. deun ackers ¢t un alliage »Yaiuminium Cet
diagrammes montient comment ke mécaniime de ruplure ovolue avee 18tat de comrainte, of andent 4
rationaliser de nombreuses uhsenations apparemment contraditotres. On peut les apphquer poue prévenr
le vomportement des métaun sous des états de contrainte cumpleacs,

Lusammen{ssvong —Drsgran—e lasuen sich 1m Spannungiraum konstruseren, aus dencn das Wechselipwel
der Prozesse hervorget. die 2em Beuch von Metallen und Legierung fUhrert Dicse Prosesse umfasien
FlieBen, Einschnuren, Bildung son Hohlraumen, dultiler Bruch, spréder Korngrenebrwch, Spalten,
Scherbeuch und plasusches RuiBen. Vercinfachte Diagramme werden auigestelit {ir Elekirohupler,
1-Messing, awei Siahliorten und eine Aluminiumicgierung. Die Diagramme zeigen, wie sich der
Beuchmechanismus mit dem Spannungizustand Andert; sie helfen, eine Reihe scheinbar widersprchheher
Beobachtunpen zu ethliren. Die Disgrimme kénnen zut Vorhersage des Verhaltens von Metallen unter

kompleren Spannungstustinden benutzt werden.

1, INTRODUCTION mechanisms intersect. Then, as the stress state is
changed, the dominant fracture maxe (characterized
by the innermost surface) may swich from one
mechanism 10 another, We thow, below, that as
many a3 four mechanism chanpes can be identified
for common alloys at room temperature.

In this paper we simplify the problem by consid.

The plastic behaviour of metals depends only weakly
on hydrostatic pressure. For most practical purposcs,
metals yield when the effcctive stress

LR (N YR N R  r a  LE {

reaches a critical value, the initial yiekd stress, o,.
Fracture {5 different: when voids nucleate and grow,
or when cleavage cracks nucleate and propagate. the
volume of the sample increases, Partly because of
this, the processes depend on both 4 and on the mean
stress

Gn-}(ﬂl‘*'ﬂx‘*'ﬂ‘) (2)

{which, of course, includes uny superimposed hydro-
statis pressure, p) and, somctimes. on a third inde.
pendent variable of the stress state: the most logical
is the maximum (most tensile) normal stress, ¢,.
For each mechanism:, a surface cxists in stress space
at which failurs by that mechanism occurs in propot-
tional, monotonic, loading: stress states. inside the
surface do not cause fracture whereas st-ess states on
the sutface do. In general, the surfiuces for different

- -

tPresent address: Cepedur Pechiney Research Centre, BP
L7, 38340 Voreppe, France.

. -

¢ring only the axisl loading of cylindrical tensile
samples under superimposed hydrostatic pressure
and of notched samples at atmospheric pressute,
These provide a wide range of axisymmetric stiriss
states over which (racture can be studied. Frazture
mechanism maps are construct d for five engineesing
malterisls in & ~ g, space and compared to riaps
nreviously constructed in 4 = p space (1}

2, STHESS STATES IN CYLINDRICAL
TENSILE SAMPLES

The stress state i o cybndrical tensile sample prior
1o necking is one of uniaxial tension plus any super-
imposed hydrostatic pressure, p. Once a neck forms,
there is an additional hydrostatic tension, o, which
varies across the sample section. A similar stress stase
is found in a cylindrical tensile sample which has had
a circular notch machined within the gauge length
pnor to deformation. Since the siress state in the
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sample clearly influences the fracture behaviour, the
effect of specimen geometry on sircss State 1s reviewed
here

The additional hydrostatic tennion in the plane of
3 neck Or notch 2] 14

a
gyma,,, ln[l +-2-i -EQ—R] )
where o, 15 the current flow sirese, @ is the minimum
sample radius, Kis the radius of cusvature at the neck
or notch and 718 the distance from the centre along
the plane of the nuek. In unnotched samples Brdg.
man found that 4. 2& was mainly dependent on the
strain beyond necking, i.e.

o .

'Z—E-k(' -tak) 0]
where ¢y, 18 the strain at the onset of necking and &
is & constant x0.38. Since fracture is initiated near
the centre of the sample, we only consider the stress
state at r w 0. Thus, from equations {3) snd () we get

{8

In gee-notched samples, the vaniation of «. 2R with
slein 18 a0t Js wmple as that given by equatton (1)
Here thare 15 an effect of the imtial notch yeometry
and the work hardening behasiour of the matertal {3).
High wotk hardening rates and high vaiues of
(0.2R) tend 10 cause notch blunting during the
imtal stages of deformation, L.e. there is a decrease
in « 2R with ¢ Comversely. for low- work hardening
rates and Faw values of (2 2R, the notch develops
similarly 1o 3 neck 10 un unnotched sampie. Here we
can use equation 4) 1n which ¢y ~ 0 to descnibe the
change in natch geometry with strain. For inter-
mediate notch geometnes, he. (228 x93 to ),
2R reman roughly constant up to fracture. In thiz
case the hydrostauc tension cun be approximated by

a, wa. lr.[l -(;"i)a]

» &n studying the deformation behaviour of a
par .ular matertal, it is best to monitor the neck or
not¢ 1 geometry during straining in order to evaluate
the stress state. However, in our modelling of stress
states in noiched samples, and their effects on frac.
ture behaviour, we find that the fracture conditions
can be adequately desenbed by assuming @ 2R re-
maias constant 1o fracture. Thus we use equation (6)
10 estunate the hydrostatc tenstie stress.

Here we also find it useful 1o dafine a hydrostutic
stress, ay, in 2 similar way to that of Goods and
Brown [4] The hydrostatic stress includes any super-
rmposed pressure p, and the hydrostatic tension, ay.
due to a neck or noich, but ot the component due
10 the How stress 121, [n this context the hydrostatie
stress 18 not the same as the mean stress, g,,; the two
quantities are related through the expressions

ap e oy, [l + k(= )l

{6)

o= fr=p
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and

tamle =)o, +oy

3 MECHAN" 3

We consider the following mechamsms

(1) Plasiic failure (Fig. 1). If no other mechanism
intervenes., a ductike material loaded n axial tension,
or 12 2 al tenson with supenmposed pressure, (ails
in 4 purelysplastic way The matestal Melds aiter a
Arain, £y 1t necks and stnun lovalizes in the necked

’ —
! ')\F
- - _\ R
T
p Y }__"
- - -f N\
,(0’
& N
{ Ov" ‘
SECa £LAL"
vELD ECard :.-.,.‘,’-2
ta

Fig. 1. (a) Schematc representation of the purely plasue

failure mode. 1t is favoured by hgh confining pressure (b}

Macrophotograph of 7075-T4 aluminium alloy loaded 1n
axial tension with a confining pressuce of 1100 MPa.
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CLEAVAGE

G-8 BMTILE

NUCLEATION

Fig. 2, (2) Schematic representation of cleavage and of
hattle intergranular fracture. (b) Micrograph showing the
intergranular brittle fracture of an Al-3.6% Cu uxisym-
metnic tensile sample. (¢) Cleavage fracture occuering in an
Fe-1.2% P alloy broken in axisymmetric tension,

region. Alter & further strain (of gereral order 1) the
section reduces to a point or chisel-edge of zero
section. This purely-plastic failure has no volume
change associated with it, so it depends only very
weikly on pressure (Section 3.1).
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(b) Cleavage ond brittle intergranular fracinre (Fig.
2). 11 the intrinsic fracture toughness of a material is
low, or il impurities embrittle its grain boundaries,
then slip may nucleste cracks (scross graing, at grain
boundaries or at second-phase particles). I the stress
is sufficient 10 cause one of these cracks to propagate.,
a brittle fracture follows, The (racture path may
follow cleavage planes within the grains, or may
follow grain boundanes, Jepending on which path
has the lower toughness. This mode involves opening
of eracks. and is strongly pressure dependent (Section
by )

) Duinle frntuee (Fig 2 Engincenng alloss
contwn 1iclusons or particles. After u plasti strain

Fig. 3. (a) Schematic diagram showing the nucleation,

growth 2nd coalescence of voids leading 1o ductile (racture.

(b) Macrophotograph of a tensile sample of spheroidized

1080 steel which has failed by ductile [racture. (¢} Micro-

graph showing damage development in a 1045 spheroidized
steel sumple broken in axisymmetric tension.

]
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SHELR

Liy]
W ALEANC FRACTAL

Fig. 4. (a) Schematic drawing illustrating the shear fracture
mechanism. (b) Macrophotograph of a 7075-T4 sample
which has failed by shear fracture. (c) A SEM micrograph
of the sample shown 1n (b), showing the void sheet
maechanism leading to shear ftacture

Cvn, YOids nucleate at inclusions: further plastic strain
causes them to grow in length and volume until they
link to give a ductile fracture, The volume increases
as the voids grow, so a hydrostatic tension (as in a

TEIRLINCK ¢ ol FRACTURE MECHANISM MAPS IN STRESS SPACE

nesk) favours this sort of fracture, and u sufficiently
large pressure can suppress it (Section ).J).

() Shear fraciure, or veid-sheeting (Fig. 4), Under
the right conditions, voids which nucleste in a slip
bund reduce the load-besring area of the band 30
much that flow localizes there. Further shear ine
creases the area of the voud 1 the shear hand, unul
wpargtion occurs in the plane of the band. Voids
which extend in shear need not increase in solume, so
sheur fracture is Jess pressure-dependent than ductike
fracture, though it remains more pressure-dependent
than purely-plastic farlure (Section 241

For each mechanism a relation euists between 4
and ¢, at failure. These relations define fasluee sues
faces on u diagram with 4 and a4, av $rev We now
onuder cach mechaniim n tuen, exanumng the
approvmate form of the ¢ = o, elitnn at falure.
The symbols used 10 the tent are listed 1 Table |

L1 Plastic rupture
Plastic low occurs when

dna,
Wark hurdening vauses the yicld stress 1o inerease
with the etfective plastie strain, & At ainasphen
pressure the strain dependence of the yield stedss can
be approximated by a power hardening relation ol
the form:
Opoe @ A 8

where 4 and m are work hardening constunts

The yield stress also depends weakly on the prese
sure, p (the effect denves from the ellect of pressure
on dislocation monon (5, 6) The shedr strew, .
required to move u dislocation a1 preswure p. 18

approvimately
r dG]

= ml.l + Ga dﬂ
where 14 and G, are the shear Stress required Tor
dislocation motion und shear modulus, respecinely,
at atmospheric pressure. Generally d6 Jp %2 tor
cubic metals [7). Figure 5 shuws that this appron:
manon 1s in goodd agreement with experimental meas
surements, Equations (8) and 9) vn then be come
bined 1o ohiain a  presaredependent  poser

hardemng law
4
ruum .4.--[1 +i.']
G

The ywld surfuce afier an equinalent strn, @, 1
given by 4 =g, ((.p). In partieular, we define the
imtial yield surface by

4
4 -d':[l —-?"]

where o) is the imual yield stress in an unnotched
sample with no supenmposed pressure.

Necking under multiaxial stress states can be com.
plicated. For the uxisymmetric stress staie we con.
sider here, however, it is straightiforward. Hydrostauce

V)
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Toble | Symbali, deinitions and waiis

[ minlmem wecimen redis 2 Pk o poich (m)
A, 2090 of sheee boad (m')
» Burgers vector (m)
¢ i srach fngih (m)
¢ PROMENS CONMAMS (1 = 1.2,
¢ increment of sheat wram
n AmphAatan £atar 10 sond pravmih tan
[ Voung ¢ madulus 1MPAY
[ srdume EARLon of vaond phaw pattnles
v ahcar moduls (MPay
k COMLant I 20 W)
Ny (ratute toughnees 1Pz m' )
m Power Natdemng eaponent
N\, aumber of vords per umt vlameam
r supenmpndd Aydentain presvute yMIPa
. LTSNS LOA ANMIEA WTRER B PSIRG S BAL OF Pt B ey
’ A3l g Eadivy any
’ sond radidt setmal 10 teasle avie Ymy
LT ] i radias patailed 10 tenule avi iutinal value 31 fraktutes im)
R tadius of cunvatuse at pak of notchmy
1 soleme of 2 vord tm'}
x 4 fumctien of vtam [nl o kil = ma

amphifcation (35100 18 Yol growth law
i Pastrc wik 10 racture thm 5y
' ofective plans wrsia Fw Filt, =gl o ey = B2 1y =, ))2
t Wian beyond vod (ol =ty)
o temore sl wrsia rade it 1)
[ effecuse wrain .t feacture
[T Mrasn at onset o tecling
b3t Vg awcleation wrain (38 Jet wontining Mewdte)
'’ vran a0t paling 10 vause plats toptute ,
P Wnal dukXation denuty 3 wvnad phase partie im °)
) effecting sitest AMPaY; @ m 5ilie, = ;) w10y = 01F o (6 =]}
€ty €y prnciple Mreves (MPs)
o lef) fraciure sitwss (2l derd Conflming Presurel (MPs)
. Aow: strevs (MP2)
o) Sydrostatic uress (MPa)
o locs‘ srew coquited for voud Auclestion .
o, Joxal 0w s a1 second phate partile tMPa)
a, mean Mrew (MPa)

normal seew (MP2)
@ (0%) s at onset of neching (at sero confimng prevsured {MPa)
o trve shear wrens in shear hand tMPaj
" sdduional hydrontaiic teadon due 16 4 aeck or natzh (MPe)
LY Momnal 1enale Hireis at Jera confming prevure (MPs)
Bt Vond aucleation Kress (ol 2e10 confimayg prevware) {MPs)
e 1)) il yrekd steea tat pero confming peessute) IMPa)
LA yhear vress requited 10 move 3 Sl aton fat rero confimng pressurcl (M Ps)

pressuee influences necking only 1n 0 far as ot
changes the flow stress slightly through equatien (11).
The stress at the onset of necking. gy, can then be
evaluated from the Considére criterion

d¢
e d (12)
From equations (10) and (12) we find that
= m (3)
and
d,“-Am"[l +i’-’] {14)
G

If no other fracture mechanism intervenes. then
necking ultimately leads to failure by purcly plasuie
rupture. We suppose that, once necking starts, flow
is localized in the region of the neck. and that
separation occurs after a further locaf strain, ty, of
order 1. The strain at the onset of necking is m, so
the strain at final separation is

Gx1+m

AM M3~

and from equation (10). the corresponding true stress
i

a,-4u+mr(t+%f).

Alternatively. if the plastic rupture stress ¢ at some
pressure p° is known, then the stress for plastic
reature at any other pressure, p, is

4
9 "'c'[' +'6.(P "'P')]-

3.2, Cleavage fracture and beutile intergranular frac-
ture

Most crystalline solids will fail in a britile manner,
cither by transgranular cleavage or by brittle inter-
granular fracture, if the temperature is sufficiently
low or if the hydrostatic tension sufficiently large.

J2.1. Nucleation. Many brittle solids—most ce-
ramics, for instance—contain small cracks caused by
ahrasion, corrosion, or growth defects. Intrinsically-
britlle metals—the b.ce. snd h.c.p. metals and
alloys, for example—may contain such intrinsic

(1s)
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Fig. . A diagram showing the effect of presivre 0n the flow
siress of ) alloys. Here #, @, 15 the ratio of the fow stress
under presture. 2. 10 that at p = 0 at the same plasie strain
The hnear approvimation w in poxd agreement with the
crperimental data.
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cracks, but even when they do not. twinning or slip
can create them. Generslly speaking. cracks thus
nucleated have a length, 2¢, which scales as the grain
size. Thus below the ductile-to-brittle transition iem-
perature grain-sized cracks nucleate as soon as the
yield stress is enceeded, Then the nucleation condic
tion is simply

édma,. (16)

If the (racture toughness is suficiently low, one of the
cracks will propagate unstably immediately after
nucleation, causing (racture, The (racture stress will
then be the same as the nucleation stress. This
fracture mode it consequently referred 10 as
initiationcontrolled brittle fracture, In materials with
higher [racture toughness, the cracks are not imtially
unsiable. But as work-hardening increuses the flow
stress, new slip-induced cracks are nucleated and the
stress ultimately reaches the level required for fast
propagation.

3.2.2. Crack propagation ard fracture. One of the
cracks propagates, cither by transgranular cleavage
or by an intergranular path. when the Griffiths
criterion is satisfied. In simple tension, this requires

tBrittle fracture is possible when il three principal stresses
are compressive, but the falure sriterion is more compli
cated than equation (18) (see Rel {M0)). Such fraciures
are found 1n ceramics, rocks and minerals, but rarely in
metals.
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that the tensile stress reaches the critical value
Cy Kic
£

C;IT an
where Ay i the fracture toughneis of the matenial
and C; is u constint nedr unity, For axisymmetric
loading with ¢, tensile, the fracture surface 1 de-
scribed by

dmg4p (3

whete g, van either be estimated from equation {17)
or measuied by lowering the temperature 10 allow
brttle fracture at atmosphenc pressure ¢

‘This fracture mode 15 referred 10 a8 propagations
controlled britthe fracture. It is impottant to note that
both the nucleation and propegation criteria [equa-
tions (16) and (18)] munt be satisfied in order for
brittle fracture to take place.

J.J. Classical ductile fraciure

Most ductile metals at uimospheric preisure fail by
the nucleation, growth and linkage of vouds, giving 3
cupeand-cone fracture in ausymmetne tension, Vouds
awcleate at second phase partickes, grow by the plastic
steain of the sucrounding mainx, and link when there
:1z¢ 15 such that snteraction with neighbours becomes
strong.

3.J.1. Void nucieation. We describe the nucleation
of voids by using the method of Goods and
Brown [4}. Nucleation occurs when the local tensile
stress Al the particle-matrix interface reaches i
critical value, ¢, sufficient 1o cause purticle-matnx
decohesion or particle fracture. The streis at the
particle is that due 10 local work hardening. a...
{which is always larger than the peneral rate of work
hardening because of the specially dense tangles of
dislocations at the perticle) plus the hydrostatic
stress, oy, The nucleation condition can then be
written as

O toymay, (19

The stress o, 15 determined by the local dislocation
density, P 8t the particke-mateix interface. In the
absenie of recovery or other annealing effects, gy,
increases proportionally with struin [8,91. Then 1l 4,
is proportional to Gb,/p.., where b is the Burgers
vector, the nucleation strain is

-ay F
(vs"cx[a' - u]'

where C; is & constant.
If nucleation occurs prior 10 necking, then
oy = —p and the nucleation condition can be written

as
[{% "“!.\'[' +£;]

where ¢yy ts the nucleation strain at p =0. The
nucleation condition can be rewritten in terms of the

120
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flow stress using equation (10)

el T4

whete #dy i the nuclestion siress at p = 0.
1€ aucleation occurs after necking, 7, must include
the hydrostatic terisile stress, gy, due 10 the neck, as

well as the supenmposed pressure, p. From equations
(3) and (20) the nucleation condition i3

22)

Cun ™ ‘:N
dp T
"n*ﬂ"‘*‘(?.s("i'-c- (! + Kty =M}
3
o Iy ey T

where the brackets (x) have the mearung
(xow0 for x<0

and
(x)mx forx>0,

[Note that equation (23} simplifies 1o (21) 1 nucle-
ation occurs prior 10 necking bark at p = 0 and at
pressure, o] The nuckation strain can again he
converted 10 a stress through equatioa {101 A ssimilar
expression can be derived for the nucleation stran in
2 notched sample, The himit of the void nucleation
line in & =0, space 35 d =0 occurs 3t g m ;.
3.2, Void growth. Under an axisymmetric flow
field, initially spherical voids grow into ellipsoids,
Their growth rate depends on the mean stress and the
curtent Jevel of plastic stramn. The avial growth rate,
7y, and the lateral growth rate, 7,. are given by Rice
and Tracey (10] us
Hhmo(y+ D) {243)
hmr (=724 D) (24b)
where { is the remote axial steain rate; 7 is a shape
change amplification factor which depends on Lhe
current void shape: and D is a volume chinge
amplification factor which depends on the mean
stress. (7 and D are described in the Appendix,)

Integration of cquations (24a) and (24b) gives the size
of the void in the tensile direction as {from the

Appendix)

ry J )
P [Zang— IT

xexp[o.zu +22(l+3lnx~2)

_ 0%
A(l ~-m)

where ¢ is the strain beyona nucleation, (¢ =7 = ¢yy)
7o is the initial void radius (which is 1aken as the
radius of the particle) and x 15 given by

xml+k{l~m).
Here we assume that void coalescence occurs when

(l""-di")] 23)
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7yiry renches a critical value [11). From thwe criterion
we can evaluate the fracture sirain, ;. at some
pressure, p, in terwms of the fracture strain, ;. ot
# = 0. The fructure strain can then be converted 0 a
stress through equation {10). The ductile fracture
surface for materials with low work hardeming ex-
ponents (m €0.11 and which do not undergo exten:
sive necking is given approsimately by

0.66p °f, . 4
‘=-"['-T] [l-i"&] 126)

where 4, i3 the fracture strcis at 2 = 0 und dy 15 the
fracture stress at pressute p

In constructing the fracture maps shown later, we
have used the more complex equations of the Ap.
cndix which are not imited to nacrow ranges of m oe
¢, and which iclude the fracture conditivns for
pre-notched samples,

34, Void linkuge 5y shear

If the void density becomes high enough, 3 new
sort of instabelity becomes potnble. It s vanously
called voud sheeting™ or “void coalescence by shear™
and mvohves the catastrophie hinkage ol voadein 3
shoar hband. 1018 perhaps the keast studied, and kast
well understood. of the fracture mechamsms diie
cussed herv; the model must be regarded as a fiest
approxtmation only,

Jid.1. The instability. The mechanics of shear e
nability have been analyzed by McClintock [3). Yam-
amoto [12] and Suje e o, [13]. At (he simpleit kevel,
the idea 15 a8 follaws. If the density of spherical vords
is N, per unit volume. of mean radiug. r, then an
increment of shesr d7 in a band of area A, and
thickness equal to 2», reduces the section of the band
by

%- =drh N, d5
At constant load, the true shear stress #, in the band
increascs by

127)

de,

« A

Unstable void growth will occur if the work hard.
ening is insufficient 10 compensate for this increase in
shear stress. The instability condition is

1de, |d¢ s

;:-d-;- I; d( VN' (-8)
where V(~4¢%) is the volume of u ~oid. Using
equation (10), we find the condition for unstuble void
growth in shear to be

1=
m(:;‘) -~ VN\J-

Shear coalescence is less pressure-dependent than
classical ductile fracture. and because of this 1t be-
comes dominant as the pressure increases. At high
pressures, voids do not grow much, so ¥ is roughly

(29




constant with strain and the most important term on
the right vand side of the equation is void density.

("7
342, Fracture by sheor linkage of voids, Detailed
studies of voni nucleation {1418} show that, after un
initial nucleation stress which we called o, in Section
.3, the number of v oids increases roughly in propor.
ton to the plastie straun, ¢ From equation (22)

LI C:q[' + ':"‘]‘-[l ‘Y"-G’"]

Then, using equation (10)
L) 'vu 0 when 4 <ayy
I'Nyom ;ﬁ:(ﬂl’“‘-c{:l when 4 pay, (WD)
where €, (5 2 sonstant. Combining this with equation
{29) pives the failure condition
mAl = C @ =al3 for 23 D)

where C, is a dimennonless constant. The trou.
blesome constant C 15 removed by using expens
mental data. Suppose that voud coaleseence by shear
15 observed at u streys d° when the presaure is p*
Then equation {31) can be rewnitien us

d* Lm " - '{: ,
F) g o
This defines the fracture surface for shear-induced
void linkage. When the nucleation siress @, is small

{as. for example. when the mean stress o, 15 lirge)
equation {32) nmplifies to

4 = constant

When, instcad, the nucleation stress 15 lacge, the
failure condition tends to

dmay,

and thus {through equation (23)] is pressure de.
pendent,

4. CONSTRUCTION OF THE MAPS

The equations developed in Sections 2 and ) relate
the effective stress, 4, 10 the mean stress, g, for
tensile tests on cylindrical samples with & confining
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preisure and nowched samples with no confining
pressure (i.e. axvymmetric siress stales). Simmlar
equations can be developed (or other mukiaxsl stress
states,

The latlure surfaces for each mechanism are con.
veniently shown as lines on axes of 4 and a,,. Here
e U ~¢, on the absisna (a5 opposed 10 +e,)
such that the supenmposed pressure INCredss as we
muve 10 the nght of the axis. This allws for an caper
companson with maps which have presiousy been
plotted 1n 4 = p space [1]. The maps also show the
stress teapctorics wWhich are taken af ranous prec
sures or with various notch geometnes 1o reach the
{racture suslace.

The falure surfaces are plotted by stepping
through value of 7 and evaluating the stress trapctory
ffrom equattons (71 and (10)] and values i d and o,
corresponding 1o fracture at eaxch step. A similar
peocedure i3 followed for noiched samples except that
we step through values of (2:2R). The maps show the
stress trajectories for several pressures and notch
geometries: the trapctones for uiher conditions can
be evaluated cither from the equations preienied here
or by interpolating between the trpestones showa on
the maps. To plot the fallure surfaces. duta ure
needed for u number of material properties, We huve
decived these from the open hiterature and from our
own extensive studies of the way In which super.
imposed pressure influences {racture mechanisms in
axisymmetnc deformation. The data are assembled in
Table 2 {or various type of behaviour. The onjpins of
the data are documenied below.

The procedure used to construct the diagrams was
as {ollows, First. the yield [equation (11)), necking
(equation {14)) snd void.nucleation (equation (2})]
lincs were plotted. The mechanism at p = O imple
tension with no superimposed  prossure)  was
Wentihed; for most enpincering alloys it 1s ducule
feacture. The ductile fracture line wai then plotted
{equations (A10) and (Al4)] using the valve of ¢
giving fracture at » = 0 as a normalizing stress. Dat
for the mechanism change lrom ductile fracture to
shear iracture or 10 plastic rupiure arc now used to
read off the value of &, given by this line, at the
pressure corresponding (o the first changs of mech.
anism. This pair of values of #° und p*® ure the
normalizing stress and pressure for the new mech-
amsm [equations (15) and (32)). The line for the new

Table 3. Material propetties

Material Copper 2:Brmes 1045 4340 Al-3 6% Cu
Shoar modulus (MPA) 4310 40x 10" TIx ¥ Tix 10 28« 10
Yield sirength ¢} (MPs) n 108 0 1400 18
Tennle strength o}y (MP2) pri] o 51 150 A3
Power hardening comiant 4 (MPs) 0 200 20 1900 (N1
Power hardening evponent m [X]] 08 012 003 02%
Fracture sirain at Latm, ¢f 1.5 1? A 0% uis
Feacture strese at } atm, o7 (MPs) 0 13 " 1%0* Mo
Vold aucleation stress at 1 aim ¢y (MP2) [] 0 0 1400 o
lu'ufuid sirength ¢, (MPs) 0 2000 10 1400 )00
Brittle Fracture Siress at | aim (MPs) -— — 2000 1400 -

‘Deta for metenial in the non-embnithed stale.
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Fig. 6. Micrograph showing the sheut fracture mechsmsm
Wng when bresking an axiaymmetric lonasle sample of
Al=).6% Cu alloy under 2 previuce of 207 MPs,

mechanim was constructed and the process epeated
for cach change of methanism,

An esample may oe helplul here. At pm0, an
overaged high-punty Al-).6% Cu alloy fails by inter-
granular fracture {Fig. 2(b)): the corresponding inter-
grunulur fracture lines are constructed from oguds
tions (16) and (18). The fiest change of mochamsm i
10 2 shear fracture: it occurs at 5* = 100 MPa when
d°* m 425 MPa (Fig; 6). This pair of values are used
in the shear fracture equation [equation (3] 10
construct the shear fracture line. A second change of
mechaniim, to plaste failure (Fig 7). occurs at
p° =340 MPa when 8¢ = 460 MPa. This pare of vale
ues are uied 10 equanon (151 to construet the plasik
farlure line.

The Agures show maps for copper, anncakd
2-brass, spheroidized medium carbon steel, a lemper

Fig. 1. Micrograph showing the plastic {ailure mechanism
occurring when breaking an anisymmetnc tensile sample of
Al-3.6% Cu alloy under a pressure of $90 MPa.

FRACTURE MECHANISM MAPS IN STRESS SPACE

embrittied nael and sn overaged Al-).6% Cu alloy.
The diagrams show o (ull ke for each fractwre
mechanism and broken kines for the Yield surface, the
ontet of necking and the onset of voud nuclestion
The snner envelope of U fracture swrlas iton.
Ratubedbdetines tnfare Ehe Jragrams fluaeate Brw
Ty Banturg e anieay Jhangoen i the ssqurha

Buttle ttacute » Phatks raatare »
Shear tractune = Masty, tupture

a8 PrOsEe i iteaswed e patticnlaethy Bow e
steotte Pronire Jpendusieg ol i 1ty waunws
B Be Acpliced By et ragtuie and thad the n
LR, BECOMOs PO G N AIVIE Yas 1) bt Bl vond
ArTvatien hned amd o epluned i as tuen, by plastie
rupture

£, ORIGINS OF THE DATA

S0 ET.P. copper (Fig. 8)

The diagram for E.T.P. copper shows two failure
mechanams: ductile fracture and plasik failure,
ET.P. copper 15 .98 w(*e Cu, 0.022w1% O, with
inclusions of Cu, 0. The sandard heat treaiment (1 h
2t 600'C) pave & mean grain size of 0.02 mm. French
and Weinnich {18] and Yapma 21 o, {19) obierved
ductile fracture with large vosds in the centre of the
neck, from 0<p <JSOMPa with & transition (9
planie failure with a chisel edge fracture ubove
IO MPa,

The shear moduluz G and iniual yield steength «!
are from standard handbooks [2§). The tenuk
strength a}s and the work-herdening exponent m are
from French and Weinrich [13). The work-hardening
constant 4 wai cakulated from 4 = a5 expim) m™,
The fracture stress at p =0 was cakulated from
af = AT] using data for ¢f from the same source.
The Cu,0 particles in ET.P copper are crasked,
even in the as-received materiul, 30 . .2 void nucle:
avion siress at p = 0 and the inerface strength o, were
takeon as 2ero. The stress for plastic failure is the stress
correspanding, 10 8 strain of tyg + (5. By Atling our
equations 10 French and Weinrich's [18] data. we find
g™ 1.9.

L2, x-Boass (Fin. 9)

The map for x brass shows thice mechannas
ductile fructure, shear fractuee and plastic Lolure,
The brass contains 701 wt*e Cu and 299 1" 20,
with inclusions of ZnS {20). The stamdand heat st
ment (Lh at 600 C) e 8 mean prun wre of
007 mm. Freach and Wannch (20 23] obwried

three  moechumwms. dwenle Imeture from
0<p <IN MPa, shear fracture lrom
IN<p<IBMP and  plasie  falure  Tor

p > 1150 MPa. These findings ace broadly contirmed
by Yapma e al. (19] and Beresney e ul. {24] who
identificd the trunsition from ductile to shear fracture
at p x 400 MPa,




1222 TEIRLINCK ¢f of: FRACTURE MECHANISM MAPZ IN STRESS SPACE
-a./a
woy—p—p. Q. 3 R B N
E.T.R COPPER ™
.ﬁ,‘la'. [ ZZYINTY
\ s‘ 18
Vg~ N Paste Rptvre
? --.-- 'S .‘\ ‘Q.‘ h )
e >,
é . N -fno:n.
. 5 ~
Ar ~ . ‘.\ S Ly
‘___—‘.,‘._——-'-_:—Nu.q 485
! 0 e o ":-- it \
QL—-’——'——-——'—;————;%‘ Jo
Rerlal] L&5) v} %0 Ly %30
T (MPR)

Fig. & A (rature map in 4 = e, 3pace for ET P copper Broken hnes thow yrelding, and the start of
neching. Full lines show the stress and preseure 4t failure by eack mechanivm. The inner envelope of the
full lines (cromhatched) pives the fractute surface and shows the changes of mechanism.

The shear modulus G and the yicld strength o9 are
rom the ASM Metals Hurdbook 128} The tensike
strength a3 and the work-hardening exponent m are
from French and Weinnch [22]. The work-hardening
vonstant 4 was cakulaied from A = g3 expim)m=.
The leacture stress at p = 0 wag cakulated from the
fracture straing given by French und Weinmch (22
using of = £¢f~. There are no measurements of the
Mtress at which vauds nucleate ut the Zn$ particks, We
have found that the overall observations of fracture
modes ure adequutely described by taking
[ [ 2000 MPa (.bo“l 6120) and O™ JOMPa,
‘The observations of plastic rupture are well-descnibed
by setting 7 » 1.}

331048 spherondized steel (Fig. 10)

The map shows # large repime of ductike ftaciure
At very low mean siresses, i.e. lgh pressurcs, this

mide is teplaced by shear fracturs. At very high mesn
sirases, cleavage racture 15 the dominant mode
Although the map suggeits that in prinapke this
matenal could fal by cleavage, n practise it
unlikely that a sufficiently severe stress concentration
could be maintained at room temperature in order to
attan the required hydrostatic tensile stress. The
large stresses at the notch ttp would result in plasik
flow and subsequent notch blunting. Beyond yield,
therefore, the mean stress would no longer increase
propoctionally with the effective stress, as indicated
by the sireis trajectory for (a;2R) = |, but rather
remain constant or drep as the effective siress was
increased. Consequently the ductile fracture line
wauld be reached before the cleavage ine. This stress
trajectory is shown schematically on the map (curve
A). At lower temperatures, however, the yield and
ductile fracture lines would be displaced upward such

- /0]
S S . Q H L I T <+ B __
a- BRASS ]
Owetie Frektvre
2000 / "’w Frattre " 20
::; = S NNy N, eYeaNutesten 's
o T N A J
1000 4 s“» \.“ \ ‘(_{_::\..-—-m-q T
AN '——--'r"' .
(o), 0%, \ o \ \. \ s
__,.*.:.—- -’T‘fvs -a-soc‘-‘acw\wsoo'-.--m ]
- ’:-:_—1--—-.-‘:‘\-‘---'.‘---:;-..-'.:-....‘.---y,dg 0
Y2600 008 0 1000 2000 3000
-0y {MP3)

Fig. 9. A fracture map in & = g,, space for 3-brass. it shows three mechamisms: ductike {racture, shear
fracture and plastic failure,
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Fig. 10. (a) A fraciure map in & ~ ¢, space of the 104 steel in the sphercidised condition. It shows repimes
of ducule fracture, shear fraciure and clesvuge. The curve labelled 4 schematically shows the trajectoty
for u severely notched sample which undergoes notch blunting and ulimately fails by ducuke fracture

(b) The map in (s)

that the cleavage line could be easily reached using
the appropnate sample gcometry.

Almost all the data arc from Brownngyg er af {16).
Their material (AIS] 1045) was austentized for | hat
900 C, uil quenched, tempered under vacuum for
$1 h at 700°C and furnace coolud. The cleavage stress
was cakculated in the way suggested by Knott {26].

using
xEy, 1*
[2]
with E=2x10'MPa [3), 7,=lJm*® and
o= 1.1 um (the 95th percentile of the carbide size
distribution), using date from Brownngg ef al. [16].

plotied in ¢ = p ipece.

The value of ¢, obtained by Brownrigg ¢f ol. [16]
was not used here since it was evaluated incorrectly
according 1o the method of Goods and Brown (4], In
ths method (tyy)' ? 15 plotted ugainst the hydrostatke
stress. gy, and the data are extrapolated 10 ¢4y = 0:
at this point « m 0,. Brownrigg ef ol. plotted (cw)'}
against the mean stress. g, resulting in a value of
o, = 1200 MPa. A similar value was obtained by
LeRoy ef af, [14) using the same incorrect method. By
plotting Brownrigg's data 35 ()" vs gy, we find
that ¢, = 1800 MPa. This value it in yood agreement
with values of 2000 MPa obiained by Goods and
Brown (4] and 1700 MPa obtained by Argon and Im
127).
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Tig. 11 A lracture a1 4 = 2, spact foe 4330 viecd 1a the tlemper-embhtiiod state The dautie o ture
e antersects the hne for Juctiie fragture, gning tnis tegimes of falure

The Knes corresponding 10 the other mechanisms
were plotied in the way already dexcribed for copper
and. 2.brass, again esng data from Brownngg e o/
(e}

3.4, 4380 Sicel, iemperembeiited (K. 11}

Embntiling treatments dusplace the battle inter.
granular fracture hine 10 the right so that it truncates
the ductile fracture Kae, The map shows how bnttk
fractwie 13 replaced by ductile fracture 3¢ the presiune
i increased, The data are from Cox and Low |2],
The material containg two kinds of inclusions: larpe
MnS puriches on wiich vouds nucleate a5 3o0on as the
matrix yields, and smaller Fe,C narticks whh pive
voids in shear bands linking the MnS-nuckted
vouds, Nuckeation &t the MnS purtickes 13 descnbed by
'. L .\“ = ', Lo ‘m Mh«

In the embnitled sate. the fracture stress @t
2 = 200 MPa was taken as the yreld siress. Note that
the brittle intergranular iracture hine has two

beanches. At low pressures or in notched amples,
brittle fracture u initianion-controlied and thus the
fracture stress eoincades with the ickd atress, At high
prexsurcs, orachs which are nwleated o the yckl
poInt are amittally stable Further strataing increases
the stress until the evel required for rapid crack
propagation i attained,

Narther shear fracture nor plaiss rupture sppearin
the range of pressures for which data are avalable.

S8 Al=2.8% Cu by tFix. 12)

The map shows three mechanisms; intcrgranular
battle fracture, thear ftatiure and plavixc rupture.
The data are from Teirkinck [29] The matenal 18 a
highopunty Al<).6% Cu ulloy which has been
solution-heat treated, quenched snd aped for four
Jays st 128 C to pive exiensive grain boundary
preaimiation. resulting 1n intergranular fracture at
p=0 The ines for the other movhamsms were

/o)
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'o B700 ¢ tovorgrang it Frger gy <&
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Fig. 14 A fracture map in & — g, space for Al-3.6% Cu. It shows three mechamisms: britthe sntergranulss
fracture, shear fracture and plastic fulure,
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calculated in the wiy desnded for copper and
2-brass, veing data from Teirknck [29).

€ DISCUSHION

&.1. Comparison with: previous froctre maps

The peoceding examples show how diagrams 1n
d — e, ipuce desenbe in a prtotal way the e
Tavonship between Sompeting feasture mechaniyms
a3 the stresd state 15 changed Similar maps have
previously been constructed 1a 4 = p spave (1] Al
though the twe types of maps convey cisentially the
same informstion about the fracture munde at a given
predsuse, there are sume distinet difereaves Butween
the maps which nead 10 be addraswd

The maps in d = p space have the advantage that
they are pmpler 19 vonstruet and read wme theee 18
a0 noed 10 evplitly follow the sreis tranitvry
during deformation. In theic maps the stecis tra.
xctory i3 umply one in which the prejsute 15 1.
cretsed 10 some Aized value, and the effective Heess
then increased monotonically to falure In 4 — o,
spece the streds trajectory at a fined pressure i< 4
function Of the changing sample geumelry and tmust
therefure be shown aaphantly on the maps Without
theie tragetones the fracture mode and (racture
#tress could not be catily read off the maps,

One disadvantage of the maps in & ~ p space is
that there is no indication of the change in steeit state
tesulting from necking. The hydrostatic tenpile stress
which ¢an be attained within a neck may reach a
significant fraction of the fow ilress and ckarly
influences the (racture mode and fracture streis at a
pven presjuee, {3 15 therefore useful 10 depect the
contribution of the changing sample jeometry 10 the
iress state as shown on the maps in & = g, space.

An additional difficulty anics in the 4 ~ pmapsin
the region where p < 0, i.c. superimposed hydrostatie
tension. In praciise, we CannOL SUpCIHNPOsE an arb:
trary hydrostaue tension onto 2 tenstle sample. In-
stead we use notches 10 create a hydrostatk tensile
stress which varies with the cucrent fAow stress und
current ncich peometry Thus the parameter which is
plotted on the abscissa of the left nide of these maps
is actually the hydrostatic tension, ¢y, resulting from
the non-uniform sample grometry, whereas the ab-
scissa of the right side is the supenmposed pressure
This inconsistency can be remedied by replacing the
pressure on the abacissa with the hydrostatic stress,
ay. (which includes both the superimposed pressure
and 1he hydrostatic tension due to & neck or notch)
or with the mean siress, @, (which includes g, and a
component due 10 ¢,,.) a8 we have done here. In
doing so, we also provide a more complete descrip-
tion of the stress state dunng deformation und at
(eacture.

To peovide a comparison of the (wo type of maps.
the data for the 1045 sphercidized steel {Fig. 10(a)]
were polted in & — p space [Fig. 10(b)]. For reasons
outlined above, only the reon in which p 3 0 has
been included. Clearly, it is casier to read the fracture
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sirels 3t 3 given pressure in ¢ — p spete. However,
there is no indwcation here of the large hydrostatic
tension due 1o necking [as seen at highet nressurss in
Fig. 10{a)]. nor is there any information reparding the
feacture of mitially nowched samples.

Ir. *yew of the additional informanion peosrded in
the d = ¢, Maps. 1t s our feehing that the additional
complenty imolved v constrocung and reading
these maps 6 postified  Hiwener, (or matenals i
which aeching 15 ol very euveawny, atd wheit the
NBaviour for o 2418 of pimary interot, the maps
i d e A IPACE PIOVIIS AR APPIOPMIATE REPIIRALIION
W the fraciute wanditions

0.2 Dunnige aioumiudatonn and 15 e

Fracture 1 the ond point of a damaps awumue
Latian pravess, and ot 4 JdiRte ewent independent
of the dRlormation process. fn this content. the
fracture “eveat” can be vicwed as the attmnment of
3 critical damage kel with the fracture mode being
determined by which soet of damage first accumulates
to 3 cntal kel 145, therefore, uselul 10 deenbe
damape et olutien by centours of constant damage on
the Tracture Wechanam mape A pien damage kvel
indiatds how e the matenial iy 1o fnlure and the
telative positiens of the ventours indicates the rate of
damage accumulation at vunous points along the
deformation path The damage contours combined
with the fracture sur{ace provide 2 more complete
prture af the processes leading 10 fracture than that
peovided by the fractute conditions alone

An evampke of damage contours loe a single mech.
anism (ductiie fracture) is gien in Fig. L), where the
lines correiponding 1o damage levels of 0.2 und 0.5
have been drawn for 2 1048 sphereidized stee). The
damage i3 expressed a5 the ratio of the void dimen.
$10n (n the tensike direchion, £y, 10 the cntical value of
this dimenion, rya,. 3t fractere. it takes the value of
rero just before vord nucleation, and a value of 1 at
fracture Such contours show how the relative im-
portance of nuckeation and growth of vouds chunges
with stress siate: when the supenmpe 3y ‘rotatic
pressure 15 large, the lines of constant vemnage are
close 10 the ducuile fractuee hine, indicating that the
pressure Jependence of damage growth is higher than
that of void nuckation.

The maps alio illustrate how the cup-and-cone
fracture (orms in an o:dinary tennile speaimen. In the
cenire, where the fracture initiates, necking generates
a large hydrostatic tension, favouning classical ductile
fracture. At the surlace of the specimen, the hydro-
static tension is much less, and a switch to shear
fracture occurs.

Finally, it 15 worth noting that it 18 possible to
reach almost any point in these maps by creating 2
suitable stress concentration. Hydrostatic tension can
be created by notches or ¢cxacks and positive pressure
by indents or point loads. The maps give some idea
how falure will occur under these multiaxial stress
states.
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Fig. 13 Fracture map showing both fracture loct and contours of constumt dmage for a 1045 spheroidized
Herl The damage conlours correspond 16 fived values of ¢, v, .., where ¢, i calculated from the model
"

presented

7. CONCLUSIONS

The basic fracture mechanisms of engincenng al-
loys (plastic rupture, ducuke fracture, shesr fracture
and brittle fracture) cin be modelied and descnbed
spperoximately by equations whih define a set of
surfades in steess space. When the loading 15 anisym.
metne, the eyuations take smple forms, relaling the
effective siress at fmlure, 4, 16 the mean stress, a,,.
The madels ure the simpleit posuble that stll, in our
Judgement, retain the essential physics of cach frac.
ture process. So, although they do not give an exact
deseription of the duta, they adeguately deienbe the
relationship between mechanisms.

Maps hase been constructed in 4 =a,, spave for
five illustranve enginecting alloys. The diagrams
show the range of pressure over which ¢ach furlure
mechanism 11 dominant, They also show changes in
undetlying processes: yielding, plastic insability,
tleavage crack propagation. void nucleation and
linkage, and so forth, revealing the physical reasons
for the changes of mechanism. Alloys differ greaily in
the extent 2nd position of each repime. depending on
their yield strength, rate of work hirdening. inclusion
content, eic

The diagrams have a number of applications:

{s} They reveal in a simple way the compix
interaction between competing fracture mechanisms,
and the physical or:pins which underly them.

(b) They show how pressure may be used in
processing to change the fracture mechanism, und
how, in a notched sumple (where hydrestatic tensions
uppear) changes of mechanism may be idduced.

{c) They help show how processing vanables which
change the matenal properties (yield strength, work
hardening exponent. inclusion content, ¢tc.) can
change the fracture mode of the matenal.

the Appendia.

Ackmowledpements=—We wish 19 sckaowladie the finandial
support of the NSERC (Conadi) and MuMaster University

REFERENCES

1. M. F. Ashby, J. D. Embury, S. H Codhikey and D
Teithach, Scripia metol. 19, 383 (IM3),

P W, Bridgman, Siudies in Lorge Plasie Flon wnd

Fractwre, MOGrawsHill, New York (1980).

F A, McChimock, in Dwerlity, p. 238 Am Sov Metals,

Metals Park, Ohio (1944),

. S, H, Goods aad 1. M. Beown, dcie metall 37,1 (197Y)

\:’ ”4: Spitzig aed O, Richmond, dctd metall 2, 457

(194).

3 Jung, PR Mag. 4 &), 1087 (1981

F Birch, Handbouk of Phvicol Comstants tedited by

S, P Clacke Jr) Geol Soc Am, New Yotk (196b)

M F. Ashby, PR Mag. 21, 399 11970)

li’i\‘%. Brown and W M. Stobbs, Pl Mug. M, 38

(1924,

10. J. R Riceand D. M. Tracey, J. Mech Phas Solidi 17,
201 (1969).

1L L. M, Brown and J. D, Embury, Prec. ¥y Int. Con/,
{I‘QM'I) Metols ond Alleys, Camdndge, England. p. 164

)

12. H. Yamamoto, /nt. J. Frecture 14, M7 (1978),

13. M. Saje, J. Pan and A, Nesdleman. int J. Fruciuee 19,
163 {1962),

14. G. LeRoy, J. D, Embury. G. Edwards and M. F.
Ashby, Acta metell. 29, 1309 (1961).

18. l.’E French and P, F. Weinrich, Scripra morall. 8, 87
(1974).

6. A. Brownrigg. W. A, Spiag, O. Richmond, D. Teir-
linck and J. D. Embury. Acta merall. 1, 1131 (1983}

12. ). R. Fisher and §. Gurland, Merals Sci 18, 185 (1981)

1. Ii ’E.’chh and P, F. Weinrich, Metall Trans. 6A, 78S
(1923).

19. M. Yajima. M. lshii and M. Kobayashi, Int J Fraciuee
6 139 (19%),

2. L E.Ganh and P. F Wannch, dcia metll 24, M7
(1976).

21. 1, E. French and P. F. Weinnsh, Seripta metall, 8, 7
(1974).

2L % ;-'mxh and P. F. Weinrch, Acta metall. 2), 1533
(1973).

LR Y "R Y]

©m




TRIRLINCK ot . FRACTURE MECHANISM MAPS IN STRESS SPACE

. K, Frosch and P, F. Weiarich, /. Amt St Mol

«f (.
1. Derasmev, L F. Vetechagn, Yu. N Rynbemn and
, in Swme Prodbems of Loege Phasiic

B

b1
:‘ .
Livabite,
Defuemation of Mctalt 0t High Prevwrrs, p. | Pete
pemor; Prevs, Onford 11961y
3B .\{;;;h Nuwdok Am. Soc Metale, Metais Patk, Olo
()
2.0 F . Xpott, ICF (19771 tedited By D M R Tapling,
Vol. 1, p. #1. Pergamon Press. Ovlord (1977)
7 A S Argenand J Im. Merll. Trans 6A, W 11§38}
T.B.Conand) R Low, Merall Trome &, 1457 (19740,
D. Teirkack, PR D thens, MeMauer Univeraty, Hame
tan, Canwda 119841
S A F Monell, Bk Mevham ciadned by € Fasre
hutst) Peox Sth Spmp Rk Mah. p fob Pegamon
Prexs, Onford (196)).

ARPENDIX
Dwcrile Praxiore

Here the criteria for Jductile feacture in nokthed and
unnciched tennle samphes are Sevelopad. This 1 done by
mwptating the Rice and Tracey sdlutions for voul prowy
and auaming that fras..re Occurs 3t 4 cestical vatue of ¢, 7,
independent of sres state
(1) Urwatcked Tenule Sumphkes

The volume change parameier D {10}

re

[ 24

.

3+

1

D =0 %unh % i

oo,
The 18110 ¢, 64, duting ansymmetric loading 18 goen by
I~ 'a ke =—mnm ’ 3
’;-’ IN) = A7 =5} - (A

il": shupe change parameter, 7, it Ziven appreumakily by

ruleld, (A))
#y

Upon substitution of equations (A1)}-{A)) zad {10) into
{24), we obtain an eapression for the growth rate: only 1n
terms of the strain, supenmpoied pressure and work hards
ening constants. The resultant eapresnion can be integrated
from (v 10 ¢ 10 Jot equation (29) in the teat.

Since our critenion for dwctile fractuze is simply one in
which the void siae resches a critical value, the fracture
strain, (), a¢ some presiure, p, can be evalusted in terms of
the fractues strain, {;, at p = 0 by equating the expressions
for ry at l:c w0 pressutes.

Alp»

£ ) N
;:'[1“?551 ‘]

X “’[o.m| +&k!" (! + % h  had ")] (A‘)

where 3, w | + k{{;~m)

Al 2 presture, p

]
L !upég,-l o 0.2!(;4-&?: U +3lnay~1,)
" 2 A :
o'u' {nm Lam
~ a0 -n)“’ oay) (AS)

whete - 1 +k((’—ﬂ).

LeRoy et ol. [14) showed that for typscal values of ¢

denplewl.

Thus, waking

2exple = 1 a 2exply

13
and equating the expressions in (A4) sad (A S), we obiain the
following espression

22

[
‘t:‘h* "k“ 1] él.h’."!{" 3

oxe
LR TP N = 3inn, = 1)
Jin2 0wy
3 Al =m)
"Equation 1AR] can he umphifiad 0

(13 I - ) PRY

» - ‘n"‘ - 2
fa¥tr ey ‘ix.!n:. ninn=s 1]

=034p

T Al =m R

Iy "
Recall that

f1®d =y,
and

a
(FLITL IS

Thus
(AT AT LY T |
For most alloys
ligy, =ty b6, w i
which leads 10 the approsimation
I Rl 1Y)
Furthermory
by m =k (-0 (A9}
Upon seimtitution of (AS) ard (AY) in10 (A7), and Laking

£ =038 {2 we oblain an expression (or the prestures
dependence of the Sractuee siraln

0.4 (‘. - (3) + 3«:““'“.' - I:lﬂl;)

Al

--—«--—--‘o’ 16} "=
Al =mi >
Then. unng expenmental data for the fracture strain 3t
2 = 03nd the work hardening consiants, the fracture steain
and fraciure siress can be evaluated in terms of the supers

posed pressure.
For materials which Jo a0t undergd extensive neching
g‘y £ 1), the In terms in equation (A 10) can be approrimated

Il < k{0 =mN nk( =m).
Thus
1,ins, -:,lu; wfl + k(0 ~m))
H el =)=l + kO = mINR (O = m )
Neglecting second order terms in £ = m, we ot
ning ~ningyw k(i =0)

Subjituting this result into equation (A1D) and taking
mecl, we oblain the following smplificd form of the

fracture sutface
[}
(‘3- l’.[l ‘o"":"'“']

The (racture sirain can be converted 10 a siress uning
equation (10) and the resaliant expeession is equation (26)
in the text.
(2) Nowzhed Tensile Semples

The size of 3 vord 1n 2 pre-notched tensile sample tested
at atmospheric pressure can be evaluated in a similar way

(Al




1228

10 thal in sr uncokhed sample. Howeser, the
kydioatstic tension in 3 pre-notched sample mw'a be taken
il account,

Here we integrate the growth mie quations atsuming the
noRh geometry remains Somstant denag deformation Thus
from equations (A1) 3nd 14)

) -mm{f - fru[l -( " ) }}

Integtating the growik raic cxpretsivas we obran

L4 ¥ o
, -[!np,c - I] apihel AlD

The fradture straim, &, m g ampie wille 1 Lavn il
B geomietry, i 2Re wan them I ey aluatad 10 frmy of
the fracture steam. & . o0 an uns. e ampitatp e hy
oquating the eapressiont for r, Thuy
a2
3

a2
-DQ‘& —'! ~ gy

0.33;,*2.2“|+I.|ﬂ!.~14)* -ty

1Al
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Equation (A1) can be simpified 10

1.2 PAEES R T
Gwlio,~ Y l(*DI =)

1€ necking 4 0ot vety entensive in the unnotched Sampie at
pulir, $1)then

(Al4)

1=3iny,~3,30
4nd equation (A1d) can be approvimated by
Lk,
i Oy, = T:“D

Futtharmore, taling oy = oquation (A1% van be e
WHUA IR L0y eof stigisy an

1%
d’"[l-h]‘"

(Al

tAlt)




