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® ATTACHMENT III
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Intr ion

Residual stresses in metal matrix composites (MMC) are caused by
rapid temperature changes and a large difference in the coefficients of thermal
expansion between the Al matrix and SiC fiber. The purpose of this work is
to determine the strain gradient in the Al matrix near the SiC/matrix interface
caused by residual stresses. Accurate determination of these stresses is
important for understanding their influence on the mechanical properties and
ageing characteristics of the composite.

Experimental Technique

Quenching an Al -10%SiC MMC, after a 505 OC solutionizing heat
treatment, will produce residual stresses in the matrix. Dislocations are
generated to relieve part of the stress in the matrix. However, residual
stresses which are slightly below the yield stress, will remain in the matrix.
In an effort to quantify this strain, the technique of convergent beam electron
diffraction (CBED) was used. This technique enables determination of lattice
parameter and angle changes with an accuracy on the order of 10-4 or 0.01%.

Using CBED, an ~20 nm probe is positioned in the matrix at several
distances from a specific fiber/matrix interface and a CBED pattern is obtained
at each position. The positions of the deficit higher-order Laue zone (HOLZ)
lines, observed in the bright field disk, are sensitive to lattice parameter and
angle changes and shift in the presence of elastic strain. Once the HOLZ lme ~-
patterns have been obtained, the normal and shear strains can be determined at
each position by matching experimental HOLZ line patterns with computer _:‘:o Q
simulations, as shown in the following figures.
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Results

Partial analysis of the variation in residual stress
as a function of distances has been determined and is
shown on the graph.

The plot shows that strains on the order of 0.2%
(the macroscopic yield stress) are present near the

interface and diminish to zero approximately 1um
away,
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TEM Investigation of Interfaces in a Two-Phase TiAl Alloy
G. J. Mahon and J. M. Howe

Department of Metallurgical Engineering
and Materials Science
Carnegie Mellon University
Pittsburgh, PA 15213

Abstract

The atomic structures of the ¥/a2 and ¥/¥T interfaces in a TiAl alloy
were investigated using conventional and high-resofution TEM in order to
understand the growth mechanisms and deformation behavior of the two-
phase alloy. The results show that the a2 plates grow from the ¥ phase by
the migration of a/6<112> partial dislocation ledges across the faces and that
the ¥/a2 interface usually contains closely spaced arrays of interfacial
dislocations. Deformation twins cut through both ¥ twin boundaries and a?
plates during deformation aithough slip of twinning dislocations through a;
appears to be a difficult process. Both the ¥/a2 and ¥/¥T interfaces can be
imaged and modeled at the atomic level although slight crystal and/or beam L

tilt can complicate image interpretation.
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1. Introduction

Nearly eqiatomic TiAl alloys are currently under investigation for use
as high-temperature materials in aerospace applications because they
exhibit a desirable combination of high modulus retention, creep and
oxidation cesistance at elevated temperatures and low density {1,2). These
titanium alloys, which contain about 40-50 at.X Al, usually consist of a
lamellar mixture of the ¥ (TiAl) and az (TizAl) phases (3-51. Although
several studies have erxamined the microstructure and deformation
mechanisms of the individual ¥ and a2 phases (1,6,7], there have been few
detailed studies of these phenomena in the two-phase material [3,6]. The
pucpose of this study is to perform detailed transmission electron
microscopy (TEM) analyses of a two-phase TiAl alloy in order to understand:
i) the growth mechanism of the a2 plates from the g phase, ii} the atomic
stcucture of the ¥/a2 and ¥/¥T interfaces, and iii) the role of these
interfaces and phase relationships on deformation of the two-phase alloy.
Initial cesults from these areas are discussed in this paper; some aspects are
still under investigation and will be discussed in more detail in a future

publication.

The X phase has an Llg structure (AuCul prototype) with nominaity
equal concentrations of Ti and Al, although a range of homogeneity from 49-
66 at.% Al depending on temperature has been reported (89]. The fattice
parameters vary with alloy composition and range from a = 0.397-0.401 nm
and ¢ = 0.404-0.408 nm [10). The ¥ phase remains ordered up to its melting
point of about 1465°C and twin-related ¥ variants (the c-axis may align
along one of three <001> directions) are usually observed after conventional
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and capid solidification of nearly equiatomic TiAl alloys [4,5,7,11). Several
different solidification paths have been proposed for the these alloys
depending on the composition, undercooling and kinetics 9,12]. The ¥ phase
has also been reported to grow from an a2 matrix at dislocations and grain
boundaries by the dissociation of a {/3<1120> dislocation into two 1/3<1070>
partial dislocations in a Ti-40 at.X Al alloy [13].

Aging of singie-phase ¥ alloys befow about 1000°C results in the
formation of plates of the a2 (Ti3Al) phase [4,7], which has a DOyq structure
(Ni3Sn prototype) and forms with the orientation relationship
(111)%1(0001)a2 and <110>¥H<1120>a7 [4.6.7]. The a2 phase has a range of
homogeneity from about 20-38 at.% Al depending on temperature (8,14} and
the fattice parameters vary with composition from a ~ 0.572-576 nm and ¢ ~
0.460-0.464 am [15,16). This phase undergoes an order/disorder
transformation and thermal antiphase boundaries may be present in a?

depending on the heat treatment (14].

The ¥ and a2 phases are both ordered and erxhibit planar slip [1-
3.17.18]. The deformation mode of TiAl has been investigated at several
temperatures in the range of 25-1000°C [1,7,19] and possible theoretical
dislocation structures in AuCul-type alloys have been proposed [20]. It
appears that two types of dislocations are involved in plastic deformation of
TiAlL an a/2|110] dislocation and an al011] superdislocation, with the density
of the al110] dislocations being about twice that of the a/2{110] dislocations.
It also appears that the mobility of the a/6[112] partial dislocation, which is
a oonstituent of the al011) superdisiocation as well as the twinning
dislocation, controls the plasticity of TiAl. Below about 630°C the a/6[112]
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partial is immobile while above 7009C the activity of the a[110}
superdislocations increases rapidly with tempecrature. The same a/6[112]
partial is also the twinning dislocation so that twinning becomes an
increasingly important deformation mode for TiAl above 700°C, resulting in
a ductile/brittle transition between 700-800°C. These twins, which are of the
type (111){112], also play a role in the deformation at room tempecratuce [1].

Defor mation studies of the a2 phase over the composition range from
25-40 at.X Al have shown that slip occurs mainly by closely spaced
a/3<1120> superdislocation pairs on the prism, pyramidal and basal planes
although some a/3<1123> (c+a) dislocations are also invotved [6]. These a-
type dislocations often occur as long straight segments along <1170>
directions in a pure screw orientation and it has been suggested that there is
a large decrease in the number of a/3¢<1123> disiocations formed as the Al
content increases above 25 at.X These data are in partial agreement with
proposed dislocations for the D09 structure {20), which consists of pairs of
superlattice dislocations, each further dissociated into pairs of partials
similar to dislocation structures in L12 alloys. It also becomes increasingly
difficult to produce plastic deformation without brittle failure as the Al
concentration increases above 25 at.% and this has been largely attributed to
an increased tendency to concentrate planar slip within a few bands [6]. It
has also been suggested that the number of (c+a) dislocations is nearly
constant with temperature for a given a2 alloy and that the increase in
ductility with increasing temperature in a2 alloys cannot be explained by an
increase in the number of (c+a) dislocations to accommodate non-basal slip
[21]. Intersection of planar slip bands with twin boundaries has also been

shown to induces twins in lamellae of the ¥ phase [6].
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The purpose of this study is to understand the atomic structures of the
¥/d2 and ¥/¥T transformation interfaces in order to better understand the
growth mechanisms and defor mation behavioc of the two-phase alloy. A TiAl
alloy was chosen for the study since there is some uncertainity about the
natuce of the phase diagram at lower Al concentrations [8,9). Furthermore, in
a TiAl alloy it is possible to grow a2 plates directly from the ¥ phase by
isothermal aging. This produces a relatively simple microstructure which
should facilitate observation of the atomic structures of the ¥ and a2 phases

and the intecfaces between these phases.

2. Experimental Procedures

The TiAl alloy in this study was prepared by powder metallurgy
techniques [17]. An ingot containing 50 at.x Al (36 wt.% Al) was consumably
arc meited, homogenized for one week at 1000°C and converted to powder
using the rotary electrode process. The powders were sieved to -35 mesh
and consolidated by hot extrusion at 1400°C with an extrusion ratio of 16:1.
The extruded rod was then solutionized for 2 hrs. at 1200°C, isothermally
aged for 24 hrs. at 900°C and quenched into water. Thin foils were prepared
for conventional and high-resolution TEM by cutting 125 um slices from the
rods on a diamond saw, punching 3.0 mm discs from the slices and
electropolishing in a twin-jet Fischione apparatus using a SXH2504/methanol
electrolyte at -35°C and 20 V. After perforation, samples were examined on
one of three microscopes: i) a Philips EM420 operating at 120 keV was used
for convergent-beam electron diffraction (CBED) and conventional TEM
analyses, ii) the Berkeley JEOL ARM1000 operating at 800 keV was used to
obtain high-resolution TEM (HRTEM) images of ¥ twin boundaries, and iii)
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the JEOL 4000EX at Case Western Reserve University was used for HRTEM
imaging of the ¥/a2 interface. For HRTEM, through-focus series of images
were taken in a <110>¥lk1120>a2 zone axis using a 6.5 nm-1 radius objective
aperture and focus increments of 3.0 nm. Simulated HRTEM images were
calculated using the SHRLI multislice programs [22] with all reflections to
40.0 nm-"! included in the calculations. The microscope parameters used for
the JEOL ARM1000 in the simulations were Cs ~ 2.4 mm, o -~ 1.0 mrad, A -
5.0 am and Afscherzor = -60.0 nm and for the JEOL 4000EX: Cs = 1.0 mm, a =
0.8 mrad, A=5.0nm and Afscherzer = -50.0 nm

3. Results and Discussion

3.1. Microstructure Produced by Solutionizing aad Isothermal
Aging

Conventional TEM observations indicate that the TiAl alloy consists of
relatively coarse lamellae (about one micrometer thick) of twin-related ¥
variants at the solutionizing temperature of 1200°C (see Fig. 12(a) for
example). In addition, deformation twins are produced prior to aging at
900°C. This can be seen from Fig. 1, which shows an a7 plate which has
grown through a narrow deformation twin during aging at 900°C. The
diffusional growth of the az phase has completely eliminated the twin
boundary along the line of intersection, indicating that the twin boundary
existed before the a2 phase. Also note that dislocations were produced in the
¥ phase from the intersection event. Examination of other ¥/a? intersections
showed that additional ¥ twins are nucleated below 900°C, presumably
during the water quench. This is illustrated in Figs. 2 through 4, which show
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much thinner twins (sometimes only nanometers thick) intersecting and
propagating through preexisting ¢ plates (Figs. 2 and 3), twin-related ¥
variants (Fig. 2) as well as other deformation twins (Fig. 4). Note that the
intersection of the two deformation twins in Fig. 4 has generated dislocations
into the ¥ phase along a well defined slip band. It is important to distinguish
these deformation twins from the twin-related ¥ variants formed previously
at the solutionizing temperature. The deformation twins are probably
created during quenching in response to quenching strains and in an attempt
to accommodate the lattice contraction that occurs in the ¥ and a2 phases as
the temperature decreases.

Although studies of the deformation behavior of this two-phase alloy
have just begun, 2 number of interesting observations regarding deformation
can be inferred from the images in Figs. 2 through 4. Firstly, it is apparent
that twinning is a significant mechanism for deformation of the two-phase
alloy, similar to observations of deformation in a single-phase ¥ ailoy (1],
although the exact temperature at which the twins occurred during
quenching is not known. In addition, the deformation twins cut through both
preexisting a2 and twin-related ¥ variants, indicating that both phases are
deformed. This is demonstrated in Fig. 2(a), where a thin deformation twin
has cut through both the ¥ phase and an a2 plate, displacing dislocations in
the ¥ phase and the a2 plate edges across the deformation twin plane
(arrows in Fig. 2(a)). It was often observed that a particular twin became
successively thinner as it crossed through successive a2 plates, indicating
that the deformation twin does not easily propagate across the a2 plates.
This effect is illustrated in Fig. 2(b), where a relatively thick deformation

twin has {argely arrested at an a2 plate and a microtwin has formed on the
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opposite side of the plate (arrows in Fig. 2(b)). Therefore, it would appear
that only a few twinning dislocations are able to propagate through these
plates under the initial stress concentration to form a continuing twin on the
opposite side. This is supported by the weak-beam dark-field TEM image in
Fig. 3(a), which shows dislocation tangles in an a2 plate at the plane of
intersection with a ¥ deformation twin. Also note from the enlargement of
region A in Fig. 3(b), that some of the slip dislocations present in the a2
phase at the twin intersection consist of pairs of superlattice dislocations
(acrows), presumably of the type a/3<1120>, aithough complete Burgers

vector analysis of these dislocations remain to be performed.

Clearly, it appears that in order to fully understand the deformation
mechanisms and properties of the two-phase alloy, it will be necessary to
understand deformation in both phases as well as across the interfaces
bewteen the phases. To that end, a complete characterization of the various
interfaces in these alloys is necessary, and these are examined in the
following sections.

3.2. High-Resolution TEM Investigation of Interfaces
3.2.1. The Y/a2 Iaterface

A low-magnification phase-contrast image of an ¥/a2 interface
viewed along <110>¥lic1120>a7 is shown in Fig. 5(a). The interface contains
regularly spaced ledges about 5 nm apart. The ¥ phase displays
characteristic light/dark contrast among alternate Ti and Al (200) planes
(I belled in Fig. S(b)) and the position of the atomic interface between the
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(111}¥ and (0001)a2 planes is indicated by horizontal lines in Fig. 5(b). From
these features, it is evident that the ¥/a2 interface is atomically flat and
perfectly coherent except for the presence of the ledges, which are two
(111)¥ planes high in this area. Burgers circuits were constructed around the
ledges, similar to the method used to identify edge (90°) and screw (300)
a/6<112> Shockley partial dislocation ledges at the edges of X plates in an
Al-Ag alloy [23). Application of these circuits in Fig. S5(b) shows that one 300
Shockley partial dislocation is associated with each two-plane ledge. This
indicates that growth of the ¢2 phase occurs by the migration of Shockley
partial dislocation ledges on alternate (111}¥ planes parallel to the interface,
just as for the f.cc. = hcp. transformation between the disordered o matrix
and ¥ plates in Al-Ag [23-25]. This is the reverse counterpart to the growth
of ¥ plates from the a2 phase by a/3<1070> partial dislocations [6]. Discrete
dislocation cores are not readily visibie in Fig. 5 because the dislocations are
largely in a screw orientation with respect to the electron beam. This is
consistent with conventional TEM contrast analyses which indicate that
many of the dislocations in the interface are Shockley partials with a line
direction along <110>¥ (or <1120>a2).

An enlargement of the ¥/a2 interface from region A in Fig. 5 is shown
in Fig. 6 with a superimposed simulated HRTEM image of the intecface for a
crystal thickness of 3 nam, an objective lens defocus of -80.0 nm and 1.0
mrad beam tilt about the [0001]az direction. There is excellent agreement ﬁ
between the experimental and simulated image, which was based on the
atomic model for the ¥/a2 interface shown in Fig. 7. Analysis of the model
interface in Fig. 7 shows that pure Ti columns in the ¥ and a2 phases are *
aligned across the interface. Such alignment could be produced if the

]
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structural component of the ¥ -~ a2 transformation occurred by the passage
of a Shockley partial dislocation along the C plane in the ¥ phase, which is
consistent with the previous analyses. In addition, the columns of Al atoms
in both the B and C planes involved in the trare*~rmation must increase by
50 at.% Ti in order for the a2 phase to achieve the composition TizAl as the
interface advances.

From the model interface shown in Fig. 7, the HRTEM image should
show relatively strong evidence of alignment of the Ti columns in the ¥ and
o2 phases across the interface from the contrast of the atomic columns. Such
contrast is barely revealed in Figs. 5 and 6, and it is clear that these images
also exhibit additional contrast from alternate basal planes not predicted for
stochiometric Ti3Al There are two possible reasons for these discrepancies: i)
there is additional order among alternate basal planes which is not included
in the model in Fig. 7, or the alternate contrast among the basal planes is the
result of slight crystal or beam tilt (double diffraction) during HRTEM
imaging. By simulating an image based on the model interface but with a 1.0
mrad beam tilt, matching was obtained as shown in Fig. 6, but this resuit
alone does not preclude the first possiblity. Therefore, CBED was performed
on the a2 phase in order to determine whether the 0001, #=0dd reflections
are forbidden. The results from this study are shown in Pig. 8.

In the <1120> zone-axis pattern in Fig. 8(a), characteristic Gjonnes-
Moodie lines [26] are apparent in the 0001 disks but not in the higher-order
0003 disks. Hence, this result suggests that the 000% reflections are
kinematically forbidden, but it is not conclusive. More convincing evidence is
shown in Fig. 8(b), where the electron beam has been tilted about four Bragg
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angles about the 0001 axis (within the mirror plane containing the 0001
refiections) and lines of zero intensity are present in both low and high-
order 0001, 2=0dd disks. This result provides more convincing evidence that
the 0008, #=0dd reflections are forbidden, indicating that there is no
difference in composition or order among alternate basal planes and that
beam tilt is probably responsible for the image contrast in Fig. 6 discussed
above. Further confirmation of this might be determined by microanalysis of
the a2 phase using ALCHEMI {27].

It is also worth commenting on the contrast at the ¥/d2 interface
obtained from conventional TEM. The interface usually contained closely
spaced (<50 nm) interfacial dislocations which existed either as a parallel
array or as rectangular and hexagonal networks. Such networks are visible
on the inclined ¥/a2 interface in Fig. 3. Initial contrast anaiyses indicate
that many of the dislocations in the ¥/a2 interface are mixed Shockley
partial dislocations with a line direction along <110>¥. Evidence for such
arrays of dislocations can be seen in the TEM images of previous
investigators [4] although they were not analyzed in detail. It seems likely
that these arrays of interfacial dislocations will play a significant role in
determining the response of the ¥ and d2 phases to deformation and, in
particular, to the passage of dislocations through the interface.

3.2.2. The ¥/ ¥t Deformatioa Twin Interface
Figure 9 shows a iow-magnification phase-contrast image of four

deformation twins with a similar width of several tens of nanometers. The
positions of the coherent twin boundaries are indicated by arrows along the
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edges in Fig. 9 since they do not display strong contrast in the image. Simitar
twins are indicated as ¥1 and ¥2 in Fig. 9 and it is apparent that the two sets
of twins display different contrast in the HRTEM image. This is more
apparent in the enlargement of region A, which is shown in Fig. 10. The
twin boundary in Fig. 10 should contain a mirror plane at the position
indicated by the horizontal line, as illustrated by atomic model for a
(111)112] twin shown in Fig. 11. However, the (200) planes in Fig. 10 have
different contrast across the boundary and there is no mirror plane. This was
the case for essentially every twin boundary that was examined by HRTEM
in this study. A simulated image of the deformation twin boundary which
matched the asymmetric contrast of the experimental image is shown
superimposed in Fig. 10. In order to reproduce the experimental image, it
was necessary to introduce a tilt of about one Bragg angle between opposite
crystals across the twin boundary in the simulation. This indicated that
either the twins were slightly misoriented in the bulk alloy or that stress
relaxation occurred as the thin foils were produced, i.e., it is due to surface

relaxation.

In order to verify that the twins are actually misoriented and that
some other effect is not responsible for the observed contrast in the HRTEM
images, CBED was performed across successive twin-related ¥ variaats in a
<110>¥ orientation at approximately constant thickness parallel to the foil
edge, as illustrated in Fig. 12(a). The resuiting <110>¥ CBED patterns are
shown in Figs. 12(b) through 12(f). The starting CBED pattern for a
preexisting ¥ variant in Fig. 12(b) was oriented exactly at the zone axis.
Comparison with the remaining CBED patterns in Figs. 12(c) through 12(f)

shows that the twin variants deviate from an exact rone axis setting by




226

about one Bragg angle, usually along the 001 systematic row. This deviation
occurred precisely at the interface and is not caused by continuous bending
of the thin foil. These data indicate that the twin-related ¥ variants are
slightly misoriented with respect to one another.

Also note that some of the planac boundaries (for example between b
and c) which appear to be twin boundaries in Fig. 12(a) are not twin related
according to their corresponding CBED patterns. Some of these boundaries
(such as between b and c) appear to be low-angle grain boundaries within
particular twins. This explains why the contrast between twins b and c is the
same in Fig. 12(a), as is that of d and e, and why these particula: boundaries
are not always planar. Since they are low-angle grain boundaries which
would not be expected to relax and tilt during polishing it is concluded that
the slight misorientation between the twin-related ¥ variants is probably
real and not a surface or thin foil effect. The reason for this slight
misorientation may be related to the fact that the twin-related variant plane
in TiAl is (111) and not (110). The tetragonality between different twin-
related ¥ variants will not be accommodated perfectly across (111) planes
and this could lead to slight misorientation between the variants and/or
misfit dislocations at the interface. This subject deserves further
investigation and is discussed below. The same effect may not occur for a
(111)112] deformation twin and hence asymmetry in HRTEM images of a
(111){112] deformation twin may be due to a thin foil effect.

It is interesting that the twin plane for both the high temperature
twin-related variants and the lower temperature deformation twins is (111)
in TiAL This is in contrast to the (110} twin plane observed for twin-related
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variants in the prototype AuCu, combined with a (111) plane for
deformation twins in the same alloy (28,29]. The difference in initial twin-
related variants may acise from one or a combination of several factors: i)
the tetragonality in TiAl is only about 2% compared to AuCu where it is
closer to 8% [30] and it thus behaves more like an f.c.c. annealing twin on
(111), ii) TiAl is ordered up to the melting point while AuCu goes through a
cubic -~ tetragonal transformation during ordering at a temperature well
below the melting point [31], and iii) the TiAl phase may originate from a
b.cc. precursor, which favors a twinning plane of (111} during
transformation to f.c.c. as opposed to a (110} twinning plane for a cubic -~
tetragonal transformation (32]. Symmetry considerations indicate that the
twinning plane should be (110} for TiAl so ii) and iii) above are probably
not the most important factors for TiAl. Thus, i) is probably the most likely
explanation. It should also be noted that the average width of the twin-
related ¥ variants and deformation twins relates to the tetragonality
between a and ¢ [32]. Although quantitative comparison with predicted and
observed twin widths have not been performed due to the large variation
observed at both the microscopic and atomic levels, the deformation twins
are generally several orders of magnitude thinner than the twin-related ¥

vaciants.
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Conclusions

The results from this TEM investigation have shown the following:

1) In addition to a2 plates, both twin-related ¥ variants and deformation
twins are present in the ¥ phase after solutionizing, aging at 9009C and

quenching to room temperature,

ii) Deformation twins cut through ¥ twin boundaries and a2 plates during
deformation aithough slip of superlattice dislocations through a2 during
intersection appears to be a difficuit process,

iii) The a2 plates often possess complicated interfacial dislocation structures
and grow from the ¥ phase by the migration of a/6<112> partial dislocation
ledges across the faces, similar to ¥’ plates in Al-Ag,

iv) The ¥/a interface can be imaged and modeled at the atomic level
although crystal and beam tilt readily introduce image artifacts and
therefore impose stringent conditions for direct imaging of the atomic
structure, and

v) The ¥/¥T deformation twin interface can be imaged and modeled at the
atomic level although slight misorientation between twins often leads to

asymmetric contrast which destroys the mirroc plane in HRTEM images.
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Figure Captions

Figure 1. Bright-field TEM image of an ap plate (approximately edge-on)
which has grown through a preexisting ¥ deformation twin. There is no
evidence of deformation in the g2 plate, in contrast to the intersections

shown in Figs. 2 and 3.

Pigure 2. (a) and (b) Bright-field TEM images of a deformation twin
(horizontal) cutting through a2 plates and preexisting twin boundaries from
twin-related ¥ variants. The interface of the a2 plate is displaced across the
deformation twin in (a) and a microtwin (arrows) has formed on the left side
of the a2 plate in (b).

Figure 3. (a) Weak-beam dark-field TEM image of a deformation twin
intersecting a preexisting d2 plate. Twinning dislocations appear to penetrate
into the o2 plate. Note the complicated dislocation arrays in the ¥/a2
interfaces. (b) Enlargement from region A in (a) showing pairs of
superdisiocations about 5 nm apart (arrows).

Pigure 4. Bright-field TEM image of a deformation twin (highlighted by
arrows) which has intersected a previous deformation twin on another slip
plane. Note the dislocations generated from the intersection event and the
displacement of the intersected twin.

Pigure 5. (a) High-resolution TEM image of the ¥/da2 interface viewed
along <110>¥k1120>ap. A series of ledges (arrows) are present at the
interface. (b) Enlargement of the region between A and C showing Burgers

e ———————————————————————————————————
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circuits around two interfacial ledges. The S indicates the start of the Burgers
circuit and F indicates the finish. The low-index (111} and (200) planes are
indicated in the ¥ phase in (b).

PFigure 6. Enlargement of the ¥/a2 interface with a simulated image based
on the mode! structure in Fig. 7 superimposed. Note that it is barely possible
to distinguish the Ti and Al-rich columns from the image contrast in the
basal planes of a2 just to the right of the simulated image

Figure 7. Atomic model of the ¥/a2 interface showing the structural
change necessary for growth of the interface.

Pigure 8. (a) A <1120> zone axis CBED pattern from the a2 phase. The
0000 beam is indicated by an asterisk. {b) Gjonnes-Moodie lines present in
the 0001, t-odd disks after tilting about four Bragg angles about the 0001
axis to increase the intensity of the higher-order 0001 reflections.

Figure 9. Low-magnification phase-contrast image of four deformation
twins of similar width viewed along a <110>¥ orientation. The positions of
the coherent twin boundaries are indicated by arrows and similar twins are
labelled ¥1 and ¥2.

Figure 10. Enlargement of the twin interface from region A in Fig. 9 with a
simufated HRTEM image of the twin interface for a crystal thickness of 7.0
nm at -70.0 nm defocus superimposed. The ¥; and ¥2 twins are slightly

misoriented across the twin boundary.
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Pigure 11. Atomic model of a coherent (111){112] deformation twin
boundary in the ¥ phase viewed along a [110]Y¥ direction.

Figure 12. (a) Several parallel twin-related ¥ variants intersecting the foil
edge with the approximate positions of the probe corresponding to Figs. (b)
through (f) indicated. (b) through (f) <110>¥ CBED patterns from twin-
related ¥ variants with the pattern center indicated by an asterisk.
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Figure 2
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Optical micrographs, of an B + a2 alloy aged at 900°C, show that the a2 precipitates as

rods in the B matrix and growth of the a2 is noticeably greater along the B grain

boundaries.
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High-Resolution Transmission Electron Microscopy of Precipitate Plate
Growth by Diffusional and Displacive Transformation Mechanisms

J. M. Howe and G. J. Mahon

Department of Metallurgical Engineering
and Materials Science
Carnegie Mellon University
Pittsburgh, PA 15213

Abstract

High-resolution transmission electron microscopy (HRTEM) is used to
investigate the atomic structure of precipitate plates formed by diffusional and
displacive transformations in alloys. Comparison among several f.c.c. -~ h.c.p.
diffusional transformations illustrates the capability of HRTEM for understanding the
mechanisms of the compositional and structural components of the transformation at the
atomic level. Similar analyses are performed for a f.c.c. -~ b.c.t. displacive
transformation and the sensitivity of HRTEM to local changes in composition and strain
are discussed.

1. Introduction

Precipitate plates can grow by diffusional, displacive or mixed-mode (for
interstitial alloys) mechanisms of interfacial motion [1]. In each case, it is necessary to
characterize the atomic details of the structural and/or compaositional changes which
occur at the matrix/precipitate interface in order to fully understand the
transformation mechanisms [2,3]. High-resolution transmission electron microscopy
(HRTEM) provides unique capabilities for obtaining such information, although because
it is an emerging technique, the full scope of HRTEM has not been explored. The purpose
of the present paper is to illustrate the type of structural and compositional information
that HRTEM can provide about growth of precipitate plates as well as to elaborate on
current limitations and future possibilities of the technique.




254

2. General Description of Precipitate Plate Growth

The total Gibbs free-energy change AGigt accompanying growth of a precipitate
plate is given by the expression [4]:

OGot = -AGyV + ¥gA + EsV + Ejnt |, (1)

where AGy is the free-energy change per unit volume of the precipiate phase formed, V
is the volume of the precipitate, ¥g is the surface energy per unit area, A is the
precipiate area, Eg is the elastic strain energy per unit volume of precipitate and Eint is
the interaction energy, which can arise due to elastic interactions among transformation
dislocations for example. The shape of a precipitate plate at any point during growth is
determined by a balance among the terms in Eqn. (1) with due consideration for the
mechanisms and kinetics of the transformation.

While HRTEM cannot provide values for each of the terms in Eqn. (1),
observation of the atomic structure of precipitate interfaces can indicate the role of
surface, elastic strain and interaction energies on the mechanisms of precipitate plate
growth and provide information regarding the actual mechanisms involved. Therefore,
the strength of HRTEM lies in its ability to provide an understanding of the
transformation mechanisms. Precipitate growth by diffusional and displacive
(martensitic) mechanisms illustrate two extremes in the types of compositional and
structural changes that can occur during a transformation. The capabilities of HRTEM
for understanding the mechanisms of these transformations is illustrated below with
examples of work performed by the authors, followed by a discussion of the theoretical
capability of HRTEM for resolving compositional and structural changes in materials as
determined using simulated images.

3. Diffusional Growth of Precipitate Plates

One of the simplest and most complete examples of the application of HRTEM in
understanding the role of surface and elastic strain energies, transformation
mechanisms and kinetics on the diffusional growth of a precipitate plate is given by
recent work on the diffusional growth of ¥*' precipitate plates in an Al-15wt.%Ag alloy
[2,5]. The ¥' phase grows as h.c.p. Ag2Al plates in the f.c.c. Al-rich matrix with the
orientation relationship {111}4 //(0001)y' and <110>4 //<1120>y". Figure 1 shows a

U W
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HRTEM image of a precipitate edge viewed parallel to the habit plane. The precipitate
edge is composed of an array of Shockley partial dislocations stacked veri{éally. Due to
the close proximity of the dislocations and the large change in composition across the
interface, it is difficult to distinguish individual dislocation cores in the image.
However, it is possible to construct two different Burgers circuits around the edge to
determine that there are fifteen 309 (screw) and eight 90° (edge) partial dislocations
present at the plate edge, which is forty-six (0001) planes thick {2].

The presence of twenty-three transformation dislocations at the edge of the
forty-six plane plate confirms previous results [6,7] that growth of ¥' precipitates is
accomplished by the diffusional glide of Shockley partial dislocations along alternate
{111} matrix planes. Furthermore, the 2:1 ratio of 30° to 90° partial dislocations
indicates that equal numbers of all three types of a/6<112> partials on a {111} plane
are nucleated in order to minimize the elastic strain energy (the EgV term in Eqn. (1))
at the plate edge. Calculation of the interaction energy of Shockley partial dislocations on
alternate {111} planes has shown quantitatively that the elastic interaction energy (the
Eint term in Eqn. (1)) between the top two partial dislocations ensures nucleation of all
three types [8]. It is also evident from the HRTEM image in Fig. 1 that the precipitate
edge is coherent in this orientation, with the exception of the one possible misfit
dislocation indicated. While a coherent edge is expected for growth by Shockley partial
dislocations [9], it is very difficult to reveal such complicated precipitate interfaces
using conventional TEM techniques.

The edges of the ¥' plates were also examined with the electron beam
perpendicular to the habit plane in order to reveal the three-dimensional atomic
structure of the matrix/precipitate interface. Figure 2 shows a HRTEM image of several
single-atom kinks about 3.5 nm apart along the edge of the plate. It is evident from this
image that the precipitate edges are faceted along low-energy <110>4//<1120>y* close-
packed directions at the atomic level, indicating that the surface energy (the ¥gA term in
Egn. (1)) strongly influences the precipitate morphology [10]. This effect results in
precipitates which usually have a hexagonal shape within the habit plane [5]. In
addition, the interface between each kink is atomically flat while the kinks (arrows)
appear diffuse, indicating that atomic attachment is occurring at kinks in the Shockiey
partial dislocations. Thus, the growth of ¥' plates occurs by a terrace-ledge-kink
mechanism of atomic attachment, as originally proposed for the growth of close-packed
interfaces of a solid into a liquid or vapor [11,12].
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One final image of the matrix/precipitate interface viewed pé?éllel to the
coherent habit plane is shown in Fig. 3. A simulated HRTEM image of this interface
[13,14] for a crystal thickness of 3.7 nm and an objective lens defocus of -142.0 nm is
shown superimposed on the experimental image. The model interface in Fig. 3 is based
on a ¥’ precipitate which has the composition Ag2Al, with A planes that are nearly pure
Ag and B planes that are two-thirds Al, as shown in Fig. 4. In order for the precipitate to
thicken, two processes must occur (i) a Shockley partial dislocation must propagate
along the C plane in the matrix and translate these atoms into A positions (indicated in
Fig. 4), and (ii) there must be a compositional change which allows the A planes to
become nearly pure Ag and the B planes to contain 33at.% Ag. Thus, both the structural
and major compositional changes which are necessary for growth of the precipitate plate
occur in the atom plane containing the transformation dislocation. Combining this
information with the images of kinks in Fig. 2 indicates that the diffusion of Ag to kinks
in the Shockley partial dislocations is the rate-limiting step in this transformation.
This has recently been confirmed by complementary in situ hot-stage TEM experiments
{15]. Thus, the technique of HRTEM has enabled the structural and compositional
mechanisms of this diffusional transformation to be characterized at the atomic level.

There are several other cases where HRTEM is providing insight into
mechanisms involved in the diffusional growth of h.c.p. precipitate plates in f.c.c.
matrices [16], although these cases are more complex and have not been studied as
thoroughly as the ¥ transformation in Al-Ag. One such example is in nearly equiatomic
Ti-Al alloys, where ordered (DO1g9) h.c.p. a2 plates grow on the {111} planes in the
ordered (L1g) f.c.t. ¥ matrix with the same orientation relationship described above for
¥' in Al-Ag, i.e., {111}¥//(0001) g2 and <110>y//<1120> 42 [17]. Figure 5§ shows a
HRTEM image of the matrix/precipitate interface viewed parallel to the habit plane,
similar to the image of ¥' in Fig. 3. A simulated HRTEM image of the interface for a
crystal thickness of 3.0 nm, a defocus of -80.0 nm and 1.0 mrad beam tilt about
[0001) 42 is shown superimposed on the experimental image. There is good matching
between the exprimental and calculated image.

Analysis of the model ¥/a2 interface in Fig. 6, which was the basis for the
simulated image in Fig. 5, shows that the pure Ti columns in the a2 and ¥ phases are
aligned across the interface. Such alignment could be produced if the structural
component of the transformation occurred by the passage of a Shockley partial
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dislocation along the C plane in the ¥ matrix as for ¥* in Al-Ag. In addition, the columns
of Al atoms in both the B and C planes involved in this transformation must increase by
50at.%Ti in order to achieve the composition Ti3Al as the interface advances. Thus, the
compositional change would occur evenly in the new layer rather than being concentrated
in only the dislocation plane as in Al-Ag. Although further TEM analysis is needed to
confirm this transformation scheme, the similarity with ¥' in Al-Ag is apparent and
previous conventional TEM analyses have indicated that Shockley partial dislocations are
involved in the transformation [18].

An example of a ctill more complicated f.c.c. = h.c.p. diffusional transformation
is illustrated by the growth of hexagonal Tq (Al2CuLi) precipitate plates on the {111}
matrix planes in an Al-2wt.%Li-1wt.%Cu alloy with the orientation relationship
{111} 4//(0001)T1 and <110>4//<1070>71¢ [19,20]. This transformation is more
complicated in terms of HRTEM image interpretation since it involves a ternary
precipitate and the crystal structure of the T1 phase is still uncertain [21]. Figure 7
shows a HRTEM image of a T1 plate viewed parallel to the habit plane, as in the previous
examples. The plate is twelve {111} planes thick and the spacing of atoms in the (0001)
planes of the precipitate is the same as that of atoms in the close-packed {111} matrix
planes. The plate also displays strong contrast changes which repeat every four planes,
where the second and fourth planes are much darker than the matrix (as for the Ag-rich
planes in the ¥' precipitate in Fig. 3) and the third plane is much brighter. Based on
these image characteristics and the increasing electron scattering factors for Li, Al and
Cu, respectively, a mode! crystal structure for the T1 phase and the matrix/precipitate
interface was constructed. The model structure consists of an A{BA2C... stacking of
close-packed planes where the Ay planes are mostly Al, the B and C planes contain a
mixture of Cu and Al, and the A2 planes are mostly Li, as illustrated in Fig. 8.

A simulated image of the matrix/precipitate interface at -60.0 nm (Scherzer)
defocus for a crystal thickness of 21.4 nm is shown superimposed on the experimental
image in Fig. 7. The simulated image matches the experimental image reasonably well in
the area shown, although the contrast of T plates varied considerably throughout
experimental images and the positions of the white spots in the precipitate (assumed to
represent the atomic columns by comparison with the matrix) sometimes indicated
other stacking sequences. However, assuming that the model structure in Fig. 8 is
correct, the structural transformation necessary to produce the required A1BAC...
stacking sequence could be accomplished by the passage of a pair of Shockley partial




258

dislocations along every third and fourth matrix plane as indicated in Fig. 8, thereby
forming a T¢ unit cell which is four planes high. Such Shockley partial dislécations have
been verified to participate in the growth of T1 by conventional TEM contrast analyses
[22]. Again, it is difficult to obtain such detailed information about the crystal structure
and transformation mechanisms of such thin plates using a technique other than HRTEM.

.

4. Displacive Growth of Precipitate Plates

There have been fewer HRTEM studies of precipitate plate growth by displacive
(diffusionless) transformations due to several factors (i) the difficulty of preserving
the transformation interface, (ii) the smaller atomic spacings in many alloys involved,
(iii) the more complicated nature of the transformation interface or habit plane, which
is frequently irrational, and (iv) because many displacive transformations are found in
ferrous alloys where magnetism is a problem. However, the advent of medium-voltage
TEMs and careful selection of alloys has allowed imaging of some martensitic interfaces
{23,24], and an illustration is shown below for a Fe-8Cr-1C austenitic steel that was
cooled to just below the martensite start temperature [25].

Figure 9 shows a low-magnification phase-contrast image paraliel to the {252}y
habit plane of an a martensite plate in a <101>y//<111>4 orientation. The macroscopic
habit plane is indicated in the figure and at this magnification, it is apparent that the
habit plane deviates considerably from {252}y on a microscopic scale, particularly at
the positions indicated by arrows. Furthermore, in contrast to the f.c.c. = h.c.p.
diffusional transformations discussed above, the habit plane is rough on an atomic scale,
as illustrated by the enlargement shown in Fig. 10. In this enlargement, matching of the
three low-index planes of atoms in each phase is observed acoss the interface
demonstrating that it is coherent and without additional dilatation, as expected from
martensite theory [26] and the Kurdjumov-Sachs orientation relationship [27]. In
addition, the interface consists of atomic steps which are faceted onto the nearest low-
index rational plane, which is {111}y. In relation to Eqn. (1), this indicates that the
strain energy term Eg dominates over the surface energy term ¥g in determining the
macroscopic habit plane, but that ¥g is still influential in causing faceting of the
irrational habit plane along low-index matrix planes on an atomic level. Furthermore,
from the correspondence between atoms in the close-packed {111}y and {110}~ planes
it is possible to obtain the magnitude of the shear on each {111}y plane, which is
a/24<112> in projection. This indicates that the Burgers vector is probably a/12<112>
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along the <112> direction out of the plane of projection. Hence, each atomic facet can be
viewed as a structural ledge which contains an a/12<112> transformation'aislocation in
the parallel {111}y and {110}, planes (facet planes), as required for a glissile
martensitic interface and predicted by theory [28,29). However, this is only the lattice
variant component of the transformation and it is not possible to observe the lattice
invariant component, which lies parallel to the beam direction.

A simulated HRTEM image of the {252}y interface for a crystal thickness of 7.4
nm at -70.0 nm defocus is shown superimposed on the experimental image in Fig. 10.
Again, there is generally good matching between the simulated and experimental image
with only a small change in image contrast across the austenite/martensite interface
since the phases have the same composition. However, the simulated and experimental
images are two-dimensional projections of the three-dimensional structure so that even
though good matching is obtained, it is not possible to obtain a complete picture of the
transformation of atom positions from the one image. In this case, it would be useful to
image the interface along other zone axes to obtain a more complete description, as done
for ¥' in Figs. 1-3. In addition, occasional regions of distortion and anomalous contrast
appeared along the interface in the experimental image which are not reproduced in the
simulated image. Although the origin of this contrast has not yet been determined, it may
be because the interface is slightly tilted with respect to the electron beam.
Furthermore, the crystal thickness in the simulated image is known to be less than that
of ithe experimental image. However, it was not possible to simulate thicker crystals due
to the excessive amount of diffuse scattering that was induced in the simulated image, as
a result of the limited unit-cell size (128x128 array) used and the different crystal
structures on either side of the interface [14].

5. Compositional and Structural Sensivity

From the previous images of diffusional and displacive transformations, it is
clear that the contrast from an atomic column in HRTEM images depends not only on its
position, but also on the composition within the column. There is also a strong
dependence on specimen and microscope parameters such as crystal thickness, beam and
crystal tilt and objective lens defocus. In order to perform quantitative interpretation of
HRTEM images of transformation interfaces, it is necessary no only to appreciate how
specimen and microscope parameters affect the results, but also to understand how
composition and strain affect image contrast. Although systematic studies of these latter
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effects have been limited, work in this area is progressing [30,31]. The results from
one study of compositional effects on image contrast are summarized below [32].

The minimum solute concentration required to produce an observable change in
contrast in HRTEM images of a 400 keV instrument at -50.0 nm (Scherzer) defocus was
determined by muitislice image simulation techniques [13,14]. Increasing amounts of a
solute were added to a variety of matrices until a change in image contrast was visible,
as illustrated in Fig. 11. The corresponding solute concentration was then plotted as a
function of the absolute value of the difference in atomic number between the solute and
matrix, as shown for matrices of Si, Co and Pt (which represent light, medium and
heavy elements with d.c., h.c.p. and f.c.c. crystal structures, respectively) in Fig. 12.
The crystals were all one extinction distance thick, since this was found to be the
optimum thickness for observing compositional effects.

From data such as Fig. 12, it was found that contrast changes arising from solute
additions can be adequately described by a rule-of-mixtures approach based only on the
atomic numbers of the matrix and solute. In general, the average atomic number of a
column containing solute must increase or decrease by a factor of about two compared to
the atomic number of the matrix before the solute becomes visible. Prediction of this
minimum detectable solute concentration (Cmin) for any combination of matrix and

solute was obtained with the formula:
Cmin = 2ZM /|28 - ZM] ., (2)

which indicates that Cmin increases proportionally with the matrix atomic number
(ZMm) and decreases inversely with the difference in atomic number between the solute
(Zs) and matrix. In this study, it was also found that for the microscope and specimen
conditions above, addition of a solute with higher atomic number than the matrix caused
an increase in intensity of the solute column, while addition of an element with a lower
atomic number caused a decrease in intensity, as expected from scattering theory. While
this study was only concerned with the contrast change of individual atomic coiumns,
recent analyses of extended defects such as G.P. zones in Al-Ag [33] and &' precipitates
in Al-Li alloys [34] indicate that the same interpretation can be used in these cases as
well. However, straightforward application is much less certain in the case of highly
ordered precipitates such as the T4 phase in Fig. 7.
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Although the effects of strain on conventional TEM images is we'l'l established
(35,36], only a few such studies have not been performed for HRTEM (37,38].
However, scattering theory indicates that diffuse scattering from strain and
compositional effects is linearly separable, so that the relative contributions of each to
HRTEM image contrast can be determined [39]. Further HRTEM image calculations
which include both strain and composition effects are being performed [40] to enable
more quantitative interpretation of HRTEM images. Further progress in image
processing may also improve such analyses in experimental images [41].

Conclusions

High-resolution TEM is capable of revealing the atomic structure and
composition of plate-shaped precipitates and their transformation interfaces in
diffusional and displacive phase transformations. Observation of the transformation
interfaces can explain the role of surface and elastic strain energies on the
transformation and is critical for determining the actual transformation mechanism.
Electron scattering theory indicates that HRTEM is sensitive to compositional changes
within an atomic column. Further systematic analyses of the effects of composition and
strain on calculated HRTEM images will allow more quantitative evaluation of the
structure and solute concentration of individual columns of atoms at transformation

interfaces in experimental images.
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Figure Captions

Fig. 1. High-resolution TEM image of a ¥' precipitate edge in a <1105, //<1120>y"
orientation at -169.0 nm defocus. The symbols Sg and Sq indicate the start of the 30°
and 90° Burgers circuits, respectively, while F indicates the finish of the circuits.

Fig. 2. Tilted-illumination image showing a series of single-atom kinks along the
precipitate edge in a <111>, //[0001]y+ orientation. The edge is faceted along close-
packed <1120>y- directions at the atomic level.

Fig. 3. Experimental HRTEM image of the ¥' habit plane interface with a simulated
image of the interface superimposed. An atomic model of the interface is shown in Fig. 4.
Fig. 4. Atomic model of the a/¥' habit-plane interface showing the structural change
required to produce an ABAB... stacking from ABC... close-packed planes for growth
(thickening) of a ¥' plate.

Fig. 5. Experimental HRTEM image of the ¥/a2 habit plane in a <110>y//<1120> a2
orientation with a simulated image of the interface superimposed.

Fig. 6. Atomic model of the ¥/c2 interface showing the structural change necessary for
growth of the interface.

Fig. 7. Experimental HRTEM image of the a/T1 habit plane with a simulated image of the
interface superimposed. An atomic model of the interface is shown in Fig. 8.

Fig. 8. Model structure for the T4 phase and the a/T4 habit-plane interface based on the
HRTEM images, with the structural transformation required to produce an A{BA2C...
stacking from ABC... close-packed pianes indicated.

Fig. 9. High-resolution TEM image of the {252}y habit plane in a <101>y//<111> 4
orientation. The exact {252}y habit plane is indicated by a horizontal line and the area
enclosed is shown enlarged in Fig. 10.

Fig. 10. Enlargement of the ¥/a interface with a simulated image superimposed. The
interface is faceted along close-packed ¥ planes. The families of close-packed planes are
indicated for both phases in Fig. 10.

Fig. 11. (a)-(d) Simulated images for Al in a <110> orientation with 0.5, 1.5, 2.5 and
3.5at.%Si in the center atomic column (arrow in ¢). The percent change in image
intensity at the solute column is shown in the top-right corner and the solute is visible
in (c) and (d).

Fig. 12. Plot of log |Zg - Zpm| for <110> Si, <1120> Co and <110> Pt with lines of slope
= -1 best-fitted through the data.




‘e

E PR ) .« v
\‘g;?]’nsﬁvog -

-~
A ¥ o PR A
‘p'\ EN “1’:‘1,’ )

RIS
LA NECE P RRT
.‘%g’;?#§€{£{

:
X
TR FTETTT R
ST e AN
i S8 CRES § Ak
*ﬁ,ﬂifﬁ},&:»{_“
§ ¥ en A SRR R
FANRA ALY § AR
& “ ~ 'E_f,;..i" !

? e’ vl

NP Al N k%
I RS
&y & TN A .
WM RN e T
AN P S
» V‘-Q%", v ket
VL A
e Ay B s B
PR ’ " .
e s are X
s
LORPST TR > AN

. oL,

’ .
r P b
s :

Ko

SO . i
APy n g heD
RIS Ly arc p

1 5
N

i’”.- é +

P
G ayherd

S )AN, T
\n S
\v.‘ ’
¥
L 4

c 4

(8 3 T ¢
$ * -

,","i.bﬂid“""....
. -,

> - .
' 3 g ’ "‘~'JJ_‘J‘ Bayraec oo
l\é‘:‘” el

L e

LI

L A
L8 A
> 8

ot

"” T

e ¥ . @ v s !
J .
Bl Sl Y

AR LA
IR A T .
P R e T AR«
Y P QAT TN &

N
B

:“ . Ty bv‘.\ s
<

et

L EENLYIYE '
Ta g a A
EIETEAL g\ 1

N ¢ 4‘_&‘ '.

ki

>
~y

‘.c’!.’

»

gD,

e
S skt
R § YR ey

= B PRB L DIy V..
LA Ja 2% ‘*ﬁ;"z s
c BAp v.v‘:{“__&"
v e D Y x e o
y i ”,"-‘%",\ 3.“

,.--l‘. A
e
o>

e L ALY K \“‘v.‘.,’ T EP
s ABFLRYS &8 5 ve

.-
Cvle ‘-_'.y_..-‘.l_»a s Xy

oy o se PO

‘PP o

; e,
PR T TN ada
I aad s

il

SRR ERE L SR 508 09
. Pl

Bra »F Ayt



266

. -a - : o™ il , s oAl ok b ] X s A 3% ; u”, E S k. .WA .‘. ﬁ "
- ™~ l‘ iﬂ ‘ ’ 3 ,‘,,4 TR N .'wf, .'«m} DI A g " R ¥ 1 s *(,

, B T f;.;béi*twggwﬁ
%M\@ .|I12,_‘ R I I A R O i Y R g T IS
D Tl BN G e w X .ﬁ.ﬁyﬁ.. A Ch AR e 90 N NGB R

IR Y %\g:ti ?ﬂﬁ.i’&*.?#f_




YW PN FE T

o SRS ys bty sy ¢
ECG@M@M‘) 3".‘ t.‘. L g Ak X & ~”.
oovattcitbistocttti¢tuv
y, v RS - A e g v N A W e~
.Q&iiiit.’ﬁ#ﬁ“!ﬁt.‘fi

, >
Y W aeMe g & A A4 - el e dd

e (1
R XX Y

_:L;chix !’c
“ r_. I tit. N
| |




268

o -A |

> W > W PO O >» W O

Al Ag

34Ag/66Al |

/:;3 Y of Kowe ;’ Mehon




o l\ﬁ. o .,
SOy
(s.e.vvm\ \w \% \ -

'Y 8
. 4 , .
BASH O s 0 0‘&.0.'."000."0 '
.rcv. @I'. . f""‘ ."'
A, cnuv.ﬂw > __HV.U..O.Ii' re

Q .a

| -G
e @ ® "'. . a0 Y




270

¥-TiAl

a,-Ti

o o

3

> W > W r»jw o >» W O

Al

50AI1/50Ti




A A

3~ 3
:

s
&

~ .
>

EZNER S I8 -




[qV] L and
m << O m <O « MO <

- T

~§

A\

X

P/

%

- X

O %

a -

&

p &
o
L9
—




273

s

: ¢
‘7 v[ Xare

L




274




. H.mlﬂl i Ml
iy
_m L™
INNK




100

/af:‘,. /@ o/ A‘oc ,J%»/on




279

PART 3

PROPERTIES and PERFORMANCE
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PROPERTIES AND PERFORMANCE

This third section of the Annual Report includes three tasks in the topic area of Properties
and Performance. The first of these tasks, entitled "Toughness and Fatigue of Metal Matrix
Composites”, is being conducted at the University of California at Berkeley under the direction of
R.O. Ritchie. The experimental work in this task has focused on aluminum-matrix materi.ls with
particulate reinforcement, regarded as model materials for high-temperature particulate composites.
The second task in this section is being carried out at Carnegie Mellon University. Entitled
"Micromechanisms of High Temperature Composite Behavior", it is directed by A.W. Thompson
and (until his departure from Carnegie Mellon in August, 1988) by J.C. Williams. The task has
concentrated on high temperature properties of titanium aluminide alloys which are expected to be
matrix materials for advanced composites. The third task here, also at Carnegie Mellon, has the
topic "Thermal and Mechanical History Effects on Composite Properties”, and its investigator is
W.M. Garrison. A series of Ti-Al-Nb alloys is being evaluated for thermal and mechanical
stability of both microstructure and mechanical properties, with particular emphasis on the
mechanical properties resulting from a variety of histories. The individual report sections are as
follows.

Page
Task 4
"Toughness and Fatigue of Metal Matrix Composites"”, R.O. Ritchie 283
Task 5
"Creep of High Temperature Composite Matrices", W. Cho, A.W. Thompson and
J.C. Williams 367
Task 6
"Thermal and Mechanical History Effects”, W.M. Garrison and D. Symons 411







TOUGHNESS AND FATIGUE OF METAL-MATRIX COMPOSITES

R. 0. Ritchie
Department of Materials Science and Mineral Engineering
University of California, Berkeley, CA 94720

The objective of this task is to identify micromechanisms associated
with critical and subcritical crack advance in metal-matrix composites,
at ambient and elevated temperatures, with particular emphasis on
fracture toughness and fatigue-crack propagation.

Work during the past year has focused on characterizing the fatigue
resistance (in the presence of long through-thickness cracks) of model
particulate-reinforced metallic materials, specifically P/M aluminum
alloys reinforced with silicon-carbide particles, with the aim of
defining and modelling the role of the reinforcement phase in promoting
or impeding cyclic crack extension. Based on a comparison of an
unreinforced 9Zn-23iCu-3Mg aluminum alloy with the same alloy reinforced
with 15 or 20 vol.% of either fine (5 um) or coarse (16 uym) SiC
particulate (A1/SiC,), three separate regimes have been identified
where behavior in t%e monolithic and composite alloys are distinctly
different and are controlled by specific crack-tip shielding
mechanisms.

At high growth rates typically exceeding 10-6 m/cycle, fatigue-crack
growth rates in the composites are far in excess of those at comparable
stress-intensity levels in the unreinforced alloys; this, however,
results from the much lower fracture-toughness Kic values of the

composite materials which causes an accelerated growth rates as Kpax
approaches Kjc.

At intermediate growth rates typically between 10-9 and 10-7 m/cycle,
the composite alloys now show improved fatigue resistance compared to
the unreinforced matrix. In this regime, the crack alternatively seeks
out "eligible" particles within the plastic zone, leading to Timited
SiC fracture ahead of the crack tip. Although this process tends to
accelerate crack advance, the coalescence of these microcracks with the
main crack tip additionally leads to the creation of uncracked
Tigaments behind the crack tip, which act to bridge the crack. By
modelling the effect of the bridges in terms of a critical crack-
opening displacement or critical strain in the ligaments, the degree of
crack-tip shielding induced by such crack bridging is computed and
shown to be consistent with experiment.

Similarly at near-threshold levels below typically 10-9 m/cycle, the
composite materials generally show improved fatigue resistance,
particularly with the coarser particle distributions, only now due
primarily to crack trapping (hindrance of the crack front) and
roughness-induced crack c'osure (crack wedging by fracture-surface
asperities) which result from the tendency of the crack path to avoid
the SiC particles. By computing the reduction in crack-tip stresses
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due to the presence of a SiC particle at the tip, a limiting condition
for the fatigue threshold in the composite alloys is derived based on
the criterion that the Jocal tensile stress in the matrix beyond the
particle must exceed the yield strength oy of the material; /h1s
implies that the fatigue threshold should be given by Kpax,TH = oy
where Dp is the mean particle size, in agreement with exper1menta1
measurement.

Further work is being directed toward examining the comparable fatigue
resistance of such metal-matrix composites in the presence of small (1-
500 um) surface cracks which, by virtue of their limited wake, should
show accelerated crack-growth rates due to the restricted influence of
shielding mechanisms such as crack bridging and crack closure. To
complement this, 7n situ studies of deformation and fracture in Al1/SiC

are being performed in the 1.5 MeV Transmission Electron Microscope to
examine further the microstructural interaction of the crack path with
the reinforcement phase. In addition, limited studies with commence on
the long- and small-crack fatigue properties of a recently developed
advanced aluminum-lithium alloy reinforced with SiC particulate, and
results compared with the traditional ailoys.

It is the overall objective of such studies to characterize and model
the micromechanisms which govern fatigue-crack advance in metal-matrix
composites; it is hoped that through an understanding of such
mechanisms at the microstructural scale, new composite alloys can be
developed with improved resistance to subcritical crack growth.
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