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SUMMARY

The objective of this research was to investigate two promising
systems as the basis for high temperature aluminum alloys useful to 425557
(80065). The first is a metal matrix composite consisting of an aluminum-
magnesium alloy matrix reinforced by spinel (magnesium alumina;g) particu-

f et jore
late. The second system is Al3(ZrX), where X is ¥ or Ti dispersed in

aluminum matrix. Here the lattice parameter of the AL;(ZrX) intermetallic
particles nearly matches that of the matrix. Research on dilute alloys has
shown a low coarsening rate for these intermetallics at 425’0; A study of
aluminum alloys with a higher concentration of zirconium and vanadium was
completed. \

A mechanical alloying-liquid metal infiltration procedure for prepar-
ing specimens of the aluminum alloy matrix-spinel composite has been
worked out and specimens with 4 vol.Z spinel have been prepared. .Also,

4 vol.Z alumina composite samples were prepared for comparison. Spinel
particles are located inside the aluminum alloy grains, whereas the alumina
particles are primarily situated at grain boundaries. :The creep resistance
at 410°C of the spinel composite i§ ;uch better than that of the alumina
composite.

Extrusions containing 5 vol.%Z Al3(V_ 7sZr ;5) were prepared_for this
research by Lockheed-Palo Alto from rapidly solidified foil. The measured
creep rate at 425£E;is much lower than that of the current aluminum-iron-
cerium alloys. An aluminum-vanadium intermetallic compound, however,
forms at grain boundaries leading to a precipitate free zone which grows
slowly at 425°C. Dilute alloys containing 1 vol.7 Al3(ZrTi) were then

prepared and these show more promise than the aluminum-zirconium-vanadium

alloys. - .




INTRODUCTION

By analogy with Ni-base superalloys, which are useful to 0.75 Ty (Tp
is the absolute melting temperature of N.), one may anticipate development
of an Al base alloy useful to approximately 425°C or 800°F. 1In order to
develop a successful Al alloy for use at such a temperature, many basic
principles must be considered. Such an alloy may owe its strength at high
as well as room temperature to a uniform dispersion of second phase par-
ticles which are coherent or semi-coherent with the matrix. To test this
theory, two systems were studied:

1. A composite of Al-Mg alloy matrix and MgAl,Oy
dispersoid

2. A dispersion of Al3(Zr,X) in Al

Both of these systems were selected on the basis of lattice matching be-
tween an Al alloy matrix and the dispersed phase. Preliminary work was
done on Al-AlyZr and Al-Al3(Zr,V) under AFOSR Grant No. 82-0005 and the
results on dilute alloys were very promising. The present research on
Al-5 vol.Z (Zr 35V 75) shows great promise; however, incoherent Al;(V was
found to form on grain boundaries in the more concentrated alloys which
leads to adjacent precipitate free zones which increase in width on aging.
Therefore research was begun on Al-Zr-Ti alloys, which won't have this
problem. Results on a dilute Al-Al3(Zr,Ti) alloy showed an even lower
particle coarsening rate for the metastable cubic phase than a comparable
Al-Al 3(Zr,V) alloy. Further, an alloy with approximately 30 vol.Z of the
stable tetragonal phase was sufficiently ductile that it could be cold

rolled, a very interesting finding.




PROGRESS AND RESULTS

1. Al-Mg Alloy matrix-MgAl Oy spinel composite

The cubic spinel, nominal composition MgAl Oy, appears to be a better
candidate oxide for the dispersion strengthening of Al than the hexagonal
oxide 0-Al,03. The lattice parameter of stoichiometric MgAl,;0, is 8.083%,
which is almost twice that of Al, 4.0496&. Thus a semicoherent interface
may be anticipated. Furthermore, at least one spinel-structured oxide
exhibits some ductility at room temperature. If the dispersed spinel
particles in the Al alloy matrix have even very limited ductility, the
composite should have a much better fracture toughness than one with
particles like 0-Al703 or S8iC, which behave in a very brittle fashion.
Also, spinel has a better developed cleavage habit than a-alumina and thus
a more uniform mixture by mechanical alloying is expected. Since the
elastic constants of spinel are considerably larger than those of Al,
improved stiffness as well as improved high temperature strength are
expected from dispersing spinel in an Al alloy matrix.

A procedure for preparing creep and elevated temperature fatigue
specimens of Al-Mg alloy matrix-spinel (MgAl,0,) or corundum (a-Al;03)
dispersions has been developed. Al-37 Mg rapidly solidified powder for
the matrix was kindly provided for this research by the Alcoa Technical
Center. Commercially available spinel and a-Al,03 powders were provided
by Baikowski. Composites containing 4 vol.Z of either oxide were prepared
by mechanical alloying with 1 wt.7 oleic acid as a "grinding" aid using
alumina pellets as the "grinding" medium. The mechanically alloyed
powders were cold pressed to 0.75 in diameter discs with a dual action
die at 350 MPa pressure. The cold pressed pellets and dies were heated
to 710°C for 5 minutes for liquid metal infiltration and then pressure

forged in a platen press heated to 140°C to form discs 20 mm diameter and
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2 mm thick. The pressure forged discs were then cold rolled to 0.8 mm
thickness with intermediate anneals at 600°C. The firal densities were in
the range 99 to 1007 of the theoretical. The specimens were cut using
electro-discharge machining.

Transmission electron microscopy showed that the dispersion of the
spinel particles in the Al-37 Mg matrix was much better than that of the
o-alumina particles. The former were dispersed within grains while the
latter were at grain boundaries, having pinned them during recrystalliza-
tion. This difference in the siting of the particles in itself may be an

indication that the matrix/spinel interface has lower energy than the matrix/

a-alumina interface. The alumina particles (150~300 um diameter) were much
larger than the spinel particles (30-150 pm). The former were not reduced
in size by the mechanical alloying. However, in both cases the distribution
of particles was uneven. This resulted in uneven grain size.

Tensile tests were conducted at room temperature and creep tests at
410°C. The ultimate tensile stress of the Al-37 Mg-4 vol.Z spinel was
235 MPa while the elongation to fracture was 15%7. For Al-37 Mg-4 vol.7
a=-alumina, the UTS was 210 MPa with 97 elongation to fracture. Better
properties can no doubt be achieved with more uniform particle dispersions
and smaller particle size.

The creep results at 410°C are summarized in Table 1.

TABLE 1.

Steady state creep data for Al-37 Mg-4 vol.Z spinel
and Al-37 Mg-4 vol.Z a-alumina metal matrix composites

Stress Strain Rate (sec—l)

MPa Al-spinel Al-alumina
17 - 1.3 X 107
22 2 X 1076 26 X 1076
30 105 X 1076 990 X 107

35 624 X 107 -




The creep resistance of the Al-spinel metal matrix composite (MMC) at

410°C is clearly better than that of the Al-alumina MMC. This is at least
in part due to the more uniform particle dispersion achieved in the former
composite.

The research results with the 4 vol.7Z oxide metal matrix composites
are reported in the M.S. thesis of Terry Creasy and a paper, "Al Alloy
with Spinel for Oxide Dispersion Strengthening'. The latter is Appendix A
to this report.

Achievement of the desired high strengths and creep resistance will
require a higher volume fraction of particles. Efforts were made to pre-
pare Al-37 Mg metal matrix composites with 10 vol.Z spinel and 10 vol.Z
a-Al,03 using the same procedure as with 4 vol.Z of each. Limited success
was achieved. Better equipment is needed than was available at Northwestern.
The results, however, justify additional research on the Al-spinel MMC
system.

2. Al-Al3(V,Zr) dispersions

A remarkably slow volumetric coarsening rate of 1.0 X 10728 m3/h at
425°C was found for the metastable cubic Ll; structured Alz(Zr 5V, 75)
in 5 vol.7 precipitate melt spun ribbons prepared for this research by
Lockheed. However a region depleted of Ll, precipitates, i.e., a precipi-
tate free zone (PFZ), forms along the grain boundaries during aging due
to formation at the grain boundaries of the stable phases, mainly Al;gV.
It was also found that the PFZ width increases with aging time. 1In order
to understand the growth mechanism for the Ll, phase as well as that for
the PFZ, detailed studies were undertaken of the same ribbons, i.e.,
Al-5 vol.Z% A13(Zr.25V.75) alloy, aged at different temperatures.

Figure 1 shows the coarsening results of the L1, precipitates at

425, 450 and 500°C, where the cube of the average particle radius, rg,




is plotted against aging time, t. The linear correlation coefficient, R,

and the slope for each best fitting line are given in Table 2. A linear

TABLE 2.

Measured coarsening rate constant, K,

and coefficient of linearity, R, for

Ll; Al3(Zr, sV _75) precipitates at
425, 450 and 500°C.

Temperature K
(°C) (m3/hr) R
425% 1.03 X 10728 0.997
450% 6.13 X 10728 0.997
500 1.28 X 10°2% 0.996

* Specimens were preaged at 500°C for
2.5 hrs. to prevent cellular preci-
pitation.
relationship between the cube of ;t and t seems well satisfied. An LSW
volume diffusion controlled process described by Eq.(l) seems to be the
growth mechanism for the L1, structured Al3(Zr ,s5V_ 75) precipitates.

12.80DV 2C
mm

-f3s — = =
T¢ I, Py t Kt . (1)

Here Eo is a constant, o is the interfacial energy, V  is molar volume,
D is bulk diffusion coefficient of the rate controlling solute and C_ is
its concentration in the matrix far from the interface. The activation

energy for the particle coarsening, Q.', can be calculated from Eq.(1l)

c
from the plot of ln(KT/VmZCmc) vs the reciprocal of RT. To a first order
approximation, the factors C_, Vp and o are assumed to be constant in the
temperature range from 425°C to 500°C. This is a good assumption for the
last two terms. Q. is calculated to be 294 KJ/mole. This value is closer

to the activation energy for diffusion of Zr in Al than that of V in Al,

242 and 82 KJ/mole, respectively. Consequently, the volume diffusion of




Zr is thought to be the rate controlling process for the Ostwald ripening

of the L1, phase. Furthermore, Q. is corrected to 230 KJ/mole after con-

c
sidering the temperature dependence of C_. This value is even closer to
the activation energy for Zr diffusion in Al. The above results are self-
consistent suggesting that the coarsening kinetics of the Ll, phase is an
LSW volume diffusion controlled process.

The growth kinetics of the PFZ at 425, 450 and 500°C were investi-
gated and the results are summarized in Fig. 2, where the PFZ half-width,
WPFZ/Z’ is plotted vs square root of the annealing time as done by Jensrud
and Ryum for Al-Li alloys. According to these authors, the growth be-

havior of the PFZ in an Al-Li alloy which has a similar microstructure to

the present Al-Zr-V alloy can be described by the following equation,
Wppr /2 = b(Dt)i (2)
PFZ , (

where D is the diffusivity of solute in Al and b is a complicated function
of the alloy composition and the solute contents in the Al matrix adjacent
to the both sides of the PFZ. Using the same procedure as done previously
for coarsening of the L1, phase, the activation energy for the PFZ growth
is calculated to be 285 KJ/mole by taking b as a constant since it is

only a slowly varying function of the solute concentration in the Al
matrix in the temperature range concerned here. The calculated activation
energy indicates that PFZ growth in the present alloy is also controlled
by the volume diffusion of Zr, not V, in the Al matrix. The grain
boundary precipitates are, however, mainly Al;gV. A possible explanation
is given as follows. Since V diffuses faster than Zr in Al at the aging
temperature, as soon as Ll,; particles dissolve, vanadium diffuses toward

the grain boundaries and it leaves a local matrix with a high Zr content




behind. The further dissolution

until this excess of Zr diffuses

of other L1, particles will be retarded

to the grain boundaries to form AljZr or

to partition into the Al;V as a solute. As a result, the final growth

rate of PFZ is determined by the

to the promising re- :1t that the

tion temperature of interest for this alloy.

volume diffusion of Zr in Al. This leads

PFZ will grow only slowly at the applica-

In the present alloy, most of grain boundary precipitates are Al;gV.

High resolution transmission electron microscopy (HRTEM), as shown in

Fig. 3, disclosed that micro-twins and stacking faults are frequently

observed in this phase.

The average intercept length, L, the volume

fraction, @, of the grain boundary precipitates and grain size D after

various aging times were measured by quantitative metallography. The

results are listed in Table 3.

Basically, the volume fraction @ increases

TABLE 3.

Changes of average intercept length, L, volume fraction,,
of grain boundary precipitates, and grain size, D, in alloy
ribbon with aging time at 425°C.

Aging Time L D
(hours) (um) 0 (um)

0 0.18 0.023 3.4
200 0.25 0.031 3.53

400 0.32 0.034 3.7

800 0.34 0.039 3.8
1200 0.35 0.041 4.0

linearly with square root of aging time.

However, since grain size does

not increase much (less than a 107 increase after 1200 hours of exposure

at 425°C following a preaging at 500°C for 2.5 hours), the AljyV particles

forming along the grain boundaries have the positive effect of preventing
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grain growth.

Figure 4 is an HRTEM image of an L1, particle aged at 600°C for 1.5
hours. The atomic image of the L1, phase is clearly distinguishable
from the matrix. The ordered structure of the Ll, phase still remains
after exposure at this high temperature. It is also shown that the inter-
face between the L1, particle and Al matrix is fully coherent. However, a
fault structure proven to be an anti-phase domain boundary is formed inside
the L1, particles, as shown in Fig. 5. This anti-phase boundary can be
caused by coalescence of two out-of-phase L1, particles or by the shear
produced by a dislocation on {100} planes.

The growth kinetics at 425°C of the L1, particles in extruded bars,
also prepared by Lockheed, are similar to the growth kinetics in the melt
spun ribbons. The results are shown in Fig. 6, from which a volumetric
growth rate of 1.1 X 10728 m3/h is calculated. It was also found that
creep at 425°C increases the growth rate of the L1, particles by around
50%Z. Figure 7 presents the creep results. The worst test result (i.e.,
fastest creep rate) for each alloy is given. High temperature tensile
tests carried out at 425°C reveal that the yield strengths of alloys 2
(A1-A13(V ,5Zr 75)) and 4 (Al-Al3(V_7s5Zr_js5)) are 14 and 40 MPa respec-
tively. Apparently, the poor creep properties observed in alloy 2 are
due to its weak strength at 425°C. Detailed microstructural studies
found that more coarse equilibrium phase particles, around 1-5 um in size,
are present in alloy 2 than are present in alloys 3 (Al-Al3(V s5pZr s50))
and 4. This is suggested to be one of the reasons why alloy 2 is so weak.
Alloy 2, with its high Zr content, has a higher melting temperature,
which makes it more difficult to process by rapid solidification.

It should be pointed out that Al-Mg with 4 vol.Z spinel has better




creep resistance than the Al-4 vol.7Z Al3(Zr sV 7s5) extruded bar (alloy 4).
These results are more fully presented in the Ph.D. thesis of Yen-Cheng
Chen and in the paper, "Microstructural Evolution and Mechanical Properties
of Rapidly Solidified Al-Zr-V Alloys at High Temperatures'", which has been
submitted to Acta Metallurgica for publication. The latter is Appendix B
to this report.

More concentrated Al-Zr-V alloys designed to contain 15 and 25 vol.Z
Ll, phase were made by Lockheed by melt spinning. TEM observations dis-
closed that a large amount of coarse AljyV particles, around 1 ym in size,
exist in the as-quenched 25 vol.7 alloy. Their presence causes these
ribbons to be brittle. The 15 vol.7 ribbons are ductile even though many
Al; oV phase particles were observed after quenching, but their sizes are
generally smaller, around 0.1 um. The spherical L1, phase precipitates
out in the 15 vol.7 alloy after aging at 500°C. However the amount of
Ll, phase is less than in the previous 5 vol.Z ribbons. This is because
less solutes remained dissolved in the matrix after quenching due to AljgyV
formation in the ribbons. Apparently, a rapid solidification process hav-
ing a higher quenching rate than the process used at Lockheed in the
present study is required to produce a more concentrated and useful alloy.

3. Al-Al3(Zr,Ti) dispersions

Because of the problem of Al;gV precipitates at grain boundaries and
the attendant L1, precipitate free zone, it was decided to investigate
Al-Zr-T1i alloys. From this point of view Al-Zr-Ti alloys are more promis-
ing since the stable tetragonal phase in this system matches the aluminum
lattice rather well and it is not expected to form at grain boundaries as
readily as does Al gV. Thus it is of interest to compare the rate of

Ostwald ripening of Lljy-structured Al3(Zr,Ti) with that of Al3(Zr,V).

11




Alloys containing 1 vol.% of Al3(Zr 7s5Ti ;s5) were prepared, and the growth
of the Llj;-structured precipitates during high temperature aging was studied.

Small quantities (about 4 g) of alloys formulated to contain 1 vol.7
of Al3(Zr 7s5Ti 5) were arc melted under argon atmosphere using a water
cooled copper crucible and a non-consumable tungsten electrode. This pro-
cedure was followed in previous studies of Al-Zr-V alloys. The micro-
structure of the as-cast alloy did not show any precipitates on the chilled
side of the cast buttons, indicating that the solutes were in metastable
solid solution in the aluminum.

Thin slices (about 0.5 mm in thickness) were cut from the buttons
using a diamond saw. These slices were given a pre—aging treatment at
500°C for one hour in order to prevent cellular precipitation during sub-
sequent aging, as was done previously with the arc melted Al-Zr-V alloys
containing 1 vol.7Z of Ll; precipitates. The pre-aged samples were held
at 425°C for different times up to 600 hours. All aging was carried out
under vacuum (better than 103 Pa); the temperature was maintained at
425 * 1°C. After aging, foils were prepared and examined in an electron
microscope.

Figure 8 shows the L1, spherical precipitates after aging at 425°C
for 200, 400, and 600 hours. Figure 9 compares the variation of particle
radius as a function of aging time in the present alloy with that observed
earlier in the Al-Zr-V alloy containing 1 vol.7 Al3(Zr 125V, g7s5).

The precipitate sizes in the btesent Al-Zr-Ti alloy are much smaller
than those observed in Al-Zr and Al-Zr-V alloys prepared under conditions

thought to be identical. The scatter in the precipitate sizes increased

with increasing aging times; however, even the largest particles in the !

Al-Zr-Ti alloy, after aging for 600 hours at 425°C, are smaller than the




average size in the Al-Zr-V alloy after 400 hours aging. Some particles
grew faster than others. This is due in part to enhanced diffusion along
dislocations. Particles near or attached to dislocations are larger.
Also, an inhomogeneous distribution of solute plays a role. Many preci-
pitates appear to be along bands, and the particle radii seem to be
larger here than those not on bands.

Because the Ll; particle sizes appear to be smaller in an Al-Zr-Ti
alloy than in a similar Al-Zr-V alloy while the particle growth rates at
425°C are comparable, and because the harmful grain boundary particles
such as Al gV are absent in the Al-Zr-Ti alloys, this latter seems to be
the more promising system for high temperature applications. A paper
describing these results has been accepted for publication by Scripta
Metallurgica and is Appendix C of this report.

Alloys containing tetragonal DOp3 Al3(Zr 75Ti »5) or Al3(Zr sTi s)
particles are remarkably ductile. Arc melted buttons containing up to
35 vol.7Z of the particles have been cold rolled with intermediate
anneals. Plates 10 mm thick were cold rolled to 0.6 mm without cracking.
In an alloy containing 15 vol.Z Al3(2r_7s5Ti s5), the DOy3 phase as cast
was in the form of needles of 0.0]1 mm average diameter and 0.2 mm average
length, but after the cold reduction the needles were on the average
0.005 mm in diameter and 0.04 mm long. Figures 10a and b compare the as
cast and cold worked structures. Note the DO;3; fibres in Fig. 10b are
oriented in the rolling direction. The reduction in diameter of the
fibres indicates they possess ductility. Their Knoop hardness is
700 kg/mmz. This alloy system, therefore, shows promise of producing a
useful metal matrix composite by conventional casting and thermechanical
processing. One may envision the aluminum equivalent of piano wire, which

is one of the strongest materials known to man.
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Figure 8. L1, precipitates in an Al-Zr-Ti alloy containing 1 vol.7 Al3(Zr 75Ti 25)
after aging for various times. All samples were pre-aged at 500°C for
one hour.

(a) 200 hours, (b) and (c) 400 hours, and (d) 600 hours
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Figure 9. Variation of L1, average particle radius, r, with aging
time at 425°C,
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All samples were pre-aged at 500°C for one hour.




Figure 10(a). As cast microstructure of a Al-Zr-Ti alloy contain-
ing 15 vol.Z Al3(Zr,75Ti,25) dispersoid. (300X).

Figure 10(b). Rolled structure with the dispersoids aligned in
the rolling direction. (240X).
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AZUMINUM ALLOY WITH SPINEL FOR OXIDE DISPERSION STRENGTHENING*

T. Creasy, J. R. Weertman and M. E., Fine

Department of Materials Science & Engineering
Northwestern University, Evanston, IL 60208-9990

Abscracet

Spinel (MgA1204)(cubic) was compared with alumina (Alzoa)(hexagonal) as
an oxide dispersoid in Al-3% Mg alloy. Selected because of {ts potential
t2 ilmprove the properties of dispersion strengthened Al, spinel has a lattice
parametar almost twice that of Al, which might produce a good lattice match
and low interfacial energy with Al in contrast to hexagonal AL 0, where the
interface is highly incohereat. Also, spinel is stable to 2000°C which mini-
mizes diffusional deformation processes and adverse chemical reactions with
the matrix that reduce the effectiveness of other particulates. Alloys of
AMg/spinel and AlMg/alumina were produced with 4 vol.% oxide by mechanical
alloving. In a series of tensile creep tests performed at 41C°PC with
stresses from 17 to 35 MPa, AlMg/spinel had a steady-state creep rate one
order >f magnitude smaller than AlMg/alumina at the same stress.

* Supported by the 477%R under Grant No. AFOSR-85-0337
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Introductisn

Magnesium-aluminum spinel (cubic, nominal comsositin Mgal.0,) may be a
better dispersoid £or mechanically alloved aluminum based oxide dispersion
strengthened (0DS) metal matrix composites than hexagonal coruandum (x-Al.0;)
for several reasons. First, the lattice parameter »{ cubic spinel, a,= 0.808
nm, 15 alwost twice that of Al, a = 0.405 am, and thus there is greater pos-
sibility of a coherent interface than with v-Al.0;, where the lower symmectry
makes special orientation low interfacial energy relations becween the dis-
persoid phase and matrix less likelv. 1In the second place, srinel has a
{111} cleavage habit while sapphire has no distinct cleavage habi:z [1]. For
these reasons, reduction of particle size in the ..ttritor and good distrribu-
tion of the particles inside the metal matrix grains seem more likely ia the
case of the spinel. The latter process wculd be favored by a low energy
interface, Furthermore, c¢oherent-coplanar magnesium ferro-spinel (MgFe,0,)
precipitates in cubic periclase (Mg0, whena they are very small are ductile
at room temperature in that dislocations i{n Mg0 are able to cur through the
precipitates{2]. Thus it is possible that small single crvs:tal magnesium
aluninum spinel particles dispersed in an Al alloy matrix mav have limited
plasticity, leading to improved ductility in the metal matrix composite Al
base alloy.

Since Mg0O and Al,0; react to form spinel with a lowering of free enerzv,
a magnesium-aluminum alloy for the matrix seems appropriate. It should be
pcinted cut that the melting point of spinel is sligntlyv higher chan that of
corundum, 2100°C compared to 2015°C., At high tawpera:z:res spinel is stable
over a wide range of Mg/Al ratios (3].

While ¥-A1.0; has been widely investigated as a dispersoid for ODS
aluminum alloys, the results have been somewhat disappointing due to low room
temperature toughness [4]. Also, at least in some cases, the modulus of the
cocmposite falls below the rule of wmixtures line indicating that the load is
not being transZe-red across th: interface [3].

For these reasons, a comparison of ¥-Al.0; and spinel dispersions formed
in an aluminum matrix by mechanical alloying using ident:-cal processing pro-
cedures is of interest. The results of a pr:liminarv study wicth 4 vol.%
soinel and 4 vol.% «-AL.0; in an Al-3 wt.”, Mg matrix are reported herein,

The usual method of mechanical alloying Al allovs has been to process
the elemental metal powders in a high energy attri<or using a surfactant to
prevent excessive cold welding. This type of proc:ssing produces surface
cxidation and thus intrcduces a fine dispersion of oxides into the final
alloy. Breakdown of tre surfactant leads to a digpersion of AL, C; in the
alloy [6]. For example, alloy IN9051 is mechanically alloved Al-4 wt.% Mg
cortaining aluminum and magnesium oxides from surface oxid:tion as well as
AlyCz. The present goal was to develop a svstem which would allow mixing of
discersoid powders with the metal powders to obtain a high volume fraction
of dispersoid in a useful alloy.

In the present research, since a mechanical attritor was not available
and onlyv small exploratory batches were desired, a laboratory vibratory mill
with alumina cvlinders was used for the mechanical alloving.

Materials Prenaration

For the matrix, Al-3 wc.,% Mg powder was supplied bv the Alcoa Research
Laboratorv., The powder was prepared by rapid solid.Zicazion of the alloy
using a gas atomizer. The particle sizes ranged up td 100 _m but 90 wt.h
were smaller than 45 um and only 2% were larger than 75 _m. The x-Al;0; and
spinel powders were suppolied by Baikowski International. The spinel was made
by calcining co-precipitated aluminum and magnesi 1 sulfate complexes. The
z-alumina was preparec from aluminum. aAnalvses provid.d by the supplier

auyg ‘uvrmyaaaym ‘Aseai)

l

1n




indicated that botda ceramic powders were 99.%:70, nure. According ta the
particle size analyses supplied by Baikowski Intzrnatzional, the spinel pouder
particles were smaller than 12 .m (3 um aversze siz=) and zhe z-alumin
particles were smaller than 3 um (0.5 um average size). On average, th
alumina powder particles were much smaller chan the spinel particles.
characterization was verified by the S&=M.

The mechanical alloving was carried ouz as fo
of spinel or w-alumina was mixed with tne Al-3], M
dispersoid. The powders were coated with oleic aci
(7] by stirring them in an oleic acid-acetone mixzu

d

e and tne
the acetone, The treated powders contained 1 wt.” oleic aci
powder mixture was sealed ia a polyethylene jar conraining 12 mm bv 12 xm
alumina grinding cylinders, and processed in a vibracor: =ill for cna hour.
L:>anger processing times led to ewcessive cold weldiaz due ¢

tie oleic acid.

The alloved powders were consolidated in a two stage process. Firse
the powders were cold pressed ianto dbillets 19 mm in dicmeter and 3.5 Tm
thick at 350 MPa pressure in a dual-action press. The cold-pressed billizrs
wera hot forged by heating them between sceel plates o 71X°C and pressing
then at 16,000 Kg load between 25 mm dies heated ro 140°C, the mauimum oper-
ating temperature of the press. When heated to 710°C in the furnace, the
biliets nad enough strength to allow transfer of the plate-dbillet assemdly
to :he press. This procedure combines liquid metal infiltration with hot
pressing.

The net forged billets were ground to remove edge cracks givinz pancakas
20 to 22 mm in diameter and 2 mm thick. The pancakes were then cold rolled
in one direction with intermediate anneals for 5 min at 600°C to 0.8 mm
taickness. The resulting strips were cut by electric discharge machining
into tensile creep specimens with gage sections 5.0 =m long and 3.1 mm wide.

Microstructure of Cold-Rolled Strio

Optical microscopy (OY) showed that the cold rolle¢d material consisted
of pancake shaped grains, with the plane of the pancskes parallel to the
17lling plane. 1In the spinel ODS Al alloy the grains appeared t> be approx-
imately 7 .m thick and 15 um in diameter, wnile the grzias of the #-alumina
0DS Al alloy were approximately 7 ¢m thick and 30 um in diametez, The grains
‘;ere more or less equiaxed in the rolling plane but there were considerable
variations in the dimensicns. The grain dimensions ranged br a factor of
two from the average.

The microastructures of rhe two 0DS Al base allovs were examined bv
transmission electron microscopy. Thin foils parallel to the rolling plarme
wera prepared bv electrolwvrtic thinning in a solution 0f 73 vol.% =mezhanol
and 25 vol.” nitric acid at -40°C using a 103 ma curreant and 50 to 60 volts.

In the case of the & vol.% spinel in the Al-3" Mg allov matrix the
spinel particles are well distributed inside many of the grains, as shown in
the pair of bright and dari field micrograpns of Fig. 1. The spinel parcicles
were 30 t> 150 nr in diameter. Since many particles of spinel were lit up
in dark field centered around a spinel diffraccion spot, an orientation
relacion between the spinel particles and the matrix is suggested; however,
fur:her research is needed Zo establish whether or not this Is true since
several spinel diffracticn spots as well as matrix diffractic spots con-
tributed to the image shown. Figure lb, of course, does nct stow all of the
spinel partzicles and the par-icles are racher difficult to se: in Fig. la.

The grain size of tha spinel ODS alloy seen by TE! is cousiderably
straillar than that observed by the lower magnificazion OM. The grain bound-
aries seen cprticall» n. doubt are those delineated b» cxide segregaticn,
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The grain beundaries la Fig. 1 show racher izc:lu Peosegrectiog This

cbservation is poussibly alsy an indication that tihe interfaces forwed inside
the grains between the spinel and marrix alloy have i low energw.

The spinel particles are not distributed unifsrmlv. Some grains seen
to be devoid of dispersoids. These zrains are lar;e . The spinel-rich
areas have grain diameters ia the £0il plane oZ =2 23 3 winil
in the spinel poor regions are up to 10 um across. i s
magnification TEM micrograshs, thc” give a beztar

ance of the grains. A much more uaniform discridu
no doubt, could be achieved by betrar mechanical

The o-alumina particles were not nearly so well distribured in the
matrix as were the spinel particles, as shown in Fiz. 3. 3ecause there ware
so many ¢-alumina d-.;.ac:ioq Spots, we were not abls > form a ussful dark
field image. The ¥-alumina particles are larger than the spinel parcicles
(1530 to 300 nm across comdared €3 30 to 170 nm acraoss) a ! considerably
faver of them were coserved. Note that tne original -alumina powder was
considerably finer tnan the spinel. QObviously the z-aluming Da':'cles were
reduced less than the spinel by the mechanical alls :
alloy also had the larger average grain siza. The
approximately 5 um across compared to # um for the

e

s were
1

I,

As in the case of the spineil ODS alloy, the graia size of the ‘-a‘u"ina
0ODS alloy measure {a the octical microscope was 1 r

the SEM, and again chis discrepancy is attributed to regi:ns ot neavy AL4
segregation making some of the grain boundaries visidcla ia the O, Ia facc,
the first indication that tha ¥-alumina parcicles did ncc disperse so well
as the spinel came during the electro thianing of the Fo ls for TZM observa-~
tion. The a-alumina ODS allovs exhibited severe prefarentiazl ecrching aleny
some graia boundaries making foils difficult to prapars.

The «-alumina particles have more randecm orien:
particles. This can be seen bv comp ring electron di
Fig. 4a and 5. The diffraction riags are mure comple
0DS alloy. Relatively fewer spots were seen with t e
ar
el

ons than the spinel
iraction pacterns,
t2 for the z-alumina
spinel ODS sllov in
e present. Analvses
and ¥-Al; 0, were

- -
acl
=

spite of the fact that substarcially more parcicles
of the diffraction pitterns showed that iandeed spine
oresent,

Uniaxial Tensile Progerties

The uniaxial tensile zr:perties at room temperatus: were determined
using a screw driven I scvron r"achi"e at a straian rate of 5 « 1 ¥/sec. The
principal difference betwe2n the uaniaxial tensile grocerties of the two
allovs at room temparature is the larger percent elongation to failure for
the spinel ODS allaw, 153% compared to 3% for the --alumina ODS alloy, as
shown in Fig. 3. The combined results for two tests 2n each allov are shown.
The vield strass as deftermined from 1% offset from zhe "elastic"” line for
the spinel GDS allov w s lower thaa that of the w-alumina 005 allov, 170 MPa
compared to 190 MPa; huwewver, the ultimate t2nsile strength of the fcrmer is
tility, No sigrnificance

P23

('

=

*
larger due to its greatar duc is placed con the diZ-
ference 1n siopes of the "elastic"” lines since the 2lon;aci n was obrained
from the crosshead and not from an extenscmeter.

Tha creep tests were Tericrmed a:z 41 ad-load cre=) apparatus.
The specimens were encliysed in a fused quare:z ugn hhl L oargon was
flowing. Displace.eat was measured by an LVD laver load-
ing arm of the creep apparatus outside the Iurnace. The specinen temperature
was measurad with a ch- couple next b Qe specimen and separate Irom the
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Figure 5 - Room temperature strass-strain curves of 4 vol.% spinel
and 4 vol.% ¥-alumina in A1-3% Mg after cold rolling and annealing.
Results of two tests for each are shown.
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Tests were done at four nesins

Some tests were run to failuyre. In
lonz enough to establish a staac:
increased to obtain another data poinc.
cbteined are given in Table I and ploct

Tadle I. Steadv State
4 vol. ] u=-Al

Stress, Spinel ODS e-2luminz 0D3
*Pa Creep Strain Rate Crzep Strain Rare
17 <0.003 x 1073 sec- 1.32 < 1077 sec~-
22 2.03 < 10-? 25.3 » lo-~
ic 105 = 10-? 992 » 10-*

35 624 % 10-° -
Cy 14,2 ¥Pa 8.7 ¥Pg
m 5.7 7.0

The creep strain rate Zor the spinel CDS Al zllov was not measurable at
“Pa stress and 410°C. No measurable strain was cbserved up to 430 hrs.
the minimum measurable strain in cthe apparatus was 4 x 10’3, the creep
ain rate must have been less thaa 2.5 x 1073/sec. The a-alumina ODS Al
ov, on the other hind, had a measurable creep strain rate at 17 MPa. At
MPa the creep rate of the latter alloy was more than 10 timas fzaster.

(ne a-alumina ODS Al allcy broke on application of 35 MPa stress while the

spinel CDS Al allov had z measurable creep strain rate of 624 x 107%/sec.

1o m Wt
1S = g~
[ '( o]
€ '
v

The crzep of ODS allevs is usually analvzed in terms of a threshold
stress [S], (s shown in Eq.(l):
€ = A(T-9)™ exp(-Q./RT) (1)

wher2 A and m are constants and Q. is an activaticn energy. At constant
tenmperature

él (°;/%- 1)
) = Lh A ——————————————— 2
L0 é; m n (gz/cc_ 1) ( )

where the subscripts reler to different stress values. Thus @ and . may de
cdetermined Irom measurements of creep strain rates at three diifersnt strass
ievels. These values ara also given in Table I. <. is higher for the

spinel ODS Ai allov, as is obvious from inspectica of £ vs o daca.

w

Discussion

The Setter creep properties of the spinel CDS Al zllov comparad to
those of the a-alumina CDS Al alloy are no doubt due to the better disper-
si:n oI particles which was achieved during the identical preocessing. Even

7 the velume fracticns of dispersoids are the same, the spinel particle

smzller than the a-zluming particie size and there zre many more
0% the fcrmer tieredv reducing the spacing btecween particles z:d
vt creep rate. On the basis o the present data, it is not
efinizely aztritute the lower ¢ properties
0ids bevend the fact that a spinel
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particles was achieved bv the mechanical alloyving grocessing used.
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Surprisingly, th
at rocm temperature in
An a-alumina particl
a spinel parcicle.

and a stronzer spinsl ccuarosics since 1 is smalier.

Therefore, it appears likelv

er that dislocations have deformed the spinel
carticles to some extent. The greater ductilicry of cthe :llov cormrzaining
spinal dispersoids may thus be parcly due te tre plasticizy of the spinel.
This 1is a very attractive possitility which is being excicrad.

At 310°C the spinel particlaes give the hisher flow sgress at a given
strain rate, as se2n frcm Inspection of the creep data. I i3 azalia atirzo-
tive to propose that dislocation cuctting of the spinel cccurs wirh che
attendznt fcrmation of an antl—onase boundary. The enerzv rajuiza2d o
achieve such boundaries in Ni. Al tvpe dispersoids, as is well-known, 1s cthe
source of. their remarxable cr é ep strength and tJl possitilicy apoz2ars o
exist for spinel in an Al matri

A

Al-47 Mz mechanicallr alloved in a production tvpe at:zricar and extrudad
nas a higher vield stress at rocm temperature [9] and better creeo rasistance
(7} at elevaczed temperacuras than the present 4 vol.” spinmal in AL-33 Mz
matrix processed by the tachnique described herein. The combined volume
fraction of oxide produced by surface oxidation and carbide in the former
alloy is roughly 4 vol.T so the volume fracticns of dispersoids ars not tco
different in the two allors. The oxides and carbides are well-d:spersed and
of quite small size when tha alloy is produced w1;H production tvpe facili-
ties. Also, Al,C;, as a dispersoid, is known to effectively streagthen Al.
0f course, better distribution of s-inel particlss in che preseqt allov no
doudt will result in much berter properties; however, the ma‘cr promise with
spinel dispersoids is in cbcaining an ODS Al base allov with verv much higher
volume fractions of oxide dispersoids gziving acceptabie toughness at room
temperature and the desired high strength and cresp resistance ac high cem-
peratures needed for a use2ful high temperature ailor.

Conclusion

Alchough mechanical alloving fo: 60 min in a laboractsry wisSratory rad
mill did not give a uniiorm distribution of either spinel or a-alumina dis-
persoid particles in an Al-37 Mg matrix, these praliminary results do show
that, as predicted, spinel hes a number of advantazes over u-zlumina for
developing a suitable hi:h tempersture metal matrix Al base compesite allov.
The mechaniczal alloying in the rod mill raduced the spinel parzicle size

consideraply more than the w~3lumina parzicle size and the distcr

spinel particles achieved wzs much better with less tendencr for grain
boundary segregation. There was indication that the liquid merzi i
consolidation method used resulzed in an orientation relation bHetween ¢
spinel particles and the matrix. There was also indication thac the spinel
particles exhibited limiced ductilicy during mechanical testing.

o
m

'l

Research in progress with allovs with hizher vciume fractions ci disger-
scids is aimed toward verif.;ng these preliminary conclusions and achiaving
detter hizh temp2rature sivangth and creep resistance with geood Zuccilizv.
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Microstructural Evolution and Mechanical Properties of Rapidly

Solidified Al-2r-v Alloys at High Temperatures

Y. C. Chen*, M. E. Fine and J. R. Weertman, Department of
Materials Science and Engineering, Northwestern University
Evanston, IL 60208

I. Abstract

Aging studies of three melt spun Al-Zr-vV alloys showed that pracipitation
of the metastable Ll, phase is favored over that of the equilibrium phases,
Allov aﬁd A13Zr(0023). The precipitation mechanism of the L1, phase can be
either continuous or discontinuous. The former is favored by decreasing the
value of the Zr/V ratio in ;he L1, phase precipit;te or by increasing the aging
temperature.

Coarsening of the spherical le-structured A13(Zr‘25V'75) particles was

studied at 425, 450 and 500°¢. The activation energy calculated from the
particle coarsening is close to that for diffusivity of Zr in the Al matrix,
suggesting that volume diffusion of 2r is the rate controlling mechanism for
the Ostwald ripening of the le-structured A13(Zr.25V.75).

Tﬁe L1, phase precipitate in extruded Al-1.13 2r-1.82 V alloy grew slowly
at 425°C, close to the rate measured in the melt spun ribbon. A high stress
exponent in creep at 425°C, close to 14, is found for the extruded Al-1.13
Zr—l.82-V alloy. Dislocations cross-slip inside the Ll, phase particles from a

{111} plane to a {100} plane during creep.

*Present address: Materials Research Laboratories, 195 Chung-Hsing Road,
Chutung, Hsinchu, Taiwan 31015, R.0.C.
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II. Introduction

By analogy with the 7’/strengthened Ni-base superalloys, wnich are
useful to three-quarters of the absolute melting temperature of Ni, development
of a dispersion strengthened Al base alloy useful to approximately 425°C may be
anticipated (l). To improve the strength of Al alloys at this high
temperature, a microstructure containing a thermally stable and coarsening
resistant dispersoid is required (2,3). According to particle coarsening
theories, a dispersoid phase having low interfacial energy, low diffusivity D,
and low solubility C, at this temperature would be most coarsening resistant.

Zr has the smallest diffusion flux, i.e., DC,, in Al among the transition
metals (3). A coherent metastable phase, Al;Zr, which is Ll,-structured like
the 7’,(Ni3A1) phase, and/or a semicoherent stable phase Aljir which is
tetragonal-structured may be present in the Al-Zr alloy system (4-6). They
both are expected to have low interfacial energie;, especially the former.

As found by Zedalis et al. (7) partial substitution of V for Zr in the
precipitate not only increases the thermal stability of the metastable Ll,
phase but alsc slows down the particle ccarsening rate at 425°C. In an Al-5
vol. § A13(Zr.25V.75) alloy, a very slow growth rate of the Ll, phase
precipitate was measured at 425°c (8). Thus Al-Zr-V base alloys are promising
for use at high temperatures.

In the present study, three Al-IZr-V alloys with different 2r/V ratios
prepared by melt spinning were used to study the thermal stability of the
metastable le phase with respect to both phase change and Ostwald ripening.
Mechanical properties of extrusions made from the three melt spun ribbons were

also evaluated at 425°C.




III. Experimental Procedures

Based on the assumption that the solid solubilities of both Zr and V in
aluminum are 0.1 wt3 at 425°¢, approximately the solubility of these elements
in the binary Al alloys, three Al-2r-V alloys designed to contain 5 vold le-
structured A13(ervl_x) were prepared by melt spinning. The values of x were
0.75, 0.5 and 0.25 and the alloys were designated as alloys 2, 3, and 4,
respectively. The nominal compositions of these three alloys are given in
Table 1. Extrﬁded bars having dimensions of 6.4xl4 mm2 were made from these
ribbons through vacuum hot degassing, hot pressing and hot extrusion. The
process details were described elsewhere (9).

The microstructures of the melt spun ribbons and extruded bars were
examined by optical and electron microscopy. The specimens for optical
microscopy were prepared by electroﬁolishing and etching in Keller's reagent.
TEM foils were prepared in a double jet polishingiapparatus by employing a
solution of 25 vol.% nitric acid in methanol. The temperature of the
électrolyte was kept between =40 to -60°C and a current of 100 mA was applied.
For making thin foils from the melt spun ribbons, mechanical polishing with
600-grit abrasive paper was done prior to electro-polishing to remove the
surface roughness and contamination. Some specimens were prepared specifically
to examine the microstructures near both surfaces of the ribbons. These
specimens were selectively polished on one surface with the other one protected
with lacquer. After electro-polishing, the lacquer was digsolved in acetone.
Sometimes ion milling was applied at 2 mA and 4 kV for half an hour at a
grazing angle of 15° to remove surface contamination.

Extracted second phase particles were obtained by electrolytic
dissolution of the Al matrix in an electrolyte, suggested by Cocks et al.(10),
containing 60 g benzoic acid, 15 g 8-hydroxyquinoline, 60 ml chloroform and 160

ml methanol.




The particle sizes of the Ll, precipitates were measured from the TEM
negatives taken by the central dark field (DF) technique using superlattice
reflection spots. More than 400 particles were measured for each determination
of average particle radius. The precipitate free zone (PFZz) widths were
measured with the beam direction lying in the grain boundary plane.

Creep tests were conducted at 425+2°C on a dead load creep machine.
Strain was monitored with a calibrated linear variable differential transducer.
Tensile tests were carried out on an MTS machine at 425°C. Both kinds of test
were done in an Ar atmosphere. The specimens (Sl and $S2) are shown in

Figure 1.




Iv. Results

1. Microstructures and phase transformations in the melt spun ribbons

The melt spun ribbons, approximately 20-60 fxm thick and 2-3 mm wide,
occasionally had small glciules of previously molten metal stuck on them. all
the investigated specimens were chosen to avoid these regions. The optical
microscopy observations disclosed that alloy 4, which contains the most V,
shows a more sluggish response to etching than alloys 2 and 3. The former
exhibits a featureless appearance until the etching time is longer than 4
minutes, while two minutes of etching revealed the structure of alloys 2 and 3.
The microstructure of alloy 4 varied slightly from place to place, depending
upon the contact of the ribbon with the chilled Cu wheel. As shown in Figure
2a, columnar grains afe observed in the ribbon where the chill surface is flat.
However in some areas where the chill surface is urneven (Figure 2b) a
dark~etching phase region is present near the freé surface of the ribbon which
was in contact with the atmosphere during the melt spinning. A lower cooling
rate is associated with such an uneven contact surface.

TEM selected ar;a diffraction (SAD) (11l) showed that the second phase
particles present near the the free surface of alloy 4 have the structure of
AlygV. WNo Al;,V phase particles were found in the as-melt spun ribbons of
alloys 2 or 3. Typical microstructures from the areas close to the middle of
as-melt spun ribbons éf alloys 2, 3 and 4 are shown in Figure 3. 1In alloys 2
and 3, which have higher Zr/V ratios, cellular fan shaped precipitates form
inside some grains (Fiqures 3a and 3b). The TEM selected area difffaction
patterns in the inset.of Figure 3b shows that these cellular precipitates have
the L1, type structure. The grain boundaries are rather irregular and island
grains surrounded by other grains are often observed in these two alloys. 1In

alloy 4, no precipitates were noted inside the grains and the grain boundaries




are more regqular, as seen in Figure 3c. Along the grain boundaries, some small
second phase particles, approximately 0.1 /Am in size, are present. TEM
selected area diffraction from the larger of these particles proved that they
also have the structure of AlyoV. This grain boundary precipitate is likely
to be the source of the etch pits at grain boundaries seen in Figure 2a.

In Figure 3a and Figure 3b, a second kind of precipitate is seen in
addition to the cellular Ll, phase. In the TEM dark field micrographs cf
Figures 4a and 4b, this phase is clearly distinguishable from the
cellular Ll, precipitates. It has not been previously reported in either the
binary Al-Zr, Al-V or ternary Al-ery systems and was named "Q" phase. Since
all the "Q" phase particles in one grain always light up at the same time with
Oone operating superlattice reflection, they must have the same crystallographic
orientation, i.e., the "Q" phase is coherent with the matrix.

Analyses of electron diffraction patterns of the "Q" phase show it to be
simple cubic with a lattice constant of 0.406 nm (1l). This value is quite
close to the lattice constant of Al, 0.405 nm. A cube/cube orientation
relationship with the matrix like that existing between the Ll, phase and the
Al matrix does not exist for the "Q" phase (1ll).

Aging at 500°C for 1 hour did not cause the microstructures of alloy 2
and 3 ribbons (ll) to change much except that equilibrium phase particles,
Allov and D023-structured A13Zr, formed on the grain boundaries. In allov 4
after aging at 350°C for 3 hours, the cellular L12 phase had begun to form from
the grain boundaries as shown in Figure 5. The cellular le phase has been
suggested by Mes and Billdal (12) to form by discontinuous precipitation
resulting from grain boundary movement. This is confirmed by the presence of
the original traces of the grain boundaries, indicated by arrows in Figqure 5,

which are left behind the cellular decomposition.




In other areas, selected area electron diffraction indicates that after 3
hours at 350°C the matrix in alley 4 is still free of any precipitate. During
further aging to 30 hours at the same temperature (ll), small spherical le
phase particles form by continuous precipitation inside all the previously
undecomposed grains. The fraction of the cellular L1, precipitate decreases
with increase of the aging temperature (7). On aging at 600°C, cellular
precipitates are not found at all.

During aging of Alloy 4 ribbon, the equilibrium phases Al oV and DO,4-
structured Al,2r precipitate on the grain boundaries, leading to the formation
of L1, precipitate free zones (PFZs). Both grain boundary precipitate size and
PFZ width increase with aging time (8, 13). Most of the grain boundary
precipitates seen in alloy 4 ribbon have the structure of Allov. A high
resolution TEM (HRTEM) micrograph, Figure 6, reveals that microtwins and
stacking faults are present in the Al;,Y phase particles. The existence of
twins is also indicated by the twin spots shown in the electron diffraction
pattern (inset in Figure 6). Using the energy dispersive k—ray spectrometry
(EDS) attachment in an STEM, the average composition of extracted "AlioV" phase
particles was analyzed to be approximately 1l at.% V, and 1l at.$ Zr, balance
Al. A standardless analysis technique and +thin film approximation were used.
Por simplicity, the nominal designation Allov is used for this ternary grain
boundary precipitate chrouqhou? this paper.

After aging at 600°C for 1.5 hours, the Ll, phase is still ordered. This
is determined by electron diffraction and the HRTEM micrograph shown in Fiqure
7, where each white spot corresponds to the image from the projection of Al
atoms stacked along the [110] direction. A perfect lattice match between the
le particle and the Al matrix, and a stepped interface are seen in this

fiéure.




The growth kinetics of the spherical Ll, particles in alloy 4 ribbons
were studied at 425, 450 and 500°¢. For the coarsening studies at 425 and
450°Cc, a preaging at 500°C for 2.5 hours was carried out in order to largely
suppress the cellular L1, phase. The detailed coarsening results at 425°C have
been reported previously (8). Figure 8 shows the coarsering kinetics of the
L1, particles at these three temperatures, where the cube of the average
particle radius, ¥, is plotted against aging time. The linear correlation
coefficient, R, and the slope for each best fitting line are given in Table 2.

Typical Ll, particles in alloy 4 ribbon after aging at 500°C for 20 and
206 hours are shown in Figures 9a and 9b, respectively. A planar fault exists
inside many L1, phase particles as seen in Figure 9b. These planar faults are
always parallel to the {100} planes of the Ll, phase. HKRTEM study indicated
these planar faults to be antiphase boundaries (APBs) which are asscciated with
displacements of a/2<110> on {100} planes, where a is the lattice contant of
the L1, phase (11). In an L1, precipitate containing an AP3, preferential
growth along the APB is noted. This causes some Ll, precipitates to appear as

rounded parallelepipeds rather than rounded cuboids.

2. Microstructures and Mechanical Properties of Extruded Alloys

The microstructures of the three alloys after consolidation and extrusion
look similar to one another in the opti;al microscope. Some coarse second
phase particles are observed, as showp in Figure 10. The size of these
particles is approximately 1 /4m. Presumably, these regions came from the
previously mentioned globules of molten metal which splashed onto already
solidified ribbons. More of these ccarse second phase particles were found in
extruded alloy 2 than in the other two alloys. TEM observation reveals that

the grain sizes, or subgrain sizes, in all three alloys were reduced to around




0.5 fLm after extrusion, as shown in Figure 1ll. Basically, alloys 2 and 3 have
microstructures similar to those in the melt spun ribbons but they show brcken
cellular le phase regions resulting>from the heavy plastic deformation.

In extruded alloy 4, all the Ll, phase particles are spherical. No
cellular le phase is observed. The size of the Ll, particles is still quite
small but the number of particles in the extruded material appears to be
somewhat less than in the melt spun ribbon. In some grains, stable tetragonal
A132r particles are also found. The growth of the spherical Ll, phase in
extruded alloy 4 is slow at 425°C. A volumetric coarsening rate of
1.1 x 10"28 m3/hr was determined, which is close to that measured in the melt

-28 m3/hr.

spun ribbon at the same temperature, 1.0 x 10

Tensile properties at 425°C for extruded alloys 2 and 4 are given in
Table 3. Different strain rates as indicated were employed to acquire yield
stress and tensile strength in accordance with ASTM E 151-64. Each data set
was obtained from the average of two tests. At 425°¢ alloy 2 has a lower yield
strength than alloy 4, 13.8 MPa compared to 42.7 MFa. The elongations obtained
at 425°C for both alloys are less than 'those from the room temperature tests,
which were around 30% (9). This drop in ductility with increasing temperature,
at least in part, is due to thin specimens (Sl, Figure la) used for the tensile
tests at 425°C. Necking is expected to occur earlier in thin specimens,
reducing the total elongation.

Creep tests were undertaken at 42$°C with an initial stress of 17 MPa.
Typical creep curves for the three extruded alloys, using the Sl specimen
geometry (Figure la), are shown in Figuﬁe 12. As seen, alloy 2 creeps much
faster than alloys 2 and 4 although its microstructure is similar to that of
alloy 3 after extrusion. Alloy 4 exhibits the best creep resistance. The

fracture surfaces, which are believed to relate to the fracture mode, are also




different for alloy 2 compared to alloys 3 and 4. Figure 13 is a fractograph

from the crept alloy 2. A dimplé structure and a large cross section reduction
are seen over the whole fracture surface. The large reduction in area
indicates that alloy 2 behaves in a ductile manner during fracture. In allojs
3 and 4, two distinct features are observed on the fracture surface, Figure
l4a. The crack began from the left-hand edge in an intergranular fracture mode
as shown in Figure 14b under a higher magnification. As noted in Figure 1l4a,
the reduction cf the cross section on the left-hand side is small. However, on
the right-hand side, a dimple structure associated with a large cross section
reduction similar to Figure 13 is present.

In extruded alloy 4, spherical le phase particles were sheared by
dislocations which results in formation of planar faults inside the le phase
particles. As seen in Figure 15, these planar faults lie on {100} planes. It
implies that dislocations cross-slipped inside the L1, phase particles from
{111} planes toc {100} planes during creep. Occasionally, a pileup of
dislocations is observed within a PFZ, suggesting that the localization of
plastic deformation may occur in this soft region.

The steady state creep rate at 425°C was studied as a function of creep
stress for extruded alloy 4 using the thicker S2 specimen configquration (Fig.
1b). A partial correction for the change in stress caused by the drop in cross

sectional area in the course of a creep test was made from the relationship
T = J; /11-€) (1)

where GL- is the initial stress, U is the corrected stress and € is the
strain at the beginning of steady state creep. The total change in area in the
course of a creep test was only 1 or 2 percent. The normalized steady state

creep rate vs normalized stress GZ is plotted in Figure 16. The normalized
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creep rate is defined as EskT/DGb and the creep stress is normalized by
b T

dividing it by the shear modulus G. The stress exponent n { és ~ T ) is

found to be close to 1l4.
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v. Discussion

1. Microstructure of the rapidly solidified Al-2r-V alloys as function of

composition

Dissolved zirconium increases the lattice constant of the Al matrix.
However, vanadium behaves in the opposite sense. The values by which the
lattice constant of the Al solid solution changes on dissolution of 1 wt.% of
2r and V are +0.0005 nm and -0.00033 nm, respectively (14-16). Based on these
values and Vegard's law, the changes of the lattice constant, Aa, for the
three Al-Zr-V alloys are calculated and listed in Table 4. It is assumed that
each alloy is in a supersaturated solid solution state. As can be seen, alloys
2 and 3 have larger lattice expansions over unalloyed Al than alloy 4.
According to Hume Rothery's rule, supersaturéted alloys 2 and 3 are expected to
be more unstable than the supersaturated alloy 4.- This may contribute to the
different as-melt spun microstructures seen in the three alloys, with
precipitation occurring in alloys 2 and 3 bu% unot in alloy 4 (Figure 3). The
lower liquidus temperature of alloy 4 due to a lower Zr content compared with
alloys 2 and 3 may also play a role in suppressing precipitation in this alloy
during solidification by lowering the temperature range where precipitation may
occur.

The precipitation characteristics in Al-Zr-V alloys basically are similar
to those in binarv Al-2Zr alloys, except near grain boundaries. The metastable
le-structured A13(Zr,V) phase may form in cellular or spherical morphology

depending on whether the precipitation process is discontinuous or continuous.

In general, the kinetics of discontinuous precipitation is controlled by grain




boundary diffusion (12). It is expected that at low aging temperatures
discontinuous precipitation is kinetically faster than continuous
precipitation. Consequently, le phase in cellular morphology precipitates out
first and becomes dominant in alloy 4 ribbon when aged at 350°c. With
increased aging temperature, matrix diffusion becomes more competitive with
grain boundarxy diffusion. This leads to the result that the spherical le
phase is dominant in alloy 4 ribbon after aging at 500°C or higher. As a
result, the cellular le phase may be suppressed by an initial treatment at a
higher aging temperature as found by Zedalis in a dilute Al-2r-v alloy (7).

Alloy composition may also play a role in the precipitation kinetics of
the le phase. In Al-5 vol.% A13(Zr‘125V'875) alloy which was splat quenched
and has the V/Zr ratio close to 7, the cellular Ll2 precipitation is completely
suppressed when aging is carried out at 500°C (1). However, to suppress the
cellular le precipitation completely in alloy 4 with a V/Zr ratio close to 3,
aging must be done at a higher temperature, 600°C (8). As for alloys 2 and 3
which have V/ZIr ratios close to 0.3 and 1, respectively, the cellular L12 phase
forms immediately after solidification. This indicates -that a high V/Zr ratio
promotes the continuous precipitation over the discontinuous precipitation
mode.

As shown by Zedalis et al. (7), an Ll,-structured Al3(erV1_x) phase with
a high V content, i.e., small x, has better lattice matching with the Al matrix
than does a precipitate with low V content. Thus, the e%fect of the V/IZr ratio
on the continuous precipitation of the Ll, phase might be explained by a lower
nucleation energy barrier due to a better lattice matchipg allowing easier

homogeneous nucleation.
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2. Coarsening kinetics of the spherical Ll, phase in the melt spun ribbon of

alloy 4

The growth behavior of the L1, particles at 425, 450 and 500°C shows good
agreement with the E3 vs t relationship, Ea - ;g = Kt, which suggests that an
LSW-type volume diffusion controlling process (2) is the coarsening mechanism.
Here r is the average particle radius after aging for time t and ;o is an
integration constant. If the effect of the precipitate volume fraction on
Ostwald ripening is taken into account, the coarsening rate constant K for an
alloy containing 5 vol.% of precipitates is given by (17)

2
12 7 ovic,
R = mmm—e———e= (3)

where 7 is the interface energy, Vg is the molar volume of the precipitate,
and R is the gas constant. This equation has been used by others to determine
the activation energy of diffusivity of solute in the matrix from the

experimental coarsening results (18~20). After rearrangement, equation (3)

becomes

Ln (KT/CO) = 1In A - Q/RT (4)
where A is given by
127 Dcvgl
A £ memmemee—- (5)
9R

and Q is the activation energy of diffusivity for the coarsening rate-
controlling element in the matrix. The value of A is a slowly varying function
of temperature and usually may be regarded as a constant over a small
temperature range. Therefore, the value of Q can be experimentally determined

from a plot of ln(KT/Co) versus the reciprocal of temperature.

14




In the present alloy, neither the concentration Co' of V or of 2r in the
solid solution Al matrix in equilibrium with the metastable le phase is
accurately known. Here Co' instead of Co is used since the le phase is a
metastable phase. For a first order approximation, C,' is assumed to be
constant in the temperature range from 425 to 500°C. From the plot of 1n(XT)
versus 1/T shown in Fiqure 17, Q is calculated to be 294 KJ/mole. This value
ig closer to the activation energy for diffusion of Zr in Al, 242 KJ/mole, than
the value for V, 82 RKJ/mole (3,21). Consequently, the volume diffusion of Zr
is most likely the rate controlling process for the Ostwald ripening of the
le-structured 513(Zr.25V.75), as expected originally.

In binary Al-2r alloys, the solvus line of the stable phase Al3Z2r (D054},

C can be expressed by the following equation, in wt%, (22)

Ol

C, = 1180 exp(-64.96 KJ/RT) (6)

If it is assumed that the 2Zr concentration of the Al matrix in equilibrium with

the metastable L1, phase, C,', does not change much from Co+» then a better

o
calculation for Q can be obtained by considering the temperature'dependence of
Co' from equation (6). The final result for Q is 229 KJ/mole. This wvalue
agrees even better with the activation energy of diffusivity for 2r in Al
measured in a binary Al-2Zr alloy (21). It was also found that the growth

kinetics of the PFZ at 425°C in alloy 4 ribbon is controlled by the volume

diffusion of Zr in the Al matrix (13).
3. Mechanical properties of extruded materials at elevated temperature

The poor creep resistance of extruded alloy 2 (Figure 12) is related to
its low yield stress, 14 MPz at 425°c, which is lower than the creep stress, 17

MPa. The plastic tearing seen in the alloy 2 fracture surface after failure by

15




creep confirms this. But it is interesting to knuw why this alloy possesses a
low strength compared with the other two extruded Al-Zr-V alloys since they all
contain around 5 vol.% of precipitates.

TEM investigation disclosed that in alloy 2 slightly more L1, phase
particles transformed to the equilibrium phases compared with that in the other
two extruded alloys after an annealing of 1 hour at 425°C. This difference was
not seen in the melt spun ribbons of the three alloys. Thus it indicates that
afrer hot extrusion the thermal stability of the le-structured Al3(2r.75V.25),
which has a high 2r/V ratio, is less than that of the le precipitates with
lower %xr/V ratio. Another factor contributing to the weakness of alloy 2 at
425°C is its structural inhomogeneity (Figure 10). The regions with coarse
second phase particles are not expected to contribute any significant strength
to the alloy.

From the fracture-mechanism maps for a commercial pure Al (23}, the
fracture mode at 425°C with a creep stress of 17 MPa is located in the
transgranular fracture regime. However, it is expected (23) that intergranular
fracture in creep is more prominent in a particle hardened alloy. This is
confirmed by the present result. Intergranular fracture was seen in alloys 3
and 4. Localization of plastic deformation along the PFZ's, which are softer
than the matrix with its strengthening Ll, phase particles, and sliding of the
grain boundaries or subgrain boundaries are assumed to be the mechanisms for
the intergranular fracture seen in these two alloys.

In Figure l4a the creep crack grew by intergranular fracture to the
middle of the cross section and then changed to transgranular. As the crack
deepens the creep stress increases because of the reduction in cross section,

becoming 34 MPa when the cross section is one half of its original value.
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This value is becoming comparable to the 0.2% offset yield stress, 43 MPa, of
alloy 4 at 425°c. Accordingly a transition is expected from an intergraﬁular
to a transgranular fracture exhibiting a dimple structure and a large reduction
in cross section.

The creep theories for particle strengthened allovs proposed currently in
the literature (24-28) suggest that processes occurring in the matrix are rate
controlling for the creep of particle strengthened alloys. Thus, the creep
rate equation for particle strengthened alloys is expected to be in the same
form as that for the matrix material if an effective creep stress szf equal
to G.-G; instead of actual stress U is used, whereo-; is the friction stress
or the threshold stress.

[ ]

An empirical equation for the steady state creep rate es of pure Al in

the power law regime is given by (29)

] . .
€= Ap (DGB/KT) (T /)44 (7)

6 for Al. Therefore the

where Ap is an empirical constant equal to 3.4 x 10
Ccreep rate obtained in extruded alloy 4 may be expected to fit the following

equation

[
€ =AD ------------ / (8)

By linear regression, the value of (T; is calculated to be 14.2 MPa.
For the case in which the structure of the alloy is invariant, i.e., the
subgrain size or barrier distance for dislocations does not change during.

creep, Lin and Sherby (27), and Sherby et al., (30) proposed a semi-empirical
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equation for the creep rate of particle s._engthened alloys

e 3 8
€= X A\ Deee (0= Ty (9)

-

S5 b bl E

where /\ is the subgrain size or barrier distance for dislocations, Dg¢s is the
effective diffusion ccefficient, E is Young's modulus, b is the Burgers
vector, Crlh is a threshold stress and X is a material constant equal to about
10° for nigh stacking fault energy materials. Since the subgrains in alloy 4
are usually pinned by the subgrain boundary precipitates, a constant subgrain
structure during creep may be expected in this alloy. Therefore, it is of
interest to compare the preéent creep results with those predicted by equation
{9). Based on this equation, a threshold stress of 8.7 MPa is obtained from
the linear regression.

A plot of creep rate versus creep stress for the data obtained from alloy
4 is compared with the curves predicted by equations (8) and (9) in Figure 18.
The data fall between the predicted values. While the general trends are
similar, the actual strain rates are off by several orders of magnitude from
the predicted curves. A somewhat higher creep rate in alloy 4 compared with
that from equation (8) might be caused by the localization of deformation

within the PFZ's.
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vI. Conclusions

l. In rapidly solidified Al-5 vol.% A13(ervl_x) alloys, the metastable
L1, phase precipitates initially instead of the equilibrium phases, AlloV and
A13Zr(D023). The precipitation mechanism of the le phase depends on alloy
composition and aging temperature. 1In the alloys with a Zr/V ratio equal to 3
or 1, a cellular Ll, phase forms by discontinuous precipitation immediately
after solidification. However, supersaturated solid solutions are obtained in
the alloys with a zZr/V ratio equal to 1/3.

2. In a supersaturated Al-1.13 2r-1.82 V alloy, cellular Ll, is
dominant when aging is carried out at low temperatures, because grain boundary
diffusion is faster than matrix diffusion. Spherical L1, particles become
favored when aging is done at higher temperatures.

3. A good linear relationship between the cube of the average particle
radius and aging time is obtained for the le-str;ctured A13(Zr.2sv.75)
precipitate aged at 425, 450 or 500°C. Volume diffusion of Zr in the Al matrix
appears to-be the rate controlling mechanism for coarsening. The coarsening
rate of the Ll, phase precipitate at 425°C is 1.1x10™28m3/hr.

4. In the extruded Al-5 vol.$% A13(Zr_2sv.75) alloy, L1, phase precipitates
were sheared by dislocations on {100} planes during creep, suggesting that
cross slip of dislocations from a {111} plane to a {100} plane occurred inside
the L1, phase precipitate.

5. Extruded Al-S vol.s% A13(Zr.2sv'75) alloy shows a high stress
exponent, close to l4. With introduction of a threshold stress of 14.2 MPa,
the stress exponent can be reduced to the value obtained for pure Al, 4.4.
However, when an effective stress instead of the actual stress is considered,
the experimental creep rates of alloy 4 are much faster than those predicted by

Dorn's creep equation for pure Al.
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Table 1 Nominal compositions of three Al-Zr-V alloys.

- - - -~ — T —— - . " = - . — -~

Alloy Composition (wt.%)
2 Al-3.12 Zr-0.66 V
3 Al-2.14 zZr-1.24 Vv
4 Al-1.13 2r-1.82 Vv

- - - —— — — —— - . —— —— — ——

%)
-




Table 2 Measured volumetric coarsening rate constants K and coefficients
of linearity R for L1, Ala(Zr.25V075) precipitates in alloy 4

aged at 425, 450, and 500%C.
Temperature K R
(°¢) (m3/hr)
425 1.03x10°28 0.997
450" 6.13x10"28 0.997
500 1.28x107%6 0.996

* Specimens were preaged at 500°C for 2.5 hours to prevent
cellular precipitation.
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Table 3 Tensile properties of extruded alloys 2 and 4 tested at 425°C,

in Ar.
Alloy Yield Stress* Ultimate Tensile** Elongation
(0.2% offset) Strength
MPa MPa 3
2 13.8 22.0 16.5
4 42.7 66.8 21.8

@
* measured with é'= 1 x 10-4/sec.

o
** measured with € = 1 x 10™3/sec.
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(m) Table 4 Calculated change of lattice constant, Aa, of supersaturated solid
solutions of Al-Zr-V alloys from that of unalloyed Al.

Alloy Aa (X)* Aa (R)** Aa (R)
(from 2r) (from V) (total)

- > = A - - - = T T = . > — A D et e b A ey e D s M e e - D - e S W e Y o

2. Al-3.50wtdzr
-0.54wtsV +0.0175 -0.0016 +0.0159

- — - - A0 D = - A D S = T T P D T D G D e P st AP W - s G S S e P e o A U G ST S G o8 WSS o o S

3. Al-2.15wt%Zr
=1.22wt3V +0.0108 -0.0037 +0.0071

- e - 0 S . D A - W D " > - D - Y T A P - G T S D A S e e e A A A B G S e

4. Al-l.16wt%ir
~1.76wtsV +0.0058 -0.0053 +0.0005

- - - - - - - . —— — - - — - - W - -

* Aa/wtizr = +0.005 S/wts

*+  Aa/wtiV = -0.0033 R/wts
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FIGURE CAPTIONS

Dimensions (in mm) of specimens (a) Sl and (b) S2.

Optical micrographs of cross section of as-melt-spun alloy 4 ribbon
at areas (a) with flat chill surface and (b) with uneven chill

surface. Chill surfaces at bottom, free surfaces at top.

Typical TEM microstructures of (a) alloy 2, (b) alloy 3, and (c)

alloy 4 ribbons in the as-melt spun condition.

TEM dark field micrographs from as-spun alloy 2 ribbon, where (a)
was taken operating with [110] spot of the Ll, phase, and (b) was

taken operating with {111] spot of the "Q" phase.
Alloy 4 ribbon aged at 350°C for 3 hours.
High resolution electron micrograph of an Aly 4V particle.

High resolution electron micrograph of an Ll, phase particle in Al

matrix from alloy 4 ribbon aged at 600°C for 1.5 hours.

Growth kinetics of le A13(Zr 25V 75) at various temperatures in
alloy 4 ribbon. A pre-aging of 2.5 hours at 500°C was done for the

specimens aged at 425 and 450°cC.

le-structured A13(Zr 25V.75) particles in alloy 4 ribbon after

aging at 500°C for (a) 20, and (b) 206 hours.

Optical micrograph of as-extruded alloy 2. The structural in-
homogeneity and the coarse second phase particles are to be

noted.
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Figure

Figure

Figure

Figure
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11

12

13

14

15

17

18

Typical microstructures (TEM) of (a) alloy 2, (b) alloy 3, and (c)
alloy 4 after extrusion. Extrusion direction is normal to the

micrograph in each case.

Creep curves of three extruded Al-Zr-V alloys tested at 425°C with

an initial stress of 17 MPa.

SEM fractograph from alloy 2 after being crept at 425°C with

= 17 MPa. A dimple structure is shown.

9

(a) SEM fractograph from alloy 4 after being crept at 425°C with
CT; = 17 MPa. (b) Higher magnification of left-hand edge, and (c)

higher magnification of right-hand edge.

Dark field TEM micrograph from alloy 4 after being crept at 425°c.
It. shows shearing of Ll, phase particles by dislocations resulting

in formation of faults.

L)
Plot on log-log scale of normalized creep rate GsﬁT/DGb versus

normalized creep stress Oﬂ/ér , for alloy 4.

Determination of the activation energy for the coarsening of the

Llj-structured Al;(Zr ,¢V ,4) by a plot of 1n(KT) vs 1/T.

Comparison at wvarious stresses of the creep rate obtained from alloy
4 with the values predicted from equation (8) withJ, equal to 14.2

MPa (curve 1), and equation (9) with q;h equal to 8.7 MPa (curve 2).
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Figure 1

40.0mm -
20.0

R=3.2 R=3.2

Dimensions (in mm) of specimens (a) Sl and (b) S2.
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Optical micrographs of cross section of as-melt-spun alloy 4 ribbon
at areas (a) with flat chill surface and (b) with uneven chill

surface.

Pigqure 2

free surfaces at top.

Chill surfaces at bottom,
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Figure 3  Typical TEM microstructures of (a) alloy 2, (b) alloy 3, and (¢)
alloy 4 ribbons in the as-melt spun condition.
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Figure 4 TEM dark field micrographs from as-spun alloy 2 ribbon, where (a)
was taken operating with {110] spot of the le phase, and (b) was
taken operating with [111] spot of the "Q" phase.
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Alloy 4 ribbon aged at 350°¢C for 3 hours.

Figure 5
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Figure 6 Bigh resolution electron micrograph of an Allov particle.
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Figure 8 Growth kinetics of le A13(Zr 25V 95) at various temperatures in

alloy 4 ribbon. A pre-aging of 2.5 hours at 500°C was done for the

specimens aged at 425 and 450°c.
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Figure 10 Optical micrograph of as-extruded alloy 2.

39




Figure 11 Typical microstructures (TEM) of (a) allocy 2, (b) alloy 3, and (c)
alloy 4 after extrusion. Extrusion direction is normal to the
micrograph in each case.
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Fiqure 12 Creep curves of three extruded Al-2r-V alloys rtested at 425°C with

an initial stress of 17 MPa.
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Figure 13 SEM fractograph from alloy 2 after being crapt at 425°C with
O} = 17 MPa. A dimple structure is shown.
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Figure 14 (a) SEM fractograph from alloy 4 after being crept at 425°C with
= 17 MPa. (b) Higher magnification of left-hand edge, and (c)
higher magnification of right-hand edge.
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Figure 17 Determination of the activation energy for the coarsening of the

Ll,-structured Al4(2r 45V 95) by a plot of 1n(KT) vs 1/T.
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COARSENING BEHAVIOR OF L1, PHASE IN AN Al-Zr-Ti ALLOY

Y. R. Parameswaran®, J, R. Weertman and M. E. Fine
Department of Materials Science and Engineering
Northwestern University, Evanston, IL 60208

Introduction

Aluninum alloys with improved high temperature mechanical properties are of particular
interest to aerospace applications because of their low densities and high strength-to-weight
ratios, and their resistance to corrosion and oxidation. By analogy with the y'-strengthened
nickel base superalloys, which remain stable and retain their useful strengths up to 0.73 Ty
(vhere T  1s the absolute melting temperature), development of a dispersion strengthened
aluminum alloy useful to 425°C seems to be an achievable target. Development of such alloys
is an active field of research (1,2). J

For stable mechanical behavior, the dispersed phase should resist phase transformation a
growth by Ostwald ripening. A basic requirement for resistance to growth of the dispersed
phase 1s low interfacial energy between dispersoid and matrix. Irrespective of the controlli
mechanism, reduction in the total interfacial erergy governs the growth of the particles.

A class of alloys based on Al-Zr is under investigation at Northwestern University. Add{
tion of a third element such as V, Ti or Hf was found to improve the lattice matching between
the tetragonal DOj3-structured dispersoid and the matrix (3,4). The alloy Al-Zr-V, 1in partic*
lar, has been studied extensively (5-9). Metastable Ll,~structured second phase dispersoids
Al3(Zr, Vy_,), with x varying between 0.125 and 0.875, form in rapidly solidified solid soluti&
Al-Zr-V. The L1, particles, which have the same cubic structure as 7' in nickel base super-
alloys, grow only slowly at high temperatures. Thus they provide a stable strengthening to tH
alloy. The L1, precipitates are spherical in shape. :.They are coherent and coplanar with the
matrix. At very high temperatures, or long times‘'at 425°C, the metastable L1, dispersoids ardq
replaced by the equilibrium phases, DOp3-structured Al;(Zr,V) and complex cubic Al gV (9). If
alloys with 5 vol.7 of Ll;-structured Al3(V 75Zr ;s5), incoherent al,¢V forms at the grain
boundaries and creates precipitate free zomes (PFZ) in the adjacent matrix. The PFZs become
an increasing problem as the amount of V is increased in the alloy. The growth of PFZs is a
function of aging time and temperature (9).

From this point of view Al-Zr-Ti alloys are more promising since the stable tetragonal
phase in this system matches the Al lattice rather well and it is not expected to form at grai
boundaries as readily as does Al1gV. Thus it is of interest to compare the rate of Ostwald
ripening of Llj-structured Als(Zr,Ti) with that of Al3j(Zr,V). Alloys containing 1 vol.7 of
413(Zr 75Ti 55) were prepared, and the growth of the Ll,-structured precipitates during high
temperature aging was studied. This paper reports the results,

Experimental Procedure

Small quantities (about 4 g) of alloys formulated to contain 1 vol.Z of Al3(Zr 75Ti 35)
were arc melted under argon atmosphere using a water cooled copper crucible and a non-consum-
able tungsten electrode. This procedure was followed in previous studies of Al-Zr-V (5,7).

*  Presently with Mational Aeronautical Establishment, Natiounual Research Council Canada,
Ottawa, Ontario K1A OR6, Canada.




The nominal composition of the alloy was: Y9.62 wt.o 7 AL, o nd w7 ZAr, and 003 we,Z T, The
microstructure of the as-cast alloy did not shceu anvy precinitates on the chilled side of the
cast buttons, indicating that the solutes were ju metastable solid solution in the aluminum.

Thin slices (about 0.5 mm in thickness) were cut froa the buttons using a diarond saw.
These slices were given a pre-aging treatment at 500°C for vne hour in order to prevent cellu-
lar precipitation during subsequent aging. Pre-aping to prevent cellular precipitation was
used previously with arc melted Al-Zr-V alloys cencaining 1 vol.Z o1 L1, precipitates (5,7).
The pre-aged samples were held at 425°C for different times up to 600 hours. All aging was
carried out under vacuum (better than 10 ° Pa); the temperature was maintained at 425 * 1°C,

After aging, 3 mm diameter discs were cut from the slices using an electrodischarge
machine. The discs were first mechanically polished down to a thickness of about 0.05 mm, and
then subjected to double jet electropolishing to produce thia foils for transmission electron
microscopy studies. The electrolyte used was a Z57 solutica of nitric acid in anhydrous
methanol. Temperature during electropolishing was -50°C, aad the current density was about
95 mA. The polished foils were examined in a 200 kV Hitachi 700-H electron microscope oper-
ated at 175 kV.

Results and Discussion

Figure 1 shows the L1, spherical precipitates after aging at 425°C for 200, 40C, and 600
hours. Tigure 2 compares the variation of particle radius as a function of aging time in the
present alloy with that observed earlier by Zedalis (5,7) in the Al-Zr-V alloy coataining
1 vol.Z Al (Zr_125V.875).

The precipitate sizes in the present Al-Zr-Ti alloy are much smaller than those observed
in Al-2r and Al-Zr-V alloys prepared under conditions thought to be identical. The scatter
in the precipitate sizes increased with increasing aging times; however, even the largest
particles in the Al-Zr-Ti alloy, after aging for 600 hours at 425°C, are smaller than average
size in the Al-Zr-V alloy after 400 hours aging. (In the previous study (5,7), aging was not
done beyond 400 hours.) Some particles grew faster than others. This may be due to enhanced
diffusion along dislocations. Note in Fig. 1, especially lc, that some particles are near or
are attached to dislocations. These particles are especially large. Also, an inhomogeneous
distribution of solute plays a role. Many precipitates in Fig. lb appear to be along bands,
and the particle radii seem to be larger here than those not on bands in this micrograph.

Chen (9) observed that the particle sizes and their growth rates were smaller in rapidly
solidified Al-Zr-V alloys (splats and melt spun ribbons) containing 5 vol.7 dispersoids than
in the 1 vol.Z arc cast alloys. These differences in particle sizes and growth rates were
attributed to non-uniform distribution of solutes in the arc cast alloys (9).

Because the L1, particle sizes appear to be simaller in an Al-Zr-Ti alloy than in a simi-
lar Al-Zr-V alloy while the particle growth rates at 425°C are comparable, and because the
harmful grain boundary particles such as Al;gV are absent in the Al-Zr-Ti alloys, this latter
seems to be the more promising system for high temperature applicstions. Further investiga-
tion is planned of Al-Zr-Ti alloys prepared by melt spinning. These alloys contain higher
volume fractions of dispersoids.
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» L1y precipitates in an Al-Zr-Ti alloy containing 1 vol.Z Al4(Zr 75Ti ;) after aging for
various times. All samples were pre-aged at 500°C for one hour,

. (a) 200 hours, (b) and (c¢) 400 hours, and (d) 600 hours
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FIG.2

Variacion of Ll; average particle radius, T, with aging time at 425°C.

cr

A: Present results in Al-1 vol.Z Aly(Zr +.Ti 25), arc melted.
B: Al-1 vol.7 Al(Zr ;;5V g75), arc melted. From (5,7).

All samples were pre-aged at 500°C for one hour.




