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FORE WORD
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"Synthesis Processing of High-Lithium Al-Li Alloys". The work accomplished and reported herein was
performed by University of Virginia, Charlottesville, Virginia 22901. The program was monitored by Dr.
William E. Frazier of the Naval Air Development Center, Aerospace Materials Division, Warminster, PA.
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1. INTRODUCTION

The goal of this research program is to demonstrate
the feasibility of producing Al-Li-base alloys suitable for
structural applications, with densities 15 to 20 percent lower
than 7075 Al. The alloy compositions being investigated contain
4 to 5 wt% lithium, more than can be taken into solid solution in
aluminum. These alloys cannot employ precipitation-hardening as
a primary strengthening mechanism, in contrast to Al-Li-Cu and
Al-Li-Cu-Mg alloys nearing commercial introduction. As a
consequence of the elevated lithium level; the strength,
ductility, toughness and corrosion resistance will have different
relationships to alloy composition and processing conditions than
precipitation-strengthened Al-Li-base alloys. Consideration of
the novel processing-microstructure-property interrelationships
raises several fundamental questions about Al-Li-base alloys with
elevated lithium levels, questions that are being answered in the
current research project. Critical fundamental questions are:

" Can formation of coarse primary phases be avoided during
solidification and processing, especially AlLi phase?

" Can processing methods be identified that produce a stable
substructure which contributes substantially to strength?

" Can alloys of this type provide levels of ductility,
toughness and corrosion resistance needed for structural
applications?

The remainder of this introductory section briefly outlines the
benefits to be gained by elevated lithium additions to aluminum,
and the perceived barriers to attaining useful properties in
alloys of this type.

When lithium is added to aluminum, the elastic modulus
increases by approximately 2% and density decreases by
approximately 1% for each atom percent addition up to the
solubility limit (1). These benefits are obtained for Li in
solid solution or in Al3Li precipitates. The benefits of
decreasing density and increasing elastic modulus produced by
adding Li to aluminum have been described by several authors
(2,3). Weight reduction from the density decrease provides the
largest advantage for most aerospace applications, although the
elastic modulus increase is significant for stiffness-critical
applications. No other chemical element with appreciable
solubility in aluminum produces equivalent effects on the density
and elastic modulus (4).

The potential for weight reduction in aerospace structures
has driven development of heat-treatable aluminum-lithium alloys
by all major aluminum producers in the United States and Europe.
Alloys that offer a 7 to 9 percent decrease in density compared
to 7075 Al, with service properties similar to conventional high-
strength aluminum alloys, are now nearing commercial
introduction. Commercialization of these alloys has required a
technological solution for the problem of reactivity of aluminum-

1
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lithium alloys during casting, and application of fundamental
materials science principles to solve problems of poor ductility
and toughness. However, solutions to these problems appear to be
attainable, so it is appropriate to consider whether larger
reductions in density and increases in elastic modulus may be
obtained by larger additions of lithium.

The major barrier to larger lithium additions is formation
of AlLi in alloys containing more Li than can be taken into solid
solution at elevated temperatures. AlLi is a strongly anodic
phase that leads to poor corrosion properties (5-7).
Furthermore, coarse AlLi particles degrade ductility and
toughness, an undesirable effect in Al-Li-base alloys where
toughness is somewhat lower than in conventional precipitation-
hardening aluminum alloys (2,3,8).

The restriction that Li not exceed the solubility limit in
complex alloys containing several alloying additions places a
limit of about 9 percent on the density reduction that can be
obtained through addition of lithium to aluminum. However,
material technology trade-off studies of the effect of property
improvements on structural efficiency clearly show that further
density reductions would permit additional structural weight
reductions (3). Thus, new types of Al-Li-base alloys containing
lithium additions that exceed the solubility limit would find
applications, provided that the service properties of the new
alloys approached those of conventional precipitation-hardening
alloys.

At least 2 technical approaches have the potential to solve
the problems associated with lithium levels exceeding the
solubility limit. An approach investigated at the Boeing
Airplane Company under Air Force sponsorship (9) is retention
of lithium in supersaturated solid solution by rapid solidifi-
cation or mechanical-alloying. The findings of the Boeing
program demonstrate that formation of primary phases composed
of rapidly-diffusing species such as lithium cannot be prevented
during hot consolidation processing. A second approach, synthesis
of alloys in which AlLi is replaced by an alternate equilibrium
phase that does not produce the deleterious effects of AlLi
phase, has not yet been explored in detail. The current research
program is investigating the feasibility of this approach by
addressing the fundamental questions listed earlier. Alloy
compositions investigated include Al-Li-Mg, Al-Li-Y and Al-Li-Sb.

2
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2. BACKGROUND

The alloys being investigated are non heat-treatable, rapid
solidification processed (RSP), Al-Li based alloys of high
lithium content. The microstructure evolves during rapid
solidification and hot compaction and a (sub)grain structure
develops during hot extrusion. Thus, it is appropriate to
consider our current understanding of the topics of rapid
solidification, consolidation processing and of structure or
substructure development during extrusion. This background
information is covered in sections 2.1 through 2.3, with emphasis
on how it may be applied to RSP Al-Li alloys.

Two sets of alloys are being studied. The first set
consists of Al-Li-Mg alloys and the second consists of Al-Li-V
and Al-Li-Sb alloys where yttrium and antimony are added in an
attempt to stabilize the Al Li phase. Sections 2.4 and 2.5,
respectively, describe the A1-Li-Mg system and the concepts which
were used for the choice of Sb and Y as the AI3Li stabilizing
elements.

2.1 Rapid Solidification Processing

2.1.1 Characteristics of Rapid Solidification

Although most aluminum alloys are still fabricated by the
conventional solidification followed by working, it has recently
become apparent that rapid solidification techniques offer many
advantages over conventional processing. Since rapid
solidification (RS) requires high cooling rates, it can only be
achieved with material that is small in at least one dimension.
High cooling rates give rise to undercoolings of 1000C or more
before solidification, allowing large deviations from equilibrium
to occur. Novel microstructures formed via rapid solidification
processes are consequently observed.

The advantages gained by using a rapid solidification
processing technique can be summarized as follows (see reviews
10-12):

• Microstructural refinement: Melt quenched alloys usually
have finer grain size, smaller particles size, and less
macrosegregation, which is a major problem found in
conventionally-cast alloys. These effects increase with
increasing cooling rate.

" Extension of the solid solubility limit: Larger amounts of
supersaturation of solute elements have been detected as a
result of RS. This can permit larger addition of alloying
elements, leading to the possibility of precipitation of a
significant additional volume fraction of second phase(s).

" Formation of metastable phases.
" Increased tolerance for impurity elements.

3
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2.1.2 Production of Rapidly Solidified Material

Rapidly solidified (RS) material suitable for subsequent
compaction to a solid article is made in a variety of ways such
as atomization, splat cooling and melt spinning (see reviews
10,11,13). At present, atomization is the most common way of
producing RS aluminum alloys in commercial quantities. Molten
metal is sprayed through a nozzle and quenched by a rapidly
moving gas stream. 4The molten droplets solidify at typical
cooling rates of 10 to 10 °C/s.

Splat quenching and melt spinning can produce experimental
amounts of material and are thought to provide a higher cooling
rate than atomization (100 °C/s). In splat cooling, molten
droplets are quenched on a highly conductive chilled surface.
The flakes commonly produced are 2 to 3 cm in diameter and about
40 pm thick. In melt spinning, the molten metal is brought into
contact with a rapidly rotating highly conductive wheel,
producing ribbon material.

During processing, an oxide layer forms on the RS particles,
flakes and ribbons as a result of reaction in the melt prior to
RS process or by scavenging if oxygen by the powders during
handling and packaging (14). The reaction of this freshly
formed oxide with humid air gives rise to a hydrated oxide layer.
RS aluminum alloy particles therefore exhibit a hydrous oxide
layer composed of a film of aluminum oxides and aluminum
hydroxides, small amount of MgO crystallites, and the physically
adsorbed gases H20 and 0 (15-17). This oxide layer is
incorporated into the alloy during subsequent processing to a
final article. It is an obstacle to the bonding process between
the individual particles during compaction and leads to poor
mechanical properties when incompletely broken up or non
uniformly distributed during consolidation and extrusion.

To avoid the deleterious effects of incorporating hydrogen
into the consolidated alloy, vacuum degassing of the particles
before consolidation appears to be a general processing
requirement. The quality of this degassing treatment step will
determine how easily the oxide film is broken up during hot
pressing and will strongly influence the effect of the oxide on
final mechanical properties.

2.1.3 Consolidation of the RS particles

Figure 1 shows the most commonly used procedure for the
consolidation of RS particles into a fully dense final product
(cited in 10,12,15,16,18). A schematic of the oxide particle
morphology corresponding to the different processing steps is
shown (from 15). The different stages of consolidation are:

4
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Fig. 1 Consolidation procedure for RS particles, schematic of
the alloy particle oxide. (After Kim, Griffith and Froes)
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-1- Cold compaction: The particles are cold compacted using
pressures high enough to produce a billet that is approximately
75% theoretical density. Cold compact density is an important
consideration for effective degassing which requires
interconnected pores in the compacts.

-2- Hot vacuum degas: The billets are then sealed in aluminum
cans to provide a means for hot vacuum degassing. During
degassing, the hydroxides decompose to aluminum oxide (A1203) and
H20, which reacts with Al and Mg atoms and forms additional A1203
and crystalline MgO. Degassing dries the "wet" surfaces of the
oxide layer and increases the amount of MgO crystallites embedded
in the amorphous Al 03. The combined effects arising from a
proper degassing mae the oxide film more susceptible to break-up
by subsequent hot pressing. Failure to accomplish this step
results in poor bonding between the particles, as well as
porosity and blistering in the final product if the hydrogen is
released from the oxide after the hot pressing process.

In rapidly solidified alloys with metastable
microstructures, choosing the degassing temperature is a
compromise between the need of an effective degassing and the
desire to avoid coarsening of the original refined structure at
excessively high temperature. Thus, the degassing treatment
requires a compromise between the counterposed requirements of
degassing and maintaining a fine microstructure.

-3- Hot pressing: Hot pressing fully densifies the degassed
compact. The overall deformation is moderate but can be
sufficient to destroy the continuity of the oxide film and break
it up into A1203 film fragments, A1203-MgO clusters and MgO
crystallites.

-4- Extrusion: during hot working such as extrusion, further
break-up of relatively large A1203 fragments and A1203-MgO
clusters takes place due to elongation of the original powder
particles. Optimum redistribution of oxide fragments occurs over
a certain range of processing parameters (temperature, pressure,
ram speed, extrusion ratio). Theoretical observations made by
Sheppard et al. showed that the pressure required for the
extrusion of powder compacts is lower than that required for a
comparable cast alloy (19). This was illustrated by comparing
the extrusion pressure as a function of the extrusion rate for
conventionally-cast and powder materials (19). Comparison of the
pressure-ram displacement traces for three Al-Mg alloys also
showed that a far lower pressure was needed to extrude a powder
Al-10Mg alloy than was needed for the cast Al-7Mg and Al-5Mg
alloys (20).

The potential range of processing conditions over which an
alloy can be worked is illustrated on the diagram in Figure 2.
The lower temperature limit is the lowest temperature at which
the rate of relaxation is rapid enough to eliminate strain
hardening during hot working and is determined by pressure

6
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Fig. 2 Schematic effect of temperature, pressure and strain
rate on the allowable working range. (After Dieter)
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limitations on the extrusion press. The upper temperature limit
is determined by the temperature at which melting or melting of a
small amount of segregated phase (equilibrium or nonequilibrium
eutectic melting) occurs, or by the temperature above which
billet surface tearing takes place. The extrusion temperature,
once chosen within the working window, should be low enough to
prevent coarsening of the structure and to promote a fine
subgrain or grain structure. Yet, higher temperatures lower the
extrusion pressure, thus reducing the chance of failure during
extrusion. Similarly, the extrusion ratio is a compromise
between the requirements for efficient break up of the oxide film
on the powder particles (higher ratio desirable) and billet size.

2.1.4 Application of RS Processing to Al-Li alloys

RS techniques have been applied to Al-Li-base alloys in an
effort to overcome ductility and toughness problems that have
been experienced with conventionally-cast ingots. The
conventional interpretation of the low ductility and fracture
toughness of ingot metallurgy processed (IMP) Al-Li-base alloys
has emphasized dislocation shearing of the ordered Al3Li
precipitates which results in a high degree of planar slip during
plastic deformation. One method which has been proven effective
ameliorating the ductility problem associated with Al Li
precipitates is grain size reduction, which can be acgieved by
applying a process involving RS. Localization of slip can also
be i ihibited by a high volume fraction of very fine non-shearable
dispersoid particles or composite precipitates which can be
obtained by the use of RS approach. The dispersoid-forming
elements exhibit extended solid solubility during RS and can be
subsequently precipitated uniformly as fine particles during an
hot degassing or other annealing treatments.

Al-Li alloys processed by ingot technique generally contain
coarse constituent particles that can act as sites for crack
initiation and may contribute to poor corrosion resistance. RS
promotes greater microstructural homogeneity and greater solid
solubility than conventional casting methods, and therefore leads
to less segregation of impurities and solute elements. The
problem of macrosegregation and microsegregation encountered in
ingot casting has limited the maximum Li content to 3 wt%
although up to 4 wt% could be taken in solid solution (from
21,22). Further Li additions, and thereby density reduction, can
be achieved by preparing the Al-Li alloys by RS.

2.2 Development of (Sub)grain Structure During Extrusion

2.2.1 Relaxation Processes

During hot working processes such as extrusion, dislocations
produced by deformation are eliminated by relaxation processes

8
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that occur during deformation and thus the relaxation processes
are called dynamic. Working is often carried-out under
conditions of temperature and strain rate such that these dynamic
relaxation processes operate continuously right up to the die
exit, ensuring the absence of work hardening in the extruded
product. In the case of some alloys, processing conditions may
be exploited to obtain a desired degree of work hardening, rather
than achieving it with a separate deformation processing step.
The relaxation processes which enable plastic flow during hot
working are recovery and recrystallization.

Dynamic recovery is commonly the softening mechanism of
high-stacking fault energy metals, such as aluminum and aluminum-
base alloys. It is the basic mechanism that leads to the
annihilation of pairs of dislocations during straining. The low
dislocation density accumulated during deformation is due to
the ease of cross-slip, climb and dislocation unpinning at nodes.
This deformation mechanism results in the formation of a well-
developed subgrain structure.

2.2.2 Influence of Microstructure on Relaxation During Extrusion

The substructure formed by dynamic recovery during extrusion
of an Al-3.5Mn-0.75A1203 powder alloy was stabilized by large
primary precipitates already present in the as-solidified powder
material (19). The presence of these primary precipitates at
subgrain boundaries in the as-extruded material provided evidence
that the precipitates acted as obstacles to dislocation motion
and pinned the subgrains formed during extrusion.

Sheppard et al. reported that the operative softening
mechanism during extrusion of RS Al-Mg based alloy was uniquely
dynamic recrystallization, contrary to most aluminum alloys which
relax by dynamic recovery or by both dynamic recovery and dynamic
recrystallization. A secondary phase was precipitated during
extrusion of RS Al-(7,12,15)Mg-0.8Mn-O.1Cr powder alloys that was
attributed to the addition of Mn and Cr (23). This fine
dispersion of precipitates pinned the grain boundaries and
prevented their rapid migration. Thus, the precipitates were
responsible for stabilization of the dynamically recrystallized
grain structure.

Variations in the as-extruded structure can also arise from
alloying elements in solid solution. It was observed that the
size of dynamically recrystallized grains of RSP Al-Mg alloys
decreases with increasing magnesium content, regardless of the
processing conditions (23). Several explanations were advanced
such as the dependence of the particulate size on the magnesium
content. The structure variation was finally proven to be due to
the effect of magnesium solute atoms on the mode of relaxation,
dynamic recrystallization in this case. Solute atoms hinder
dislocation mobility and dislocation climb or cross-slip and
hence facilitate the formation of dislocation tangles which will

9



NADC 88078-60

eventually lead to a greater number of potential grain boundary
nucleation sites.

In addition, the as-extruded structure can be influenced by
the powder particulate size since this controls the amount of
oxide incorporated into the consolidated material. In the case
of RSP Al-(7,12,13)Mg-O.8Mn-0.lCr of low oxide content, no corre-
lation was found between the prior powder particle size and the
microstructure generated by dynamic recrystallization in the
extruded material (23). Thus the powder identity was totally
obliterated by the recrystallization process. In contrast, the
higher oxide content of RSP Al-lOMg-0.4Zr was present in the form
of stringers which were aligned in the extrusion direction and
which acted as effective obstacles to boundary migration (19,20).
The larger grain size were associated with wider stringer
spacing. The high angle boundary first formed adjacent to the
oxide and migrated within the original powder particles.

2.2.3 Influence of Processing Conditions

The structure of an extrudate material is dependent upon
extrusion parameters of which the most important are temperature
and stain rate. Since boundaries between grains or subgrains act
as obstacles to dislocation motion, finer (sub)grain sizes lead
to improved mechanical strength in the extruded product. Thus
the structure and strength can be controlled by variation of the
processing parameters. A useful parameter representing the
combined effects of stain rate and temperature is the
temperature-compensated strain rate (Zener-Holloman parameter)
defined as:

Z = £ exp(+ &H/RT)

where: c = mean strain rate
&H = activation energy of deformation
RT = gas constant x deformation temperature

A linear relationship was recorded between ln(Z) and the
inverse of the dynamically recrystallized grain size of the as-
extruded RSP Al-Mg alloys (19,20,23). A linear relationship was
also observed between ln(Z) and the yield strength of the
extruded material. The fact that the strength was independent of
the extrusion ratio (strain) indicated, according to the authors,
that the softening mechanism was either dynamic recovery or
dynamic recrystallization but not a mixed deformation mode.

Little variation was found on hardness readings across the
transverse section of a RSP Al-1OLi-0.4Zr extrudate bar (20).
This important observation indicated that there was no continuous
change in structure from center to periphery as is often observed
in extruded materials. The unusual structural homogeneity was
attributed to the lower heat generated during powder compact
extrusion.

10
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2.3 Structure and Properties of RSP Al-Li alloys

2.3.1 Grain Structure

The microstructure of the RS particles commonly consists of
a fine dendritic or a fine cellular structure depending on the
alloy and solidification rate. The highest cooling rate and the
smallest particle size give rise to the finest cellular structure
(24,25). The degree of refinement of the microstructure of the
RS particles is of primary importance for the microstructure of
the extruded material.

Many of the RSP alloys described in the literature have a
small amount of Zr added to prevent recrystallization during
consolidation and promote formation of a fine unrecrystallized
structure. The zirconium forms Al Zr dispersoids which pin
subgrain boundaries. This effect gas been extensively described
in the case of conventionally-processed alloys. The
microstructures of these alloys exhibit unrecrystallized grains
elongated in the extrusion direction and a well-defined, fully-
recovered subgrain structure (14,21,22,26). A more equiaxed
microstructure in which high-angle boundaries predominate can be
produced by solutionizing at high temperature, allowing more
subgrain boundary motion. This occurs with only minor changes in
grain size and orientation (14).

The addition of Co to a non-Zr containing alloy has been
found ineffective in preventing recrystallization of a roller-
quenched Al-3Li-0.2Co, despite the presence of incoherent
dispersoids thought to be A19Co2 (27). The recrystallized
microstructure consisted of a well-defined substructure which
resulted from the high temperature and high stain rate
deformation that occurs during extrusion. This agrees with the
results of previous investigations on Co containing IMP alloys.

In alloys produced by ingot techniques, large cons-.tuent
particles are not effective in retarding recrystallization and
grain growth. In the case of RSP alloys, the small size of the
constituent particles can render them equally as effective as the
dispersoids (in 21,28). This was the case for a splat-quenched
Al-3Li-3Cu-lMg alloy (29). The incoherent oxide particles were
reported to be weak substructure stabilizers (26).

23.2 Oxide Particles

It has been noted previously that RS Al-Li particles are
always contaminated with oxides. The oxide characteristics have
been studied by several investigators (10,15,17,18). In the
extruded material, the oxide is always present along the prior
particle boundaries and appears as a fine dispersion of
particles, as a thick continuous layer, or as discrete clumps
containing several particles (respectively 22,26,28). Layers or
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large groups of oxide particles can serve as easy fracture
propagation paths, thereby reducing ductility and toughness.
This was observed in an RSP Al-4Li alloy where large
concentrations of oxides were mechanically-fibered, leading to
degradation of the mechanical properties (14).

2.3.3 Constituent Particles

Meschter et al. have compared the microstructures of three
RSP Al-(3-4-5)Li extrusions in their solution treated condition
and found that the constituent particle density increased with
the amount of Li added (14,26). Based on this observation, they
concluded that these particles were Al-Li oxides which had been
hydrolyzed upon exposure to ambient water vapor. These
constituent particles were relatively inhomogeneously distributed
in the matrix, thus it is believed that the oxides were formed by
a reaction of the melt with the atmosphere and were subsequently
atomized into discrete particles which were then incorporated
into the extrusion.

Composition/solution treatment combinations which do not
dissolve all the alloying elements leave constituent particles in
equilibrium with the matrix phase. This is observed in some of
the RSP Al-Li alloys (14,21,22,24,26,28). The use of RS
particulates can eliminate formation of those constituents or
produce significantly finer constituents than in ingot cast
alloys of similar composition. A comparison of powder metallurgy
processed (PMP) versus IMP Al-3Li-l.3Mn alloys revealed that both
materials contained Mn-rich constituent particles with diameters
less than 1 pm, but that only the IMP alloy showed the presence
of much larger 10 pm Mn-rich particles (28). The small particles
are thought to have formed during consolidation or mechanical
processing while the large ones were formed during
solidification.

Some of the RSP Al-(3-4-5)Li-0.2Zr alloys containing Mg or
Cu exhibit constituent particles whose volume fraction varies
with the composition and the solution heat treatment conditions
(14,24,26). The conclusion is that even though these constituent
particles are much finer as a result of RS approach than they
would have been in an ingot cast alloy of the same composition,
only 5 volume percent of these brittle particles can be tolerated
with retention of acceptable ductility and toughness. For this
reason, powder source Al-4Li alloys cannot incorporate a (Cu+Mg)
concentration greater than 1 wt%. Formation of the AILi phase is
also a major barrier to production of Al-5Li alloys with
acceptable mechanical properties and corrosion resistance
(14,26).

12
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2.3.4 RSP Al-Li Alloys Incorporating Dispersoid-Forming Elements

When elements with limited solubility in aluminum are added
to Al-Li alloys, they produce intermetallic compounds at the
homogenization temperature. These phases usually do not
incorporate Li and, as such, do not alter the precipitation
sequence. Dispersoid-forming elements commonly found in
conventionally-cast Al-Li alloys include Zr used to inhibit
recrystallization, Mn which controls the grain size of
recrystallized products, and other elements such as iron or
silicon which enter the melt as impurities to form Al-rich
intermetallic particles. Iron- or silicon-rich particles are
invariably deleterious to mechanical properties of
conventionally-processed aluminum alloys as a consequence of
their coarse size and distribution.

RSP increases the solid solubility of potential dispersoid-
forming elements in Al-Li alloys by allowing a larger volume
fraction of finer dispersoids to be produced than is the case for
conventional processing. Commonly, these elements are in solid
solution in the RS material and can subsequently be precipitated
as fine dispersoids during further processing (21,22,29). In
addition, RS can be exploited to incorporate other dispersoids
in Al-Li matrices. Limited studies have been carried out on Al-
Li based alloys containing Ti, Co, Y, Fe, Ni, Mn, V, Nb, Mo, W,
and Cr in addition to Zr (24,28,29,30). The resulting
dispersoids are often taken to be the corresponding Al-X
intermetallic with or without Li incorporation. However,
unidentified phases have been found for example in the complex
microstructure of an Al-4Li-0.5Mo (30).

RS of Al-3Li-0.16Ti and Al-3Li-0.23Co alloys resulted for
the first alloy in complete solution of Ti and for the second one
in the formation of a fine distribution of Co containing
dispersoids (29). In contrast with RS method which promoted
microstructural homogeneity and greater solubility, the slow
cooling rates during ingot casting of the Ti-containing alloy
resulted in an extensive separation of the solute elements and
the formation of coarse intermetallic segregation compounds.
During consolidation and extrusion of the RS particles, some
second phase precipitation did occur in the Ti-containing alloy,
while the Co-containing dispersoids remained fine. Coarse
heterogeneous precipitation of AlLi phase and formation of
precipitate free zone (PFZ) in the vicinity of the dispersoids
and grain boundary was not observed. The possible substitution
of Li for Ti or Co in the dispersoids was mentioned.

Many investigations have been made on RSP Al-Li alloys
containing zirconium as the dispersoid-forming element. A large
volume fraction of uniformly-dispersed Al3Zr or Al3(Li,Zr)
composite precipitates is produced as a result of RS technique.
It is believed that these large particles substantially influence
the deformation behavior due to their non-shearable nature and
are therefore desirable for the improvement of ductility and
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toughness.

Allied-Signal's RSP Al-Li-Zr alloys containing Cu and Mg
were given a double aging treatment for the purpose of promoting
the development of composite precipitates (21). Zirconium was
present in solid solution in the as-solution treated alloys and
precipitated during the double aging-treatment leading to an
homogeneous distribution of composite precipitates and
preferential nucleation and growth of Al Li precipitates around
the core precipitates. In the case of this study, composite
precipitates did not form as a result of heterogeneous
precipitation of A13Li upon pre-existing A13Zr dispersoids.

More often, a large volume fraction of Al Zr dispersoids is
already present in the as-solutionized extrudea bar (22,31). The
subsequent aging treatment promotes precipitation of AI3Li both
homogeneously and on the A13Zr particles to give the composite
A13 (Li,Zr) phase. The microstructure contains homogeneously
distributed composite precipitates and A13Li present in the
matrix but mostly associated with the composite precipitates.

2.3.5 RSP Al-Li Alloys Incorporating Precipitate-Forming
Elements

The use of additional precipitate-forming elements in
conventionally-cast Al-Li alloys has been the subject of many
investigations. The resulting precipitates affect the intrinsic
slip characteristics of the matrix whereas the dispersoid-forming
elements such as Zr often influence only the grain structure.
Most of the research devoted to alloys of this type has
concentrated on additions of Cu and Mg either separately or in
combination. Within the Al-Li-Mg system, the only phases in
addition to Al3Li and AlLi are A13Mg2 , A112Mg17, and A12LiMg. Mg
has a high solid solubility in Al which is relatively unaffected
by the presence of Li. As a consequence, Mg remains in solid
solution in practical alloy compositions and only heterogeneous
nucleation of Al2LiMg occurs. The precipitation sequence in Al-
Li-Cu is as follows:

Solid Solution -> GP zones -> e" -> 9' -> (Al2Cu) -> TI(Al2 CuLi)

The precipitate phases reported in quaternary Al-Li-Cu-Mg are
A13Li, Al2CuMg and Al2CuLi phases.

The microstructure of precipitation-hardening alloys
resulting from RS techniques generally contains the common phases
of conventional casting, but is much finer. In addition, the
possibility of increasing solid solubility through high cooling
rate offers the potential of retaining a larger quantity of
alloying elements in solid solution. The effects of additions of
Cu and Mg on the microstructure of RSP Al-Li alloys containing 3,
4, 5 wt% of Li and the structure-refining element Zr was
determined at McDonnell Douglas research laboratories. The RSP
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Al-3Li based alloys contain a large volume fraction of Al3Li,
Al2CuLi plates nucleated on grain boundaries for the Cu
containing alloys, and precipitate free zones. The RSP Al-(4-
5)Li extruded bar could be successfully produced using
conventional powder consolidation methods despite the high Li
level. The Al-5Li based alloys, the Al-4Li-2Cu-0.2Zr alloy and
the Al-4Li-2Mg-0.2Zr alloy have more than 10 volume percent of
brittle constituent particles and their microstructure was not
further studied. The only phase present in the Al-4Li-iCu-0.2Zr
and Al-4Li-1Mg-0.2Zr alloys is A13Li in addition to a few
constituent phases.

2.3.6 Mechanical Properties: Influence of Processing Conditions
and Oxide Particles

Much of the data on the mechanical properties of RSP Al-Li
alloys reported in the literature has clearly been influenced by
processing-related problems such as incomplete bonding of
particulates resulting from the presence of oxides and from
failure to consolidate the RS particles efficiently (22,24,28).
Typical features commonly found on the fracture surfaces of
alloys with poor mechanical properties include significant
amounts of delamination resulting from separation along prior
particle surfaces or cracking along the prior particle boundaries
due to the thick oxide layer still present in the extruded
material.

The presence of oxide along prior particle boundaries render
the mechanical properties very sensitive to test direction. As
an example, a study made on two Al-Li based alloys of different
lithium levels (3 and 3.4 wt%) showed that both alloys had
similar T-L fracture toughness values, which were smaller than
the two different values corresponding to the L-T orientation
(22). It was suggested that the dominant factor controlling the
T-L fracture mechanisms of this alloy was the oxide particles.
This is consistent with the improvement in toughness resulting
from an increase in powder particle size and therefore a reduced
prior particle boundary area.

Palmer et al. have evaluated the effect of various
processing methods on the properties of Al-3Li extruded materials
whose fracture behavior appeared to be dominated by the oxide
particles on prior particle boundaries (24). The mechanical
properties of the investigated materials were not improved by
either selective screening of the splat lots to remove most of
the non-splat particulate, or increasing the extrusion ratio
which, however, resulted in less delamination. A small
improvement in ductility resulted from the use of multiaxial
forging prior to extrusion and was attributed to better break-up
of oxide films on prior particle boundaries.

The fact that the fracture behavior of RSP alloys is often
dominated by oxide particles or an oxide layer on prior particle
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boundaries implies that very little work has been performed to
evaluate the specific effects of alloying elements such as Mg,
Cu, Mn, Zr on the mechanical properties. The effect of
microstructural characteristics such as dispersoid particles,
grain size etc. could not be adequately assessed in many studies
due to premature failure induced by oxide. For example, the
elongation to failure value of a PMP Al-3Li-Mn alloy was found
independent of the age hardening condition, contrary to the
equivalent IMP alloy, due to the crack nucleation process
dominated by large oxide particles. The potential beneficial
effects of RS technique for processing can only be fully realized
by improvements in melting, particulate-making and particulate
processing techniques so that the oxide is minimized and well
distributed. This has been done successfully by Meschter et al.
on vacuum atomized and consolidated Al(3,4,5)Li based alloys.

2.3.7 Mechanical Properties: Influence of Composite Precipitates
or Dispersoids

The presence of large volume fractions of homogeneously
distributed composite precipitates or dispersoids found in RSP
Al-Li alloys containing dispersoid elements significantly affects
the deformation behavior of these alloys and, consequently, their
mechanical properties. Typically, plastic deformation of Al3 Li
strengthened Al-Li alloys results in severe planar slip because
the AI3Li is sheared by moving dislocations. It is one cause of
the low ductility and toughness observed in these alloys. In
contrast RSP Al-Li alloys containing non-shearable dispersoids or
composite precipitates exhibit a more homogeneous mode of
deformation due to the shear resistant nature of those particles
(21,27). Dislocation loops accumulate at each of the particles
by the Orowan mechanism and thus harden the active slip planes,
causing transfer of slip to adjacent planes (21,27). The
spreading of slip bands results in smaller stress concentrations
at the head of the slip bands, which are further reduced by the
fine grain size of the RSP alloys.

Several investigations show that good mechanical properties
can be achieved in RSP alloys containing a fine dispersion of
non-shearable Al(LiZr) precipitates. The ductility of roller-
quenched extrudea Al-3Li alloys containing Ti or Co has been found
to be much higher than that of the equivalent binary Al-3Li alloy
(27). The lower strength level is attributed by the authors to
the possible substitution of Ti or Co by Li in the dispersoids
which reduced the volume fraction of A13Li precipitates. Good
combinations of strength/ductility have been observed on Al-3Li
alloys containing Cu, Mg, and Zr by double-aging heat treatments
which promoted precipitation of composite precipitate (21).

The dependence of the strength of an Al-2.5Li-0.6Zr alloy on
the extrusion temperature has been attributed to the
precipitation behavior of a Zr-bearing phase during extrusion
(31). Precipitation of this phase probably occurred during the
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higher temperature extrusions and, for extrusions performed at
low temperature, a subsequent high temperature soak was required
to precipitate this phase. This would explain why extrudates
produced at high temperature develop their mechanical strength
when aged directly, whereas extrudates produced at the lower
temperatures were strongest when aged after a solution treatment.
In addition, the higher extrusion temperatures gave somewhat
better ductility and fracture toughness, as a result of the finer
morphology exhibited when the precipitates are formed concomitant
with strain.

2.3.8 Mechanical Properties: RSP Al-Li Alloys Incorporating

Precipitate-Forming Elements.

2.3.8.1 Influence of Grain/Subgrain Structure and Zr Addition

The effect of Zr addition on the mechanical properties of
RSP Al-Li based alloys is attributable to the subgrain refinement
which effectively homogenizes slip and prevents the formation of
intense planar slip (26). The result of the zirconium-refined
substructure is higher yield stress and ductility as shown by
comparison with RSP Al-3Li alloys not containing Zr. The fact
that the yield stress of Al-3Li-2Cu-(0.2,0.5)Zr and Al-3Li-2Cu-
0.5Co alloys were similar despite different average subgrain
diameter was attributed to the effect of added copper, which is
more important than the effect of varying the grain or subgrain
diameter (26).

2.3.8.2 Influence of Mg Addition

Microstructural observations of peak-aged RSP Al-3Li-
(l,2)Mg-0.2Zr showed no evidence of precipitated phases other
than Al3Li. Less than 2 wt% Mg is primarily present in solid
solution in a large range of aging temperatures (26). Adding 1
wt% of the solution strengthening element Mg to Al-3Li-0.2Zr
resulted in the increase of the ultimate tensile stress and yield
stress with no loss in ductility, while a further addition of Mg
to 2% had no additional effect on properties. Since uR to 2 wt%
Mg was fully dissolved after solution treatment at 530 C, the
nearly equivalent longitudinal and transverse properties were
unaffected by increasing the solution treatment or by stretching
after solution treatment or both.

2.3.8.3 Influence of Cu Addition

The influence of added copper depends on whether it is fully
taken into solid solution and subsequently precipitated, or if it
is in excess of the solubility limits and included in constituent
particles. The solution treatment temperature is therefore
important. For a solution treatment temperature at 5300 C, the
addition of 1 wt% Cu to the ternary RSP Al-3Li-0.2Zr alloy
resulted only in a small increase of the yield and ultimate
tensile stress. Further addition of Cu up to 2 wt% resulted only
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in the formation of a low density of constituent particles and
had no influence on the mechanical properties (26). Raising the
solution treatment temperature to take all the (Cu+Li) into
solution resulted in an increase in the yield stress of the RSP
Al-3Li-lCu-0.2Zr and a much larger increase on the yield stress
of the RSP AL-3Li-2Cu alloys (14).

2.3.8.4 Influence of the Amount of Li

The aging behavior of an RSP Al-Li-Zr alloy after solution
treatment can be described as follows: the yield stress increases
initially owing to Al Li nucleation and an increase in the
average A13Li precipiiate diameter. As aging continues into the
overaging regime, the strength drops slightly and the ductility
falls off as a result of grain boundary AlLi precipitation and
PFZ formation (26).

A comparison of the mechanical properties of peak-aged Al-
3Li-Zr and Al-4Li-Zr alloys shows that an increase in the Li
concentration from 3 to 4 wt% left the yield and ultimate tensile
stresses almost unchanged in spite of the increase in Al3Li
density, and decreased the ductility from 8 to 6% (14,26?. The
fact that the strength was not higher in the alloy with the
higher amount of lithium was attributed to the larger average
subgrain diameter in this alloy. In addition, a significant
amount of lithium may be diverted to oxides in the Al-4Li-0.2Zr
alloy, lowering the Li concentration available for Al Li
formation and decreasing the strength. The Al-5Li-0.iZr showed a
low 0.8-4 % elongation and no work hardening in the peak-aged
condition (26). This high Li content alloy always had 10 volume
percent of constituent AlLi particles regardless of the solution
treatment performed.

2.3.8.5 Influence of Constituent Particles

The presence of coarse insoluble constituent particles is
less likely in a RSP alloy than in a conventionally cast alloy.
Ideally, a RSP alloy compared to the equivalent IMP alloy has
higher ductility and toughness as well as higher strength.
However, many studies have been done on RSP alloys whose
composition are such that they contain constituent particles.
Alloys in which too much solute is tied up in insoluble
constituents do not exhibit precipitation hardening since the
solute is not available for precipitation, leading to very low
strength levels. In addition, even though the constituent
particles are finer as a result of RS approach than they would
have been in an ingot cast alloy of the same composition, their
high volume fraction can cause a low ductility and toughness.

The strength and ductility of RSP Al-(4-5)Li-0.2Zr alloys
containing Cu or Mg was found acceptable only for alloy
composition / solution-treatment combinations which yield less
than 5 volume percent constituent particles (26). Study of RSP
Al-3Li-(2-4)Cu-0.2Zr alloys shows that increasing the copper
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content from 2 to 4 wt% results in a larger volume fraction of
brittle Al CuLi constituent particles and thus a decrease in both
the strength and the ductility (24). The mechanism of failure of
the Al-3Li-4Cu-0.2Zr alloy was by void coalescence with the voids
nucleating at the cracked particles.

2.4 Stabilization of the Al3Li Phase

2.4.1 Structure of A3B Compounds

It has been observed that the structure of ordered A3B-type
alloys consists of ordered layers and can be described in terms
of various stacking sequences of these layers. The two basic
types of close-packed layers that exist for A3B compounds are
designated as triangular (T) and rectangular (R) type and are
shown in Figure 3. The atomic arrangement in the T layer can
deviate from the ideal close packing if the radius ratio of the
two atoms A and B becomes too large, giving rise to a Ni3Sn-type
layer. Stacking of the R-type layer forms structures that
generally have tetragonal symmetry (D022 D0 3 

). Compounds made
of T-type layers commonly have structures of cubic, hexagonal or
rhombohedral symmetry. Stacking of the type ABAB corresponds to
the purely Mg3Cd-type hexagonal structure (DO19 ) and stacking of
the type ABCABC corresponds to the purely Cu3 u-type cubic
structure (L12 ).

Unfamiliar binary A B or quasi-binary A3B-C3B compounds have
been described as being guilt-up from the same T layers and as
having a complex transition stacking sequences between the purely
cubic stacking and the purely hexagonal stacking. Those
compounds can be characterized by their percentage of hexagonal
stacking calculated by counting in the unit cell the number of
layers whose adjacent layers have the same stacking position.
The A layer is designated as hexagonal in a ABA sequence but as
cubic in a ABC sequence. For example, the Al3Pu type structure
(hexagonal crystal lattice) whose stacking sequence is ABACBCA
has a 33.33 % hexagonal character.

2.4.2 Factors Affecting Intermetallic Crystal Structure and
Stability

Studies of the structure of ordered compounds have revealed
that both the formation of T or R layers and the stacking
sequence of these layers can be correlated with fundamental
alloying parameters such as the radius ratio of A and B atoms and
the concentration of valence electrons. Identification of these
factors and their connection with the known crystal structure is
of primary importance for control of ordered crystal structure
through macroalloying.
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a b

Fig. 3 Atomic structure on close-packed layers in: (a) T-type
ordered structure, and (b) R-type ordered structure.
(After Liu)
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In their study of binary transition element A3B alloys, Beck
and Dwight correlated the crystal structure type with the valence
electron / atom ratio (e/a), despite a large difference in the A
and B atoms' atomic size (32,33). With an increase in e/a, the
structure made of T-type layers changed from purely cubic
stacking (Cu3Au type) to purely hexagonal stacking (Mg3Cd type)
with the intermediate structure having 50 % of hexagonality
character (Ni Ti type). Further increase in e/a led to a change
in the basic layer structure from T to R type.

Investigation of several quasi-binary A3B systems with
vanadium as A-component and nickel, cobalt and iron or a mixture
of these elements as B-components has been pursued by Sinha and
Liu, as described by Liu (34). The stacking sequence and
therefore the percentage of hexagonal character was also
correlated with the e/a ratio. e/a in the Co3V alloy was
gradually increased by partial replacement of Co with Ni, leading
to an increase in hexagonal character from 33.3 % to 100 % and,
finally, to a change of the basic layer from T to R type in the
case of Ni V alloy. On the other hand, e/a in Co3V alloy was
decreased by partial replacement of Fe for Co, leading to a
reduction in hexagonal character from 33.3 % to 0 %. The L12
ordered cubic structure was stabilized in (Co,Fe)3V and
(Ni,Co,Fe)3V alloys.

Watson rederived electronegativity scales and correlated the
structure of AB, AM, AM2 compounds to the resulting parameters (M
is for a non-transition metal and A and B for transition metals)
(35). The first parameter is an electronegativity difference
term with the electronegativity similar to that of Pauling. The
second parameter is S(A)+S(B) for AB compounds or S(A) for AM and
AM2 compounds, S being a measure of relative binding energy of s
and p electrons and hence of their propensity to be involved in
charge transfer and bonding. For each of the 3 types of
compounds, the structure was indicated on the corresponding plot
as a function of both parameters. Generally, compounds with
particular crystal structures were grouped in different regions
of the plots.

In contrast, Van Vucht and Buschow pointed out a correlation
between the atomic radius ratio RR/RAI and the percent hexagonal
character of the stacking of the T layers in rare-earth
trialuminides (Al R compounds: R = rare-earth element) (36,37).
The smaller the atomic radius ratio is (heavier rare-earth
element), the less the T layer has a tendency to deviate from its
ideal close packing, thus favoring cubic stacking of the layers.
As the ratio R /RAI gradually decreased, the stacking sequence of
the T layers changed step-by-step from completely hexagonal
(Mg3Cd type structure) to completely cubic (Cu3Au-type structure)
through a mixture of hexagonal and cubic sequences of various
percentage of hexagonal character. The gradual variation in the
average atomic radius of the rare-earth element in the R
sublattice resulted from mixing of these elements.

21



NADC 88078-60

In addition to the above considerations, other factors
affect the structure type of intermetallic alloys. Small
contamination, sample preparation method, heat treatment, cooling
rate, can explain the fact that different investigators may
observe different crystal structures for compounds of the same
stoichiometry. The case of the A13Y compound which has been
studied by several authors is typical (37-39).

2.4.3 Application to Stabilization of Al3Li Phase

When Al-Li alloys containing a large amount of Li are
quenched rapidly enough so that formation of coarse primary
phases is prevented, decomposition of the Al-Li solution only
occurs by precipitation of the A13Li phase. Heat treatment of
this material at temperatures above 3500C leads to the formation
of AlLi phase, as shown by the binary phase diagram of Figure 4
(in review 40). The AlLi formation can be avoided if the Al Li
phase becomes the equilibrium phase at temperatures higher than
3500C so that the equilibrium between Al and AlLi phases is
replaced by an equilibrium between Al and stabilized Al3Li
phases.

The two concepts presented previously show that the
structure of ordered A3B compounds can be correlated with the
radius ratio and electronegativity difference between the two
atoms. If two elements occupy the A or B sublattice, the
structure can often be correlated with the average character of
the elements. These ideas have been applied, for example, by
Sinha & Liu to control the ordered crystal structure of Co3V
macroalloyed with iron and nickel. In principle, these concepts
can be used for stabilization of Al Li phase in its purely cubic
Cu3Au-type structure through macroailoying with a suitable third
element "X" forming an A13 (Li,X) or an (AI,X)3Li compound.

A survey of binary Al3X-type compounds shows that their
crystal structure can be correlated to both the radius ratio
(RX/RA1) and the electronegativity difference (EnX-EnA1). These
compounds characteristics are listed in Table 1. The different
crystal structures obtained are pointed out on the map of Figure
5 as a function of the electronegativity difference and of the
radius ratio. The important result is that different structures
occupy different regions of the plot.
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Fig. 4 Aluminum-Lithium phase diagram. Dashed lines represent
metastable Al,Li solvus. (After Flower and Gregson)
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Table 1

Characteristics of Binary Al 3X Compounds

X Alloy Crystal Rx/RAI ENX-ENAI
Structure **

Ni A1 3Ni DO 0.87 0.3

Fe Al 3 Fe *** 0.89 0.22

Mn AI 3Mn **** 0.92 -0.06

V A13V DO2 2  0.95 0.02

Pd A13 Pd D02 0  0.96 0.59

Ta A 3 Ta D0 2 2  1.02 -0.11

Ti Al3Ti D02 2  1.03 -0.11

Nb A13Nb D02 2  1.03 -0.01

U A13U L12  1.10 -0.23

Hf A13 Hf D02 3  1.10 -0.31

Li++ AI3Li L1 2  1.10 -0.63

Zr AI3 Zr DO2 3  1.12 -0.28

Zr++ Al 3 Zr L12  1.12 -0.28

Sc Ai3 Sc L12  1.14 -0.25

TM A13 Tm L12  1.21 -0.36

Er AI3Er Li 1.23 -0.37

Ho AI3Ho (Rim) 1.23 -0.38
Yb A13Yb Li 1.24 -0.51

Dy A13Dy (Rim) 1.24 -0.39

Tb A3 Tb (R3m) 1.25 -0.41
Th A 3 Th DO 1.26 -0.31

Y AI3 Y (R m) 1.26 -0.39

Gd Al3Gd D01 9  1.26 -0.41

Sm AI 3Sm D01 9  1.26 -0.44

Nd AI3 Nd DO 19  1.27 -0.47

Ce A1 3Ce D019  1.27 -0.49

Pr AI 3 Pr D019  1.28 -0.48

La A1 3 La D01 9  1.32 -0.51

* Ratio of Goldschmitt radii.
• Electronegativity (Paulings) difference.

++ Stabilized in aluminum matrix
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Fig. 5 Binary trialuminide compounds with structures indicated
as a function of electronegativity difference and
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One can see that the metastable Al3Li phase lies far outside
the region where other trialuminide compounds with the L12
structure are grouped. The position of the Al3Li phase on this
plot can be modified by addition of an alloying element X which,
by substituting partially on the Li sublattice, increases the
average radius ratio or electronegativity difference or both of
the A13 (Li,X) phase so that this phase approaches the group of
compounds having the L12crystal structure. Based on this
approach to the factors that establish intermetallic alloy
structure and stability, it is suggested that modification of
those two characters on the Al3Li phase via an element X addition
could lead to stabilization of the A13 (Li,X) phase in an L12
crystal structure.

The anticipated effects of substitution of yttrium, antimony
or calcium on the Li sublattice is shown on Figure 5. The
average atomic radius ratio and electronegativity difference of
the compounds Al3 (Lil_.,X ) have been calculated using a simple
rule of mixture with x vayues ranging from 0 to 0.3. Addition of
zirconium increases the electronegativity difference but
decreases the radius ratio. On the other hand, the Al Zr phase
in metastable equilibrium with aluminum has the same Li
structure as A13Li, and a Ll ordered A13 (Li,Zr) phase is thought
to exist in the Al-Li-Zr system.

The Al-2.34Li-1.07Zr alloy studied by Gayle and Vandersande
was produced using rapid solidification processing in an attempt
to modify the AI3Li phase to a complex A13 (Li,Zr) phase (41,42).
Calculation of interfacial energy, chemical free energy and
strain energy effects showed that homogeneous nucleation of
A13 (Li,Zr) is favored over nucleation of Al3Zr (41).
Discontinuous and continuous precipitation of Al (LiZr) did
occur following extrusion and solution heat treatment. This
phase was seen to be stable as a very fine distribution at high
temperatures due to its low interfacial energy and the low
solubility and diffusivity of zirconium in aluminum. An electron
energy loss spectroscopy (EELS) study of the as heat-treated
alloy indicated that the precipitate present at high temperature
is indeed A13(Lix,Zrl_ ) where x appears to be 0.45 to 0.8, which
implies significant intersolubility of Al3Li and Al3Zr (42). The
lack of strong transmission electron microscope (TEM) dark field
image of the A13(Li,Zr) was explained on the basis of structure
factor calculation for a L12 ordered Al Zr phase as a function of
the amount of Li on the Zr sublattice (12).

The Al Li / Al Zr interface, the Al3Li / matrix interface,
and composition of 1Zr precipitates have been analyzed in an
RSP Al-3.4Li-0.5Zr alloy using the techniques of high resolution
electron microscopy (HREM) and image simulation (43). Agreement
between experimental and calculated images of Al Li / Al Zr
interface suggested the probable incorporation oi Li in Al3Zr
precipitates.
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Considerations other than those based on the intermetallic
crystal structure study have to be taken in account when the
choice of a ternary element X capable of promoting stabilization
of A13 (Li,X) phase of Li -type structure is made. In the
microstructure found in ihe alloy studied by Gayle & Vandersande,
the AlLi phase either preferentially nucleated at the A13(Li,Zr)
/ matrix interface resulting in a composite precipitate, or in
some cases precipitated independently of the A13 (Li,Zr). The
formation of the high Zr Al (Li,Zr) phase occurred at much higher
temperatures than that of tie Al Li phase. In addition, the
diffusivity of Zr in Al is very iow compared to that of Li, thus
these two elements did not interdiffuse to form a unique
A13 (Li,Zr) compound. It is possible that a higher Zr level in
the alloy would only result in a higher Zr concentration in the
A13 (Li,Zr) phase and that the metastable A13Li phase would still
be present at the interface and in the matrix.

2.5 Al-Li-Mg Alloy System

The aging sequence for Al-Li-Mg alloys was determined by

Thompson and Noble (44) to be:

Supersaturated solid solution --> Al 3Li --> Al 2LiMg

Study of Al-(2,2.5)Li-(2,4,6)Mg alloys shows that Mg added up to
2 wt% remains in solid-solution and contributes to the strength
by solid-solution hardening (44,45). The only effect of these
addiLions was to reduce the solubility of Li, increasing the
volume fraction of Al3Li precipitates. It has been suggested
that a small amount of Mg may also be incorporated in the Al3Li
phase, producing a stronger precipitate (45).

When added in larger amounts, Mg enters the precipitation
sequence and is incorporated in the A12LiMg equilibrium phase.
This phase forms as a result of overaging by heterogeneous
nucleation on grain or sub-grain boundaries. Fridlyander at al.
suggested that it is responsible for the good mechanical
properties of the Al-Li-Mg system (46,47). The work of Thompson
and Noble however showed that the coarsely dispersed Al LiMg
precipitate which consumes the A13Li phase as it grows but
produces little strengthening. In both their low and high Mg
content alloys, the phase responsible for strengthening was A13Li
phase, the role of Mg being one of solid-solution strengthening
(44). The ternary Al2LiMg phase precipitated at grain boundaries
inhibits grain boundary deformation, reduces the strength of the
boundaries, produces A13Li precipitate free zones adjacent to the
boundaries and therefore is responsible for the brittle grain
boundary failure which results in low strength, ductility and
fracture toughness (45,48).

Isothermal sections of the ternary phase diagrams have been
determined by different authors (46,49,50). The isotherm at
400 0C determined by Levinson and McPherson is presented on Figure
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6. The ternary AlLiMg phase has a small solubility range and is
in equilibrium witi the Al, Mg, AlLi, and Al 2Mg17 phases.
A12LiMg precipitates have been found in the form of rod or lath-
shaped particles with <110> growth directions (44). It has a
complex fcc crystal structure with lattice parameter 2 nm and the
following orientation relationship with the matrix:

(-1 1 0)ppt // (-110)A1 [110 ]ppt // [111]A1  (nol).

when precipitated in the form of rods or laths in Al-Li-Mg alloys
that can be fully solutionized.
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3. EXPERIMENTAL PROCEDURE

3.1 Materials and Heat-Treatment

The alloys investigated in this study were prepared using
rapid solidification techniques at Lockheed Palo Alto Research
Laboratory. The materials examined during the first part of this
study consisted of four Al-Li-Mg alloys, two Al-Li-Y alloys and
two Al-Li-Sb alloys; these materials were produced by splat
quenching. The nominal composition of these alloys is listed in
Table 2.

Direct microstructural analysis of the flakes in the as-
splat quenched condition was conducted. The microstructure and
deformation properties were also studied on samples of the flakes
which were annealed to simulate a consolidation process. Since
heat treatment of Al-Li alloys is known to cause loss of lithium
at the surface, the samples were placed in a sample holder made
of a conventionally-cast Al-3wt%Li alloy to minimize the lithium
depleted layer. The samples were then encagsulated in evacuated
silica tubes, annealed for two hours at 300 C for the Al-Li-
(Y,Sb) alloys and at 4000C for the Al-Li-Mg alloys, and cooled to
room temperature. The annealed samples of the flakes exhibited a
surface layer devoid of precipitates, typically 10 to 50 pm in
thickness. An alloy of nominal composition Al-5Li-8.5Mg (wt%)
was selected for production of a consolidated material, based on
the results of the flake studies.

In the second part of this program, melt-spun ribbon of the
nominal composition Al-5Li-8.5Mg (wt%) was produced. Chemical
analysis made at Lockheed revealed that the actual alloy
composition is Al-5.65Li-9.8Mg (wt%), considerably exceeding the
nominal composition. The ribbons were cut into small flakes,
cold compacted, vacuum degassed and hot pressed to 100% density
at a temperature of 4000C for approximately 30 min, then extruded
at 4000C into a bar with a rectangular cross section and rounded
corner. Extrusion was performed with a tapered die and an
extrusion ratio of 20:1. This was conducted at Lockheed Palo
Alto Research Laboratory. A few flakes of the ribbon were
annealed for two hours at 4000 C, using the same method as for
samples of splat quenched flakes. This material was examined in
the as-rapidly solidified ribbon form, in the annealed ribbon
form and in the as-extruded form.

3.2 Microstructural Characterization

The microstructures of the alloys were studied using the
techniques of optical microscopy, transmission electron
microscopy (TEM), x-ray diffraction and scanning electron
microscopy (SEM). Optical metallography specimens were molded in
epoxy resin, polished using standard methods, and etched with
Kellers reagent unless another reagent is specified. TEM was
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Table 2

Nominal Composition of Al-Li-X Alloys
(Balance Al)

X Designation Amount of Li Amount of X
Wt% At% Wt% At%

Mg A14Li6.5Mg 4.0 15.0 6.5 7.0
Al4Li8Mg 4.0 15.0 8.0 8.5
Al5Li8.5Mg 5.0 18.0 8.5 8.8
AI5Li1OMg 5.0 18.0 10.0 10.5

Y A14.6Li5.9Y 4.6 18.0 5.9 1.8
A14.5Li9.8Y 4.5 18.0 9.8 3.0

Sb A14.5LiSSb 4.5 18.0 8.0 1.8
A14.4Lil3Sb 4.4 18.0 13.0 3.0

performed using a Phillips 400 (120 KeY) electron microscope.
Thin foils were electropolished using a double jet polishing
apparatus and an electrolyte consisting of Methanol and Nitric
acid solution (3:1) ratio, at a temperature of -350 C and a
voltage of 15 volts. Energy Dispersive Spectroscopy (EDS) was
used to detect the presence of the alloying elements, except Li
which cannot be detected by this method.

X-ray diffraction was performed to identify the second
phases, using the pinhole method with the film-sample distance of
30 cm, a typical exposure time of 3 hours, and a Cu K
radiation. The SEM (Jeol model 35) in conjunction wi4 an energy
dispersive x-ray analyzer (EDAX) was used to identify the
elements present in large constituent second phases, except Li.
The fracture surfaces of broken samples of the flakes were
observed with the SEM.

3.3 Property Characterization

The density of the alloys was measured using a technique
based upon Archimedes' principle. Samples were weighed with a
Metler electronic balance both in air and, suspended from a thin
copper wire, in pure ethanol. The density of the pure ethanol
was corrected according to its temperature. Alloy density, p,
was calculated using the following equation:
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p = WA * PE / ( WA - WL

with: WA = weight of sample in air

WL = weight of sample in ethanol adjusted for the wire

PE = density of ethanol

Microhardness measurements were performed using a Kentron
microhardness tester, and a diamond pyramid indenter. The
diamond pyramid hardness number (DPH) is expressed by the
following formula:

DPH. = 2*L*sin(a/2)/D 2

with L: Applied load (Kg)

a - 1360 = angle between opposite faces of diamond
D = average length of the indentation diagonals (mm)

The tests were conducted on the optical samples using loads of
approximately 0.3 kg for the flakes and 1 kg for the extruded
bar.
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4. EXPERIMENTAL RESULTS

4.1 Characterization of the Materials

The as-received splat quenched flakes had diameters varying
from 35 to 60 mm for the Al-Li-Mg alloys and 20 to 25 mm for the
A1-Li-(Y,Sb) alloys. Their thicknesses ranged from 0.4 to 0.8 mm
for the Mg containing alloys and from 0.2 to 0.4 mm for the other
set of alloys, except for the flake Al4Li8Mg whose thickness was
only 0.1 mm.

The melt spun ribbon material had the following typical
dimensions: width of 2 mm, thickness of 50 to 100 pm, length of 3
to 7 cm. The discontinuous nature of the ribbon probably
resulted from precipitation of a large volume fraction of Al Li
during cooling which made it brittle. The extruded bar exhigited
edge cracking along most of the length, although a region in the
center of the bar was sound and could be used for preparation of
specimens of various types. Dimensions of the extruded bar were
13 mm in the long transverse direction and 6 mm in the short
transverse dimension.

Two values for density are listed in Table 3: the estimated
values were calculated by assuming that all of the alloying
elements were in solid solution and using the atomic weights of
the alloy components, the measured values were found by
Archimedes' principle.

Table 3

Alloy Density

Density (Mg/m
3)

Alloy Predicted Measured

AI4Li6.5Mg: 2.41 2.42
AI4LIBMg: 2.40 2.55
Al5Li8.5Mg: 2.34 2.39
Al5LilOMg: 2.34 2.22

A14.6Li5.9Y: 2.47 2.41
A14.5Li9.8Y: 2.54 2.44

A14.5Li8Sb: 2.53 2.37
A14.4Lil3Sb: 2.63 2.42

Extruded bar*: - 2.22

*: Actual composition Al-5.65Li-9.8Mg (wt%)
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4.2 Study of the Al-Li-Mg Flakes

4.2.1 RS Microstructure

A fine grain structure observed in the four Al-Li-Mg alloys,
shown on the TEM micrographs of Figure 7, was formed during rapid
solidification. The finest structure is in flakes Al4Li8Mg and
Al5Li8.5Mg which are the thinnest (respectively 0.1 and 0.4 mm)
and which have therefore been subjected to higher solidification
rates. The features visible in the optical micrographs of the
flake cross-sections are believed to be an etching effect due to
grain boundaries, Figure 8.

Precipitation of a fine dispersion of A13Li particles
occurred during the rapid cooling of the four alloys. A typical
dark field image of Al3Li precipitates taken with alloy
Al4Li6.5Mg is shown in Figure 9. Alloys Al4Li6.5Mg, Al4Li8Mg,
and A15Li8.5Mg were quenched rapidly enough to prevent formation
of coarse second phase which would have occurred with the use of
conventional solidification methods due to the alloy compositions
exceeding the solubility limits. The rapid solidification
technique is essential to retaining all the alloying elements in
supersaturated solid solution or precipitated as fine A13Li.
Only flake Al5LilOMg contains constituent particles, as shown in
Figure 7.

4.2.2 Annealed Microstructure

Optical microscopy performed on cross-sections of flake
samples annealed at 400 0C for 2 hours revealed the presence of
large amounts of second phase in alloys AI4Li6.5Mg, Al5Li8.5Mg,
and AI5LilOMg; see Figure 10. The measured volume fractions are
given in Table 4. The alloy compositions are such that the phase
equilibria at 4000 C should be between the Al LiMg phase and the
Al matrix containing Li and Mg in solid solution, according to
the phase diagram presented in Section 2.5 (50).

Table 4

Volume Fraction of Second Phase in Annealed Al-Li-Mg Flakes

Flake Volume fraction
of second phase

A14Li6.5Mg 12 %
A14LiBMg
Al5Li8.5Mg 23 %
Al5Li10Mg 35 %
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A14Li6.5Mg A14Li8Mg

/+ 'J& i1 PM

Al5Li8.5Mg AI5LilOMg

Fig. 7 TEM micrographs of as-splat quenched Al-Li-Mg flakes.
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Al4Li6.5Mg A14Li8Mg

AL5Li8. 5Mg Al5LilOMg

Fig. 8 Optical micrographs of as-splat quenched Al-Li-Mg flakes.
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Fig. 9 Dark field TEN Micrograph showing A13Li precipitates in
an as-splat quenched Al-Li-Mg flake.
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A14Li6.5Mg A14LI8Mg

A15LiB.5Mg Al5Li1OMg

Fig. 10 optical micrographs of annealed Al-Li-Mg flakes.

38



NADC 88078-60

The optical samples were etched with the "Mag" reagent (20
ml conc. HF, 20 ml conc. HNO3 , 60 al glycerol) known to stain the
AlLig phase brown (50); the observed second phase stained brown
indicating that it is AI2LiMg. Furthermore, x-ray diffraction
performed using the pinhole method on annealed samples of flakes
Al4Li6.5Mg, Al5Li8.5Mg and Al5LilOMg confirms the presence of
A12LiMg phase. In addition to the two Al rings, very faint rings
whose corresponding interplanar spacings match with the
interplanar spacings of the AI2LiNg phase were obtained. One can
conclude that, as expected, decomposition of the A13Li phase and
precipitation of the Al LiNg phase did occur during the annealing
treatment at 4000C in tAree of the four flakes.

The case of flake A14Li8Mg is different. No precipitation
of a second phase during the annealing treatment was detected, as
shown by the similar alloy microstructures in its as-splat
quenched condition and after having been annealed for 2 hours or
even 24 hours. It is believed that the actual composition of
alloy Al4Li8Mg is below the nominal composition, which would
explain why its density is greater than 2.5 Mg/m3 , as well as the
absence of AI2LiNg phase after the 400 0C annealing treatment.

The microstructure of annealed samples of flakes A14Li6.5Mg
and Al4Li8Mg was observed using the TEM and is shown on the
micrographs of Figure 11. Thin foils could not be properly
polished for alloy Al5Li1OMg, probably because of the high volume
fraction of the Al2LiMg phase and of the possible presence of the
reactive AlLi phase. The large precipitates visible on the
micrographs correspond to those previously illustrated in the
optical samples and identified as the Al LiNg phase. No electron
diffraction information could be obtained due to their thickness,
but energy dispersive spectroscopy confirmed that the Mg/Al ratio
was higher in the precipitates than in the matrix.

A fine dispersion of A13Li precipitates similar to that
observed in the as-splat quenched flakes was also detected using
electron diffraction. The presence of A13Li in the
microstructure after annealing at 4000C can be explained in the
following way. The phase equilibrium was established at the
annealing temperature between the Al matrix containing Li and Mg
in solid solution and the Al LiMg phase. During cooling to room
temperature, part of the Li Ieft in solid solution precipitated
as the metastable Al3Li phase.

4.2.3 Deformation Characteristics of Flakes

4.2.3.1 Fracture Surface of Annealed Flakes

The fracture mode of the annealed flakes Al4Li6.5Mg,
Al5Li8.5Mg and AI5LilOMg was determined by examining the fracture
surfaces of annealed flake specimens in the SEM. TEM foil sized-
samples were broken manually in a manner that corresponds to a
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A14Li6.5Mg

A15LiS. 5Mg

Fig. 11 TEM micrographs of annealed Al-Li-Mg flakes.
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bending-type test. Micrographs of the fracture surfaces shown on
Figure 12 indicate two different of fracture modes.

Annealed flakes Al4Li6.5Mg and AL5Li8.5Mg fractured by
coalescence of voids which probably initiate at Al2LiMg
particles. The microvoid size approximately corresponds to the
interparticle spacings, which are smaller in annealed flake
A15Li8.5Mg than in annealed flake A14Li6.5Mg. According to the
fracture behavior of the annealed flakes, the consolidated
materials of the same composition might be expected to have
acceptable ductility and toughness.

Fracture of annealed flake Al5LI1OMg appears to occur by
interphase decohesion. The high volume fraction Al LiMg
precipitate phase is distributed in a continuous network, as can
be seen in Figure 10, and the precipitate-matrix interface is an
easy path for propagation of cracks. Consolidation of this alloy
would be expected to result in a brittle material since fracture
along the continuous network of intermetallic particles would not
be affected by the consolidation processing steps.

4.2.3.2 Micro-Hardness Measurements

Micro-hardness measurements were made on cross sections of
as-splat quenched and annealed samples of the four flakes. The
values are presented in Figure 13. Splat quenched AI4Li6.5Mg and
Al5Li1OMg alloys show a decrease in hardness after the 2-hour
annealing treatment, whereas alloys Al4Li8Mg and Al5Li8.5Mg need
a longer heat-treatment to exhibit a hardness decrease. Some
precipitation of a second phase, revealed by a slight increase of
the hardness, does occur in alloy Al4Li8Mg, despite the evidence
that insufficient alloying elements are present for Al2LiMg
precipitation.

Precipitation of the Al LiMg phase leads to some
precipitation hardening but these precipitates coarsen rapidly
during annealing at 4000C, resulting in a decrease in hardness.
The large particles do not provide much particle-strengthening.
A large part of the drop in hardness can be attributed to a loss
in solid solution strengthening. Magnesium, which is known to be
a strong solid solution strengthening agent in aluminum alloys,
enters the precipitation sequence during the annealing treatment
to form the Al2LiMg phase. The fraction of Mg atoms left in
solid solution, as well as their contribution to alloy strength,
decrease considerably during the annealing treatment.

The hardness decrease is also representative of the
dissolution of the metastable AI3Li phase at 4000C. The high
volume fraction of fine Al Li precipitates, which depends upon
the cooling rate after solidification occurs, makes an important
contribution to the as-quenched hardness. A similar distribution
of the metastable AI3Li phase was also precipitated during
quenching from the annealing temperature to room temperature but
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A14Li6. 5Mg

Al5Li8. 5Mg

AiSLilO~g

Fig. 12 SEN micrographs showing the fracture surfaces of
annealed Al-Li-Mg flakes.
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Fig. 13 DPH microhardness of the Al-Li-Mg flakes.
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in this case, some of the Li was partitioned to the Al LiMg phase
and therefore was not available for precipitation as Af3Li. The
volume fraction of the AlILi phase as well as its contribution to
the hardness is much lower after the annealing treatment than
before.

4.3 Study of the Al-Li-Y Flakes

4.3.1 Rapidly-Solidified Microstructure

The as-splat quenched microstructure of the Al-Li-Y alloys
is similar for both compositions, except for the additional
presence of an inhomogeneously distributed coarse primary phase
in the thickest flake A14.6Li5.9Y, Figure 14. The cooling rate
for this alloy was apparently not high enough to prevent the
formation of this constituent phase, which remained stable at an
annealing temperature of 3000C. SEM/EDS analysis techniques
revealed that much more yttrium is present in this phase than in
the aluminum matrix.

The microstructure of the rapidly solidified Al-Li-Y alloys,
shown on Figure 15, consists of an Al-rich phase surrounded by a
semi-continuous network of an Y-rich phase, as revealed by EDS
techniques. The spacing between the Y-rich phase is variable
within the same material. The lithium precipitated during rapid
quenching as a fine dispersion of metastable A13Li precipitates
within the Al-phase. X-ray diffraction performed on samples of
both alloys gave a similar x-ray ring patterns whose interplanar
spacings are listed in the Appendix. The Y-phase(s) were not
identified; the x-ray patterns could not be correlated with d-
spacings of known phases.

Y-rich phase formed during solidification either by a
cellular-type solidification reaction, or prior to Al-matrix
solidification as primary particles. It appears that
solidification of alloy Al-4.6Li-5.9Y gave rise to a cellular
structure with the yttrium segregated at the cell boundaries in
very fine particles, and that alloy Al-4.5Li-9.8Y solidified
according to the second solidification process. Yttrium
segregation is enhanced by the diffusion phenomenon.
Interdiffusion of lithium and yttrium is impeded by the much
lower yttrium diffusivity in aluminum than that of lithium
(51,52).

4.3.2 Annealed Microstructure

A two hour annealing treatment of the flakes at 3000C did
not result in significant microstructural changes, compare Figure
16 with Figure 14. TEM examination of the annealed foils
revealed the presence of Al Li precipitates which were finer than
those present in the as-solidified alloys, and which gave rise to
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A14.6Li5.9Y

A14.5Li9.8Mg

Fig. 14 Optical micrographs of as-splat quenched A1-Li-Y flakes.
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A14.6Li5.9Mg: two different areas of the same foil

A14.5Li9.8Y

Fig. 15 TEM micrographs of as-splat quenched Al-Li-Y flakes.
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A14 . 6L5. 9Y

Al4.5Li9.8Y

Fig. 16 Optical micrographs of A1-Li-Y flakes annealed for 2
hours at 3000 C.

47



NADC 88078-60

very faint superlattice reflections. The A13Li phase is thought
to have dissolved at the annealing temperature and was re-
precipitated during cooling to room temperature. The annealing
treatment did not reduce the volume fraction of yttrium-rich
phase(s). Yttrium remained segregated, and in the case of alloy
A14.6Li5.9Y, precipitated to form additional large intercellular
precipitates, Figure 17.

X-ray diffraction performed on annealed samples of the two
flakes confirmed that the Y-phase(s) changed crystal structure
during the annealing treatment. The two sets of interplanar
spacings are listed in Appendix. The Y-phase in annealed alloy
A14.5Li9.BY was not identified. The x-ray pattern thought to
correspond to the intercellular Y containing phase in annealed
alloy A14.6Li5.9Y is characteristic of Al3Y(hexagonal) phase
which has the Mg3Cd crystal structure (38,39).

Concepts discussed in Section 2-4 suggested that Al-Li-Y
alloys might contain a large volume fraction of the Al3 (Li,Y)
phase stable in the L12 crystal structure at temperatures of
3000C and above. The microstructural studies of the two Y-
containing flakes show that yttrium segregated during rapid
solidification; therefore it was not available to substitute for
some of the Li and thus to stabilize the Al3Li phase.
Furthermore, the diffusivity of yttrium in aluminum at
temperatures of 3000C or more is negligible compared to that of
lithium as shown in Table 5. Consequently, dissolution of the Y-
containing phase and coprecipitation of Li and Y in a stabilized
A13 (Li,Y) phase would be expected to proceed at very slow rate,
even if the A13 (Li,Y) phase is thermodynamically stable. Since Y
additions did not successfully stabilize the A13Li phase which
was the purpose of this study, the Al-Li-Y flakes complex
microstructure was not studied further.

Table 5

Diffusion Coefficients in Aluminum (51,52)

X Do 2  Q D a 3000C
(cm /s) (kJ/mol) (cm /s)

Li 4.5 139.4 9Xi0 13

Y (Zr)* 728 0.24 Sx10 2 0

Sb 0.09 121.8 7x10 - 13

* data for Y approximated by the values found for Zr due to lack
of data in the literature.
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A14.6Li5.9Y

A14.5Li9.8Y: two different areas of the same foil -

Fig. 17 TEI4 micrographs of Al-Li-Y flakes annealed for 2 hours
at 300 0C.
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4.4 Study of the Al-Li-Sb flakes

The two different compositions of antimony-containing alloys
have similar microstructures. The grain structure formed during
rapid cooling remained fine after the annealing treatment at
3000C, compare Figure 18 with Figure 19. A uniform dispersion of
A13Li precipitates was observed in the as-splat quenched flakes,
as well as in many areas of the annealed flakes. The
precipitates in the annealed alloys were much finer than in the
as-quenched alloys and therefore did not result from coarsening
but rather were precipitated upon cooling from 300 0C to room
temperature.

The equilibrium AlLi phase nucleated mainly heterogeneously
during the 3000C annealing treatment. AlLi precipitates can
easily be recognized on the TEN micrographs of Figure 19 because
of the surrounding interface dislocations (53). This high
density of misfit dislocations has been usually accounted for by
the semi-coherent Al matrix / AlLi phase interface. Electron
diffraction data from AlLi particles were not obtained due to the
significant lattice distortion accompanying their presence and
also due to the presence of oxides. X-ray diffraction confirmed
the presence of the AlLi phase in the annealed alloys. An
additional x-ray ring pattern, characteristic of the gamma LiAlO 2
oxide, was found in the as-quenched and annealed alloys. This
oxide may only be incorporated in the surface film, or may have
entered the melt prior to solidification. No evidence of oxide
particles was found within the alloys observed using TEM.

The microstructure of these alloys was not fully understood.
The features revealed by optical metallography, Figures 20 and
21, could not be conclusively identified. They may correspond to
grain boundary etching effects, to second phase particles
(although no evidence of second phase other than AlLi phase was
detected by x-ray methods), or to oxide particles. The grain
boundary precipitates in the as-splat quenched flake A14.4Lil3Sb
as well as the fine particles in the annealed flake A14.5Li8Sb
were not identified.

EDS techniques performed using the TEM and SEM did not
detect the presence of antimony in either alloy. Semi-
quantitative analysis was then made on flake Al-4.5Li-8Sb at Kent
Laboratories and revealed an antimony level of 0.1 wt%. It is
believed that the high vapor pressure of antimony resulted in
loss of most of the antimony during melting and solidification,
thus accounting for the unexpectedly low Sb content in the
alloys.
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A14 .5LiBSb

A14.4Lil3Sb

Fig. 18 TEM micrographs of as-splat quenched Al-Li-Sb flakes.

51



NADC 88078-60

A14 .5Li8Sb

A14 .4Lil3Sb

Fig. 19 TEM micrographs of Al-Li-Sb flakes annealed for 2 hours
at 3000C.
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A14 .5Li8Sb

A14 .4Lil3Sb

Fig. 20 Optical micrographs of as-splat quenched Al-Li-Sb
flakes.
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Flake Al4.5Li8Sb

Flake A14.4Lil3Sb

Fig. 21 Optical micrographs of Al-Li-Sb flakes annealed for 2
hours at 3000 C.
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J,

The choice of antimony as a third element was dictated by
the same concepts that led to the study of yttrium containing Al-
Li alloys (see Section 2-4). The advantage of adding Sb rather
than adding Y is that Sb diffuses in aluminum at about the same
rate as Li does, as shown by the data of Table 5. The opportuni-
ty for stabilizing the A13Li phase in an Al-Li-Sb alloy is there-
fore expected to be greater than in the Al-Li-Y alloys. However,
due to the very low Sb content of the rapidly-solidified alloys,
stabilization of AI3Li phase could not be verified and the
undesirable AlLi phase was formed during the annealing treatment
at 3000 C. These alloys were not studied further.

4.5 Microstructure of the Melt-Spun Consolidated Al-Li-Mg Alloy

The microstructure of the melt spun ribbon consists of a
fine dispersion of A12LiMg particles, detected by x-ray
diffraction, which precipitated upon rapid cooling. The 4000C /
2 hour annealing treatment performed on specimens from the ribbon
led to coarsening of the Al2LiMg phase, as shown in Figure 22.

Consolidation of the ribbons induced coarsening of the
AI2LiMg phase in the same manner. The Al2 LiMg phase distribution
is similar on the longitudinal, short transverse, and long
transverse sections of the as-extruded bar, as shown in Figure
23. The volume fraction of this phase measured on the
longitudinal section is 48 volume percent. The high density of
oxide particles aligned along prior particle boundaries gives
evidence that the oxide layer of the attrited ribbons was not
sufficiently broken-up during extrusion, despite the high
extrusion ratio used. This is perhaps related to use of a
tapered die, which is nearly equivalept to a streamlined die for
this type of extrusion. A streamlined die minimizes redundant
deformation, an undesirable characteristic for consolidation of
PMP aluminum alloys in which the oxide layer cannot be reduced
during degassing.

TEM observations were made on a longitudinal section of the
extruded material. A fine dispersion of A13Li precipitates,similar to that observed in the annealed quenched Al-Li-Mg
flakes, is present in the Al-rich phase which corresponds to the
bright area of the micrographs of Figure 24. The structure which
was developed during extrusion contains 1 to 2 pm grains.

The strength of the extruded material, which consists of 48
volume percent of Al2LiMg precipitates 1 to 2 pm in diameter, is
mainly dictated by matrix work-hardening and by mechanical
restraint of the matrix by the precipitates. An applied load
would induce a hydrostatic state of stress around the
precipitates. The interaction of these stress fields is likely,
due to the high volume fraction of the second phase. Therefore,
the strength of this material is expected to be high. This 2
explains why the DPH measured on the extruded bar is 195 kg/mm2 ,
from which a yield strength near 600 MPa can be estimated.
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As-quenched ribbon

Annealed ribbon

Fig. 22 Optical micrographs of A1-5.65Li-9.8Mg maelt spun
ribbon.
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Fig. 23 Optical micrographs showing the L, S and T sections of
the Al-5.65Li-9.8Mg extruded bar.
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Fig. 24 TEM. micrographs showing a longitudinal section of the
Al-5.65Li-9.8Mg extruded bar.
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5. FUTURE WORK

Future work on this contract will be focused on three
topics: production and characterization of an alloy composition
with lower levels of Li and Mg, characterization of the
mechanical and corrosion properties of the extruded materials,
and further examination of the phase equilibria in the Al-Li-Y
system. Details of these efforts are presented in the remainder
of this section.

The extruded bar containing approximately 48 volume percent
Al2LiMg phase is brittle because the intermetallic phase forms a
continuous network through the material. This type of micro-
structure had been previously observed for the annealed Al5LilOMg
flake, and several factors combined to reproduce this microstruc-
ture in the extruded material. The primary factor is the high
level of Li in the alloy, which exceeds the target of 5 wt%. In
addition, no previous experience with consolidation of Al-Li-Mg
alloys containing such high Li and Mg levels was available to
indicate the degree of coarsening of the Al2LiMg phase which
would occur during the hot vacuum degassing and extrusion steps.
Thus, the volume fraction is high and the microstructure was
somewhat coarser than expected. These factors combined to
produce a microstructure in which there are easy crack
propagation paths. The brittle nature of this alloy indicates
that the Li level is too high, and a second alloy composition
will be prepared with a lower Li content, near 4.5 wt%.

On the positive side, two characteristics of the first
extruded alloy suggest that a reasonable combination of
properties may be obtained by the approach we are pursuing. 3
First, the density of the extruded bar is quite low, 2.2 Mg/m
This is 21% lower than the density of 7075 Al, exceeding our
target of a 15 to 20% reduction. Second, the yield strength of
the material, as deduced from microhardness measurements, is near
600 MPa, somewhat higher than anticipated. Both of these
characteristics suggest that we can reduce the Li concentration,
still maintaining attractive strength and density, to regain
toughness.

Evaluation of the properties of the first extruded bar is
now being conducted, although we are unable to perform some tests
because of the extremely brittle nature of the material. Tests
to measure the yield stress, toughness and corrosion
characteristics are being conducted. A more comprehensive set of
tests will be conducted on the second extrusion which we expect
to exhibit higher toughness.

Finally, the availability of several rapidly-solidified Al-
Li-Y alloy compositions provides an opportunity to perform phase
relationship studies in this system, which have not previously
been reported. This is a relatively small effort, but
observations of this type may help us understand why the Al-Li-Y
alloys did not produce a stabilized A13 (Li,Y) phase.
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7. APPENDIX

Table Al

X-ray Data for Alloy A14.6Li5.9Y

As-splat quenched Annealed

d(A)* I/Io d(A) I/Io

7.5 w 5.2 m
4.8 w 4.7 w
3.8 s 3.7 s
3.6 w 3.3 s
3.2 w 3.1 s
3.0 m 2.6 s
2.9 m 2.5 m
2.8 w 2.4 s
2.5 s 2.3 Al phase
2.3 Al phase 2.2 s
2.2 m 2.0 Al phase
2.1 m
2.0 Al phase

d: observed interplanar spacing

Table A2

X-ray Data for Alloy A14.5Li9.8Y

As-splat quenched Annealed

d(A) I/Io d(A) I/Io

7.5 m 4.2 m
4.8 m 3.9 w
4.1 w 3.6 s
3.8 s 3.0 m
3.0 m 2.5 m
2.8 w 2.4 m
2.5 s 2.3 Al phase
2.4 w 2.2 m
2.3 Al phase 2.1 w
2.2 w 2.0 Al phase
2.1 w
2.0 Al phase
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