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ABSTRACT 

Stress corrosion cracking behavior of 90W-Ni- 

Fe (W-10) and 97W-Ni-Fe-Cu-Co (W-3) alloys has been studied 

in solutions of NaCl, NACE and 10% H-SO..  The influences 

of electrochemical polarization, hydrogen catalyst, and 

heat treatment on Kisccr static load crack growth rate, 

and fracture morphology were studied. 

The W-10 alloy exhibited SCC susceptibility 

in NaCl solution.  Electrochemical polarization, addition 

of a hydrogen catalyst (As) to the NaCl solution and heat 

treatment in hydrogen increased SCC susceptibility.  SCC 

susceptibility was also observed in the sulfide cracking 

solution and when cathodically charged in 10% H-SO. with 

a hydrogen catalyst (As).  At the corrosion potential 

and anodic potentials in NaCl solution, SCC propagated 

by separation of tungsten-tungsten and tungsten-matrix 

interfaces with ductile rupture of the matrix.  In other 

cases, cracks propagated by separation of tungsten-matrix 

and tungsten-tungsten interfaces with some cleavage of 

tungsten grains. 

The W-3 alloy did not exhibit SCC susceptibility 

in NaCl solution, under any conditions.  SCC did occur 

in the sulfide cracking solution and when cathodically 

charged in 10% H2S04 with a hydrogen catalyst (As), however, 

it was much more resistant than the W-10 alloy.  Fracture 
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occurred primarily by dimple formation in the matrix and 

cleavage of tungsten grains. 

SCC in the W-10 alloy is thought to occur by 

electrochemical dissolution of the matrix.  Small matrix 

volume and high tungsten contiguity in the W-3 alloy pre- 

vents cracks from growing even though severe matrix dissolu- 

tion occurs. 

The observed susceptibility of both alloys to 

cracking in the NACE recommended sulfide cracking solution 

and when cathodically charged in 10% H-SO. with As indicates 

that both alloys are highly susceptible to hydrogen embrittle- 

ment. 

xiv 





PART 1 

INTRODUCTION 

Due to their high densities and strengths, 

tungsten-based materials known as heavy alloys are used 

in mass balancing, inertial systems, structural radioactive 

shielding, heavy duty electrical contacts, artillery 

shell cores, etc. 

The alloys are manufactured by liquid phase 

sintering.  In this process, tungsten dissolves in the 

nickel-iron or nickel-copper liquid so that finally an apparent- 

ly two-phase structure is obtained, consisting of rounded 

tungsten grains and a matrix solid solution of tungsten- 

nickel-iron or tungsten-nickel copper.  The detailed 

characteristics of the manufacturing process have been docu- 

mented previously. 

The mechanical properties of heavy alloys are 

affected primarily by  the nickel:iron and nickel:copper 

ratios, tungsten contiguity, sintering conditions, and 

conditions of post sintering heat treatment.  For the tungsten- 

nickel-iron alloys the optimum strength and ductility is 

1 2 found when the nickel:iron ratio is 7:3 to 3:7. '   The 

maximum elongation depends strongly upon tungsten contiguity. 

A high contiguity produces a lower ductility.   The lower 

sintering temperature yields better mechanical properties 

due to finely distributed porosites and reduction of grain 



4 
growth.   Annealing combined with quenching as the post 

sintering heat treatment improves strength and ductility. ' 

The influence of heat treatment is connected with grain 

size, distribution of impurities, intermetallic compound 

formation, and matrix phase composition. 

Although numerous studies on the sintering 

mechanism, mechanical properties, and fracture behavior 

have been done for liquid phase sintered tungsten heavy 

alloys, little work has been done on the stress corrosion 

cracking behavior of these alloys. 

This investigation was undertaken with the 

aim of examining the stress corrosion cracking behavior 

of the tungsten heavy alloys in several aqueous solution. 

The overall investigation involves the evaluation of the 

KT~cc  anc^ static load crack growth rate performances in 

sodium chloride solution and NACE recommended sulfide cracking 

solution.  Additional variables being studied in this program 

include solution chemistry, influence of heat treatment, 

and influence of electrochemical polarization. 



PART 2 

LITERATURE REVIEW 

2.1   Alloy System 

The group of tungsten-based alloys known as 

heavy alloys by virtue of their high density (16 to 18.5 

g/cm3) have found an increasing number of applications 

in mass balancing and inertial systems, for example, gyroscopes 

and vibration dampeners, and in ordnance, radioactive shielding 

and heavy duty electrical contacts. 

The alloys are manufactured by first pressing 

mixed powders to produce a green compact which is then 

sintered in a dry hydrogen atmosphere at a temperature 

sufficient to cause melting of the non-tungsten components 

of the system. 

The liquid phase dissolves some of the tungsten 

and to minimize surface energy some tungsten particles 

grow at the expense of others.  This is thought to occur 

7 8 by dissolution and precipitation,  and coalescence.  The 

final structure is an apparently two phase structure containing 

rounded tungsten grains and a matrix solid solution. 

The non-tungsten components which have received 

the most study are nickel-iron and nickel-copper.  Nickel 

is used because it has the high solubility for tungsten 

necessary for its transport during sintering; according 

# 



9 
to Ellinger and Sykes,  nickel can dissolve up to 45 

wt. pet tungsten in the binary system at 1495°C.  The 

ternary alloying element is used to reduce the melting 

point of the matrix and hence enable lower sintering 

temperatures to be employed, but both iron and copper 

reduce the solubility of tungsten in the nickel. 

2.1.1  Sintering Mechanisms 

In 1938, Price, Smithells and Williams  dis- 

covered the heavy alloys where they were able to achieve 

full density by liquid-phase sintering tungsten-nickel- 

copper at temperature well below half of the absolute 

melting temperature of tungsten.  The growth of the tungs- 

ten particles was attributed to the dissolution of the 

small tungsten spheroids with simultaneous precipitation 

of tungsten from the molten matrix onto the larger spheroids, 

the process being driven by the difference in surface 

energy between the smaller and larger spheroids. 

A theory for the sintering of metal particles 

was proposed by Kuczynski   in 1949, when he found that 

the interface formed between two particles during sintering 

changed at different rates if the growth was due to either 

(1)  viscous or plastic flow, (2) evaporation and conden- 

sation, (3) volume diffusion, or (4) surface diffusion. 

A theoretical treatment   of these various diffusion 

mechanisms showed that the predominant mechanism respon- 

sible for particle growth during sintering under any % 
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particular set of sintering conditions could be identified. 

12 Cannon and Lenel  divided the sintering process 

into three stages, "liquid flow", "solution and repreci- 

pitation" and "solid phase sintering".  The density of 

the compact increases during the liquid flow stage, and 

the particles grow during the other stages.  The final 

particle size should be limited because a very low dihed- 

ral angle is reached between two solid-liquid surfaces 

and the liquid phase will not permit two particles of 

the solid phase to touch each other as long as the parti- 

cles have different orientations. 
9 

Zukas and Sheinberg proposed that the spheroids 

coalesce when contact is made between spheroids of similar 

orientations, and that this process occurs throughout 

the liquid phase sintering cycle.  Undoubtedly, dissolu- 

tion of the small spheroids and reprecipitation of tungsten 

from the molten matrix onto the larger spheroids occurs 

simultaneously, but the spheroid growth from this process 

is slow. 

2,1.2  Mechanical Properties and Rmhrittlement 

The mechanical properties of tungsten heavy 

alloys are affected primarily by the tungsten content, 

nickel:iron ratio, sintering condition, and post-sintering 

heat treatment condition.  As the tungsten content in- 

creases, there is less chance for the tungsten grain 



to be completely surrounded by matrix phase.    According- 

ly, there is a higher tungsten contiguity as the volume 

fraction of solid increases.  Contiguity is defined as 

the ratio of the surface area involved in tungsten-tungsten 

contacts and the surface area of tungsten grains.  In 

tungsten heavy alloys, the maximum elongation depends 

strongly upon its contiguity.  A high contiguity produces 

a lower ductility.   For the tungsten-nickel-iron alloys, 

the optimum strength and ductility is found when the 

1 2 nickel:iron ratio is 7:3 to 3:7. '   The lower sintering 

temperature yields better mechanical properties due to 

finely distributed porosites and reduction of grain 
4 

growth.   Annealing combined with quenching as the post sin- 

tering heat treatment improves strength and ductility. ' 

The influence of heat treatment is connected with grain 

size, impurity distribution, intermetallic compound forma- 

tion, and matrix phase composition. 

The embrittlement of heavy alloys is caused 

by intermetallic phase formation, impurity segregation, 

hydrogen embrittlement, shrinkage pore formation, etc. 

From Charpy impact tests with 90 W-5 Ni-5 Fe aloy, Edmonds 

14 and Jones   found that intermetallic compound formation 

at the matrix-tungsten interfaces was responsible for 

embrittlement.  This intermetallic compound formation 

has also been suggested as the cause of embrittlement 

in slowly cooled alloys with a nickel :iron ratio of 7:3.   ^^ 

% 
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However, Henig, et al.   claimed no detrimental effect 

from this intermetallic compound.  Other investigators 

have been unable to confirm the existence of this phase 

in embrittled material with a nickel:iron ratio of 1:1. 

Several reports  '   have shown a strong impur- 

ity influence, wherein the elements such as phosphorus 

and sulfur segregate to the tungsten-matrix interface 

during slow cooling from elevated temperatures. 

18 Yoon et al.   found strength and ductility 

degradation with heat treatment in a hydrogen atmosphere. 

19 Sczerzenie and Rogers   have found that  the sensitivity 

of the heavy alloys to hydrogen embrittlement is dependent 

on the matrix composition in the tungsten-nickel-iron 

alloys.  The effect of hydrogen is thought to weaken 

the tungsten-matrix interfaces. 

20 Kang et al.   have shown mechanical property 

decrements due to rapid cooling from the sintering tempera- 

ture.  The formation of matrix phase solidification poro- 

sity with rapid cooling is quite detrimental to the proper- 

4 
ties:  Churn and Yoon  have given a clear demonstration 

of the porosity effect. 

2.1.3  Fracture Behavior 

In tungsten heavy alloys, fracture usually 

occurs by one or more of the following four possible paths: 

(1)  failure of the tungsten-tungsten 

grain boundaries, 
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(2) Separation of the tungsten-matrix 

interfaces, 

(3) failure in the matrix phase, and 

(4) cleavage of the tungsten grains. 

The fracture behavior of the tungsten heavy 

alloys has been studied by several investigators.  How- 

ever, there is some controversy in the literature concerning 

the relationships between both strength and ductility 

14 with fracture behavior.  Edmonds and Jones   reported 

that tough material requires good adhesion at the matrix- 

tungsten interfaces such that failure occurs by ductile 

rupture of the matrix with separation of the tungsten- 

tungsten interfaces and/or cleavage of the tungsten 

grains. 

19 Sczerzenie and Rogers   showed that the fracture 

behavior of the tungsten phase in heavy alloys is con- 

trolled by the strength of the tungsten-matrix interface. 

When the matrix-tungsten interface is strong,  frac- 

ture occurs by transcrystalline cleavage of the tungsten 

phase with a knife edge failure in the matrix.  When 

the matrix-tungsten is weakened by hydrogen, there is 

an early separation of tungsten particles and matrix, 

and the matrix can neck down and rupture independent 

of the tungsten particles. 

21 However, Brandon et al.   demonstrated that 

the presence of the strong tungsten-tungsten grain 

% 

% 
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boundaries is obviously a key to the strong and ductile 

material. 

2.2   Stress Corrosion Cracking 

Stress corrosion cracking (SCO is defined 

as premature cracking under the simultaneous action of 

a generally specific corrosive agent and a tensile stress, 

To obtain the specific result of SCO four primary agents 

must be concurrently contributing: 

(1) a specific alloy composition, 

(2) a unique microstructure resulting 

from metallurgical processing, 

(3) a tensile stress at exposed surfaces, 

and, 

(4) a specific environment. 

2.2.1  Test Methods for SCC 

2.2.1.1  Constant Strain and Constant Load 

Tests.   The traditional method of determining SCC re- 

sistance of an alloy has been to expose stressed, smooth 

specimens in the environment of interest.  Such specimens 

usually are exposed under applied stresses near or beyond 

their yield strengths.  Specimens may be tested under 

conditions of constant strain or constant load.  Examples 

of constant strain specimens are plastically deformed 

U-bends, C-rings, and beams supported in restraining 

jigs.  The major advantages of constant strain specimens 
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are that they are compact and relatively inexpensive, 

which makes them suitable for multiple, long term exposure 

tests or exposure in restricted condition, e.g., in tubing 

or casing.  A disadvantage of constant strain tests is 

that stress levels are not known accurately and are dif- 

ficult to reproduce from specimen to specimen. 

Constant load tests employ either tensile or 

bend specimens.  They require more complex apparatus 

than constant strain tests, but they have the advantage 

that the stress level is well defined and easily measured. 

Loads may be applied by weights, levers, springs, or 

hydraulically.  An advantage of constant load tests com- 

pared to constant strain tests is that crack propagation 

decreases the cross sectional area and increases the 

net section stress.  Consequently, such tests are more 

likely to lead to early and total failure than are con- 

stant strain tests. 

Both types of specimens are normally exposed 

in the environment of interest for a predetermined period. 

The susceptibility to SCC may be expressed quantitatively 

by time to failure.  Such tests have produced much useful 

inforamtaion, particularly for low strength alloys. 

However, results can be very misleading because time 

to failure represents the sums of the times required 

for crack initiation, subcritical crack growth, and fast 

fracture.  If an alloy is not susceptible to or is highly 
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resistant to pitting, failure may not occur within the 

exposure period and the alloy may be classified as immune 

to SCC, when, in fact, it may be highly susceptible to 

crack propagation.  To be sure of complete immunity, 

it would be necessary to expose specimens for excessive 

periods.  This is impractical in most engineering appli- 

cations. 

A method which has frequently been used to 

speed up the generation of SCC susceptibility data is 

to increase the severity of tests by altering the composi- 

tion of the environment, raising the temperature, or 

introducing a notch or a precrack.  While notched or 

precracked specimens are very useful in the study of 

crack propagation kinetics and crack arrest conditions, 

they have the disadvantage of eliminating the initiation 

stage which is rate controlling in many systems. 

2.2.1.2  Constant Strain Rate Tests.   Many 

of the disadvantages of constant strain and constant 

load tests are eliminated by testing smooth specimens 

at a constant strain rate.  The constant strain rate 

test is a form of simple tensile test in which a smooth 

specimen is pulled in tension in the environment of in- 

terest at a constant strain rate until failure occurs. 

The major advantage of the test is its ability to produce 

rapid, positive indications of SCC susceptibility.  SCC 
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growth markedly decreases the ductility of the specimen 

and results in the formation of secondary cracks near 

the main fracture.  The test requires a few days at most, 

depending upon the ductility of the alloy and the strain 

rate. 

Conceptually, the constant strain rate test 

achieves a balance between the rates of mechanical pro- 

cesses which promote ductile failure and the rates of 

corrosion processes which promote SCC propagation and 

brittle fracture.  So, the choice of the strain rate 

used is the most important factor governing the outcome 

of a test.  In most systems, SCC occurs at.strain rates 

between 10   to 10  /sec.  However, the optimum rate 

will vary with material and environment and should be 

determined for each case. 

SCC susceptibility may be classified by com- 

paring time to failure, percent reduction in area, percent 

elongation, plastic strain to failure, or energy absorbed 

prior to fracture. 

2.2.1.3  KISCC_Tes_ts.  The application of linear 

elastic fracture mechanics concepts to study SCC has 

met with considerable success.  Because stress corrosion 

attack would be expected to occur in the highly stressed 

region at the crack tip, it is logical to use the stress 

intensity factor to characterize the mechanical component 

of the driving force in SCC.  Sufficient data have been % 
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22-24 published to support this observation. 

The most widely used specimens for ^1SQQ  tests 

are the cantilever-beam specimen under constant load 

and the wedge-opening-loading (WOL) specimen under con- 

stant displacement conditions (modified WOL specimen) 

25 that was developed by Novak and Rolfe.    The KISCC value 

for a particular material and environment is the plane- 

strain stress intensity threshold below which subcritical 

26 27 cracks will not propagate.  Since Brown  '   introduced 

the KISCC threshold concept by using precracked cantilever- 

beam specimens, it has been widely used for studying 

the subcritical crack extension characteristics. 

In the cantilever-beam technique, approximately 

10 precracked specimens are required to establish KTSrr 

for a particular material and environment.  After first 

establishing the critical stress intensity factor for 

failure in air, KIC' subsequent specimens are dead-weight 

loaded to successively lower K  levels in the environment 

and times to failure recorded. 

The WOL fracture specimen was originally de- 

28 29 veloped by Manjoine.    Subsequently, Manjoine   published 

a detailed review of the work with this specimen, introducing 

the original design and stress analysis, and Wessel 

presented a report describing the application of the 

WOL specimen to fracture testing. 

The WOL specimen :was modified by the use of 
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a bolt and loading tup so that it can be self-stressed     ^^ 

without using a tensile machine.  The crack opening is      ^^ 

fixed by the bolt, and the loading is by constant displace- 

ment rather than by constant load as in the cantilever- 

beam specimen.  Because a constant crack-opening- 

displacement (COD) is maintained throughout the test, 

the force, P, decreases as the crack length, a, increases. 

In cantilever-beam testing, the K_ value increases (a 

increases and P is constant), which lead to fracture 

for each specimen; in contrast in the modified WOL speci- 

ment, the K_ value decreases (a increases and P decreases), 

which leads to crack arrest.  The effect of decrease 

in P more than compensates for the increase in a.  Basic 

principle of modified WOL specimen is schematically illus- 

trated in Figure 1.  A comparison of these two types 

of behavior is shown in Figure 2.  Thus, only a single 

specimen is required to establish the KTQCC level because 

K_ approaches KTSCC in the limit.  However, duplicate 

specimens are usually tested to demonstrate reproduci- 

bility. 

2.2.2  SCC Mechanisms 

The various models of SCC has been proposed 

and can be largely divided into two basic classes:  those 

which consider that crack propagation proceeds by anodic 

dissolution at the crack tip and those which consider 
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that crack propagation is essentially mechanical. 

2.2.2.1  The Film Rupture Model.   This model 

referred to as the slip-dissolution model by some investi- 

31 32 gators,   was originally developed by Champion  and 

Logan.    The basic concept is that a protective surface 

film is ruptured by localized plastic deformation at 

the crack tip, permitting rapid anodic dissolution of 

the exposed substrate while the non-deforming crack walls 

remain protected by the film.  The potential difference 

between filmed and unfilmed surface could constitute 

a strong driving force for the reaction. 

Since such film breakdown could occur also 

on non-susceptible alloys and in non-cracking environments, 

34 35 Scully  '   placed great emphasis on the relationship 

between two kinetic processes:  creating fresh metal 

area and film growth on the fresh metal area.  The essen- 

tial requirement for crack propagation was defined as 

a condition of "inadequate repassivation".  If repassiva- 

tion took place too rapidly then too little corrosion 

would have occurred for an increment of crack growth 

to have been achieved.  If repassivation took place too 

slowly, then too much corrosion would have occurred and, 

instead of highly localized corrosion, which is necessary 

for cracking, attack over a broad front would have occurred 

Repassivation at some unspecified rate relative to the 
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rate of creation of fresh metal surface was considered 

to be the essential condition for SCC. 

However, Staehle  has the different view that 

the crack tip becomes completely repassivated during 

propagation, and that film rupture results from the emer- 

gence of slip steps through the passive film.  So, the 

crack propagation is thought to be discontinuous.  This 

idea is illustrated in Figure 3. 

2.2.2.2 The Tunnel Model.   Swann et al.36'37 

proposed that cracking is initiated at slip steps by 

the formation of arrays of fine corrosion tunnels which 

grow in length and diameter until the remaining metal 

ligaments fail by ductile rupture as shown in Figure 

4.  The crack is then thought to propagate discontinuously 

by repeated cycles of tunnel growth and ductile fracture. 

The fracture surfaces would be expected to exhibit a 

series of grooves extending in the direction of crack 

propagation, with the walls between neighboring grooves 

matching peak-to-peak on the opposite faces. 

2.2.2.3 The Adsorption Model.   It is postulated 

38 by Petch  that specific species adsorb and interact 

with strained bonds at the crack tip, reducing bond 

strength and the surface energy required to form a crack 

and permitting brittle fracture at low stresses.  As 

yet, there is no direct evidence for the hypothesized 
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Figure 3   Schematic Representation of Crack Propagation 
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Figure 4   Schematic of Tunnel Model Showing the Initiation 
of a Crack by the Formation of Corrosion 
Tunnels at a Slip Step and the Subsequent 
Rupture of the Metal Ligaments.36'37 
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adsorption induced reduction in bond strength, but the 

concept has been applied to various embrittlement pheno- 

39 mena such as liquid-metal embrittlement,   hydrogen em- 

40 41        42 brittlement,   corrosion fatigue,   and SCC. 

2.2.2.4 The Tarnish Rupture Model.   This 

43 model was initiated  by Forty et al.   to explain SCC 

of copper-zinc alloys in aqueous ammonia, and developed 

44 by McEvily and Bond.    In its most recent form, it has 

been referred to as stress-assisted intergranular corro- 

45 sion.    The model  proposes that the grain boundary 

ahead of the crack tip is penetrated by a brittle oxide 

and that propagation proceeds by the repeated formation 

and rupture of this layer as shown in Figure 5.  Rupture 

of the brittle tarnish was attributed to elastic strains 

introduced by creep in the surrounding metal. 

2.2.2.5 The Selective Dissolution Model. 

This model was proposed by Forty  to account for the 

transgranular SCC of alpha brass in aqueous ammonia solu- 

tions.  It was suggested that the selective dissolution 

of zinc from the alloy results in vacancy injection which 

sufficiently restricts local plastic deformation to permit 

the initiation of a cleavage crack.  The crack was thought 

to propagate at high speeds until it encounters a pre- 

existing slip-band, at which arrest occurs by plastic 

blunting.  Repeated cycles of this process were believed 
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Figure 5   Schematic of Tarnish-Rupture Model, Modified 
to Incorporate Intergranular Penetration.45 
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to lead to crack propagation by discontinuous cleavage. 

2.3   Hydrogen Embrittlement 

Hydrogen induced losses in strength or ductility 

are called hydrogen embrittlement (HE).  In general, 

two sources of hydrogen may be available to initiate 

failure:  internal or solute hydrogen and external. 

In the former case, the hydrogen must reach the point 

47 at which failure occurs by diffusion  and/or by disloca- 

tion sweeping.  '   The hydrogen diffusivity in most 

systems is quite high and exceeds about 10   cm2/sec 

in the temperature ranges where embrittlement is obser- 

47 ved. 

The processes occurring during hydrogen entry 

from the gas phase  consist of (a)  physisorption of 

H2, (b)  molecular chemisorption,  (c) dissociation of 

H2,   and (d)  entry of H into the lattice.  These pro- 

cesses are illustrated in Figure 6.  A schematic descrip- 

tion of overall hydrogen processes  is presented in 

Figure 7. 

52 It has been pointed out   that HE requires 

the development of a critical hydrogen concentration 

at the stress concentration sites and that a uniform 

distribution of hydrogen solute below this critical concen- 

tration will not cause embrittlement. 
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Figure 6   Schematic Illustration of Various Sequential 
Processes Involved in Embrittlement of Ferrous 
Alloys by External Hydrogen. 
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2.3.1  HE Mechanisms 

2.3.1.1 The Decohesion Model.   The basic 

concept of this model is that brittle fracture occurs 

when the local stress exceeds the atomic bond strength 

and that the presence of hydrogen as a solute decreases 

the atomic bond strength.  Hydrogen is accumulated at 

regions of elevated triaxial stress, according to the 

thermodynamics of stressed solids.    The attainment 

of sufficiently large local hydrogen concentration at 

or near a crack tip can affect the bond strength. 

38 2.3.1.2 The Adsorption Model.   Petch  pro- 

posed that adsorption of hydrogen at surfaces reduce 

the surface energy required to create a crack, and in 

the spirit of the Griffith analysis, facilitates crack 

54 propagation.  As Oriani  has pointed out, this model 

and decohesion model are closely linked to each other. 

In the Petch's adsorption mechanism attention is focussed 

on the effects of hydrogen on the surface energy of sur- 

faces produced by an advancing crack while the decohesion 

model discusses the effects on the atomic bond energy 

at the crack tip. 

2.3.1.3 The High Pressure Bubble Formation 

Model. HE mechanisms based on the formation of high 

pressure bubbles have been proposed by Zappfe. The 

basic concept is that hydrogen accumulates in internal 

% 
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voids and cracks, and the resulting high gas pressure 

bubbles exerts an internal stress to assist fracture. 

The bubbles which form can often attain internal pressure 

of the order of 10  atmospheres. 

In these mechanisms the driving force for crack 

propagation is the internal pressure of the bubble or 

the external stress and the internal pressure.  While 

the internal pressure in the bubble provides an initial 

driving force for crack propagation, this would decrease 

rapidly in the absence of a continuous source of high 

fugacity hydrogen.  The observation that fracture often 

occurs under conditions where such a decrease in bubble 

pressure must occur as the crack propagates, such as 

embrittlement by solute hydrogen, suggests that the pres- 

surized bubble theory is not sufficient to account for 

the embrittlement.  So, this model can be applicable 

to the case which has a continuous source of high fugacity 

hydrogen such as hydrogen charging. 

2.3.1.4  The Hydrogen-Stimulated Plastic Defor- 

5 6 
mation Model.   Beachem  has proposed that hydrogen 

can induce changes in dislocation mobility, in particular 

a reduction in the local stress needed for dislocation 

motion.  As has been discussed by Hirth and Johnson, 

this could result in a lower stress intensity for crack 

propagation if growth occurs by contained plastic flow 
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with a plastic zone size fixed by inclusion spacings. 

2.3.1.5  The Hydride Formation Model.  Many 

metals which exhibit severe HE are known to form  hy- 

drides.    In some systems, such as Group Vb metals and 

zirconium alloys, precipitated hydrides have been shown 

to nucleate cracks.  In other systems such as nickel 

and aluminum alloys, hydrides are known to form but only 

at much higher hydrogen fugacity than is thought to occur 

during HE. 

A qualitative mechanism for the stress induced 

5 8 hydride embrittlement was proposed by Westlake.    The 

mechanism is shown schematically in Figure 8.  Application 

of a tensile stress decreases the hydrogen solute chemical 

potential at stress concentrators and results in a flux 

of hydrogen to the region.  The hydrogen concentration 

increases until the stress-induced chemical potential 

gradient is removed.  However, the stress also decreases 

the free energy of the hydride and hydride precipitation 

occurs.  The kinetics of this process are controlled 

by the flux of hydrogen to the stress concentration sites. 

Once the brittle hydride forms, it cleaves, the crack 

runs to the hydride-matrix interface at which point it 

is blunted by deformation in the ductile matrix.  The 

process propagates by repeated stress-induced hydride 

formation and cleavage. 4^ 
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Figure 8   Schematic Showing the Mechanism of Hydride 
Embrittlement by Stress Induced Hydride Forma- 
tion,  (a)  Flux of Hydrogen to the Crack 
Tip Due to the Reduction of the Hydrogen 
Chemical Potential in the Tensile Stress 
Field,  (b)  Formation of the Hydride Due 
to the Reduction of the Hydride Chemical 
Potential by the Applied Stress.  (c)  Cleavage 
of the Hydride Along Its Cleavage Plane Resulting 
in Crack Advance.58 
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2.3.2 Fracture Morphology 

Hydrogen-induced fracture is usually thought 

of as brittle, and intergranular fractures are in fact 

common; but many materials exhibit ductile fracture in 

the presence of hydrogen.  Cleavage can also occur, either 

in the matrix or through a precipitated hydride phase. 

59 In systems which exhibit ductile failure, 

the fracture morphology is unaffected by hydrogen except 

to a secondary degree such as changes in the size of 

dimples or microvoids which characterize the fracture 

*    60,61 surface.  ' 

In systems which form stable hydrides, the 

failure mode in the absence of hydrogen is ductile, where- ^^ 

as when hydrogen is added as a solute a cleavage failure   ^^ 

62 mode occurs. 

In non-hydride forming systems such as nickel 

and iron alloys the hydrogen induced brittle fracture 

generally occurs intergranularly. 

2.3.3 HE of Tungsten 

The group Via b.c.c. alloys (based on molybdenum 

or tungsten) have generally been considered to be unaf- 

fected by hydrogen.  These systems have no stable hydrides, 

a very low hydrogen solubility and a positive heat of 

solution in equilibrium with the gas phase. 

In tungsten-hydrogen system,   where the hydrogen^^ 
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diffusivity is relatively low at room temperature, em- 

brittlement is observed only if the hydrogen is delivered 

directly to the crack tip as in simultaneous cathodic 

charging and tensile testing. 

# 



PART 3 

EXPERIMENTAL PROCEDURE 

3.1  Materials 

The materials used in this study were 90%W-Ni- 

Fe alloy (W-10) and 97%W-Ni-Fe-Cu-Co alloy (W-3).  The 

alloys were prepared from powders by isostatic pressing 

and then sintering in dry hydrogen atmosphere.  Sintering 

temperature was 1450°C for the W-10 alloy and 1540°C 

for the W-3 alloy.  The W-10 alloy was heat treated at 

1090°C  in vacuum after sintering and cold-swaged by 

24% reduction in area.  The W-3 alloy was cold-swaged 

by 15% reduction in area without post-sintering heat 

treatment.  The alloys were manufactured by Kennametal 

Inc. and supplied in the form of cylindrical rod.  Their 

chemical compositions are listed in Table 1. 

The appearances of both alloys under the light 

microscope are shown in Figure 9.  Etching was carried 

64 
out with Murakami's reagent,   which is composed of 10g 

of K3Fe(CN)6f 10g of KOH, and 100 ml of H20.  The average 

grain diameters of the W-10 and W-3 alloys are 40 um 

and 110 um, respectively.  Different sintering conditions 

could make that big difference in the grain size.  It 

is well known that initial powder size does not affect 

the final grain size in the sintering of tungsten heavy 

alloy systems. 

32 
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Table 1 

Chemical Compositions of the Alloys 

(unit: wt. %) 

Elements The W-10 Alloy The W-3 Alloy 

Ni                 6.08 1.35 

Pe 2.87 0.63 

Cu — 0.46 

Co — 0.09 

W Balance Balance 

# 

# 



(b) 

Figure 9   Optical Micrographs of (a) the W-10 Alloy 
and (b) the W-3 Alloy. 
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3.2   Tension Tests 

Tension tests were conducted with an Instron 

machine at the cross head speed of 0.05 in/min.  The 

geometry of the tension specimen is given in Figure 10. 

Yield strength, ultimate tensile strength, 

elongation, and Young's modulus were obtained and listed 

in Table 2.  Young's modulus was measured by attaching 

strain gages to the specimen.  The wide range in mechani- 

cal properties is caused primarily by non-uniform pore 

2 5 distribution.  Many previous investigators '  have ex- 

perienced the poor reproducibility of mechanical proper- 

ties.  Superior strength and ductility of the W-10 alloy 

may result from more severe cold working, finer grain, 

and larger matrix area. 

Results of the macro and micro hardness tests 

are also presented in Table 2.  Macro hardness testing 

was conducted with Rockwell hardness tester, and micro 

hardness testing was conducted with Vickers micro hardness 

tester. 

3.3   SCC Tests 

Most of the SCC tests were conducted on modified 

WOL type compact toughness specimens.  The specimens 

were machined from the rod such that the plane of the 

machined notch was parallel to the swaging direction 

and perpendicular to the axis of the cylindrical rod. 
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Dimensions: 

A 
G 
D 
R 

0.750   in, 
0.640 
0.160 
0.156 

Figure 10  Tensile Specimen Geometry. 
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Table 2 

Mechanical and Physical Properties of the Alloys 

Properties The W-10 Alloy The W-3 Alloy 

Yield Strength, (0.2%), MPa 1137-1247 503-792 
av. 1185 av. 696 

Ultimate Tensile 1178-1281 758-1151 
Strength, MPa av. 1261 av. 1020 

Elongation, % 2.1-8.7 0.7-5.4 
av. 4.6 av. 2.1 

Young's Modulus, 104 MPa 3^.5-37.6 34.2-41.2 
av. 37.0 av. 38.2 

Hardness, R 41-42 40-41 

Microhardness in the W 
grain, KHN 558 495 

Microhardness in the • 

matrix, KHN 466 371 
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The specimen geometry is shown in Figure 11.  Following 

machining, the specimens were mechanically ground on 

240 through 600 grit SiC papers.  After grinding, specimens 

were thoroughly cleaned in acetone. 

Prior to the environmental testing, all specimens 

were fatigue precracked in air approximately 1.0 mm beyond 

the notch tip.  Fatigue precracking was performed at 30 Hz 

with a Satec Model SF-10 fatigue machine in the tension- 

tension mode.  This fatigue machine is an inertial, rota- 

ting mass machine which provides a constant cyclic force. 

The KTqCC tests were conducted under constant 

COD loading conditions.  COD value was measured using 

the NASA type clip gage.    The constant COD tests were 

performed in accordance with the techniques described 

25 by Novak and Rolfe.    In a modified WOL specimen, load 

can be applied by the use of a bolt and loading tup. 

The bolt and loading tup were machined from steel heat 

treated to a high strength to prevent plastic flow in 

the bolt at high stress levels. 

The environments used were an aerated 3% NaCl 

solution and the NACE recommended sulfide cracking solu- 

tion   containing 5% NaCl and 0.5% acetic acid, saturated 

with hydrogen sulfide gas.  Saturation was maintained through 

out the tests by bubbling the gas through the solution.  Some 

tests also were carried out in a 10% sulf uric acid solution. 
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Dimensions: 

B = 
W = 
Wl = 
H = 
Hp = 
aN = 
DS " 
Dp = 
N  = 

1.00 cm 
2.47 cm 
3.10 cm 
1.22 cm 
0.98 cm 
0.93 cm 

0.394 in. 
0.973 in. 
1.221 in. 
0.479 in. 
0.388 in. 
0.366 in. 

*ix28 through thread 
h  in. drilled hole 
0.24 cm = 0.094 in. 

Figure 11  Modified WOL Specimen. 
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Crack propagation was monitored under an opti- 

cal microscope.  Crack arrest was estimated from the 

stress intensity factor (K_) vs. crack growth rate (da/ 

dt) curve developed after sufficiently long SCC experi- 

ment.  Figure 12 shows crack arrest line of the modified 

WOL specimen. 

The stress intensity factor at the crack tip was 

25 calculated with the following equation: 

E-V -C- (a/W) 
Ki --?M  /a-C6 (a/W) 

where a is the crack length, W is the width of the speci- 

ment, E is Young's modulus, V  is the initial COD, 

C3(a/W) = 30.96(a/W) - 195.8(a/W)2+ 730.6(a/W)3 

- 1186.3(a/W)4+ 754.6 (a/W)5, 

and 

C6(a/W) = exp{4.495 - 16.130(a/W) + 63.838(a/W)2 

- 89.125(a/W)3 + 46.815(a/W)4 } . 

Owing to the decrease of stress intensity factor 

with increase of the crack length in constant COD speci- 

mens, K>s   can be measured with one specimen.  However, 

duplicate specimens were tested. ^P 
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Figure 12   Modified WOL Specimen Showing Crack Arrest Line, 
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3.4  Electrochemical Tests 

Electrochemical polarization tests were carried 

out on the basis of ASTM Standard G5-72.    In prepara- 

tion for testing, samples were wet ground on all sides 

with 240 through 600 grit silicon carbide papers.  Just 

prior to immersion into the test cell, each sample was 

wet ground on the 600 grit paper with gloved hands and 

cleaned in distilled water. 

Potentiodynamic polarization scans were run 

using a Princeton Applied Research Model 173 potentiostat/ 

galvanostat.  Prior to polarization, the sample was placed 

in a corrosion cell and allowed to freely corrode.  After 

reaching a stable state, the open-circuit potential was 

measured using a saturated calomel electrode.  Generally, 

it took 20 to 30 minutes to stablize.  Samples were then 

polarized either anodically or cathodically at a sweep 

rate of 0.3 mV/sec.  The tests were monitored with a 

Hewlett Packard 9816 computer.  The data were stored and 

plotted using the computer.  Platinum and saturated calo- 

mel were used as a counter electrode and a reference 

electrode, respectively. 

3.5  Optical and Electron Microscopy 

To examine the nature of the corrosion attack 

on the specimen surfaces, optical metallography techni- 

ques were utilized. 
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In an attempt to determine fracture morphology and 

elucidate mechanisms of environmental failure, fracture 

surfaces were analyzed with an AMR 1000 scanning electron 

microscope. 

Qualitative determination of the fracture sur- 

face composition was performed with EDAX (energy disper- 

sive analysis by X-ray). 

Chemical compositions in the tungsten grain 

and matrix phases were determined by EPMA (electron probe 

microanalysis).  The analyses were performed with Auto- 

mated Cameca MBX microprobe at General Electric R&D Center, 

Operating voltage was 15 kV, and constant current of 

60 nA was used for beam regulation.  Characteristic lines 

of WMa, NiRa, FeKa, CuKa, and CoRa were employed to deter- 

mine  chemical compositions. 
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PART 4 

RESULTS 

4.1   SCC Behavior 

4.1.1 Effects of Polarization 

In addition to K_s   tests conducted at the 

open-circuit potential, a number of tests were carried 

out under conditions of applied potentiostatic polariza- 

tion.  Polarization curves obtained for the W-10 and W-3 

allloys in aerated 3% NaCl solution are presented in 

Figures 13 and 14, respectively.  The corrosion potentials 

of the W-10 and W-3 alloys are -0.340 V vs. SCE and -0.240 

V vs. SCE, respectively.  Both alloys appear to undergo 

an active-passive transition.  The critical current density 

and current density at passivity are about 100 times greater 

for the W-3 alloy than for the W-10 alloy.  Therefore, 

passivity of the W-10 alloy can be achieved more easily 

than the W-3 alloy, and effectiveness of the passive film 

is better for the W-10 alloy than the W-3 alloy.  The 

big difference in anodic polarization curve between the 

two alloys may result from the different volume fraction 

and chemical composition of the matrix. 

Polarization in the active direction favors 

cathodic reduction reactions.  In aerated neutral solutions, 

the principal reaction that occurs is the oxygen reduction 

reaction: 

44 
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02 + 2H20 + 4e  * 40H 

This reaction reaches its limiting current density as 

the oxygen content of the solution adjacent to the elec- 

trode surface becomes depleted.  Once the limiting current 

density is reached, further cathodic polarization produces 

little increase in the measured current density. 

At about -1.0 V vs. SCE, the hydrogen evolution 

reaction becomes the dominating cathodic reaction: 

H+ + e" «♦ J$H2 

and 

H20 + e" * hH2  + OH~ . 

This reaction initially obeys Tafel equation: 

n = ß log Y=- 

where n is hydrogen overvoltage, 8 is Tafel slope, and 

i  is the exchange current density.  The Tafel slope for 

the W-10 and W-3 alloys are -0.2 V/decade and -0.22 V/ 

decade, respectively. 

The stress intensity factor vs. crack propaga- 

tion rate curve for the W-10 alloy in aerated 3% NaCl 

solution is shown in Figure 15.  The crack growth rate 

— 8 in the plateau region was 3.8x10   m/sec and KTqrr was 

% 



48 

0.00 12.50 25.00 37.50 
STRESS INTENSITY FACTOR 0^). flPa/i 

50.00 

Figure 15  The SCC Behavior of the W-10 Alloy in Aerated 
3% NaCl Solution. 
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16.3 MPa/m. 

The results of polarization effects on the K-«-- 

and crack propagation rate of the W-10 alloy are plotted 

in Figure 16.  Specimens were polarized at potentials 

in the regions of active dissolution, passive, and hydrogen 

evolution.  When anodic potential of -0.2 V vs. SCE was 

applied, K-SCf, and the crack growth rate remain the same 

as for the case of the open-circuit potential. 

When the specimen was polarized at an anodic 

potential of 0.2 V vs. SCE, the crack propagated as fast 

as in the case of -0.2 V vs. SCE and K_sc_ was remarkably 

lowered. 

With the applied cathodic potential of -1.2 

V vs. SCE, the crack growth rate in the plateau increased 

substantially and the KISCr: was not altered. 

At the open circuit potential and anodic poten- 

tials, corrosion started to occur in the plastically de- 

formed area near the crack tip.  As corrosion proceeded, 

the specimen surfaces were severely attacked, and the 

crack propagated.  Optical micrograph, Figure 17, indicates 

that corrosion attack preferentially occurred in the matrix 

ahead of the crack tip, and that the crack propagated 

along the dissolved matrix area perpendicular to the 

loading direction.  Slight dissolution occurred in the 

matrix of the sides of the crack because of a passive 

film on the surface. 

% 

% 
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Figure 17 Optical Micrograph for the W-10 Alloy Specimen 
Showing Crack Propagation through the Dissolved 
Matrix Ahead of the Crack Tip, at 0.2 V vs. SCE 
in 3% NaCl Solution. 
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Figure 18 Optical Micrograph for the W-10 Alloy Specimen 
Showing Crack Propagation Through the Tungsten- 
Matrix and Tungsten-Tungsten Interfaces, at 
-1.2V vs. SCE in 3% NaCl Solution. 
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Figure 19 Specimen Surface of the W-10 Alloy Showing Severe 
Corrosion Attack, Especially in the Matrix Area. 
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because they poison the hydrogen recombination reaction 

on the metal surface.  It is thought that these poisons 

retard the rate of formation of molecular hydrogen and 

increase the accumulation of adsorbed hydrogen atoms on 

the electrode surfaces.  Therefore, there is an increased 

supply of atomic hydrogen which can interact with the 

specimen. 

The enhanced hydrogenation effect in the presence 

of promoters involves the formation of stable hydrides, 

6 9 according to Newman and Shreir.    Having performed the 

experiments with high strength steel specimens over a 

wide range of pH, they also found that As and P are effec- 

tive promoters at all pH's (their hydrides are stable 

over the entire pH range), whereas, S, Se, and Te are 

more effective in acid solutions.  However, McCright and 

Staehle   reported that the entry of hydrogen does not 

depend upon arsine (AsH-) formation; the greatest relative 

permeation occurs in the potential range where arsenic 

is the stable phase.  They also found that only when the 

specimen is polarized to sufficiently cathodic potentials 

is there noticeable entry and permeation of hydrogen. 

Figures 20 and 21 present the cathodic polariza- 

tion curves for the W-10 and W-3 alloys in aerated 3% 

NaCl solution with and without 60 ppm of arsenic, respec- 

tively.  They show that the limiting current density is 

almost the same, and that the cathodic reaction rate is 
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inhibited over the hydrogen evolution reaction range so 

that additional polarization is necessary to produce a 

reaction rate equivalent to that observed in pure NaCl 

solution. 

Cathodic charging at -1.2 V vs. SCE was performed 

on the specimen in the NaCl solution containing 60 ppm 

of As.  Figure 22 shows the KT vs. da/dt curves for the 

W-10 alloy at -1.2 V vs. SCE in the NaCl solution containing 

60 ppm of As.  When compared to the test results from 

the pure NaCl solution, K-gcc was decreased and the crack 

growth rate in the plateau region was almost the same. 

Cathodic chargings at -0.8 V, -1.0 Vf -1.2 V, 

-1.4 V, and -1.6 V vs. SCE in the NaCl solution containing 

As did not result in crack propagation in the W-3 speci- 

mens. 

In order to study the effectiveness of As in 

an acidic solution, cathodic charging was conducted at 

-1.2 V vs. SCE in 10% sulfuric acid solution containing 

60 ppm of As.  Figure 23 shows the K_ vs. da/dt curve 

for the W-10 alloy.  When compared to the cathodically 

charged case in the NaCl solution containing 60 ppm of 

As, the K-sc_ was decreased and the crack growth rate 

in the plateau region was almost the same. 

When the W-3 alloy was cathodically charged 

in 10% sulfuric acid solution containing 60 ppm of As, 

it showed the crack propagation.  KTCCC 
is 33.7 MPa/m 
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Figure 22 Influence of a Hydrogen Catalyst (As) on 
The KiscC and Crac3c Growth Rate of the W-10 
Alloy at -1.2 V vs. SCE in NaCl Solution. 

# 



60 

M    '' 

St. CO M     T 

I    t 
X . o *   •: S 3 

JS—:: 

4- 

% 

0.00 12.50 25.00 
STRESS INTENSITY FACTOR 

37.50 -      50.00 

Figure 23 The Stress Intensity Factor vs. Crack Growth 
Rate Curve for the W-10 Alloy at -1.2 V vs. 
SCE: (a) in 10% H2SO4 Solution Containing 
60 ppm of As, (b) in 3% NaCl Solution Con- 
taining 60 ppm of As. 



# 

# 

61 

and the crack growth rate in the plateau region is 3.7x10 

m/sec as shown in Figure 24. 

4.1.3  Effects of Heat Treatment 

It is well known that the chemical composition 

of the matrix plays an important role in determining 

mechanical and chemical properties of tungsten heavy alloys. 

It could be changed with different sintering and post- 

sinering heat treatment conditions.  Minakova et al. 

found that both decreasing the rate of cooling from the 

sintering temperature and annealing after quenching lower 

the tungsten content in the matrix. 

EPMA data giving chemical composition in the 

matrix and tungsten grain phases of the W-10 and W-3 alloys 

are presented in Table 3 and 4, respectively. 

Heat treatment was performed to study the influence 

of the matrix phase composition on the SCC behavior. 

Specimens were water-quenched after heat treating at 1100°C 

in argon atmosphere for 1 hr and 16 hrs.  As shown in 

Figure 25, heat treatment did not change the microstructure 

and size of the tungsten grains very much.  The resulting 

chemical composition of the phases are reported in Tables 

3 and 4.  In the case of W-10 alloy, the variations of 

chemical composition with the heat treatment were negligible 

when the accuracy of the EMPA was considered.  The results 

are not surprising because the as-received material is 
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Pigure 24 SCC Behavior of the W-3 Alloy at -1.2 V vs. 
SCE in 10% H2SO4 Containing 60 ppm of As. 
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Table 3 

Compositions of the W-10 Alloy Phases 

(unit: wt. %) 

Conditions Tungsten Phase Matrix Phase 

As-received Ni 0.00 Ni 53.67 

Fe 0.21 Fe 24.30 

w 99.79 w 22.03 

Heat treated at 1100°C Ni 0.00 Ni 52.88 

for 1 hr Fe 0.18 Fe 25.12 

w 99.82 w 22.01 

Heat treated at 1100°C Ni 0.00 Ni 56.62 

for 16 hrs Fe 0.20 Fe 23.33 

w 99.80 w 20.05 

# 



64 

Table 4 

Compositions of the W-3 Alloy Phases 
% 

(unit: wt.%) 

Conditions Tungsten Phase Matrix Phase 

As-received Ni 0.00 Ni 47.88 

Fe 0.20 Fe 19.78 

w 99.67 w 8.86 

Cu 0.08 Cu 20.37 

Co 0.05 Co 3.11 

Heat treated at 1100°C Ni 0.00 Ni 51.72 

• 

for 1 hr Fe 0.18 Fe 22.94 

w 99.75 w 14.47 

Cu 0.04 Cu 7.19 

Co 0.03 Co 3.68 

Heat treated at 1100°C Ni 0.00 Ni 48.91 

for 16 hrs. Fe 0.20 Fe 20.74 

w 99.66 w 13.32 

Cu 0.09 Cu 13.57 

Co 0.05 Co 3.56 

% 
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Figure 25 Optical Micrographs Showing Microstructure of 
the Heat-Treated (a) W-10 Alloy and (b) W-3 Alloy, 



# 

# 

# 

66 

already heat treated once after sintering. 

In the case of the W-3 alloy, there are signifi- 

cant differences in the chemical composition in the matrix 

phase between the as-received and heat treated samples. 

Tungsten content in the matrix phase increased with 1 

hr heat treatment.  16 hrs heat treatment did not make 

further increase tungsten content in the matrix phase. 

The KISCC tests were conducted on the heat treated 

specimens in aerated 3% NaCl solution.  The results for 

the W-10 alloy are plotted in Figure 26.  No remarkable 

differences exist between the as-received and heat treated 

specimens.  At the open circuit potential, KjcCr 
was 16»0 

MPa/m and the crack growth rate in the plateau was 4.0x10  m/sec, 

In the case of W-3 alloy, there was not SCC propagation 

at open-circuit, anodic, and cathodic potentials. 

In order to study the effects of internal hydro- 

gen on the SCC behaviors, heat treatment was performed 

at 1100°C in hydrogen atmosphere for 1 hr.  According 

72 to Powell,   the diffusivity of hydrogen in 95 W-3.5 Ni- 

1.5 Fe alloy follows the following equation: 

D - 0.0057 exp (-10.8 kcal/RT). 

So, 1 hr is enough time for hydrogen to penetrate the 

specimen. 

The Kjcrr tests with the heat treated W-10 alloy 
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show remarkable changes in K_gcc and crack growth rate 

as presented in Figure 27.  At corrosion potential, KISrc 

was 12.6 MPa/m and the crack growth rate in the plateau 

was 1.3x10*  m/sec.  At -1.2 V vs. SCE, KISCC was 4.5 

MPa/m and the crack growth rate in the plateau was 1.5xl0~ 

m/sec as shown in Figure 28. 

The heat treated W-3 alloy did not show the 

SCC propagation at the open-circuit/ anodic, and cathodic 

potentials in the NaCl solution. 

4.1.4 Constant Load Tests 

Constant load tests on smooth tensile specimens 

of the W-3 alloy were performed in aerated 3% NaCl solution. 

Tensile stresses were applied using dead weight.  When 

the stresses of lower than 140 ksi were applied, fracture 

did not occur after 200 hr testing.  Optical microscopy 

showed that no crack was initiated on the specimen surface, 

and that thin oxide film was formed on the surface. 

However, at the stress of 140 ksi, the specimen 

was fractured in less than 1 hr.  It is thought that the 

sudden fracture occurred because the applied stress may 

be close enough to the ultimate tensile strength. 

4.1.5 SCC in Sulfide Cracking Solution 

The K_. vs. crack growth rate curves for the 

alloys in the NACE recommended sulfide cracking solution 

# 
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Figure 27  Influence of Heat Treatment in Hydrogen Atmos- 
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Figure 28      Influence of Heat Treatment in Hydrogen Atmos- 
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W-10 Alloy at -1.2 V vs. SCE in NaCl Solution. 
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are presented in Figures 29 and 30.  Heat treatment of 

the W-10 alloy in hydrogen atmosphere did not affect KISCC 

of the specimen, but resulted in faster crack propagation 

in the plateau region.  In the W-3 alloy, heat treatment 

in hydrogen atmosphere increased the crack growth rate 

and lowered K s  .  Heat treatment in Ar slightly increased 

both the crack growth rate and K -  .  However, the W-3 

alloy shows much higher KISCC and slower crack growth 

rate than the W-10 alloy. 

4.2   Fractography 

4.2.1  Effects of Polarization 

Fractographs for the W-10 alloy from the tension 

test are shown in Figure 31.  Failure occurred primarily 

by ductile rupture of the matrix with separation of 

tungsten-tungsten interfaces and cleavage of the tungsten 

grains.  In fact, tungsten-tungsten grain boundaries, 

cleavage of the tungsten particles, dimples in the matrix 

area, and secondary cracks are all present. 

In the precracked region, fracture predominantly 

occurs through tungsten-matrix interfaces, although cleavage 

of a tungsten grain is sometimes observed.  Most of the 

matrix phase has run out of this region, creating the 

interparticle voids as shown in Figure 32.  These voids 

may have played a role as initiation sites for fatigue 

pre-cracking. 
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Figure 29  SCC Behavior of the W-10 Alloy in Sulfide 
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Figure 32   Fracture Surface of the W-10 Alloy in the 

Precracked Region. 
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At the open-circuit potential and anodic poten- 

tials, cracks propagated by separation of tungsten-tungsten 

and tungsten-matrix interfaces, and ductile rupture of 

the matrix phase, as shown in Figures 33 and 34.  At -1.2 

V vs. SCE, cracks propagated by separation of tungsten- 

matrix and tungsten-tungsten interface, and cleavage of 

some tungsten grains, as shown in Figure 35.  Some secondary 

cracks also are visible.  In some cases (Figure 36), the 

localized nature of precipitate formation was confirmed 

by scanning electron microscopy.  Groups of tungsten parti- 

cles were observed to be covered with an apparently brittle 

film.  In these local areas, fracture appeared to occur 

along either the interface between the brittle film and 

the matrix phase or that between the tungsten particles 

and the precipitate.  The precipitate itself failed readily 

in an intergranular fashion.  In Figure 37, some precipi- 

tates also are visible in fractured tungsten-tungsten 

grain boundaries.  They have been identified as W(Ni Fe) 

intermetallic compounds and are responsible for embrittle- 

ment of tungsten heavy alloys, as shown by several inves- 

tigators.14'68 

Fractographs for a tensile specimen of the W-3 

alloy are shown in Figure 38.  Fracture occurred primarily 

by cleavage of the tungsten grains.  Some dimples in the 

matrix phase and interfaces of tungsten-tungsten are also 
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Figure 33   Fracture Surface of the W-LO Alloy Specimen Tested 
at the Open-Circuit Potential in 3% NaCl Solution. 
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Figure 34   Fracture Morphology of the W-10 Alloy Sample 
Tested at -0.2V vs. SCE in 3% NaCl Solution. 
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Figure 35   Fractograph of the W-10 Alloy Sample Tested at 
-1.2 V vs. SCE in 3% NaCl Solution. 
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Figure 36 Scanning Electron Micrographs of the W-10 Alloy 
Showing Regions of Brittle Interphase Boundary 
Precipitate Exposed on Fracture Surface. 
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Figure 37 Fracture Surface of the W-10 Alloy Showing Pre- 
cipitates Exposed on the Tungsten-Tungsten Gram 
Boundaries. 
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Figure 38 
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Fractographs for a Tension Specimen of the W-3 
Alloy Showing Dimples (A) and River Lines (B) in 
the Matrix, Cleavage of the Tungsten Particle (C), 
and the Tungsten-Tungsten Interfaces (D). 
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visible. 

In the precracked region, ductile rupture of 

the matrix with cleavage of the tungsten grains is pre- 

dominant (Figure 39).  Secondary cracks also are present. 

4.2.2 Effects of Hydrogen Catalyst 

In 3% NaCl solution containing 60 ppm of As, 

fracture of the W-10 alloy occurred through tungsten-matrix 

interfaces and tungsten-tungsten grain boundaries as shown 

in Figure 40. 

In 10% H2SO. containing 60 ppm of As, fracture 

occurred predominantly with the separation of tungsten- 

matrix interfaces and tungsten-tungsten grain boundaries 

although cleavage of a tungsten particle was visible as 

shown in Figure 41. 

As shown in Figure 42, fracture of the W-3 alloy 

occurred in 10% H-SO. containing 60 ppm of As primarily 

by cleavage of tungsten grains and dimple formation in 

the matrix. 

4.2.3 Effects of Heat Treatment 

As shown in Figure 43, fracture of the heat 

treated W-10 alloy in aerated 3% NaCl solution occurred 

with ductile rupture of the matrix, separation of tungsten- 

matrix interfaces and tungsten-tungsten grain boundaries. 

Cleavage of a tungsten particle also is visible. 



84 

# 

# 

# 

0. 2mm 

1 * 

Figure 39   Fracture Surface of the W-3 Alloy in the Precracked 
Region, Showing Ductile Rupture of the Matrix with 
Cleavage of the Tungsten Particles. 
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Figure 40   Fracture Appearance of the W-10 Alloy in 3% 
NaCl Solution Containing 60 ppm of As. 
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Figure 41   Fracture Morphology of the W-10 Alloy Tested at 
-1.2V vs. SCE in 10% H^SO, Containing 60 ppm of 
As. 

# 
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Figure 42  Fracture Appearance of the W-3 Alloy Tested at 
-1.2 V vs. SCE in 10% H2S04 Containing 60 ppm of 
As. 
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Figure 43   Fracture Morphology of the Heat Treated W-10 
Alloy  Sample Tested in 3% NaCl Solution. 
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4.2.4 Constant Load Tests 

Fracture morphology is similar to that of tension 

specimen tested in the air, as shown in Figure 44.  Fracture 

occurred by dimple formation in the matrix, cleavage of 

the tungsten grains, and separation of tungsten-tungsten 

grain boundaries. 

4.2.5 Sulfide Stress Cracking 

Fractographs of the W-10 alloy are shown in 

Figure 45. Although cleavage of some tungsten grains 

is visible, failure occurs primarily by separation of 

the tungsten-tungsten grain boundaries and rupture of 

the matrix. As shown in Figure 46, failure of the W-3 

alloy occurs mainly by cleavage of tungsten grains and 

dimple formation in the matrix. 
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Figure 44   Fracture Morphology of the W-3 Alloy Sample 
Tested in 3% NaCl Solution Under Constant Load 
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Figure 45   Fractographs for the W-10 Alloy Tested in the 
Sulfide Cracking Solution. 
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Figure 46 Fracture Appearance of the W-3 Alloy Tested in 
the Sulfide Cracking Solution. 
(a) Dimples in the Matrix. 
(b) Cleavage of the Tungsten Grains and Dimples 

in the Matrix. 



93 

# 

# 
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Figure 46 

# 

(d) 

Fracture Appearance of the W-3 Alloy Tested in 
the Sulfide Cracking Solution. 
(c) Higher Magnification of the Cleavage in (b 
(d) Higher Magnification of the Dimples in (b), 
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PART 5 

DISCUSSION 

5.1   Effects of Polarization 

The results show that the W-10 alloy is suscep- 

tible to SCC in aerated 3% NaCl solution, but that the 

W-3 alloy is not.  In both alloys, corrosion took place 

primarily in the matrix.  Under the open-circuit potential, 

the matrix and tungsten phases are thought to form an 

electro chemical cell, where the matrix serves as the 

anode and the tungsten grains as the cathode.  Hence, 

stress corrosion cracks propagate at the expense of active 

dissolution in the matrix. 

78 Roger  determined polarization curves of a 

W-3.5Ni-l.5Fe alloy in aqueous chloride solutions.  To 

fully explain the corrosion behavior of the alloy, he 

obtained polarization curves for its constituent phases: 

tungsten and Ni-24Fe-2lW alloy.  As shown in Figure 47, 

tungsten and the W-3.5Ni-l.5Fe alloy both show active- 

passive transitions with similarly shaped curves.  However, 

the Ni-24Fe-2lW alloy shows only active dissolution. 

Therefore, it was thought that the tungsten phases are 

responsible for the passive behavior of the two-phase 

alloys (W-3.5Ni-l.5Fe) and the matrix phases contribute 

to active dissolution behavior. 

94 
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Figure 47  Polarization Curves of W-3.5 Ni-1.5 Fe, W, 
and Ni-24 Fe-21 W exposed to 0. IM NaCl, pH=9:8 
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If SCC propagated by active dissolution in the 

matrix, susceptibilities of the alloys depend upon the 

proportion of the matrix area.  Volume fractions of the 

matrix phase in the alloys are about 20% in the W-10 alloy 

and about 5% in the W-3 alloy.  Since the W-3 alloy has 

a small matrix volume and high tungsten contiguity, cracks 

cannot grow even though severe dissolution occurs in the 

matrix area. 

Results of the influence of electrochemical 

polarization on the SCC of the W-10 alloy in NaCl solution 

suggest that both anodic and cathodic polarization can 

be detrimental. 

When a sample is anodically polarized from the 

corrosion potential, dissolution and oxidation are enhanced, 

The polarization creates a sufficient potential difference 

across the film to allow for outward migration of cations 

through the film.  Once this has happened, the film is 

destroyed, resulting in severe dissolution and therefore, 

faster crack propagation. 

Cathodic polarization decreases the free energy 

for dissolution and the oxidation reaction.  As the equili- 

brium potential is approached, the overpotential for oxide 

film growth decreases. 

Cathodic polarization also enhances both hydro- 

gen and oxygen reduction.  The rate of the oxygen reduction 

# 
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reaction quickly becomes diffusion limited with 200 mV 

of cathodic polarization.  Further polarization (at -1.0 

V vs. SCE) brings the hydrogen reduction reaction.  Since 

the rate of the hydrogen reduction reaction is governed 

by the hydrogen over potential, more negative cathodic 

polarization yields higher rate of hydrogen reduction, 

and therefore increases the hydrogen surface coverage. 

Results of polarization effects on the stress 

corrosion cracking behavior in aerated 3% NaCl solution 

are presented in Figure 16.  At -0.2 V vs. SCE, which 

is in the active dissolution region, KTSrc 
and tne cracJc 

growth rate remain the same as for the case of the open- 

circuit potential.  When the specimen was polarized to 

+0.2 V vs. SCE, which is in the passive region, KISCC was 

remarkably lowered while the crack growth rate in the 

plateau did not change.  When the specimen was polarized 

to -1.2 V vs. SCE, which is in the hydrogen evolution 

region, the crack growth rate in the plateau was increased. 

The constancy of the crack growth rate in the 

plateau is consistent with mass transport controlled reac- 

tions.  In other words, the rate limiting reactions in 

the plateau region are the same in all three cases of 

open-circuit potential and anodic potentials. 

The decrease in KISCC at +0.2 V vs. SCE can 

be explained by passive film formation on the crack surface. 

% 

% 
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For SCC propagation to occur by mechanisms involving inter- 

action of the alloy with the environment, film breakdown 

must occur.  Breakdown may occur in two ways:  (1) by 

chemical breakdown, and (2) by mechanical rupture.  Chemi- 

cal breakdown arises when pitting or crevice corrosion 

are initiated on filmed surfaces.  Mechanical rupture 

arises when slip processes in the adjacent metal break 

the film and expose fresh, unfilmed metal to the solution. 

In this alloy, pitting or crevice corrosion are not observed. 

Therefore, the passive film is thought to be ruptured 

by localized plastic deformation at the crack tip, per- 

mitting rapid anodic dissolution of the exposed matrix 

while the non-deforming crack walls remain protected by 

the film, as shown in Figure 3.  The potential difference 

between filmed and unfilmed surfaces could constitute 

a strong driving force for the dissolution. 

Furthermore, since anodic dissolution occurs 

only at the crack tip, sharp cracks can be formed and 

propagate at lower K_.  Hqwever, in the cases of -0.2 

V vs. SCE and open-circuit potential, general corrosion 

occurs not only at the crack tip but all over the crack 

surface, as shown in Figure 48.  Hence, the crack front 

is easily blunted, preventing crack from propagation even 

at higher K_. 

The increase in the plateau crack growth rate 
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Figure 48 Schematic of the Crack Blunting by Anodic Dissolu- 
tion in the Matrix of the Crack Surface Due to the 
Lack of Passive Film. 
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at -1.2 V vs. SCE results from different mass transport 

processes and kinetics.  At the open-circuit potential 

and anodic potentials, which are above the potential for 

hydrogen evolution, cracks propagate by the repetition 

of the following processes: 

(1) Oxidation of metals:  M -*- M++ + 2e~ 

(2) diffusion of oxygen into the crack 

(3) Oxygen reduction reaction: 

02 + 2H20 + 4e~ -► 40H~ 

(to consume electrons produced by reaction 

CD) 

(4) diffusion of M  out of the crack tip to 

expose fresh metal surface to the surface. 

At -1.2 V vs. SCE, the following processes are 

necessary for cracks to propagate: 

(1) diffusion of H  to the crack tip 

(2) adsorption of H:  H  + e~ -* H - aas 

(3) absorption of H:  H ,  ♦ Habs' 

(4) diffusion of H to the tungsten-matrix 

interface ahead of the crack tip. 

It is difficult to say which step is rate con- 

trolling for either case because of the lack of electro- 

chemical kinetic data for this system.  However, the case 

of transport of M  away from the crack tip limiting the 
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rate of anodic dissolution and transport of H  to the crack   *^ 

tip limiting the rate of hydrogen reduction and subsequent    ^^ 

interface embrittlement might explain the observed plateau 

crack growth rates.  The larger M  ion diffuses down the crack 

more slowly than the H  ion.  Therefore, the dissolution limit- 

ing rate is less than the hydrogen production limiting rate. 

Assuming that approximately equivalent extents of reaction 

result in equivalent crack advance, this means the limiting 

crack growth rate due to anodic dissolution is less than that 

for the case of hydrogen embrittlement. 

The result. Figure 49 indicates that the crack 

growth rate in the plateau region is independent of the 

specific anion present and its aggressiveness, when the 

specimen is cathodically polarized at -1.2 V vs. SCE. ^^ 

Thus, the presence of hydrogen in the specimmen may be suffi- 

cient to cause significant increase in the crack growth rate 

in the plateau region.  This result would be expected because 

film formation on the surface is impossible at that potential, 

and therefore a bare surface exists at the crack tip in both 

chloride and sulfate solutions. 

The immunity of the W-3 alloy to SCC in NaCl 

solution at anodic potentials is probably due to its 

small volume fraction of matrix phase and high tungs- 

ten contiguity.  Since the W-3 alloy has a much 

smaller  matrix  volume  and  higher tungsten 

% 
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Figure 49 K- - da/dt Curves Showing That Crack Growth Rate 
in the Plateau Region is Independent of the Specific 
Anion Present and its Aggressiveness, at -1.2 V 
vs. SCE. 
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contiguity, cracks cannot grow even though severe 

dissolution occurred in the matrix, as seen in Figure 19. 

Hence, cracks are blunted rather than advancing.  Electro- 

chemical polarization curve, Figure 14, also provides some 

explanation of the immunity.  Since the critical current 

density and current density at passivity is very high 

(about 100 times greater than for the W-10 alloy), passive 

film formation is very difficult and effectiveness of the 

passive film formed in preventing metal dissolution is 

poor.  Therefore, the film cannot serve as an effective 

barrier against Cl~, only severe dissolution occurs. 

The immunity of the W-3 alloy to SCC in NaCl 

solution at cathodic potentials may be related to the small 

matrix volume and the inability of the tungsten-matrix 

interfaces to accept hydrogen because of microstructural 

constraints.  Since the W-3 alloy has very small matrix 

volume and hydrogen diffuses mostly through the tungsten 

particles, as Powell pointed out, it is very difficult 

for the hydrogen to accumulate in the tungsten-matrix inter- 

faces to cause hydrogen embrittlement. 

Even if hydrogen may be concentrated in the 

interfaces and reduce their strength, cracks can not grow 

because of small tungsten-matrix interfaces. 

% 
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5.2  Effects of Hydrogen Catalyst 

The results (Figure 22) show that the addition of 

a hydrogen catalyst (As) to NaCl solution decreased KISCC 

of the W-10 alloy.  The decrease is of further significance 

because the hydrogen catalyst addition slowed the hydrogen 

evolution reaction, as shown in Figure 20.   Therefore, it is 

evident that the hydrogen catalyst increased the surface 

coverage of atomic hydrogen on the specimen, compensating the 

reaction rate decrease.  This increased atomic hydrogen on 

the specimen surface could also increase the rate of hydrogen 

permeation into the material. 

As seen in Figure 23, the W-10 alloy showed a 

lower K„cc in 10% H-SO. containing As than in 3% NaCl con- 

taining As.  Moreover, the W-3 alloy showed crack propagation 

only in 10% H2S04 containing As.  From these observations, it 

can be deduced that As acts as a more effective hydrogen entry 

catalyst in the acidic solution than in a neutral solution. 

5.3   Effects of Heat Treatment 

The experimental results show that the heat 

treatment in a hydrogen atmosphere decreased SCC resistance 

52 of the W-10 alloy.  It has been pointed out   that HE re- 

quires the development of a critical hydrogen concentration 

at the stress concentration sites.   It has also been 

# 
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18 19 ^fc, 
reported  '   that heat treatment in a hydrogen atmosphere    mL 

causes strength and ductility degradation of this alloy. 

Heat treatment in a hydrogen atmosphere will introduce 

a certain amount of hydrogen into the specimen.  Therefore, 

it takes shorter time for the heat treated specimen to 

attain the critical hydrogen concentration at the crack 

tip than for the as-received one, during the cathodic 

charging.  Therefore, the heat treated specimen exhibits 

faster crack propagation.  Furthermore, the dissolved hydro- 

gen embrittles the strength of the matrix-tungsten interfaces 

so that cracfcs can propagate at a lower K_. 

79 Since the solubility of hydrogen in tungsten 

80 

% 

is much lower than the solubility of hydrogen in nickel 

81 or iron,   hydrogen in this two phase alloy would probably 

be concentrated in the matrix phase and/or at the tungsten- 

matrix interfaces.  The presence of hydrogen at the inter- 

face is thought to reduce the strength of the interface, 

facilitating crack propagation.  This can be deduced from 

scanning electron fractography.  The as-received tension 

specimen failed by rupture of the matrix with cleavage 

of the tungsten grains and separation of tungsten-tungsten 

grain boundaries.  However, the hydrogen embrittled alloy 

failed by separation of tungsten-matrix and tungsten-tungsten 

interfaces and cleavage of some tungsten particles. 

When the matrix-tungsten interface is strong, 
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the matrix configuration around the tungsten particle is 

such that the matrix is put into a stress state with 

multi-axial components, as shown in Figure 50.  The flow 

stress in the matrix is thus raised as the result of this 

plastic constraint.  The strength increase and localized 

strain are sufficient to cause the tungsten particles to 

fail in transcrystalline cleavage.  As soon as a tungsten 

particle cracks, the crack acts as a sharp notch in the 

highly stressed matrix surrounding the particle, leading 

to a knife edge failure in the matrix. 

When the matrix-parti.de interface is weakened 

by hydrogen, however, there is an early separation of 

tungsten-matrix interfaces.  Tungsten contiguity leads 

to tungsten-tungsten grain boundary failure.  The matrix 

can neck down and rupture independent of the tungsten 

particles. 

5.4   Effects of Alloy Composition 

The heat treated W-3 did not exhibit SCC sus- 

ceptibility in NaCl solution, under any conditions, even 

though the chemical composition of the matrix was altered 

substantially, as seen in Table 4.  Hence, the SCC sus- 

ceptibility does not depend upon the chemical composition 

of the matrix produced by heat treatment. 

In an attempt to examine, the influence of overall 

tungsten content on SCC behavior, slow strain rate tests 
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Figure 50 Schematic Representation of Stresses Around a 
Tungsten Grain from the Matrix During Tensile 
Testing.3 
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were conducted on pure tungsten wire.  A description of 

experimental procedure and results are presented in Appendix 

I.  As shown in Table 5 and Figure 51, pure tungsten is 

immune to SCC in aerated 3% NaCl solution.  Therefore, 

the overall tungsten content in the alloy may be an important 

factor determining SCC susceptibility in NaCl solution. 

As seen in Table 3 and 4, the W-3 alloy has a 

considerable amount of copper in the matrix, but the W-10 

alloy does not.  Moreover, only the W-10 alloy exhibited SCC 

propagation in NaCl solution.  Hence, it is worthwhile to 

examine effects of copper on SCC behavior.  In order to quali- 

tatively examine, SCC initiation tests were conducted on 

the copper diffused W-10 alloy and heat treated W-10 alloy 

specimens.  Details of the experimental procedure and results 

are given in Appendix II and III.  At an applied K  of 

19.7 MPa/m, only the copper diffused specimen exhibited 

crack initiation and propagation in aerated 3% NaCl solu- 

tion.  The heat treated W-10 alloy did not exhibit crack 

initiation even at K_ of 35.0 MPa/m.  Crack initiation 

and propagation in the copper diffused W-10 alloy may occur 

by mechanical rupture of the copper layer at the root of 

the notch in the specimen.  Once this happens, cracks ini- 

tiate and propagate by dissolving the matrix.  The copper 

surface layer is thought to act as an efficient cathode, 

increasing the rate of matrix dissolution as compared to 
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specimens lacking the copper surface.  In addition the 

copper surface layer concentrates all of the anodic dissolu-  ^^ 

tion at the exposed matrix in the notch root.  Coupling 

the increased dissolution rate with the concentration effect 

leads to cracking by dissolution of the matrix at the notch 

root instead of general matrix attack seen in specimens 

without the copper surface. 

In the W-3 alloy, however, copper exists in 

the matrix as one component of a nickel based solid solu- 

tion.  There are no large clumps of pure copper to act 

as efficient cathodic sites.  Since the copper is equally 

distributed throughout the matrix, there is no concentration 

of the anodic dissolution reaction to any particular region 

of the matrix.  As a result, only extensive general attack 

of the matrix is observed. 

% 

5,5   Sulfide Stress Cracking 

The results, Figures 29 and 30 show that both 

the W-10 and W-3 alloys are susceptible to SCC in the sulfide 

cracking solution.  Sulfide stress cracking of the W-3 

alloy occurs primarily by cleavage of the tungsten grains 

and dimple formation in the matrix, whereas the fracture 

morphology of the W-10 alloy remains the same as that observed 

in aerated 3% NaCl solution.  Although the W-3 alloy shows 

crack propagation, it has a much higher K s   and slower 

crack growth rate than that of the W-10 alloy. 
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It has been suggested that sulfide stress cracking 

82—85 is a form of hydrogen embrittlement    .  hydrogen is 

present due to the corrosion of the alloy in the acidic 

environment.  At the corrosion potential, the dissolution 

of the matrix, 

M -► M++ + 2e 

is accompanied by the cathodic reaction, 

- H2(g) 

*  2H 

2H+ + 2e~ * 2Hads 

abs 

The hydrogen atoms which are produced at the specimen sur- 

face may recombine to form H2 or may be adsorbed by the 

specimen as atomic hydrogen.  It is also suggested that 

the H2S acts to poison the recombination reaction, thus 

facilitating hydrogen entry. 

In both alloys, cracks are thought to propagate 

as a result of hydrogen embrittlement where the hydrogen 

was made available by an H2S corrosion.  H2S is thought 

to enhance dissolution of the alloy, and increases the 

relative amount of hydrogen absorption. 

In the W-10 alloy, hydrogen may accumulate in 

the tungsten-matrix interfaces near the crack tip and reduce 
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the strength of the interfaces.  Hence, cracks propagate 

along the phase boundaries.  In the W-3 alloy, hydrogen 

may accumulate in internal pores and form high pressure 

bubbles.  The high pressure bubbles exerts an internal 

stress to assist fracture. 

5.6   Mechanisms 

Optical micrograph, Figure 17 and fractographs, 

Figure 33 strongly suggest that SCC of the W-10 alloy at 

the open-circuit potential in NaCl solution occurs by dissolu- 

tion of the matrix.  The matrix and tungsten phases are 

thought to form an electrochemical cell, where the matrix 

serves as an anode and the tungsten grains as a cathode. 

Hence, stress corrosion cracks propagate at the expense 

of active dissolution in the matrix.  Small matrix volume 

fraction and high tungsten contiguity in the W-3 alloy 

prevents cracks from growing even though severe matrix 

dissolution occurs. 

The observed susceptibility of both alloys to 

cracking in the NACE recommended sulfide cracking solution 

and when cathodically charged in 10% H2S04 with As indi- 

cates that both alloys are highly susceptible to hydrogen 

embrittlement.  Scanning electron fractographs, Figures 

41 and 45 show that fracture of the W-10 alloy occurred 

primarily by separation of the tungsten-matrix interfaces. 

This means that dissolved hydrogen may be concentrated 
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at the interfaces in the vicinity of the crack tip by lat- 

tice diffusion, dislocation sweeping, and the large amount 

of deformation associated with crack tip stress and strain 

concentrations.  When the concentration at the interface 

reaches a critical concentration, it reduces the strength 

of the interface, facilitating crack propagation. 

Fractographs of the W-3 alloy, Figures 42 and 

46 demonstrate that crack propagation of the alloy pro- 

ceeded primarily by dimple formations in the matrix and 

cleavage of the tungsten particles.  Therefore, it is sug- 

gested that hydrogen may accumulate in internal microvoids 

and form high pressure hydrogen bubbles, exerting an internal 

stress to assist fracture of the alloy. 

In summary, the following mechanisms are sug- 

gested for the alloys: 

1) Anodic dissolution mechanisms: 

For the W-10 alloy at the open-circuit 

potential and anodic potentials in NaCl 

solution. 

2) Hydrogen embrittlement (Decohesion model): 

For the W-10 alloy in the NACE sulfide 

cracking solution and when cathodically 

charged in NaCl solution and 10% H-SO- 

solution containing As. 

# 
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3)  Hydrogen embrittlernent (High pressure bubble 

formation model): 

For the W-3 alloy in the NACE sulfide 

cracking solution and when cathodically 

charged in 10% H2S04 solution containing 

As. 

% 
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PART 6 

CONCLUSIONS 

1. In the W-10 alloy, SCC in 3% NaCl solution 

propagates  with separation of tungsten-tungsten interfaces 

and ductile rupture of the matrix.  However, the W-3 alloy 

is not susceptible to SCC in NaCl solution. 

In both alloys, severe corrosion takes place 

primarily in the matrix area.  The matrix and tungsten 

phases are thought to form an electrochemical cell, where 

the matrix area serves as the anode and the tungsten grain as 

a cathode.  Hence, stress corrosion cracks propagate at the ex- 

pense of active dissolution in the matrix.  Since the W-3 

alloy has a small matrix volume and high tungsten contiguity, 

cracks cannot grow even though dissolution occurs severely 

in the matrix area. 

2. Under constant loading condition, the W-3 

alloy does not show crack initiation and fracture until 

a load level of the order of the UTS is applied. 

Under slow strain rate testing in NaCl solution, 

pure tungsten shows the same stress-strain curve as in 

air.  Therefore, tungsten contiguity is thought to be a 

very important factor determining SCC susceptibility in 

NaCl solution.  The higher is tungsten contiguity of the 

material, the less susceptible it is to SCC. 

3. Polarization lowers resistance of the W-10 
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alloy to SCC in NaCl solution.  Cathodic polarization in-    ^ 

creases the crack propagation kinetics substantially when     ^W 

compared to the open-circuit potential.  Thus, this alloy 

is believed to be highly susceptible to HE, although the 

fracture morphology remains unchanged from SCC. 

Polarization does not cause SCC propagation of 

the W-3 alloy in NaCl solution. 

A.     The addition of a hydrogen catalyst (As) in the 

NaCl   solution further decreases the SCC resistance of 

the W-10 alloy but does not bring crack propagation of 

the W-3 alloy. 

5. Heat treatment in a hydrogen atmosphere increases 

SCC susceptibility of the W-10 alloy, whereas heat treatment 

in argon has no effect on SCC susceptibility. 

Heat treatments of the W-3 alloy do not result 

in crack propagation in 3% NaCl solution even though the 

chemical compositions in the matrix were substantially 

altered. 

6. Copper in these alloy systems has a deleter- 

ious effect on SCC resistance. 

7. Both the W-10 and W-3 alloys are susceptible 

to SCC in the sulfide cracking solutions, and also show 

SCC propagation when cathodically charged in 10% H-SO. + 

As. 

In these solutions, SCC of the W-3 alloy occurs 

% 
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primarily by cleavage of the tungsten grains and dimple 

formation in the matrix, whereas the fracture morphology 

of the W-10 alloy remains the same as that observed in 

NaCl solution.  Although the W-3 alloy shows crack propaga- 

tion, it has a much higher KISCC and slower crack growth 

rate than that of the W-10 alloy. 

Both alloys are thought to be susceptible to 

HE in these solutions. 

# 



PART 7 

SUGGESTIONS FOR FUTURE WORK 

It is suggested to perform SCC tests with 

a series of tungsten heavy alloys having same alloying 

elements but different compositions. 

• Study effects of compositions on the SCC 

susceptibility. 

• Study the dependence of SCC susceptibiltiy 

on the matrix volume fraction. 

• Study    post-sintering heat treatment 

effects. 

• Perform both constant displacement and 

constant load tests on the modified WOL 

specimens of the same general design. 

• Compare the KISCC value and crack growth 

rate performance. 

% 
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PART 9 

APPENDIX I 

SLOW STRAIN RATE TESTS 

In an effort to examine overall tungsten content 

influence on the SCC behavior, slow strain rate tests were 

conducted on pure tungsten wire.  The material was pur- 

73 chased from Alfa Products.  For stress relieving,   the 

wire was heat treated at 1040°C in argon atmosphere for 

1 hr, and furnace cooled. 

Diameter and gage length of the wire specimen 

was 0.75 mm and 2.8 in, respectively.  Specimens were 

loaded at a strain rate of 40xl0~ s" to 100 lbs. and 

than to fracture at the constant strain rate of 4xl0~ 

s  .  The tests were performed in the air as a baseline 

and aerated 3% NaCl solution. 

The test results are summarized in Table 5, 

and the stress strain curves are presented in Figure 51. 

No significant differences exist between the two test 

results. 
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Table 5 

Results of Slow Strain Rate Tests on Pure Tungsten 

Test Media   OTS    YS     Elongation      Time to 
(ksi)  (ksi)       (%)       Failure (hrs.) 

Air 182    152        5.1 4.3 

3% NaCl       179    147        5.1 4.3 

% 

% 
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APPENDIX II 

CRACK INITIATION TESTS 

In order to qualitatively examine copper effects 

on the SCC behavior, SCC initiation tests were conducted 

74 on the W-10 alloy specimens.  Electroplating  of copper 

was performed on the modified WOL specimen until the final 

electroplated copper layer was 1 mil thick.  The electro- 

plating condition is described in Appendix III. 

Following the electroplating, heat treatment 

was carried out to diffuse copper into the base material 

at 1050°C for 120 hrs in the evacuated silica tube. 

Since copper has diffusion coefficient of 10   cm2/sec 

in this alloy system at 1050°C.  Since the resulting depth 

of copper penetration is so shallow (about 40 urn), the 

remaining copper layer on the specimen was removed electro- 

chemically. 

To see the copper effects only on the SCC initia- 

tion behavior, tests were performed on both the copper 

diffused W-10 alloy specimen and the W-10 alloy which was 

heat treated at the same condition.  If there was no initia- 

tion at a K_ after 200 hrs testing, tests were performed 

at higher K.. until the crack initiates. 

At the applied K_ of 19.7 MPa/m , only the copper 

diffused specimen showed crack initiation and propagation 

in less than 20 hours in aerated 3% NaCl solution.  Optical 
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micrograph of the specimen is shown in Figure 52.  Figure 

53 shows the fractography of the specimen.  Fracture occurred 

through separation of tungsten-matrix interfaces and rupture 

of the matrix.  Existence of Cu on the fracture surface 

was confirmed by EDAX, as shown in Figure 54.  The heat 

treated W-10 alloy did not show crack initiation even at 

the Kz  of 35.0 MPa/m. 
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Figure 52 Optical Micrograph Showing Crack Initiation and 
Propagation of the Cu Diffused W-10 Alloy in 3% 
NaCl Solution. 

# 



* 

# 

130 

Figure 53   Fracture Appearance of the Cu Diffused W-10 Alloy 
Specimen Tested in 3% NaCl Solution. 
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(a) 

Figure 54 

(b) 

EDAX Spectrum of (a) the As-Received W-10 Alloy 
and (b) the Cu Diffused W-10 Alloy. 
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APPENDIX III 

COPPER ELECTRODEPOSITION 

Copper electrodeposition are usually performed 

in two separate steps:  strike coating in dilute cyanide 

bath up to about 0.1 mil thickness, and plating in the 

high concentration bath. 

Before being coated, mechanically polished speci- 

men was cleaned in acetone and distilled water.  Strike 

coating of copper on the specimen was carried out in dilute 

cyanide bath whose compositions are listed in Table 6. 

Operating conditions of the bath are also listed in Table 

6.  Following the strike coating, about 1 mil of copper 

was electroplated in the copper sulfate bath.  Compositions 

and operating conditions of the bath are shown in Table 

7. 

* 
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Table 6 

Compositions and Operating Conditions of 

Dilute Cyanide Bath 

# 

Compositions: 

Cuprous cyanide 22.5 g 

Sodium cyanide 34.0 g 

Sodium carbonate 15.0 g 

Distilled water 1000 ml 

Operating Conditions: 

Current density 0.2 A/dm2 

Temperature 30 to 40°C 

Cathode Specimen 

Anode Copper 

# 
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Table 7 

Compositions and Operating Conditions of 

Copper Sulfate Bath 

Compositions: 

Copper sulfate 250.0 g 

Sulfuric acid 75.0 g 

Distilled water 1000 ml 

Operating Conditions! 

Current density 2-4 A/dm1 

Temperature Room temperature 

Cathode Specimen 

Anode Copper o 
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