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CHANGES IN MICROSTRUCTURE, HARDNESS, AND ELECTRIC CONDUCTIVITY 

DURING CREEP IN HEAT-RESISTANT GRADES OF STEEL 

V. S, Ivanovaj I. A. Odlng 

One of the essential aspects of the problem of heat resistance 

Is the question of the role of Inter and Intragranular plasticity In 

metallic creep.  But there Is not yet any agreement on the Impor- 

tance of either of these forms of plasticity In any particular phase 

of creep.  Some assume that Intergranular plasticity plays the most 

essential part In the first phase of creep, other relate this role 

to the second (sustained) phase.  Finally, there are opinions hold- 

ing that the processes of Inter and Intragranular plasticity take 
r 

place simultaneously In all phases of creep, even the third, and that 

only the quantitative relations between them may vary with the 

conditions of the experiment. 

At present, the role of Inter and Intragranular plasticity is 

under study, mainly for pure metals; it Is therefore Interesting to 

trace to what extent such plasticity appears in the creep of heat- 

resistant grades of steel.  For this purpose three grades of austen- 

itic steel and, for comparison, Armco iron (of standard chemical 

composition) were Investigated. 

Austenltlc steels were Investigated In the quenched state 
( 
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(cooled from 1150° In water), and Armco Iron In the normal state 

(950°). Figure 1 shows a photomicrograph of EI257 steel after 

creep testing for 58 hours at a temperature of 575°, under a stress 

of 12 kg/mm2.  The total deformation amounted to 0.2%.     The micro- 

section was*photographed using light from an oblique angle, which 

made It possible to make the Intergranular character of the de- 

formation clearly visible. The black shadows on the grain boundaries 

characterize quite clearly the relative displacement of the grains. 

This deformation even lends itself to quantitative measurement, for 

which McLean has developed a method [l]. 

Using an Interference microscope, McLean measured the protrusion 

of the grains from the surface and conjectured from this quantity 

what part of the plastic deformation was due to the relative dis- 

placement of the grains themselves.  Although this method Is not 

very precise. It Is, for the time being, the only one existing for 

the determination of the quantitative contribution of intergranular 

plasticity to the overall creep deformation.  It enables us to 

establish that intergranular plasticity starts at the very beginning 

of the creep process and continues through the second amd third 

sections of the creep curve. 

However, it is not only through relative displacement of the 

grains that intergranular plasticity Is made apparent.  Figure 2 

shows a photomicrograph of Armco iron before (a) and after (b) 

creep testing at a temperature of 450°, under a stress of 15 kg/mm2, 

and with a test duration of 1,200 hours.  In this case, intergranular 

plasticity became apparent through recrystallization.  Owing to the 

displacement of dislocations at the grain boundaries, there was a 

considerable growth of the grains; this growth also took place at a 
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lower temperature (400°), though with less efficiency. These 

data show that under pressure the process of grain growth may take 

place at lower temperatures than the ordinary recrystalllzatlon 

temperature.  Consequently, Intergranular plasticity In the process 

of creep may become apparent through a recrystalllzatlon process: 

the displacement of grain boundaries. 

? iiy 
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Fig. 1.  Mlcrostructure of 
EI257 steel after creep 
testing (x 200) . 

o 

If creep testing Is carried out under other condition, for 

example, under lower stresses, we may observe that, besides causing 

grain enlargement, creep also causes grain breakdown, while the new 
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boundaries In Armco Iron appear In a very singular way.  Figure 3 

shows the mlcrostructure of Armco Iron after creep testing at a 

temperature of 400°, under a stress of 6 kg/mm2, and with a test 

duration of 1,000 hour.  The arrows In this photomicrograph show 

the new boundaries which have appeared as pointlike formation that 

are corroded concavities at the spots where the dislocations appear 

on the surface of the mlcrosectlon.  Later on, these polntllke 

boundaries become continuous boundaries as a result of the appearance 

of new dislocations and the reduction of the distances between them. 

mm m 
WlflMW m 

e 

Pig. 2.  Mlcrostructure of Armco 
steel (x 200) . 

Thus, we may state that In creep two processes take place 

In opposite directions:  one, connected with the enlargement of the 

grains. Is a process of recrystalllzatlon by the mechanism of 

plasticity, while the other. Involving breakdown of the grains, 

-4- 
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Is a polygonlzatlon process.  Depending on the relative efflclencleo 

of the two processes, it Is possible to give the metar a smaller or 

larger grain at the end of the test. 

According to our observations, the polygonlzatlon process be- 

comes most effectively apparent at lower temperatures and under 

lower stresses.  It is still impossible, however, to draw a sharp 

line between the conditions for grain growth or breakdown during 

creep. 

During the testing of EI452 steel, we succeeded in bringing to 

light the following aspect of intergranular plasticity as well 

(Fig. 4).  There were a great number of twins in the initial 

structure (a).  During the creep process they gradually disappeared 

(b), so that after 1,000 hr of testing there were no twins at all 

left in the structure, but signs of recrystallization did appear (c) . 

Consequently, plastic deformation in creep may take place not only 

through twinning, but also through Its disappearance.  So far, the 

details of mechanism plasticity remain unclear. 

Thus, intergranular plasticity during creep of heat-resistant 

grades of steel shows up quite clearly. 

It is considerably more difficult to expose the intragranular 

processes taking place during creep In these steels. 

With small creep deformation (0.2 to 0.3^ and sometimes more) 

it is impossible to observe the shear lines inside the grains by 

means of an ordinary optical microscope.  The question then arises 

whether plastic deformation takes place in the grains themselves 

during the process.  At the present time, there Is a hypothetical 

concept—the so-called "fine slip" (homogene Gleitung) which has been 

interpreted as local slip with a low degree of displacement on the 
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given slip plane.  The nature of this slip has been barely Investi- 

gated so far. 

The mechanics and nature of shear processes that result In slip 

lines visible In an ordinary metallographlc microscope have been 

comparatively well studied.  It has been established that this type 

of slip Is accompanied by changes in the mlcrohardness, electric 

conductivity, and other physical characteristics of the metal. 

We Investigated the changes In mlcrohardness and electric 

conductivity after creep testing for a certain time,* for the purpose 

of studying these characteristics during creep and for verifying the 

fundamental assumptions of the dislocation theory of creep, which has 

been promulgated by one of the authors [2].  The measurements of 

mlcrohardness and electric conductivity were carried out at room 

temperature.  The basic postulate of the dislocation theory of creep 

was that the rate of creep is proportional to the number of the dis- 

locations at a given Instant of time t: 

m vD = Aw0 (1 + at). 

where A, a, \i0  and m are coefficients that depend on the nature of 

the metal and the conditions of the experiment. 

Changes in the dislocation density (i.e., the number of dis- 

locations per unit of volume of the metal) must, of course, result 

in changes In the mlcrohardness and electric conductivity.  If 

* The experimental part of the work was carried out by L. K. 

Gordiyenko on a device developed by him. 
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Fig. J.  Mlcrostructure of Arraoco 
Iron after creep testing. 

the dislocation density Increases during the creep process, the 
■ 

rate of creep must Increase; In this case the hardness Increases 

and the electric conductivity decreases; the reverse Is also 

possible.  However, while Investigating this problem with a metal 

that is supersaturated solid solution, we must also take other 

factors into account, namely: during the first stage of aging, such 

a solution will Increase its hardness but, at the same time, the 

rate of creep must decline; in the second stage, during the coagula- 

tion of the secondary phases, the hardness of the metal must decrease 

whereas the rate of creep must Increase.  Moreover, the first stage 

of aging must result in the decline of the electric conductivity, 

while coagulation leads to Increase in electric conductivity. 

-7- 
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Pig. 4.  Mlcrostructure of EI432 steel 
(x 200) .  T - 600°; a = 20 kg/mm2. 
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Pig. 5-  Curves showing creep (a) and 
changes In mlcrohardness (b) for EI257 
steel. 
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Let us consider to what extent all this corresponds to the 

experimental data.  Figure 5 shows the creep curve of EI257 steel 

obtained from testing at a temperature of 575° uder a stress of 

15 kg/mm2.  This curve reflects a slowly vanishing cross section. 

The same figure shows curves characterizing the changes In micro- 

hardness of the metal during creep.  The mlcrohardness was measured 

on twenty grains, and the results of these measurements were ex- 

pressed In curves of recurrence.  It Is easy to see that with the 

Increase of the testing time., a decline In hardness takes place to- 

gether with a decline in the rate of creep, which fits In well with 

the dislocation theory. 

Figure 6 shows the creep curve as a function of Its Increase In 

rate for £1595 steel tested at a temperature of 575° and under a 

stress of 25 kg/mm2. 

c,% 
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Fig. 6.  Curves showing creep (a) and 
changes In mlcrohardness (b) for EI595 
steel. 
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Fig. 7.  Curves showing creep (a) and 
changes In mlcrphardness (b) for EI432 steel. 

According to the above-mentioned theory^ the Increase In rate of 

creep should be accompanied by an Increase In dislocation density and, 

consequently,, by an Increase In the hardness of the metal.  As Is 

seen from Figure 6, hardness-distribution curves of the metal be- 

fore and after testing for 2,500 hr show a very clear Increase In 

hardness, which again confirms the above-mentioned dislocation 

theory. 

Figure 7 shows the creep curve of El 452 steel, tested at 600° 

under a stress of 25 kg/mm2. In the given Instance, and Increase In 

the rate of creep Is accompanied by a considerable Increase In 

mlcrohardness.  The distribution curve becomes diffuse and extends 

toward the higher hardness values. 

Very interesting test results are given in Figure 8 for EI395 

steel, tested for creep at a temperature of 575° under a stress of 

22 kg/mm .  As is known, this steel is characterized by a great 

■10- 



r tendency toward aging.  In the first section, approximately up to 

4,000 hr, the creep curve tends to vanish, while hardness Increases, 

as Is clear from the curve of recurrence.  After the aging has 

terminated the dislocation processes, which cause considerable 

resoftenlng, become of marked Importance.  These processes are also 

accompanied by fading creep (see Fig. 8, section from 5^000 to 8,000 

hr).  Thereafter the process of accelerated creep begins; this re- 

sults in a marked Increase In mlcrohardness.  Consequently, the 

fundamental assumptions of the above-mentioned theory are also re- 

flected In this very complex case. 
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Fig. 8.  Cijrves showing creep (a) and 
changes In mlcrohardness (b) of El 595 
steel. 

( 

We can obtain an analogous pattern by measuring the electric 

conductivity.  Figure 9 gives the creep curve of EI432 steel tested 

at a temperature of 600° under a stress of 20 kg/mm2; it also gives 

the curve showing changes"In electric conductivity.  Up to 500 hr, 

creep proceeded at a decreasing (or uniform) rate.  The dislocation 

■11- 



density declined while electric conductivity Increased.  Creep 

then began to appear at a rate Increasing with time (the so-called 

third stage), which, according to our theory, was caused by the In- 

crease In dislocation density. This Increase was reflected in the 

marked decline of the electric-conductivity curves. 

e,% 
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Pig. 9.  Changes in electric conductivity 
of EI432 steel during creep. 

The increase in electric conductivity in the first section of 

the creep curves can also be seen In Figure 10 which shows curves of 

electric conductivity and creep for the same steel tested at a 

temperature of 600° under a stress of 22 kg/ram2.  A higher stress 

reduced the section of fading creep and from the beginning of the 

portion of accelerated creep, electric conductivity again began to 

decline. 
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Flg. 10.  Variations in electric con- 
ductivity of EI452 steel during creep. 

Conclusions 

1. Creep occurs at all stages as a result of intergranular as 

well as intragranular plasticity.  Intergranular plasticity may 

become apparent by simple relative displacement of the grains with 

their protrusion on the surface of the mlcrosection or by recrystal- 

llzation and polygonlzation processes, or else through a special 

mechanism resulting in the disappearance of twins.  The quantitative 

determination of intergranular plasticity is so far possible only in 

the case of relative displacement of the grains. 

2. The measurement of microhardness and electric conductivity of 

test pieces subjected to creep showed that the processes of Intra- 

granular plasticity play a very effective part during creep. 

3. The data obtained on the changes in electric conductivity and 

microhardness of test pieces during the process of creep agree very 

well with the dislocation theory of creep in metals. 

( 
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CERTAIN PROBLEMS IN THE THEORY 

OP HEAT RESISTANCE 

M. V. Prldantsev 

Heat resistance. I.e., the resistance of a material to small 

plastic deformation, is determined by many factors, among which, 

in the case of metals, we should mention the following:  the energy 

level of the interatomic bond; the strength of this bond in the 

crystal lattice, an indication of which is given by such constants 

(for metals) as the melting point, the heat of sublimation, the 

characteristic temperature, the parameters of self-diffusion, the 

recrystallization temperature, etc.; structural factors, by which 

we mean—In the case of metals (not alloys)—the sizes of the grains 

and blocks and the state of their boundaries, the degrees of im- 

perfection of the crystal lattice, the number and density of dis- 

locations and impurities at the grain boundaries. 

The same factors are characteristic of steels and alloys with 

relatively stable solid solutions, in addition to the following: 

the diffusion parameters of the solute atoms of the alloying elements 

and admixtures, the thermal stability of the carbide phase and the 

structural stability in relation to the redistribution of the 

alloying elements between the solid solution and the carbide phase, 

and the growth and distribution of the latter. 

O 
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The heat resistance of steels and alloys with unstable solutions 

and those which are aging Is determined by the same factors described 

above as well as by the bond energies In chemical compounds(Inter- 

metalllc compounds, carbides, nitrides) and the related temperatures 

of formation and coagulation of the strengthening phases coexisting 

with the solid solution; by the temperature of dissociation of the 

phases and their solutions; and also by additional structural factors 

among which are the quantity and distribution of the strengthening 

phases, the eventual formation of new phases (for example, a and a 

phases) and other structual changes. I.e., the degree of stability 

of the structure in time at working temperatures. 

At present time, we lack sufficient experimental data on the 

bond strengths in the crystal lattice or on the very interesting 

constants related to them.  Hence, it Is not clear as yet to what 

extent they play a determining role in the heat resistance of steels 

and alloys.  All known experimental data show that for the majority 

of the heat-resistant steels and alloys in use (comparing the same 

base), the structural factors and the role of the grain boundaries 

are decisive, i.e., they substantially Increase the heat-resistant 

properties.  It Is definitely established that a certain part and, 

when the base is chosen, the determining part is played by the bond 

strengths in the crystal lattice of the solid solution and also in 

the strengthening phase. 

For metals at temperatures above the recrystalllzatlon 

temperature, at which there is a rapid return of the properties of 

a deformed metal (above 0.45 t),  we observed close agreement between 

the activation energy for creep and such constants as the activation 
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energy for self-diffusion and the melting point.  We also noticed a 

connection between the activation energy for creep In a metal and 

the atomic number. 

Research [l] shows the direct relationship between the activa- 

tion energy for self-diffusion and the activation energy for.creep 

In certain metals:  these quantities proved to be almost equal.  It 

follows, therefore, that the factors conditioning the rate of self- 

diffusion are also the factors controlling the rate of metallic 

creep under the given temperature conditions.  The relationship 

obtained In this study, between the activation energy for creep and 

the activation energy for self-diffusion for zinc, lead, aluminum, 

copper, gold, and iron, is given in Figure 1. 

SO 
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> 
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Fe / 
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/«Cu 

Zn. 

Al«/ 

/ 
Pb 

ZO      1,0      so      so 
Q COMOducppylUU, KHUJI/HOJIb 

Fig. 1.  Relationship between 
the activation energy for creep 
and the activation energy for 
diffusion. 

o 

In the same work, the authors, make the assumption that the 

activation energy for creep in metals at temperatures above 0.45 tm 

is a periodic function of the atomic number.  The authors draw this 

conclusion from data on the activation energies for creep and the 

activation energies for self-diffusion for a series of metals with 

respect to their atomic numbers.  These data show that alkali and 
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alkali-earth metals have the lowest activation energies for creep, 

whereas elements located In the middle of each period have the 

highest activation energies for creep and self-diffusion. 

Howeverj the influence of the structural factor on the activat- 

ion energy for creep is not taken into account In this periodic law. 

It also follows from this law that all metals having higher melting 

points have higher activation energies for creep.  It is known that 

temperatures below 0.45 t these laws do not apply to metals since, 

during the deformation process of creep, particularly if there is 

an Increased rate and considerable deformation, structural changes 

in the metal take place in time; these changes, in turn, change the 

values of the constants related to creep.  With relatively pure 

metals, a structural factor begins to operate at these temperatures. 

This factor varies with time in its influence on the creep process, 

i.e., with increased deformation. 

With heat-resistant steels and alloys of pearlltlc as well as 

austenltlc types, we do not observe such conformity with the law 

either at temperatures slightly below 0.45 tml   or even at higher 

temperatures, since the influence of the structural factor is mani- 

fested in both cases and is most considerable in the case of steels 

and alloys.  The literature contains ample data on the Influence 

of the structure of steel (using the word structure in a broad sense) 

on creep, long-time strength, and plasticity under protracted stress, 

which confirm these assumptions. 

In this connection, the more interesting constants of heat- 

resistant materials related to creep processes should be studied 

not only for the materials in the original state but also after 

various test durations, in order to establish laws for the variations 

-18- 
:i 



of constants of various groups of steels and alloys and to take 

the structural factor Into account.  It Is particularly necessary 

to study the constants (for example, bond strengths, parameters of 

diffusion, self-diffusion, etc.) at actual working temperatures of 

the metals. 

Many researchers represent creep as a complex process consisting 

of two alternating processes—the strengthening of the metal as a 

result of deformation, and resoftening—taking place in time under 

prescribed conditions of stress and temperature.  Depending on the 

temperature at which creep occurs—below or above the recrystalliza- 

tion temperature—resoftening is considered the result of recovery 

relaxation.  This interpretation is quite probable and is admissible 

under the test temperature conditions at which these processes can 

take place.  The role of these processes becomes particularly 

obvious in the investigation of creep in lead and alloys at tempera- 

tures above the recrystalllzation temperatures. 

200    M    iOO    500    600     700    000    900 
fffle**, vac 

Fig. 2. Creep curves of St 70 wire, with 
a periodic section.  1) Cold-drawing; 
2) cold-drawing tempering, 225° 6 hr; 
3; cold-drawing and tempering 450° and 
10 sec. 

-19- 



When applied to many steels and alloys, this concept Is contrary 

to the experimental facts, which show that the phenomenon of creep ( 

Is observed not only at temperatures considerably above the recrystal- 

llzatlon or recovery temperature but also at normal temperatures at 

which these processes practically never take place. The recrystalliza- 

tion temperature and the temperature limits for recovery are not 

fixed for a given metal or alloy; they depend also on the duration 

of the temperature influence on the metal. 

It Is often assumed that creep In carbon and alloyed pearlltic 

and austenitic steels and alloys begins only at a certain temperature. 

It is known however, that the yield point and proportional limit, 

determined not only at increased temperatives (considerably lower 

than the recrystallization temperature) but also at normal tempera- 

tures, depend on the rate of elastic deformation, i.e., on the rate 

of increase of stress during static testing and on the accuracy of 

the determination.  The processes of creep and relaxation are also 

observed at normal temperatures.  From experience in the use and in- 

vestigation of highly resistant wire used for ferroconcrete and for 

piano wire, we know of processes of creep and recovery which take 

place in time at normal temperatures and under stress below the yield 

point, and where the proportional limit is determined from static 

experiments.  For example, the work of I. A. Yukhvets, carried out at 

the TsNIIChM*, has shown that a cold-drawn wire made of steel 70, 

with a periodic section and nominal diameter of 4 mm, exhibited 

marked creep when tested for a period of 1,000 hr, both without 

* Central Scientific Research Institute of Ferrous Metallurgy 
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c 
subsequent tempering and after tempering (225 and 450°), under a 

tension amounting to 70^ of the tensile strength.  The lowest rate 

of creep was observed In wire subjected to tempering at 450°, and 

the highest In a cold-drawn wire (Pig. 2). 

TABLE 2 

al and as (kg/mm
2) of Wire made of Steel 70 (~ 0.7%  C and ~ O.hfo  Mo) , 

Nominal d = 4 mm. Before and After Creep Testing at Normal Tempera- 

ture and Stress a = 70^ of aB» 

State of wire during test ^B CT0.1 a0.01 a0.005 | 

Cold-drawn before creep testing 172.0 128.4 80.5 72.3 

Same., but after creep testing at 
a  = 120 kg/mm2 for 1,000 hr 172.0 142.0 113.0 101.0 

Cold-drawn and tempered at 225° 
for 6 hr before creep testing 173.8 153.3 128.8 124.0 

The same, but after creep testing 
at o =121 kg/nun^ for 1,000 hr 174.0 149.5 124.5 118.5 

Cold-drawn and tempered at 450° 
for 10 sec before creep testing 164.0 144.0 124.5 120.3 

The same, but after creep testing 
at a = 115 kg/mma for 1,000 hr 167.0 138.5 120.0 116.5 

( 

Table 1 shows the tensile strength and yield point (a0 1, a 

and OQ QQC) of a wire made of steel 70 (with a periodic section and 

a nominal diameter of 4 mm) In a cold-drawn state with and without 

subsequent tempering at the given temperatures, determined before as 

well as after creep testing at normal temperature for 1,000 hr.  The 

data in this table show that after 1,000 hr of testing under a stress 
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o -  70^ of a^,   the yield point of cold-drawn wire Increases conslder- 

ably as a result of aging, while this phenomenon Is not observed with 

tempered wire. As can be seen from a comparison of the data given 

In Pig. 2 and Table 1, creep takes place In tempered wire at stresses 

somewhat below the original yield point of the wire. 

Figure 3 shows as a function of stress, the creep curves of 

cold-drawn and tempered wire made of steel 70 with a diameter of 

4 mm, and having in the initial state (before testing) tensile 

strength aB = 173 kg/mm
2; it is clear from these curves that the 

low rate of creep Is apparent at relatively low stresses (40 to 60$ 

of ag), and that the lower the stress the lower the rate of creep. 

laflw 

1/    10   20  x   *o   so   to   70 
BpeMP, vac 

Pig. 3.  Influence of stress on 
creep at room temperature In a 
cold-drawn, tempered wire made 
of St; o™ in^ of öB : 1) 80 
2) 70; 3) 60; k)   50; 5) 40; 
6) 50;  7) 20. 

Figure 4 shows the creep curves of a 65G wire made of manganese 

steel after oil-hardening from 880° and tempering at 450 to 500° 

for 10 to 15 sec, and also after cold-drawings.  Cold-drawn wire 

with d - 4 mm had a tensile strength Og = 157 kg/mm2 and a yield 

point a0 01 = 69.2 kg/mm
2, and hardened and tempered wire with 

*&ß 
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d = 4.2 mm had aB = IkkA  kg/ram2 and a0 oi 
= 89- 1 W™"2- 

ft 

o   10 a 30 no so so w so 
BpenK, vac. 

Fig. 4.  Creep ciirve of wire made of 
St 65 G. am in %  of aB:  1) 70, cold 
drawn, d = 4 mm, hardening plus temper- 
ing; 2) 70, d = 4.2 mm;  5) 60, d = 5 mm; 
4)  60, d = 4.2 mm. 

The presence of a relaxation process In various metals at 

room temperature was shown by T. I. Volkova [2] In tests over a per- 

iod of 50,000 hr with copper, Armco Iron, and carbon steel (0.2 to 

1.0^ C) .  These results Indicate, convincingly enough, a relaxation 

of stress with time at room temperature.  The absolute value of the 

drop in stress during the test (40,000 to 50,000 hr) for all the in- 

vestigated materials amounted to about 17 to 18^ for copper, 2.5 to 

5^ for annealed low-carbon iron, and from 5-2 to 0.5^ for carbon 

steels annealed to produce laminated and granular pearllte (at 

initial stresses:  for Cu = 25 to 42^; for Armco iron, 52 to 79^ 

and for steel, 54 to 92^ of CJQ 2. Analogous data on stress relaxa- 

tion at room temperature were obtained by I. A. Oding and Ye. N. 

Volosatova [3] for a series of austenitic grades of steel. 

The quoted data on creep and stress relaxation at normal tempera- 

tures show that in this Instance a definite role Is played by the 
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processes of aging, which, under such conditions, may take place 

In time In the Investigated metals.  Moreover, these data show that 

the mechanism of creep Is not connected with the processes of re- 

softenlng due to recovery and recrystalllzatlon. 

Under field conditions where heat resistant steels undergo pro- 

longed service, we are Interestedln those stresses which cause a 

small over-all plastic deformation, and creep rates of the order of 

1 • 10-5^ per hour. I.e., essentially stresses causing a transition 

from elastic  to plastic deformation. 

The decrease in elastic properties with time (not counting the 

first stage of creep) i.e., the occurrence of plastic deformation at 

a constant low rate or "fading" rate, should be considered from the 

point of order of what causes the fundamental act of plastic de- 

formation with time, and not thought of as cold-hardening and re- 

softening as a result of recovery of recrystalllzatlon, which are 

consequences of plastic deformation and not causes of the latter. 

At Increased temperatures, the prolonged action of stress re- 

sults in greater plastic deformation than at normal temperatures since 

the thermal oscillations of the atoms are increased and the diffusion 

processes are facilitated. 

The movement of dislocations, under stress In the course of 

time,  and the shear resulting from these dislocation movements 

enable us to explain the reduced strength of metals and alloys as 

used, and, obviously, the mechanism of creep as well. 

The movement of dislocation depends both on the magnitude of 

the stresses and on time, as well as on temperature; movement of 

dislocation is facilitated by increases in these factors.  In con- 

trast to their Ideal counterparts crystals and grains, contain 
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structural Imperfections (defects).  Such Imperfections primarily 

Include vacant spaces, dislocated and foreign atoms In the crystal 

lattice. Irregularities In the arrangement of the atoms under the 

Influence of dislocated foreign atoms. Impurities and phases, grain 

and block boundaries, and phase and dislocation boundaries Inside 

the grains as well as at the grain boundaries. 

Dislocations are considered to be linear Imperfections which 

can move under the Influence of stresses through the crystal lattice 

and cause plastic deformation Inside the grains or at the grain 

boundaries.  The stress necessary for the movement of the dislocations 

Is several orders of magnitude lower than the stress required for 

shear of one atomic plane with respect to another In an Ideal lattice; 

this also explains the low strength of the grains under shearing In 

real polycrystalllne metals and alloys. 

Dislocations, like all other Imperfections, are surrounded by 

fields-of elastic stresses which. Interacting mutually, become un- 

stable In energy.  The stresses causing movement of the dislocations, 

(and, consequently, plastic deformation) must be sufficient to push 

the dislocation through the opposing fields of stress of other dis- 

locations.  Thus, additional dislocations (as well as other Imper- 

fections) originating as a result of alloying, heat treatment, or 

cold plastic deformation, strengthen the grain.  On the other hand. 

In all Instances where the dislocation density in the grains de- 

clines, the remaining dislocations move more easily at lower stresses, 

causing a decline in strength. 

The stability of the structure with time at high temperatures is 

of great importance for the correct determination of the extrapolated 

values of the limits of strength and creep, and for the normal 
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operation of heat-resistant materials.  On the other hand, the In- 

stability of the structure does not enable us to determine correctly 

the values of the limits of long-time strength and creep extrapolated 

from data obtained with shorter test durations. 

The structural changes taking place In time at high temperatures 

are related to phenomena of great Importance in theory and practice 

such as the Inflection of the logarithmic curve of long-time strength, 

the decline In plasticity under prolonged rupture, and the lowering 

of the creep limit. 

The length of time preceding fracture, r. Is related to the 

actual stress a  by the equation r = B • a  which Is expressed by 

a straight line In logarithmic coordinates.  However, as experiments 

have shown, by this means does this dependence always remain linear 

throughout the test.  For some steels, the straight line has a down- 

ward inflection in the logarithmic diagram. This inflection is 

usually explained by a variation in the character of the fracture of 

the metal, and by the transition from intracrystallltlc to intercrystal- 

lltic fracture.  The location of the point of Inflection on the log- 

arithmic straight line is different for various steels and tempera- 

tures, but for each of them the time prior to the Inflection de- 

creases as the test temperature Increases. 

The physical basis for the inflection of the logarithmic curve 

of long-time strength of some structurally unstable steels lies in 

an unfavorable change in structure resulting from diffusion processes 

taking place In time at certain temperatures for each steel.  The 

Inflection of the curve, or more correctly the change in the slope 

of the curve of long-time strength, plotted against the logarithmic 

coordinates stress verses time to fracture is possible when the de- 
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crease in stress Is not proportional to the Increase in time to 

fracture of the test pieces. I.e., when the duration of the test 

at a prescribed temperature Is predominant In Influence, compared 

with the stress, on the process of deformation and fracture of the 

steel. This phenomenon Is possible In a case when, owing to dif- 

fusion processes, the following changes take place In the steel: 

1. Increase of creep rate and faster transition to the third 

stage, owing to a decline In the heat resistance of the solid solu- 

tion (grains).  The latter occurs as a result of a considerable 

decrease In concentration of the strengthening elements In the solid 

solution during the test because of their redistribution through the 

solid solution and the carbide phase and their absorption by the 

carbides, or because of the resoftening of the solid solution as a 

result of coagulation of the strengthening phases or the formation 

of new phases (a and o phases).  If, at the same time, no consider- 

able unfavorable changes In the grain boundaries are observed, 

viscous intercrystallltic fracture will take place. 

The example of pearlltic boiler steels, which have been used 

for a long time as tubes for superheating steam in high-pressure 

steam boilers, shows to what degree the concentration of strengthen- 

ing components in the solid solution may decrease as a result of 

their transition in time to the carbide phase.  A great reduction In 

the molybdenum content in the solid solution is observed with 15M 

and 12MKh steels when, by additional alloying with vanadium and 

niobium, the decrease in molybdenum content in the solid solution is 

considerably less.  The same can be said of vanadium as a strengthen- 

ing element. 
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Fig. 5.  Logarithmic curves of long-time 
strength for various austenltlc steels 
at 700°. 1} lKhl8N9Tj  2)  EI257;  3) 
Kh25N13;  4)  Kh25Nl8;  5)  El69; 6) 
EI572j  7) EI454. 

2. Fracture of steel depending on the relationship between the 

strength of the grains and their boundaries.  At a lower relative 

grain strength, plastic deformation under prolonged rupture occurs 

predominantly In the grains themselves and the test pieces undergo 

considerable elongation and viscous rupture.  At a greater relative 

grain strength, when the deformation takes place chiefly on the 

grain boundaries, the fracture of the steel Is brittle and inter- 

crystallltlc.  In steels and alloys with a greatly strenghtened 

solid solutions, fracture Is always Intercrystallltlc with slight 

residual deformation. I.e., relatively brittle.  The considerable 

change In the relative strengths of grains and their boundaries In 

the direction of a decrease of Intergranular strength as a result of 

the change of state of the boundary zones at the time of precepl- 

tatlons of the phases, the formation of unfavorable stresses on the 

grain boundaries at the time of the precipitation of phases with 

different volumes or as a result of corrosion on the grain boundaries 
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on the surface of the test piece under the Influence of an external 

medium, these factors, either separately or Jointly, may cause an 

acceleration of the creep process, partlculary at the third stage, 

and may also cause fracture.  Such fracture is intergranular in 

character and has, in the majority of cases, a low plasticity.  The 

absolute and relative duration of the third stage of creep, which 

depends on the susceptibility of the steel to viscous or brittle 

fracture in plastic deformation, and to the formation and develop- 

ment of cracks over fairly long period, also influences the shape 

of the logarithmic curve.  The less the tendency of the steel to- 

ward plastic deformation at the third stage and, consequently, the 

shorter the third stage of creep, the more likely an inflection 

in the logarithmic curve of long-time strength. 

We should mention that the duration of the third stage (as well 

as the second) depends, moreover, on the structure of the metal and 

its changes in time. The less stable the structure of the metal 

during the prolonged action of temperature, the greater the probabi- 

lity of variation in the slope of the logarithmic curve "stress 

verses time to failure", and the higher the temperature, the shorter 

the time before the appearance of the Inflection.  The duration and 

test temperature at which the inflection occurs thus depend on the 

composition and initial structure of the steel.  The most probable 

and most frequently observed phenomenon of Inflection of the log- 

arithmic curve results from structural changes caused by coagulation 

and changes of disposition of the carbide phase, by the precipitation 

of new phases (a and a  phases) and by the impoverishment of the solid 

solution of strengthening elements through partial transition of 

the latter to the carbide phase.  With metals of a more stable 
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structure, no Inflection of the logarithmic curve is observed as a 

rule. 

Figure 5 shows the logarithmic curves of long-time strength 

for the steels IKhlSNgi, EI257, EI69, Kh23N15, Kh25Nl8, EI434, and 

EI572 at a temperature of 700°.  The chemical composition of these 

grades of steel is given in Table 2. 

By comparing these curves we see that the inflection of the 

logarithmic curves is observed in EI69 steel, differing from EI257 

steel only in higher carbon content; in Kh23N13 steel, differing 

from Kh23Nl8 steel in the presence of the a phase from which the a 

phase precipitates; and in EI454 and EI572 steel, which have in- 

creased carbon content. 

The structural instability caused by long heating and the re- 

lated variations in the properties of heat-resistant materials are 

also very important in the choice of a material for long service at 

high temperatures.  For service under such conditions, it is in a 

number of instances more advisable to use materials that are struc- 

turally more stable:  in test of short duration, the values for the 

limit of long-time strength are lower, while over long periods of 

testing these materials are better than some heat-resistant aging 

alloys which attain greater long-time strength over a short period 

of testing due to the intermetalllc strengthening phase. 

i 
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( TABLE 2 

Chemical Composition of Austenltlc Steel, Logarithmic Curves 

for which are Given In Figure 5. 

Conepwamie encMeBTOB. % 

MapKi 
CTSJIB c SI MD Cr Nl Ho w Kb Tl 

1X18H9T 

3K257 

<0,12 

<0,15 

0,40 

< ,0 

s£0,8 

<0.8 

<1,0 

<i,o 
0,3 
0,8 

1    0,5 

< ,5 

<0,7 

<0,7 

<2,0 

<2,0 

0,75 

17,0 
20,0 
13,0 
15,0 
13,0 
15,0 
22,0 

9,0 
11,0 
13,0 0 45 

0,60 
0,25 

2,0 
2,75 
2,0 
2,75 

1,0 
1.5 
2,5 

0,2 

Ao 0,8 
• (0,02 C)-5 

3II69 

15,0 
13,0 
15,0 
17,0 

* 

X23H18 

0,50 

<0,20 

<0,20 

0,28 

0,40 

1,0 

X23H13 

25,0 
22,0 

20,0 
12,0 

3M572 

25,0 
18,0 

15,0 
8,0 0,2 

9H434 

0,35 
|  0,32 

1,50 
0,5 

20,0 
12,0 

10,0 
11,5 

1,5 
1,8 

0,5 
1,0 

0,5 
0,06 

0,42 1.2 1.2 14,0 13,5 2,4 3,5 1.5 0,15 
9—11 Co 

0,05—0,1  V 

o 

The advantage of alloys that are structurally more stable 

for long-term service Is clear from a comparison of the austenltlc 

steel EI726 (Khl4Nl8 with 2.4^ W, Ijg Nb, and 0.007^ B) with an alloy 

having a nickel base EI457 (Kh20N80 with 2.5^ Tl) whose logarithmic 

curves of longOtlme strength are given In Figure 6.  As Is clear 

from the figure, the long-time strength of the EI437 alloy Is greater 

by 100 to 200 hr than In EI726 steel, although over long period of 

testing the limits of long-time strength is considerably higher In 

EI726 steel; the longer the test period, the higher the long-time 

strenth becomes. The heat resistance of the EI437 alloy for a 

long period of testing can be greatly Increased by strengthening 
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the solid solution through the addition of molybdenum (the latter 

even strengthens the grain boundaries alloy EI^SR) . ') 
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I 

i 

SHSSI      I   3kSS7ISI       2   3 li 517131      Z   J*J67W       2   J*i6J/S/ 
r/7 wo Km loooo IOOOOO 

BpeMU do paipyuieHux, vac. 

Fig. 6.  Logarithmic curves of long- 
time strength for various metals at 
700°.  1) EI445R;  2) EI726; 3) EI437; 
\)   EI695. 

In the evaluation and selection of a material for long-term 

service, we encounter requirements for Increases not only In the 

limits for creep and for long-time strength but also In the yield 

point.  Such requirements for heat-resistant steels Intended for 

running and nozzle blades of turbines and tubes for superheating 

and conducting steam In boiler Installations are unjustified.  It 

Is well known that the yield point of steel can only be Increased 

by Increasing Its carbon content and the quantity of the strengthen- 

ing carbide phase.  This method., while Increasing the yield point, 

leads to a decrease In the resistance of the structure and, as It 

has been shown above, to a low limit of long-time strength.  All 

steels possessing a more stable structure have a low yield point, 

which, under operation temperatures, approaches the long-time 

strength.  However, such steels are undoubtedly superior In the 

fundamental heat-resistant properties.  Hence the choice of a steel 

for a long period of service at high temperatures must be made above 
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all on the basis of Its heat-resistant characteristics (limits of 

creep and long-time strength) and the degree of resistance of the 

structure to the prolonged action of temperature and stress.  The 

demand for an Increased yield point of heat-resistant steels Is 

only justified In the case of their use as disks and rotors of 

turbines, where the temperature of the metal does not exceed JOO to 

1+00°  In the sections of these parts under the greatest stress.  In 

this case however. It would be more correct to determine the limits 

of creep and long-time strength at a temperature of 200 to 400° and 

to base ones calculations on these characteristics and not on the 

yield point, which, moreover, is usually determined as a0 _, i.e., 

with insufficient accuracy. 
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CERTAIN PROBLEMS OF ALLOYING HEAT-RESISTANT PEARLITIC STEEL 

N. T. Gudtsov,* I. P. Zudln, and 0. A. Bannykh 

Increasing the heat resistance of pearlltlc steel by rational 

alloying Is a problem of great practical Importance.  We should keep 

In mind that the threshold of 550 to 570°, which at the present 

time represents the temperature range within which pearlltlc steel 

can be used In power engineering, may be Increased by 30 to 50° In 

the very near future. 

The development of the principles of alloying heat resistant 

pearlltlc steel should help us to find compositions of steel with 

qualltltes which fit the requirements of Industry and which, at 

the same time do not contain either elements, of little effect In 

Increasing heat resistance or elements that are of limited availa- 

bility. 

At comparatively low temperatures, when the processes of sphero- 

Idlzatlon and coagulation of carbides take place very slowly, high 

creep resistance can be obtained by thermal treatment of the steel 

to obtain finely dispersed lamellar carbides.  In practice, however, 

it Is difficult to check the processes of coagulation and spheroldlza- 

tlon of the carbides sufficiently to obtain a steel that will remain 

* deceased 

-34- 



( 

stable In structure for many thousands of hours at a temperature 

above 550°. 

As has been shown by Mlrkin and Solonouts [l], after service 

at 510° for 15., 000 hr, the pearllte-ferrlte structure of steel with 

0.5%  Mo undergoes sharp changes— Inplace of the lamina of the car- 

bide phase, there appear large carbides of a granular shape, located 

mainly on the grain boundaries. 

The addition to the steel of such elements as chromium, moly- 

bdenum, vanadium, and tungsten reduces the coagulation rate of the 

carbides.  Bokshteyn [2] considers that tungsten checks the coagula- 

tion rate of the carbides to a very great degree.  If the influence 

of the elements is compared in atomic percentages. 

The sharp change in creep resistance in the steel during service 

may occur as a result of spheroldlzation and coagulation of the car- 

bides; for practical use at temperatures above 550° it is therefore 

necessary to apply heat treatment to the steel to stabilize the 

structure.  The normal structure of steel intended for service at 

temperatures above 500° consists of grains of ferrite and carbide 

of granular shape.  The size of the ferrite grains is 5 to 5 on the 

standard 8-mark scale, and that of the carbide particles is more 

than 2 • 10-4 mm, i.e., carbide particles are visible under an 

ordinary microscope.  This structure is obtained after annealing or 

normalizing with tempering at a temperature approximately 80 to 100° 

above the service temperature. I.e., not lower than 650°. 

The decisive part in the change in heat resistance, if a stable 

structure is to be obtained is played by the composition of the 

a solid solution.  The basic principles which must be observed to 

ensure the high heat resistance of pearlltic steel for boiler con- 
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structlon were formulated In the works of Prldantsev and Lanska. 

They are  as follows: 

The carbon In the steel must be converted Into stable carbides 

by powerful carbide-forming elements.  This Is necessary to prevent 

redistribution when the steel Is In service of the alloying elements 

among the carbide phase and the a solid solution. 

An alloying element must be added to the a solid solution to 

increase the heat resistance. 

Taking these concepts as fundamentalj' and combining the results 

of experiments with the equilibrium diagrams of the "iron—carbon— 

alloying elements" system^ we can determine the appropriate intervals 

for alloying with a particular element and also complexes of elements 

which will ensure high heat resistance in steel alloys. 

Practice has shown that molybdenum, tungsten., vanadium, chromium, 

niobium, and titanium have the greatest effect on high-temperature 

resistance. 

Molybdenum sharply increases heat resistance (at a temperature 

above 500°) basically through the a solid solution.  The addition 

of niobium and titanium makes it possible to convert the carbon 

Into special carbides and to strengthen by driving out other elements 

in the steel into it. There are various data for tungsten, vanadium, 

and chromium. 

For example, in a relatively early survey, Grun[3] found that 

molybdenum and vanadium should increase the heat resistance of low- 

carbon steel most effectively at temperatures of 400 to 500°. 

Similar conclusions were also drawn by Holtmann [4]. Tamman [5] 

established that tungsten and molybdenum were about equally effec- 

tive In alloying of heat-resistant steel if their influence is com- 
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pared In atomic percentages; this does not accord with Grun's data. 

Smith [6] considered tungsten to be as effective as molybdenum. 

In general, the Influence of tungsten has been Investigated 

considerably less than that of molybdenum.  Powers [7] points out 

that because of Its high cost relative to molybdenum,tungsten has 

not been widely used In heat-resistant steel; as a result, little 

research has been devoted to Its Influence on heat resistance, and 

there are hardly any actual data on Its effectiveness. 

The question of the Influence of a particular element becomes 

clearer If we examine separately Its effect on heat resistance through 

the carbide phase and through the a solid solution.  This can be 

done either by studying the distribution of the alloying element 

between the carbide phase and the solid solution or by studying the 

properties of carbon-free alloys of Iron with alloying elements. 

M. M. Steinberg [8] obtained Interesting data on the Influence 

of alloying elements (W, Nb, Mo, Cr, Tl, Al and Nl In concentrations 

not exceeding 2%)   on the process of change In hardness with time In 

tempering cold-hardened Iron.  Having considered the process of re- 

softenlng in time at tempering temperatures of 550, 600, and 6500, 

the author concludes that tungsten checks the process of resoftening 

and recrystallizatlon most effectively.  Niobium and molybdenum are 

also fairly effective.   The higher the temperature tempering, the 

higher the relative efficiency of tungsten.  In chromium, titanium, 

aluminum, and nickel alloys, the process of resoftening is very 

little retarded as compared with pure iron.  The author considers 

that the elements which should impart heat resistance to steel are 

the very ones which check the process of softening and move the 

"threshold" of ferrlte crystallization upward on the temperature scale. 
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It Is Interesting to note that according to Steinberg's data tungsten 

alters the ferrlte lattice more than molybdenum, titanium, vanadium, 

aluminum, chromium, and manganese. 

While considering the Influence of tungsten and molybdenum as 

well as of W + Mo on the heat resistance of steel with 0.1 to 0.2%  C, 

Powers [7] found that the two elements were equally effective (Fig. l), 

The curves In the figure refer to values of the Larson-Miller para- 

meter T (20 + log T; T IS temperature In degrees Ranklne, T is the 

time In hours); 32, 56, and 39  which are respectively, the tensile 

strength during testing for a short period and the tensile strength 

for 1,000 and 100,000 hr at 593° (ll00oF).  The use of the empirical 

parameter makes It more difficult to Judge quantitatively the In- 

fluence of the elements, however, the tendency toward change In long- 

time strength with the change In the steel composition Is clear 

enough. 

We made a comparison of the Influence of vanadium, chromium, 

molybdenum, and tungsten on the heat resistance of iron alloyed 

according to the scheme given in Table 1. 

The total atomic percentage of the alloying elements, determining 

the degree to which the a solid solution is alloyed, was the same 

for all melts.  The melts were carried out with electrolytic Iron 

and pure metals, each melt weighing 2.5 kg.  After being forged into 

a disk of 10 mm diameter, the metal was annealed at a temperature 

of 830 + 10°, and it assumed a structure consisting of ferrlte grains 

of equiaxial shape.  After annealing, the billets, 10 ram In diameter, 

were made into samples of 4 mm, and tested on a Kornilov-Prokhanov, 

centrifuge.  The test was carried out at a temperature of 600° under 

a stress of 9.5 kg/mm2 for 115 hr, after which the stress was In- 
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creased tö 15 kg/mm2 for 2 hr.  The results of the tests (average of 

two samples) are given In Table 2. 

TABLE 1 

Conepmame ejieMeHTOB, % 

M nJiaBKi 
V Cr Ho W 

T-66 
T-67 0,82 — — — 
T-68 — 0,84 _ 
T-71 0,41 0,42 — — 
T-72 0,41 — 0,77 
T-73 0,41 — — 1,48 
T-74 — 0.42 0,77 — 
T-75 — 0,42   1,48 
T-76 — — 0,77 1.48 
T-77 0,27 0,28 0,51 — 
T-78 0,27 0,28 _ 0,99 
T-79 0,27 — 0,51 0,99 
T-80 — 0,28 0,51 0,99 
T-81 0,20 0,21 0,38 0,74 

TABLE 2 

Sneuearu 

a - 9.5 Hrtutf a - 1» nr/MH« 

M njiaaHH 
6 iic. 100 ite. a imt 

T-66 Fe 70 CHUT 
T-67 Fe + V 60 » — 
T-68 Fe-f-Cr 70 » — 
T-71 Fe + Cr + V 60 > — 
T-72 Fe + V + Mo 9 12 38 
T-73 Fe + V + W 11 CBHT — 
T-74 Fe -)- Cr -f Mo 5 8 30 
T-75 Fe + Cr -(- W 2 4 8 
T-76 Fe + Mo + W 3 6 20 
T-77 Fe -f- V + Cr + Mo 3 6 8 
T-78 Fe + V + Cr + W 7 CHAT — 
T-79 Fe -f V + Mo + W 4 7 11 
T-80 Fe -f Cr + Mo + W 5 11 24 
T-81 Fe + V + Cr + Mo + W 6 CBHT — 

( 
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As we see, the alloying of a Iron with chromium and vanadium 

does not increase resistance to a bending load.  Comparatively high 

values of the curvature reading. Indicating lower heat resistance, 

were obtained with the combinations Iron-vanadlum-tungsten and Iron- 

chromlum-vanadlum-tungstenj these high values are possibly connected 

with the strong oxidation of the samples during the test.  The high- 

est degree of heat resistance, characterized by a small curvature 

reading, was obtained with the Iron-chromlum-tungsten alloy.  It 

therefore follows that tungsten in certain combinations (for example, 

with chromium) Increase heat resistance at 600° through the a solid 

solution at least as much as does molybdenum.  The slight effectiveness 

of alloying steel with tungsten—for example, 2.5%  Cr-Mo—Is due 

mainly to the fact that in order to obtain a relatively high concen- 

tration of tungsten In the a solid solution of the given steel, 4.5^ 

tungsten must be added.  It Is well known that tungsten has a stronger 

tendency to form carbides than chromium and molybdenum, and in order 

to combine only 0.1^ C Into the carbide \lzC  about 3.2$ W Is needed. 

But If we add an element such as niobium to steel in sufficient 

quantity for the carbon to combine completely into niobium carbide 

in which the solubility of tungsten is slight [9], the effictlveness 

of the addition of tungsten Is beyond doubt.  The Influence of tungs- 

ten on heat resistance of three steel melt containing niobium in 

sufficient quantity for complete combination of the carbon into the 

special carbide Is clearly shown. 

Tests with a centrifuge at 600° and with a stress of 25 kg/mm2 

for 120 hr resulted in the appearance of a curvature reading of, 22 mm 

for steel containing no tungsten (1), 15 mm for steel containing 

'.> 
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1.5^ W (2)   and 7 nan for steel with yf, W (5)   (Fig.  2) . 
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Fig. 2.  Dependence of curvature reading 
on time, for steel containing tungsten. 
1)  0;  2) 1.5%    3)     3%. 
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Fig. 5.  Temperature dependence of the 
length of the diagonal of Indentation for 
steel containing tungsten.  1)  0j  2)  3^. 
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The study of the dependence of hot hardness on temperature In 

a vacuum showed that while steel which did not contain tungsten 

(T-25) (1) sharply decreased In hardness at temperatures above 

600% steel with 5^ W (T-27) (2) maintained a fairly high degree 

of hardness up to 700° (Pig. 5).  After annealing, steel samples of 

the same melt were subjected to 20^ deformation by upset forging. 

This increased hardness by 8 to 9 R-g units.  Subsequent tempering 

resulted in the reestabllshment of the initial hardness in the case 

of steel from the T-25 melt (without tungsten) for 2 hr at 700° and 

60 hr at 650°.  Steel from the T-27 melt (5^ W) decreased in hardness 

down to its Initial value after 80 hr at 700°, but this phenomenon 

was not observed after 520 hr at 650°. 

Creep tests on steel with different tungsten contensts show 

that the tungsten sharply reduces the rate of creep at 610°.  The 

addition of vanadium to steel containing tungsten and niobium 

(Nb/C = lO/l) results In an increase in the rate of creep.  Obviously, 

the vanadium-tungsten combination is undesirable in a solid solutions. 

After creep testing for 500 hr at a temperature of 610° and under 

a stress of 9 kg/mm2, steel from the T-26 melt (1.5^ W) produced an 

elongation of 0.259^, and that from the T-27 melt (3.0$ W) produced 

an elongation of 0.137$.  The steel from the T-29 melt (1.5$ W plus 

0.5$ V) underwent an elongation of 0.487$ and that from the T-64 

melt (1.5$ W plus 1.0$ V) underwent 1.520$ elongation. 

If molybdenum and tungsten affect the heat resistance of pearl- 

itic steel through the a solid solution, then by using the diagram 

of equilibrium we may determine the concentrations of these elements 

which cause a sharp change in heat resistance.  Obviously, the 

addition of tungsten or molybdenum in quantities not resulting in 

^^P? 
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the formation of special carbides of these elements will be effective 

In altering the heat resistance since the solubility of these 

elements In cementlte Is limited. 

Let us consider steel alloyed with molybdenum. We know that 

molybdenum Is the most effective element for Increasing the heat 

resistance of steel.  We also know that the sharpest Increase In 

creep resistance Is ensured by the addition of molybdenum In quanti- 

ties of 0.5 to l^j but that an Increase In the molybdenum content to 

1.5 to 2% results In relatively little Increase In creep resistance. 

For practical purposes, the alloying of pearlltlc steel with molyb- 

denum In quantities In excess of 2^ Is hardly worth while, and most 

research is limited to the study of the Influence of molybdenum with- 

in the limits of a concentration of 0.0 to 2.0^. 

However, as was shown by Powers [7], an Increase In the content 

of molybdenum In steel above 4^ results In a very sharp Increase of 

heat resistance.  The author examined four compositions of steel 

with a molybdenum contents ranging from 1.9 to 5-2^. The steel was 

hardened at 1150° In oil and tempered at 690 to 720° for 1 hr. 

According to Bokshteyn's data [2] the tempering of steel containing 

molybdenum for 1 hr at a temperature of 700° leads to a nearly 

balanced molybdenum content In the carbide phase and In the a solid 

solution. With composition No. 1 (1.9^ Mo), a Larson-Miller 

criterion of 39 corresponds to a stress of 4 kg/mm2, which Is 

equivalent to the limit of long-time strength for 100,000 hr at 593"j 

with steel composition Nr. 2 (3.4^ Mo) It Is 4.2 kg/mm ; with steel 

composition Nr. 3 (3.9^ Mo) It Is 4.9 kg/mm , and with steel composi- 

tion Nr. 4 (5.2^ Mo) it is 6.8 kg/mm2. 

Thus, we may assume that in heat-resistant steel containing 
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0.1 to 0.2^ carbon, molybdenum Is effective In altering heat resis- 

tance for concentrations up to 1.0^, but Is not very effective In 

the Interval 1 to(5.5-^)^; It Is again effective when the content 

Is more than 4^, at least up to 5.2^. 

Let us examine the Iron angle of the equilibrium diagram of the 

Iron-molybdenum-carbon system [10] (Fig. 4). 

An Increase In the molybdenum content to  about 0.7^ does not 

result In the appearance of carbides other than (Fe, MojaC.  We 

should point out that a carbide of type MeasCe may form In steel 

containing 0.49^ Mo and 0.22^ C at a temperature of 510° after 

service for 15.,000 hr under a stress of 4.5 kg/mm2 [l]. 

Molybdenum concentrations of 0.7 to (2.7 - 3.8)$ corresponds 

to a zone where two carbides exist simultaneous: (Fe, Ko)3C  and 

(Fe, Mo)6C.  The solubility of molybdenum is greater in the carbide 

(Fe, Mo)aC than in the carbide of the cement type.  The authors 

give a different formula for this carbide.  I. Ye. Kontorovich [ll] 

gives the formula FeaMoaC, and E. Beyn [10] gives the formula 

FeyMogCa.  According to data from other research, the second carbide 

that forms in the steel alloyed with molybdenum is not the carbide 

(Fe, Mo)sC but Mo2C [12]. 

In all these formulas at least two atoms of molybdenum corres- 

pond to one atom of carbon in the carbide, i.e., the molybdenum 

content in the carbide exceeds the carbon content in weight by a 

factor of 15.  Consequently, In order to combine all the carbon into 

a special molybdenum carbide we need about 1.5$ Mo with 0.1$ C, and 

about 5$ Mo with 0.2$ C (taking the carbide Mo2C). 

According to the equilibrium diagram, at 0.1$ G, the boundary 

dividing the zones a + (Fe, Mo)3C + (Fe, Mo) QC and a + (Fe, Mo)eC is 
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located at 2.256 Mo. 

Considering that at a point on this boundary all the carbon Is 

combined Into a special carbide In which two atoms of molybdenum 

correspond to each atom of carbon^ we obtain a molybdenum content 

In the a solid solution equal to 2.2 minus 1.5 = 0.7^ Mo. 
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Flg.  4.     Iron angle of the equilibrium diagram 
of the Iron-molybdenum-öarbon system. 
1) - a + fPeMo)3 + (Fe3Mo)eCj 
2) - a + (Fe, Mo) eCj 
5) - a + rFeMo)3C + (Fe, Mo) 6C; 
4) - a + (Fe, Mo)3C 

If the steel contains 0.2^ Q,  the boundary of these zones Is 

at 5.8^ Mo. Then, knowing that 5.0^ Mo Is needed to form the carbide, 

we obtain In the a solid solution 3.8 minus 3.0 = 0.8^ Mo. 

V. A. Delle [13] Indicates that the solubility of molybdenum In 

cementlte does not exceed 2 to 5^ atom^, or 5^ by weight. 

Consequently, If we add to steel a quantity of molybdenum that 

does not result In the formation of a carbide of a special type, 

where the carbon content does not exceed 0.2^ the smaller part of the 

molybdenum goes Into the carbide, and the greater part remains in 

{ 
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a solid solution.  N. E. Karskly [l4] furnished convincing proof of 

this fact. 

In steel a molybdenum content resulting in the formation of a 

special carbide should cause the appearance of an Inflection on the 

curve of "molybdenum verses creep resistance (long-time strength)." 

In concentrations corresponding to the Increase of up to 100^ in 

quantity of the special carbide, the majority of the molybdenum 

atoms go into the carbide phase, and the molybdenum concentration 

in the a solid solution does not Increase in proportion with the 

increase of the molybdenum content in the steel.  All the molybde- 

num added in excess of the amount necessary to combine the carbon 

into a special carbide goes into the a solid solution, effectively 

influencing the heat resistance of the steel. 

In chromium-molybdenum or chromium-tungsten steels, the heat 

resistance must also be connected with the state of the carbide 

phase and the distribution of molybdenum or tungsten between the 

a solid solution and the carbides. 

Let us examine the influence of chromium on the heat resistance 

of steel containing 0.5%  Mo.  As shown in practice, in steel con- 

taining 0.1 to 0.2% C  and 0.5%  Mo, variation of the chromium content 

from 0 to 15%  (i.e., the range within which the transition a-> 7 

can take, place) cause many changes in the value of the creep resis- 

tance (long-time strength).  When increasing the chromium content 

from 0 to 1.25 to 2.25^, heat resistance increases markedly. 

Above 2.25^ Cr there is a concentration range within which heat 

resistance declines and reaches a minimum at J>  to 3.5%  Cr. Further 

increase in chromium content, to approximately 7 to 9%  at first, 

causes a slow increase in creep resistance and then a somewhat more 
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effective Increase of heat resistance.  A comparison of this 

dependence with equilibrium diagram of the Iron-chromlum-carbon 

system [10](Fig. 5) shows that the heat resistance Increases In 

the zone a + (Pe, Cr)3 C, declines In the zone a + (Fe, Cr)3C + (Fe, 

Cr)7C3, and reaches a minimum approximately at the boundary of the 

zones a + (Fe, Cr)3C +  (Pe, Cr)yCs and a + (Pe, Cr)7C3.  In the 

zone a + (Fe, Cr)7C3  there Is a small Increase In heat resistance. 
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Fig. 5.  Iron angle of the equlllbrltun 
diagram of the Iron-chromlum-carbon 
system. 
1) - a + (Cr, Pe^aaCsJ 
2) - a + (Fe, Crl7C3 + (Cr, Fe)23C6; 
3) - a + (Fe, Cr)yCz; 
4) - a + (FeCr)3C + (Pe, Cr)7C3; 
5) - a + (Pe, Cr)3C 

( 

We give below the results of long-time strength tests for seven 

melts of chromium-molybdenum steel. In which the chromium content 

was varied from 0 to 7.55^; the data was taken from a collection 
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entitled " The elevated-temperature properties of chromium-molyb- 

denum steel" compiled by W. F. Simmons and H. C. Cross[l5]. 

The chemical compositions of the melt are given In Table 3. 

All the melts, which were oxidized by ferroslllcon and aluminum, 

were made In an electric-arc furnace and weighed 10 to 30 tons. 

The forged metal was annealed at 840° (except melt No. 2 and 

N:o. 1,  which were given different heat treatment:  No. 2 was heated 

to 925° soaked for 1.5 hr, cooled In air to 700°, soaked for 1.5 hr 

and cooled In the furnace; No. 7 was normalized from 950° and tempe- 

red at 700°) . 

After the heat treatment, the mlcrostructure of the steel showed 

an equilibrium between the ferrlte grains and carbides of granular 

shape. 

The size of the grains according to the McQuald-Enn method and 

the Brinell hardness appear in Table 4. 

TABLE 3 

JA njiaBKil 

CowepwaHHe .BjieMCHTOB, % 

0,13 
0,13 
0,10 
0,17 
0,11 
0,10 
0,11 

0,49 
0,47 
0,36 
0,42 
0,45 
0,45 
0,43 

0,25 
0,14 
0,25 
0,72 
0,42 
0,18 
0,92 

0,011 

0,011 
0,010 
0,012 
0,011 
0,010 

0,010 

0,014 
0,017 
0,015 
0,013 
0,0«- 

0,52 
0,55 
0,55 
0,54 
0,50 
0,55 
0,59 

0,40 
0,97 
1,24 
2,08 
5,09 
7,33 

PflSMCp BepHft no 
MaK-KDCA-aay 

6—8 
6—7 
6-8 
4—5 

TsepAOcrb HJJ 

121 
118 
137 
149 

PasMep sepna no 
MaK-KDen-9Hy 
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4-6 

TABLE 4 

TsepnocTb MB 

131 
146 
174 



We see that steel hardness is basically determined by the sill- 

con contentj however, the concentration of chromium also affects 

hardness slightly Increasing It.  The difference In the silicon 

content observed In the melt examined cannot substantially change 

the heat resistance of the steel, although It sharply changes Its 

properties at room temperature.  A variation In the silicon content 

from 0.1 to 1.0^ In chromium-molybdenum steel slightly lowers the 

heat resistance; however, the Influence of silicon is considerably 

weaker than the Influence of chromium and molybdenum, particularly 

at temperatures above'550o [l6].  Annealing at 840° ensures an 

almost balanced chromium and molybdenum concentration In the carbides 

and the solid solution. 

The values for the limit of long-time strength at temperatures 

of 538 and 593° are given In Pig. 6, which shows a clearly defined 

maximum in the magnitude of the limit of long-time strength given a 

chromium content of 0.97^ (melt No. 5) and 1.24^ (melt No. 4).  The 

maximum appears most accentuated at a test temperature of 558° and 

is weaker at 595"•  It is impossible to explain the presence of the 

maximum by a variation in the grain size of steel No. 4, since steel 

No. 5, which has a grain that does not differ from that of the 

other melts, also has abnormally high values for the limit of long- 

time strength, particularly at 558°. 

As we know, chromium has little effect on the heat resistance 

of steelj It is therefore difficult to assume that the sharp change 

In heat resistance within the range of chromium concentrations of 

1.5 to 5.5^ is connected with the degree to which chromium is alloyed 

in the a solid solution.  Obviously, the change in heat resistance 

is connected with the variation of the molybdenum content in the a 
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solid solution.  If chromium. In quantities that do not result In 

formation of a carbide other than cementlte. Is added to steel that 

contains 0.5^ Mo, some of the molybdenum atoms must be displaced 

by the chromium from the carbide phase Into the solid solution, 

and the heat resistance Increases as a result of the enrichment of 

the a solid solution by molybdenum. 

The addition of chromium In quantities sufficient for the for- 

mation of the carbide (Fe, Cr)7-C3 results In a change In the ratio 

of the balanced chromium and molybdenum concentrations In the car- 

bides. * äS hßa  been shown by research [17], In the Iron-chromlum- 

tungsten-carbon system, even small additions of tungsten to chromium 

steel with a composition corresponding to the range of existence 

of the carbide (Fe, Cr)7C3 cause the appearance of a carbide of the 

type MeZ3Ce  with a high tungsten content ( ~ 20^).  Obviously, a 

pattern of this kind must also be observed with molybdenum.  There 

must therefore be a chromium concentration range within which the 

carbides of types (Fe, Cr)yCa and (Mo, Cr, Fe)aaCa exist simultan- 

eously.  The more carbide (Fe, Cr^Ca forming in the iron-chromlum- 

carbon system, the more carbide (Mo, Cr, Fe)23Ce with a relatively 

high molybdenum content there will be in the Iron-molybdenum-chromium- 

carbon system, and the less molybdenum there will remain in the a 

solid solution. 

A maximum concentration of molybdenum in the carbide phase will 

have obviously been attained when there is 100^ (Fe, Cr)7C3 in the 

Iron-chromium-carbon system.  A further -fiicrease of the chromium 

content In the (Fe, Cr)7C3 zone may lead to an enrichment of the 

a solid solution with chromium and the displacement of a certain 

quantity of molybdenum from the carbides Into the a solid solution. 

<J 
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The alloying of steel with molybdenum or tungsten with a 

t chromium concentration corresponding to the zones a + (Fe, Cr)3C + 

+ (Pe, 0)7-03 and a + (Fe, Cr)7C3 obviously prevents a high concen- 

tration of these elements In the a solid solution since they go into 

the Me23Ca type carbide.  This led to the opinion that a 3 to 7^ Cr 

base In chromium-molybdenum steels was of no long-term value in 

research Into steel with high creep resistance. However, if niobium, 

titanium, or vanadium are added to steel in quantities sufficient 

for the carbon to combine into special carbides with there elements, 

it is possible to influence effectively the heat resistance of steel 

with 3 to 7^ Cr by varying the molybdenum or tungsten concentration 

In the a solid solution. 

Conclusions 

1. At elevated temperatures, tungsten and molybdenum strengthen 

the a solid solution most effectively.  Comparison of their influence 

In atomic percentages on heat resistance at temperatures of 550 to 

600o shows that tungsten Increases heat resistance almost as 

effectively as does molybdenum. 

2. The alloying of steel with tungsten or molybdenum without 

the addition of elements combining with the carbon into special 

carbides, in which tungsten and molybdenum are only slightly soluble, 

can only be effective within a range of concentration which does 

not result in the formation of carbides other than cementlte.  An 

increase in the tungsten or molybdenum content in the concentration 

range corresponding in the equilibrium diagram to a zone in which the 

two carbides exist simultaneously—one of the cementlte type and the 

other a special one—does not substantially change heat resistance. 
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An Increase in content of the alloying element above the concentra- 

tion necessary for the carbon to combine completely Into a special 

carbide leads to an Increase In heat resistance. 

3. Chromium and vanadium are elements that do not effectively 

Increase the heat resistance of steel through the a solid solution. 

4. The variation In heat resistance of chromium-molybdenum 

steely In the given variation In the chromium content, may be re- 

lated to variation In the molybdenum concentration in the a solid 

solution. 
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CONCERNING THE ATOMIC MECHANISM 

OF AGING IN COMPLEX ALLOYS 

I. L. Mirkin 

Research Into steels and alloys able to operate under consider- 

able stress at high temperatures without suffering any large deforma- 

tion (through creep) and without breaking down over a long period 

of time Is an Important task In modern science and technology. 

Progress In this .llrectlon determines to a conslderalbe degree the 

possibility of progress In building, new power installations and 

engines for transportation and Improving their operation parameters, 

efficiency factorj speed, and length of service. 

The research of the last few years has shown that one of the 

principal problems in producing new heat-resistant alloys Intended 

for very long service is that of obtaining the greatest possible 

structural stability of the alloy and preventing, or decreasing and 

retarding as much as possible, resoftening and embrittlement during 

the period of operation.  It has been established that the formation 

and growth of new-phase crystallites, which are precipitated from 

the solid solution when the alloy is subjected to high temperature 

and stress for a long time, are fundamental to these processes. 

The appearance of new crystallites of the excess phase and the varia- 

tions in their dispersion and conjugation with the matrix sharply 

O 
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Influence the strength characteristics not only directly but also 

through a substantial Impoverishment of the basic solid solution of 

the alloying elements. It Is the latter fact which often plays a 

decisive part In the resoftenlng of alloys at later stages. Hence, 

an analysis of the laws and mechanisms of these processes and the 

exposure of the fundamental factors determining their kinetics is 

extremely important. 

It is particularly essential here to determine the relative 

part played by each factor in this complex process and to determine 

at least approximately the extent to which each component factor 

contributes to the resulting rate at which the process proceeds. 

A deeper and clearer understanding of these problems and an 

accurate evaluation of the role of each will help us in our scientific 

search for new alloys that have greater resistance to resoftenlng and 

embrittlement and that are therefore most suitable for very long 

service at high temperatures. 

Most modern heat-resistant steels and alloys have multiple 

components; during their service excess-phase crystallites originate 

and grow in them from the basic supersaturated and supercooled solid 

solution. 

Even in those cases where the basic stage of this precipitation 

has already been completed as a result of previous heat treatment, 

structural changes do not cease during service:  coagulation of the 

phases present in excess takes place. I.e., the dissolution of some 

crystallites and the growth of others, sometimes accompanied by a 

change in their composition.  There is frequently a phase transition 

of the precipitated crystallites and the formation of crystallites 

of a new and more stable phase as well.  Thus, nucleatlon of the 

* However, the contemporary theory of crystallization indicates 
that the growth of a crystallite is a step-by-step, multistage sedimen- 
tation of two-dimensional nuclei on the faces of a three-dimensional 
nucleus or crystallite.  Consequently, here also the formation of a 
nucleus Is fundamental to the process. 



new phase Is one of the fundamental and most Important of all the 

structural changes In the alloy In service. 

The rate at which the crystallites of the excess phase originate 

and grow depends on many factors;  the degree of supersaturation 

and supercooling of the basic solution; the work Involved In the 

formation of an effective nucleus, determined by Its size and sur- 

face tension; the change In elastic energy; the diffusion mobility of 

the atoms In the lattice; etc. 

During the formation of a new phase that differs substantially 

from the mother liquid in chemical composition, the most important 

part is played by fluctuations In concentration, as has been shown 

in the research [l, 2]. Nucleation must be preceded by the formation 

of a fluctuation zone, which, being enriched with one component and 

impoverished of others, must attain (or approach) the composition 

of the new phase, and this change must definitely take place in a 

lattice volume equal to the volume of the equilibrium (effective) 

nucleus.  The formation of such fluctuations depends on the difference 

in concentration between the initial and the new phase and on the 

size of the equilibrium nucleus. 

With the increase in difference between the compositions of the 

initial and the new phase and with the increase in size of the 

equilibrium nucleus the number of atoms of a given element; also 

increase these must, in the given Instance, either collect in the 

given zone or leave it, and therefore both the probability that 

similar fluctuations will occur and the number of such fluctuations 

per unit of volume of the alloy decrease sharply. 

The rate of formation of fluctuations, i.e., the number of zones 

of a given magnitude and composition forming in 1 cm3 of alloy in 
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1 sec, also depends on the thermal mobility of the atoms, as has 

been established by research [2], and varies In proportion to the 

diffusion coefficient. 

By generalizing all the previous calculations concerned with 

the fluctuation of carbon concentration In austenlte, which take 

Into account both the degree to which the given zone Is enriched In 

or Impoverished of carbon and the dimensions (volume) of the zones 

with the prescribed variations In composition, we constructed the 

free-space fluctuation diagram given In Fig. 1, taking as a model the 

fluctuations of carbon atoms In a simple carbon steel of eutectold 

composition. 

On this diagram are plotted:  the carbon concentration In the 

fluctuation zone (expressed In atomic percentages) on the x axis; 

the size (voluem) of the fluctuation zone, which can be expressed 

as a linear dimension either by the number of elementary cells of 

the lattice, by the number of Iron atoms, or by the normal (non- 

deviated) average number of carbon atoms contained In that zone before 

the formation of a fluctuation, on the y axis; the number of fluctua- 

tion zones of a given size and given degree of enrichment (impoverish- 

ment) In unit volume of the alloy (In 1 cm3), expressed a logarlthmlc- 

alloy, on.the z axis. 

The diagrams constructed In the research [l, 2] are like flat 

sections of this generalized space diagram of fluctuations. 

The necessary calculations were made according to the formula 

;v, = ./V./V> = ./V0i^, (1) 

In which 

N~ Is the number of fluctuation zones of a given size and given 
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degree of deviation from the average composition In unit 

volume (1 cm3) of the alloy; 

No  Is the total number of zones of given size (with any composi- 

tion of the alloy per 1 cm3; 

F       Is the probability of fluctuation formation consisting In 
J 

the deviation of the number of atoms In the given zone from 

their normal (i.e., arithmetical average) number e to a ran- 

dom number J. 

1 

Cocmad yacmiia (C.prn. %) 

Pig. 1.  Space diagram of carbon 
fluctuation in austenite (steel 0.8^ C), 
the number of fluctuation zones Nf depend- 
ing on their composition and size. 

A detailed account of the system of calculations developed by 

us., its conditions for use, the assumptions adopted and the factors 

left out was published In Ü] and is not given here.  A detailed 

analysis showed that although these calculations are approximate, 

their experimental verification for the case in which austenite is 

converted into pearlltie conformed closely enough with the results 

of a direct test [2]. 
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If we divide the whole volume of austenlte In the steel into 

zones each containing 12 cells (48 metal atoms), then, calculation 

shows, the- probability of a fluctuation accretion of carbon in the 

cells to a "ceuientite" concentration (l6 atoms of carbon instead 

of the normal 2) is ?le
z =  4.2 • 10~10, and the number of fluctua- 

tions is % = 7.5 ' 1011. 

Let us consider the conditions of the fluctuation theory of the 

behavior of alloyed steel as compared to carbon steel.  Let us take a 

steel containing 2^ chromium.  In an annealed or high-tempered state 

it contains, as we know [4], an alloyed chromium carbide with a 

lattice of the cementite type but containing 16 to 23[ chromium. 

Thus, in this instance, for the formation of carbide, a fluctuation 

accretion of not only carbon but also chromium must take place, at 

the same time, in the same zone of the solid solution.  However, 

according to probability theory, the probability of the coincidence 

of two events is equal to the product of the probabilities of 

occurence of each of them (we do not take into account their inter- 

relation) .  Near the point of equilibrium or at sufficiently high 

temperatures, a nearly stable carbide is formed during the trans- 

formation.  Consequently, the number of chromium-carbide fluctuation 

nuclei may be expressed by the formula 

N, (C -f^ Cr) = NtP,M (Cr) />;,<■•> (C). (2) 

<t* 

It is easy to calculate that the following two facts must coincide 

In time and space in the zone of the initial solid solution of the 

same size (48 metal atoms) in order to make the formation of the 

carbide (Fe, C)3C possible (see diagram in Fig, 2): 

the accretion of carbon atoms from 2 to 16; 
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(c) 

the accretion of chromium atoms from 1 to 8. 

The probability of the first fact was calculated above: 

= 4.2 • id-10. 

The probability of the second fact Is easy to calculate; 

P(8)Cr = 9.1 10 

J 

fiycmeHum 
epei» cocmaSs 
U.° l,atl!"/CM' 

Hapodbiui 
Fe,C 

Cw"««" 

tsamft, 

2amZ 
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Cr 
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lam Cr, 
ZttmX. 
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ItOam. Fe, 
Bam Cr, 
iSam. C 

JapodöiuJ 
fFe.CrjjC 

Nficn.sio"/o*3 Nf[Z-iT\*1IOs/eM3 

Fig. 2.  Diagram of formation of cementlte 
nuclei FeaC In nonalloyed and alloyed steel 
containing 0.8^ C (a) and 0.8^ C + 2%  Cr (b) 

As we see, fluctuations of chromium have small probabilityj and 

this must very sharply reduce the total probability of alloyed cemen- 

tlte formation and the number fluctuating nuclei of this carbide 

compared to simple cementlte.  Actually, 

,V|(C-|-Cr) = Af„P(C)P(Cr)= 1,77-ICs,x4,23-]C-'l,x9,10-10-» = e.O-lC1. 

As we see, the probability of nucleatlon In alloyed cementlte 

and the number of fluctuation nuclei are only about 100,000 that 

In nonalloyed cementlte.  In the case of larger nuclei, this difference 

becomes still greater; for example. In zones 72 metal atoms In size 

It amounts to 7 orders of magnitude.  This dependence Is shown In a 

generalized manner In Fig. 2 and 3, which bring out the degree to 

which the number of fluctuations Is lower In alloyed chromium cemen- 
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tlte compared to simple carbide Iron.  Moreover the theory of 

fluctuation proves that the simple cementlte nuclei of the greatest 

size which may only form once as a result of fluctuation, are much 

larger than alloyed ones (116 metal atoms as against 76)•  Without 

therefore, considering the other factors, we may expect the nuclei 

of chromium cementlte to precipitate under more pronounced conditions 

of supercooling or supersaturation and in considerably smaller numbers. 

Obviously, the rate of growth of the precipitating crystallites, 

which consists of a gradual deposit of two-dimensional nuclei on the 

faces of three-dimensional nuclei, must also, though for the same 

fluctuation causes, sharply decrease in alloyed cementlte; this is 

well confirmed by tests. 

We should point out that in alloying, the thermal mobility of 

the atoms also Influences the kinetics of precipitation of the new 

phase.  As was established earlier [2], the rate of fluctuation 

formation (r. f. f.)—i.e., the number of fluctuations forming per 

unit volume of the alloy in unit time —is directly proportional to 

the coefficient of diffusion D and for a fluctuation zone of h cm is 

expressed by the following formula: 

Zener [5] established that the rate of crystal growth is also 

proportional to the coefficient of diffusion D, and B. Ya. Pines [6] 

established this more precisely.  However, as shown by experiment 

[4], the diffusion coefficient of carbon Dc decreases when 2.%  chromium 

is added to the steel; for example, in the case of diffusion In 

ferrlte at 700° it decreases from 6.6 * 10-8 to 4.5 • lo"a cma/sec, 

i.e., by a factor of 4 [7].  This cannot substantially affect our 
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conclusions.  Considerably more Important Is the fact that for the 

formation of alloyed cementlte and accumulation of chromium atoms 

Is necessary In^JUlP given zone of the solid solution. I.e., a 

further displacement of metal atoms whose mobility, as we know. Is 

much lower than that of the carbon atoms.  We were not able to find 

published data on our type of steel suitable for direct comparison. 

Such data can be approximated by taking data obtained S. D. Gertsrlken 

[8] on the diffusion coefficient of chromium In an Iron alloy contain- 

ing 8^ chromium—at 1010° DCr = 6,l6 • 10~8— and for the diffusion 

of carbon at 1000° from data obtained by M. Ye. Blanter [7] (see 

above)--D = 2.5 ' lO-7, i.e., greater by a factor of 20.  According u 
to other data, this difference is still greater and may reach a factor 

of 40.  In the presence of carbon, however, the diffusion of metal 

is considerably accelerated.  By analyzing all these data, we may 

draw the following conclusion. 

The alloying of steel causes a decrease in the precipitation of 

the alloyed carbide as a result of the decrease in the probability 

of fluctuation as well as in the mobility of the atoms, particularly 

the metal atoms; not only is the fluctuation factor not secondary, 

it is decidedly more important and more strongly affects the re- 

tardation of the precipitation of carbide in alloying than does a 

decrease in thermal mobility. 

Indeed, as shown above, the decrease in the probability of 

formation of the necessary fluctuation in alloying caused a decline 

in the number of nuclei by 5 to 7 orders of magnitude, and a de- 

cline in diffusion mobility by only 0 to 2 orders of magnitude. 

These are the results of an analysis of the mechanism of the 

-62- 

< 

( 



Influence of alloying on the precipitation of the excess phase and, 

consequently, on the structural resoftenlng and aging of alloys In 

precipitation of carbides of the cementlte type.  As we see, the 

most important factor In this problem Is the sharp decline In the 

probability of a fluctuating accumulation until the composition 

corresponds to the new phase;this Is a result of the complex composi- 

tion of the new phase; and the necessity for the displacement of 

atoms of several elements (C, Cr) at the same moment and In the 

microzone of the nucleatlon lattice of the new phase with a new 

composition. 

ig" 

Pnjuep t/varmm, vuc/tn yj/ioä n 

Fig. J. Diagram of fluctuation 
during the formation of carbide 
(Pe, Cr)3C (steel 0.8^ C + 2%  Cr) 

This conclusion differs substantially from the prevailing 

opinion that the change In the kinetics of structure transformation 

In alloying Is mainly based on variations In the diffusion mobility 

of the atoms in the lattice.  A quantitative analysis shows that this 

opinion is not well founded and that the reduced probability of 

fluctuations in concentration Is at least as important as the decline 

in diffusion mobility of the atoms in the alloying of steel.  We run 

the risk that this conclusion as to the Importance of the fluctuation 
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probability Is limited and Is valid only for chromium-cementIte for- 

mation. 

In order to resolve this problem, let us examine the process of 

precipitation of phases other than cementlte.  Let us analyze the 

case of precipitation from chromium steel of a trigonal carbide of 

the type (Cr, Fe^Ca, which Is known to precipitate at a sufficiently 

high temperatiore or near the point of equilibrium even at relative 

low chromium concentrations. 

As we know, this carbide contains over 4C$ chromium and about 

9^ carbon by weight.  To make the analysis clearer, let us make the 

calculation for steel containing 0.4^ carbon and 2%  chromium (by 

weight).  Let us calculate the probability of formation. In a given 

zone, of various degrees of enrichment In carbon and chromium due 

to fluctuations leading to the composition of a trigonal carbide 

(Fig. 4; Table 1) . 

The calculation shows that In this case the concentration of 

carbon and chromium In the fluctuation zone must Increase In nearly 

equal and (at the same time) very large amounts—by a factor greater 

than 20.  It Is clear that phenomena of this kind have very low 

probability of occurrence, and it is completely impossible to produce 

them in a large volume of 50 or 100 lattice points.  Even the forma- 

tion due to fluctuations of a zone of 20 lattice points with the 

necessary chromium enrichment has a probability of the order of 10  ° 

and the simultaneous enrichment of the same zone with carbon and 

chromium has a probability of 10~20.  Consequently, the number of 

such fluctuations per cm3 of chromium steel, N.(C + Cr) = No (Cr) P (C) = 

= ~ 10', amounts to only several order of ten, and it is only the 

smaller zones which are found in a great number. --. 
i 
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TABLE 1 

Fluctuations for the Formation of Trigonal Carbide 

In Chromium Steel (0.4^ C + 2^ Cr) 

PasMep yqacTHa 
(incflo McraJimi- 
IfCHiix aroMOB- 

yajioa) 

COCTU TtacTH« 

C Cr Fe 

HcXOHIII'lif   TUCpAUH parTOOp IIOpMll.'IbllO- 
100    . 

100 
50 
50 
10 
10 

2 

43 
1 

22 
0,2 
4,3 

2 

43 
1 

22 
0.2 
4,3 

96 
«DjiyKTyauiiodiiufi yqacroK (rorraB pascH 

cocTasy xpHronajihiioro Kjipunaa    9% C, 
39%  f>)  57 

TsepAuH pacTBop Hopmanbiioro cociaBa 
OGoramcHUUH (}>jiyKTyauiioiiiiLiri ynacTOK 
TsepAUH pacTBop HopMajibiioro cocTaea 
OoorameHBuii ^wiyKTyamioimi.rii yiacroK 

49 
38 

9,1 
6 

Key: 

A) Initial solid solution of normal average composition 

B) Fluctuation zone (composition equal to the composition of trigonal 

carbide 9^ C, 59^ Cr) 

C) Solid solution of normal composition 

D) Enriched fluctuation zone 

E) Solid solution of normal composition 

F) Enriched fluctuation zone 

': 

Thus it is only under the most favorable conditions and, more- 

over., extremely slowly, that the trigonal carbide can precipitate 

directly from a solid solution In chromium steel with a low chromium 

content.  In the majority of cases, a carbide ~of the cementite type 

with a chromium content close to the average composition of the 

steel will be precipitated at first, and this will be converted into 
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a carbide of the trigonal type gradually and only after a long period 

of time, during which the chromium content Is Increased; this Is 

confirmed by direct testing. 

The extent of the role of enrichment probability Is apparent 

In this case, from the fact that a carbide of the cementlte type 

without chromium enrichment (see Pig. 4) produces without accretions 

1017 per cm with 20 points and a maximum fluctuation of about 

120 adjacent points—not 20, as occurs with a trigonal carbide.* 

Thus, fluctuation of concentrations plays an extremely impor- 

tant part in the problem of formation of stable and intermediate 

phases during the transition.  This part becomes much greater still 

when a sharp change of concentration is necessary for the formation 

of the new phase, not only in one but in two components—in carbon 

and chromium at the same time, as In precipitation of a trigonal 

or cubic (Cr23Ca) carbide in chromium steel. 

To sum up the results. Table 2 and Fig. 5 show a comparison of 
3 

the curves of the number of fluctuations N^ per cm of steel as a 

function of the size of the fluctuation nucleus n (number of points) 

i 

* In a less distinct form, but based on the same principle it 

Is possible, in many cases, to explain the primary formation of 

enriched cementlte carbide, since It may contain up to 20 to 25^ Cr, 

while trigonal carbide showed contain as much as 40^ and often even 

70^ Cr In its composition.  This also explains why trigonal carbide 

forms more easily in steel that contains a higher percentage of 

chromium. 
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for various cases of precipitation of carbide from austenlte. Curve 

1 shows the precipitation of cementlte FeaC In carbon or chromium 

steel (but without change In the carbide composition with respect 

to chromium) as compared to the Initial solid solution; In this 

case, the maximum size of the section n  , In which the concentra- ' max 
tlon may Increase up to the composition of cementlte attains 116 

adjacent lattice points, and for a size of n = 16, we obtain N« = 

= 101B/cm3. Curve 2 shows the precipitation of chromium cementlte 

(Fe, CrjaC, containing about 16^ chromium in a steel (O.^C) with 

2^ Cr and gives n1Iiax = 76 points; at n = l6 points, the number of 

nuclei is N^ = 1018 cm3. Larger nuclei are found in considerably- 

smaller numbers than nuclei of simple cementlte Fe3C;   for example, 

at n = 6o, 
N^Fcfi) = 10'° CM»,' a N, (Fe,Cr),,C = 104 CM'; 

Curve 4 for the precipitation of trigonal chromium carbide (Cr, Pe) 

7C3— containing about 40^ Cr—In the same steel—containing 2^ Cr-- 

indlcates a sharp decrease in the size of the maximum nucleus up to 

ri   =22 points and indicates a still sharper decrease in the 
5  3 

number of nuclei with n = 16, up to Nf = 10 /cm . 

igfiig»/, 

0    to   w   60   so   m tu 
VucnoylJiotn, posmpyuacmta 

Pig. 4. Diagram of fluctuations in 
the formation of carbide (Cr, Fe)2C3 
(steel 0.4^ C + 2^ Cr) : 1) Nf (FeaC); 
2) Nf [(Cr, PeKCa];  3) PCr [Cr, Fe^gCa]; 
4) PCC + Cr) [Cr, Fe)TC3]. 
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TABLE 2 

Number and Size of Fluctuation Nuclei of Various Phases 
O 

Crajih 
(m.lfpHtailUC BJICMCBTOB,  %) 

BbinejmwmaHCH 
(Jtaaa 

HHCJIO saponumeft PaaMcp aapo- 
numa n YBJIOB 

pcmeTKH 

n yajioB. Mawcn- 
MajibHuft paaMep 
aapofluma iipit 

KapÖHflu 
i 

n sr. Fe,C 1.10" 16 116 yajioB 

i'.ir. + 2Cr (Fe, Cr),C I-IO" 16 76 

0,'■(•.+ (>,7Cr (Cr. Fe)7C, 3 10" 16 34 

|i.lC+2Cr (Cr, Fe),C, 1-10» 16 22 

IlHTepMerajinnnu 

lM:+8Ni (cKopocTb sapo- 0 210" 400 1000 

iKAcunn) o 10" CMVCBK 500 ysjiOB 

IM> + 8Ni + 3,6Mo o 1.10« 400 500^ 

(naipocTb  sapoHweHHH) o 10" CMVCBK 500          . 

;iNi + 20Cr+2,5Ti + o' 3-10" 500 

+0,CAI 6.10» 100 120- 

Curve 5 shows the precipitation of the same trigonal chromium 

carbide, but from a salt* of high chromium content (6.7^ Cr) and 

not 2^ as In the previous case.  In this steel we may obtain 

larger nuclei (ru^ = 5^ points) and we may obtain them In greater 

quantltle (for example, with n = 16, Nf = 5 • 10lo/cm3) than In 

steel with a low chromium content.  The results obtained demonstrate 

clearly that the fluctuation theory explains the appearance of 

Intermediate phases and carbide transformation when the alloyed steel 

Is kept at a high temperature for extended periods. However, we 

should mention that even the Isolated three-dimensional nucleus of 

8 elementary cells contains 65 metal atoms when the lattice Is face- 

steel . 
* Translators note:  As In original.  This should probably read 

O 
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centered If we also take Into account all the atoms forming Its 

surface. We can hardly assume that the nucleus of the new phase has 

a cube edge length of less than two lattice constants. Nevertheless, 

as shown by the curves of Figure 5 and by the above-mentioned examples. 

In a series of cases—for example In the case of the formation of a 

trigonal carblde--even a nucleus of the size (6j>  metal atoms) will 

hardly ever form, and the direct and nonlncubated (i.e., without a 

very long formation period) precipitation of the trigonal carbide 

from the solid solution (particularly favorable conditions excepted) 

will therefore fail to take place in the majority of cases.  An In- 

direct confirmation of this conclusion is furnished by results from 

the research [12], according to which a trigonal carbide was found 

in steel containing 2%  Cr only after several hours, and In steel 

with 6.7^ Cr after several seconds of soaking at 650°. 

The process is considerably facilitated when the new phase is 

grown on the face of an already existing crystal without loss of 

coherence.  A two-dimensional, one-layer nuclei of the same linear 

size (2 constants X 2 constants) contains only 13 atoms in the 

lattice of a face-centered cube, while it contains 25 atoms when the 

size is 3 constants X 3 constants.  This does not exceed the number 

of atoms in maximum fluctuation (see Table 2).  Consequently, 

elementary carbide-crystal growths or their formation on a ready- 

made base may occur in great numbers not only in the case of chromium 

cementite but also with trigonal carbide.  Moreover, this possibility 

Is realized even In steel with a low chromium content. 

Let us consider the problem of the precipitation of crystallites 

of intermetalllc compojxnds in alloys.  The question of the probability 

of the formation of concentration fluctuations Is of paramount 
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Importance not only In the case of the precipitation of carbides, 

but also In Intermetalllc compounds.  We know, for example, that 

In austenltlc chrome-nickel types of steel a phases may form 

causing hardening and embrlttlement of the steel In varying degrees, 

depending on the conditions of heat treatment aging, and service 

at high temperatures.  Research [10] has shown that with a steel 

containing 0.06^ C, 8 to 14^ Nl, 18^ Cr, and 5.5^ Mo, a a phase 

precipitates.  This has a composition of 28%  Cr, 4^ Nl, and 12%  Mo. 

Calculation according to the theory of concentration fluctua- 

tions shows the relative role of the probability of accumulation 

of atoms of certain elements In the production of a concentration 

corresponding to the new a  phase.  In this case, we should take In- 

to account not only the need for accumulation of an Increased num- 

ber of chromium atoms In the zone of the future a  phase but also 

the departure of some of the nickel atoms from that zone (Fig. 6). 

The role played by the components which do not enter Into the new 

phase but which sometimes exert a strong effect on the probability 

and rate of Its formation and growth must be particularly emphasized, 

since no Importance has previously been attributed to this factor; 

nevertheless. In some alloys—for example, those with a high nickel 

content--thls role Is very great In the formation of an a' phase and 

It also explains, to a considerable extent, the Increased heat 

resistance and durability of those alloys ( containing tungsten, 

molybdenum, and niobium) which seldom enter Into the composition of 

the a' phase. Calculation according to the theory of fluctuations 

shows clearly that In a chrome-nickel steel the factor of chromium 

accumulation and the factor of nickel Impoverishment have a commen- 

surate magnitude during the formation of the a phase. For example. 

C 
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In a zone 500 atoms In size the necessary enrichment with chromium 

has a probability PCr = 6.4 • lO"7, and the nickel Impoverishment 

P^i = 5 ' 10~5. As a result, the number of fluctuation nuclei of 

a a phase 500 atoms In size In chrome-nickel steel amounts to: 

yV/j(Cr + Ni) = JV„Pcr/
>Ni= l,710M-6,4-10-'-5-J0-s = 5,4-109

/CM
3
. 

A series of similar calculations, generalized In the diagram 

(Fig. 7), shows that the maximum size of the o phase nucleus of 

normal composition able to originate directly from the 'homogeneous 

solid solution (austenlte) In a simple chrome-nickel steel as a 

result of concentration fluctuations without forming Intermediate 

transitory phases Is about 1,000 atoms. Numerous smaller zones 

originate, reaching an order of 10ö zones per cm3 of steel, and 

attaining 700 atoms In size.  However, If we further alloy the steel 

with molybdenum, the situation changes quite substantially.* 

* We do not examine here the variations in the diagram of state, 

temperature, and concentration corresponding to the equilibrium the 

degree of supersaturation, or other thermodynamlc factors affecting 

the steel's tendency toward precipitation of the a  phase when 

molybdenum Is added to It. Because of these factors, the real 

quantity of the a phase formed may substantially change with the 

addition of molybdenum to the steel, but this will happen for reasons 

completely different from the kinetic problem under consideration. 
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Fig. 5-  Comparison of the 
number and size of fluctuation 
nuclei of various types of 
carbides. 

O 

Actually, In this case the formula for the number of fluctua- 

tions Is: 
yV/o (Cr + Ni + Mo) = N0PciPiiiptto, 

I.e., an additional multiplier P  appears in the equation, indicat- 

ing the probability of an increase in the concentration of molybdenum 

from 3.5^ in the solid solution to 12:  In the a phase. By trans- 

forming these numbers into atomic percentages, we calculated that 

for a zone of 500 atoms the probability for such an accumulation of 

molybdenum amounts to F^0 -  4.6 • 10 0;   i.e., it is almost as 

difficult to effect this accumulation of molybdenum atoms as 

simultaneously to accumulate chromium in the given zone and displace 

nickel from it.  On the strength of this, the number of fluctuations 

of the a  phase declines disastrously when molybdenum is Introduced; 

it decreases by a factor of 109: 

N,« (Cr + Ni +Mo) = 2,5/cm». 

and the maximum size of a possible fluctuation nucleus decreases 

sharply:  in steel without molybdenum it amounts to about 1,000 atoms, 

and in the presence of molybdenum it amounts to not more than 500 

(see Fig. 7). 
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Pig. 6.  Diagram of formation 
of a phase nuclei In steel 
containing 18^ Cr + 8 ^ Nl 
a)   and 18^ Cr + 8$g Nl + 3-5^ Mo    b) 

se/a> wo 3oo m 50o soo joo m soo mo" 
Vucm ysnot n,paimp j/nttcmmi 

Pig. 7. Diagram of fluctuations 
during the formation of a a phase 
In steel containing 18^ Cr + 8^ Nl 
and l8<g Cr + 8^ Nl + 5-5^ Mo. 
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The analysis we made shows that an additional alloying with 

a new element sharply retards the resoftenlng process, owing to the 

fact that the growth of crystals and strengthening phases Is made 

difficult as a result of the extremely sharp decrease In the probabi- 

lity that the prescribed fluctuation variation In concentration of 

the given zone will take place In respect to many components at the 

same time.  Thus, the fluctuation theory may explain the phenomenon 

frequently observed In tests:  less resoftenlng of the alloy over 

a long period f service and an Improvement—partially dependent 

on this In Its heat-resistant properties when Its composition be- 

comes more complex, and It Is, In addition, efficiently alloyed with 

new components.  The latter fact Is so Intrinsically apparent that 

some researchers even connect the degree of the alloys heat resistance 

with the number of components forming It; In fact, they consider this 

to be the main criterion.  So simplified an Interpretation Is, of 

course. Incorrect.  But analysis on the basis of the fluctuation 

theory clears the way for a scientific treatment of this question. 

Proceeding from the fluctuation theory, we should point out 

that the precipitation of the a phase from the a or A solution must 

take place much more readily than from the 7 solution.  Indeed, we 

can reckon from the data obtained from research [10] that the nickel 

concentration hardly changes during the a—a transition (it decreases 

by half during the 7—0 reaction) , whereas the chromium and particu- 

larly the molybdenum concentrations Increase to a considerably lesser 

degree than during the 7—0 transition In the same alloy (see Fig. 5) • 

We should add that diffusion in the a solution also takes place faster 

than in austenlte.  Therefore, both the probability and rate of for- 

mation of the necessary fluctuations Increase considerably during 

o 

o 
-74- 



the a-a reaction. 

The result Is a considerably faster precipitation of the a  phase 

from the a or A solution than from austenlte.  This fact has been 

frequently observed In experiments. 

The question of variations In the degree of structural conformity 

between the lattices of the solid solution and the precipitating 

phase In alloying and transition from the 7—o reaction to the a—a 

reaction calls for special Investigation. 

Let us consider the question of the thermal mobility of the 

atoms In the lattice.  As has been established by research [2], the 

rate of fluctuation formation. I.e., the number of fluctuation zones 

nuclei of a prescribed composition and size originating per unit 

volume of the alloy In unit time. Is directly proportional to the 

diffusion coefficient. The rate of crystal growth has the aame 

dependence on diffusion.  It Is well known that the diffusion co- 

efficient varies substantially In the case of additional alloying. 

Let us try to determine the role of thermal mobility of the atoms 

In this problem.  At the present stage of our knowledge, an accurate 

solution of this problem Is hardly possible since It Is very difficult 

strictly quantitatively to allow for the variations of mobility of 

the atoms of each element participating In the concentration 

variations of mobility of the atoms of each element participating 

In the concentration variations during the formation of the new phase, 

and there are no experimental data on record for the diffusion co- 

efficient of each element for alloys having the composition In which 

we are Interested.  We therefore restrict ourselves to an approximate 

evaluation of the role of the diffusion factor, on the basis of 

available data published over the last few years [8, 11, 12].  An 
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analysis of these data shows that although the coefficients of 

diffusion of the atoms of various alloying elements In steel and the 

coefficient of self-diffusion of Iron are considerably different, 

they are quantities of the same order.  Thus, the diffusion coef- 

ficients of chromium and tungsten In Iron at 750° are 0.5 * 10 

and 2 • 10~12, respectively, and the coefficient of self-diffusion 

of Iron Is 2.8 10 
•12 cm /sec;   at 850°, the respective quantities 

are 19, 34, and 47 * 10   cm /sec Consequently, the rates of 

diffusion of the separate metallic components of the steel differ 

by the factors of 2 to 5.  It can also be shown that when the 

effective diffusion coefficient Is determined, each of the components 

enters Into the equation with Its own statistical weight, which re- 

duces the difference between them still more.  Thus, In calculations 

with an accuracy of up to half an order, we may safely use the value 

of the effective diffusion coefficient, or the quantity D, for one 

of the metallic components (for example, for Iron atoms), thus 

characterizing the thermal mobility of all the atoms of the given 

alloy. 

The second assumption which should be adopted for an approxi- 

mate calculation, in view of the absence of data for an alloy 

corresponding exactly to our composition, is that the additional 

alloying of two alloys of the same type with a given element pro- 

duces in each the same change in diffusion.  We find this to be 

roughly the case for the self-diffusion of Iron when it is alloyed 

with chromium, if we compare the data for iron + chromium alloys 

with iron + nickel + chromium alloys.  The diffusion coefficient 

of iron in austenitic nickel steel at 1000° decreases from 0.8 10 •ii 

if 3.5/^ Mo is added to the steel (I.e., by a factor of about 5 [12]) 
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This difference Increases with the fall In temperatare. Let us use 

the dependence of diffusion on temperature that was established 

for these alloys [12], and let us calculate the value I>„e  at 723°, 

since we have no data from direct tests at this temperature.  We 

then find that by the addition of 1.8% Mo the diffusion coefficient 

at 725° decreases by a factor of 1 • 102, and with the addition of 

4.5^ Mo, by a factor of 2.5 * 103.  Thus, In our steel the addition 

of 5.5^ Mo must reduce the rate of formation of phase nuclei through 

retarding diffusion by a factor of less than 103 and through decreas- 

ing the fluctuation probability by a factor of 10 to 10 , depending 

on the size of the nucleus, as has been shown above. 

We tried to determine the rate of precipitation of the a phase, 

taking the diffusion rate Into account and approximately calculating 
, 3 

n» (the number of fluctuation zones forming In 1 cm of steel In 1 

second) using the formula (3) quoted above.  As we know, the rates 

of nucleatlon and growth of the crystallites of the precipitating 

phase depend on that quantity.  It was found that the rate of for- 

mation of "a fluctuations" sharply decreases:  a) with an Increase 

In the size of the a  phase nucleus;  b) with an Increase In com- 

plexity of Its composition; and c) with the temperature decrease of 

the process. 

Thus, for example. In steel containing 18^ Or and 8^ Nl (without 

molybdenum) and at a temperature of about 700° 0, taking the effec- 

tive diffusion coefficient D = 10"ls cm2/sec, the " a  fluctuations" 

that are less than 1,000 adjoining points In size form at a tremendous 

rate; millions of nuclei form In 1 cm per second when the size Is 

1000 points; this number becomes small only when the size Increased 

to 1400. In steel of the same composition but additionally alloyed 
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with molybdenum, the rate of precipitation Is much lower and the 

possible zones are considerably smaller.  Thus, with 3.5# Mo (assum- 

ing Deff = lO
-17 cm2/sec) about 103 cm3/sec " a fluctuations" 500 

atoms In size, are formed, while this number amounts to 101* cm3/sec 

In steel without molybdenum. Hardly any a  phase zones of more than 

600 atoms originate In steel containing molybdenum (the rate falls 

below 1 nucleus per cm3 per sec). Thus, the analysis we made shows 

that the additional alloying of a complex alloy with a new component 

may sharply reduce the rate of formation of nuclei new-phase as well 

as the rate of their growth, both as a result of the decrease In the 

probability of concentration fluctuations and of the decline In the 

thermal mobility of the atoms.  The first factor. Is however, con- 

siderably more Influential and. In some Instances (for example, with 

large nuclei) Is even dominant.  A similar calculation confirmed 

the validity of this conclusion also for the formation of carbides 

of various types. 

This concept substantially differs from the widespread opinion 

that additional alloying retards phase transition mainly by in- 

creasing the bond strengths within the lattice and by reducing the 

thermal mobility of the atoms in it.  Without denying this hypothesis, 

we must point out that the factor of probability of fluctuation of 

state has a still greater influence in this direction.  At the same 

time we should remember that other important factors in alloying— 

changes in the difference between the free energies and the work 

of nucleus formation (i.e., between the surface tension and the 

size of the equilibrium nucleus) have not been calculable so far 

in the case of alloys of a complex composition. 

Let us now analyze, on the basis of the fluctuation theory, the 

O 
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process of precipitation of the strengthening phases In nonferrov^s 

heat-resistant alloys. Let us take as an example an alloy of the 

"nlmonlk" type, which has a nickel base. Is strengthened wl.th ti- 

tanium and a small quantity of aluminum, and which, during aging, 

precipitates an a' phase of the type Nl3(Tl, Al) with a face-cen- 

tered cubic lattice. Data on the chemical composition of this 

alloy and Its precipitation phase are given in the work of G. V. 

Kurdyumov and N. T. Travlna [15].  These data, converted Into atomic 

percentages, are given in Table 5. Disregarding a 3mall quantity of 

titanium carbide (less than 0.02^ C In the alloy), we shall assume 

that after hardening we have a homogeneous solid solution. We see 

that for the formation of an a' phase nucleus, the number of titanium 

atoms In the given zone of the solid solution, which contains 100 

adjoining points, has to increase from 5 in the initial solution to 

16 in the fluctuation nucleus as a result of fluctuations in con- 

centration (i.e., by a factor of more than 5. Furthermore, enrich- 

ment In aluminum is necessary at the same time (4 atoms instead of 1) 

although to a lesser degree. Finally, a simultaneous and, moreover 

greater Impoverishment of chromium is essential In the given zone 

there were 23 chromium atoms, in the Initial solution but only 2 

showed remain in the nucleus. 

Let us determine the probability for each of these conditions. 

We will make an approximate calculation using the Poisson equation, 

which in essence, does not take into account the Interactions of the 

different atoms and the statistical correlation of displacements. 

However, as has been shown in the investigations made by B. N. 

Finkel•shteyn and B. Ya. Lyubov, taking this correlation Into 

account only introduces a small correction in the result; this 
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correction usually does not exceed 10 to 20'$,  as compared to the 

method proposed by us [2] and makes the calculation much more 

complicated. 

TABLE 5 

i 

Elements 

Cr Tl Al Ni 

Composition of alloy, wt. ^ 20.15 2.48 0.6 base 

Composition of alloy, atom % 25.2 2.85 1.23 base 

Composition of precipitating 
phase during aging (700° - 16 
hours) , wt. $ 2.0 14.0 2.0 base 

Atom % 2.14 16.25 4.1 base 

As we see, two fluctuation processes have the lowest probability: 

the enrichment in titanium and the impoverishment of chromium.  The 

latter was not normally taken Into account, although it proved to be 

extremely essential and no less important in its role than the enrich- 

ment in titanium.  In this connection, we must mention another im- 

portant conclusion, which is significant in principle.  In the 

study of these alloys we are primarily concerned with the role of 

the component which is fundamental in the formation of the new 

phase (titanium, for example).  Calculation shows, that however,those 

components not directly contained in the new phase may play and im- 

portant part and strongly influence the kinetics of precipitations 

and growth of crystals of the new phase, since the probability of 

their leaving the given zone is sometimes of the same order of 

magnitude as that of the fundamental new-phase components entering 

this zone.  It Is clearly this fact, not taken into account in the 
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theory, that partially explains the great Influence of tungsten, 

molybdenum and other alloying additions that do not accumulate In 

the new phase (a«) but greatly affect the kinetics of Its precipi- 

tation and growth. The increase In heat-resistant properties of 

such complex alloys can also be partially explained by this calcula- 

tions. The probability of nucleatlon of the new phase decreases 

particularly sharply since, as has been shown above. It Is necessary 

for this purpose to have a simultaneous change In concentration of 

many components In the same zone of the solid solution. 

Thus, the formation of a nucleus of the a' phase In a zone with 

100 adjoining points has an effective probability P ( a') equal to: 

P(x') =P{CT)P(TI)P{AI) = 2,27- I0-»-I,65- 10-»-l,53.10"» = 6.8/1-10-»«. 

Application.  According to the data obtained by R. B. Qolubtsova 

and L. A. Mashkovlch(DAN USSR, 106, 1956)* If this alloy ages for a 

long period at 800°, the a' phase contains more chromium (2.5 to 8^ 

by weight), considerably more aluminum (3.6 to 14.6^) and as much 

titanium (11 to lk%).     Therefore, P (Cr) will be greater, and P (Al) 

considerably less than the values calculated by us.  However, the 

overall total quantities P (a') and Nf (a') do not change as sharply 

since they are a product of P (Cr) P (Al) P (Ti). 

We may then calculate how large a number of fluctuation nuclei 

of the a« phase of various sizes N^. (a1) can exist in a unit volume 

of the alloy 
,  A', (a') = N0P («') (Cr + Ti + Al). 

No is the total number of zones of a given size of any composl- 

* [Proceedings of the Academy of Sciences of the USSR]. 
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tion and It can be determined since we know the lattice constant of 

the alloy In a hardened state from research [13], do = 3.562 A.     

Consequently, the number of elementary lattice cells In 1 cm3 of 

alloy Ncell is N   ,_!I__ = 

= 2,214 10" CM». 

Taking Into account that there are 4 atoms per cell in a face- 

centered cubic lattice, we find that the total number of zones 

100 atoms In size in 1 cm3 of alloy amounts to 

N am - ^ki - ^22- = 2-214-10" - 8.86• Ity/cM». 

Let us now calculate N- (a»)—the number of fluctuation nuclei 

of the a' phase, 100 atoms in size: 

Nl(x') = No(l00)P(t')  =8,86.10»». 6,84-lO-i« = eOO-lOVcM3. 

Thus, the analysis shows that the fluctuation zones which in 

composition approximate the at phase in a "nimonik" type of alloy 

are small in size.  If we make similar calculations for zones of a 

different size, the results obtained can be expressed in the form 

of the diagram (Fig. 8).  As this diagram shows, the maximum size 

of a phase nucleus able to originate spontaneously as a result of 

concentration fluctuation in an alloy of the "nimonik" type is very 

small, viz.:  120 atoms.  But such zones do occur, even if they 

are very rare.  Only smaller fluctuations are present in larger 

quantities.  Thus, for example, there are 108 zones of 75 adjoining 

lattice points per cm3 of alloys. This predetermines the necessity 

for higher supersaturation and supercooling of the solid solution for 

the precipitation of a crystal of the new phase, or the possibility 

of it forming only on a ready-made base or under some other favorable 

conditions. 

The independent existence of a three-dimensional nucleus of a 
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very small size Is hardly possible. In practise, one would therefore 

expect zones to form that do not attain the composition NI3 (Al, Tl) 

but are nearer to that of the Initial solid solution and ferow under 

conditions of a coherent bond with the fundamental lattice.  In this 

case, the Input of work for the formation of a separation boundary 

(surface energy) decreases considerably and even approaches zero, while 

the nucleus assumes a two-dimensional character. 

Experimental data from an x-ray structural analysis confirms 

the theoretical conclusions given above.  In particular, the forma- 

tion of a cubic a' phase of the NI3AI type, as an Intermediate phase 

even when there Is a small quantity of aluminum In the alloy and the 

absence of direct precipitation of a hexagonal phase of the NI3TI 

type during the early stages of aging are sufficiently covered by 

theory. 
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CONCERNING THE RELATIONSHIP BETWEEN THERMODYNAMIC MAGNITUDES 

AND THE STRENGTH OF ALLOYS AT HIGH TEMPERATURES 

M. P. Matveyeva, L. I. Ivanov, and L. N. Bystrov 

Study of the behavior of alloys under stress at elevated tempera- 

tures had led to the necessity for studying the relationship between 

the strength of alloys and the strength of their Interatomic bond. 

As we know, the energy of the Interatomic bond Is characterized by 

such physical factors as heat of sublimation, melting point, activa- 

tion energy In diffusion and self-diffusion, etc. Furthermore, the 

values Indicating the nature of the Interaction between homogeneous 

and heterogeneous atoms In an alloy play a great part In the study 

of alloys. 

In our opinion, the strength of the Interatomic bond Is character- 

ized, first of all, by the heat of evaporation, although It should 

also be borne In mind that the heat of sublimation Is a value which 

Is structurally almost Imperceptible and Is averaged out for a cer- 

tain volume of the material; as for the nature of the Interaction of 

like and unlike atoms, the thermodynamlc activity of the component 

Is a very perceptible factor. 

It should be mentioned that until now no sufficiently reliable 

methods have existed for measuring the partial values of thermodynamlc 

factors for alloy components at elevated temperatures, particularly 
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in the solid state.  The use of radioactive Isotopes as Indicators 

has not only made It possible to Improve the old methods, but also 

to develop a series of methods which are new In principle and based 

on the study of Isotoplc exchange.  As a consequence, thermodynamlc 

data for a number of solid solutions of binary alloys have recently 

been published. 

The aim of the present work was to obtain data characterizing 

the variation In the heat of sublimation of one of the components 

of a ternary alloy and to relate these data to the strength of alloys 

at high temperatures. 

In our Investigations we used the method of so-called unilateral 

Isotoplc exchange developed at the Institute of Metallurgy of the 

Academy of Sciences of the USSR, using the device shown In Pig. 1. 

In the working area of the device (a high-temperature vacuum furnace 

are simultaneously placed 10 pairs of samples (of like or unlike 

compositions) enclosed in small corundum ('borundiz") cups (7j • Two 

test samples of the same chemical composition are placed in each cup: 

one is small and radioactive (9), and the other large and nonradio- 

active, serving as the target (8).  The corundum cups, ground for 

close fitting, are set up in a column, placed in a special container 

made of sheet molybdenum, and put into a molybdenum heater.  The 

heater and the electrodes supplying current are covered with a copper 

hood which has a small receptacle on one side for activated carbon. 

A sufficiently high vacuum (1 ' 10 ö nun hg) is created in the system 

by pumps (types RVN-20 and TsVL-100) a trap cooled by liquid nitrogen 

and the activated carbon. 

O J 
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Flg. 1. Diagram of the device for Isotoplc 
exchange:  l) copper hood;  2) receptacle 
for activated carbon;  5) molybdenum heater; 
4) shields;  5) electrodes;  6) rubber seal; 
7) ceramic cup;  8) target;  9) sample contain- 
ing radioactive Isotope. 

:: 

Next, the samples are heated to the prescribed temperature at 

which the soaking appropriate for the conditions of the test Is to 

be carried out. The temperature Is controlled by means of three 

platinum and platlnumrhodlum thermocouples with the aid of a PPTN-1 

potentiometer.  The accuracy of the temperature measurement Is + 1.5°. 

By successive annealing at the same temperature and by measuring each 

time the radioactivity of the sample that was not radioactive at the 

beginning of the test, we obtain data for calculating the rate of 

evaporation and vapor tension. 

The samples are in the shape of disks 1 mm thick and 16 and 4 mm 

in diameter. The surface of the larger sample is made highly cor- 

rugated so that its area will be Increased. The samples are made by 
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fusing alloys of the same chemical composition, the radioactive Is- 

otope being added to the smaller sample either directly during the ^) 

melting or by Irradiation with thermal neutrons. 

For the Investigation we selected alloys of the ternary system 

chromlum-molybdenum-lron, which were In the plane of two cross-sec- 

tions and had constant chromium contents of 55 and 65^ (Pig. 2). 

At a temperature of 1150°, the selected alloys are in the zone 

of the homogeneous solid solution a and In the two-phase zone a + a. 

We should point out that at higher test temperatures the alloy 

containing 10%  Mo and 55$^ Cr Is on the very boundary of the zone 

a + a. 

Electrolytic chromium, electrolytic iron approximately 99-9^ 

pure, and 99^ pure molybdenum were used as starting materials. The 

alloys were made in high-frequency induction furnace in a helium 

atmosphere. 

The radioactive Isotope Cr51 was obtained from the stable iso- 

tope Cr50 by direct irradiation of the samples with thermal neutrons 

in an atomic reactor.  At the same time it is possible to obtain 

simultaneously the radioactive isotopes Pe ^ and Pe59 and several 

short-lived molybdenum isotopes, among which is Mo", which has a 

short half-life of 67 hours, along with the radioactive isotope Cr5 . 

The radioactive isotope Pe5S has only K-capture, which results in the 

emission of x-rays that do not register if glass or metal counter 

tubes (STS-6) are used. 

Thirty or forty days after irradiation there is practically no 

radioactive molybdenum left in the alloys. 

When the alloy iron content is high, the formation of the radio- 

active isotope Pe59 will be very small, in view of the fact that 

O 
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the effective cross section for neutron capture by the stable Iso- 

tope Crso Is 30.5 times as large as the effective cross section 

for Pe  capture, while the percentage of Crso In natural chromium 

Is 13 times that of PeSB. 

The test were carried out at a temperature of 1150-1250°.  Fig. 

3 shows the variation In the heat of sublimation as a function of 

the molybdenum content In alloys containing 65^ (1) and 55^ (2) 

chromium.  As Is clear from Fig. 3, In alloys containing 655^ chromium 

the heat of sublimation rises with the Increase In molybdenum content. 

Alloys containing 55^ chromium have a maximum heat sublimation when 

the molybdenum content Is about 20^. 

If It Is assumed that the lonlzatlon energy of the chromium 

atoms depends only slightly on the Iron and molybdenum concentration, 

then the Increase In the heat of sublimation Indicates that these 

alloys may have a tendency toward the formation of a stronger bond 

between the heterogeneous atoms of which they are composed. 

Consequently, proceeding from the therraodynamlc data, we may 

assume that alloys containing 65^ Or will be stronger If the molyb- 

denum content Is over 15%.     Apparently there Is a higher value In 

these alloys for the bond energy between the atoms of chromium, 

molybdenum and Iron.  Among the alloys containing 55^ Cr, those 

lying In the formation zone of the a phase will be the strongest. 

Since these are two-phase alloys, however, the views expressed earlier 

regarding binary solid solutions may not apply to them. 
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Pig. 2.  Isothermal cross section 
of the system chromlum-molybdenum- 
Iron at 1100°. 
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Fig. 5.  Variation In heat of sub- 
limation A H, depending on the Iron 
and molybdenum content. 
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In order to verify this assumption, we determined the mechanical 

strength of the alloys at a temperature of 1150° by following two 

methods: With 6556 Cr by the centrifugal-bending method. 

With 55^ Cr by a method of torsion In a vacuum at high tempera- 
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ture with the use of a special device. 

The tests by the first method were carried out under a load of 

0.5 kg/mm2 for 20 hours.  The results of these tests confirm the 

above assumption. 

The higher heat-of-subllmatlon values correspond to the alloys 

with a lower bending deflection, and, as shown by analysis of the 

values of therraodynamlc activity, this Increase tends to be exponen- 

tial. 

As we have already stated, a special device (Fig. 4) was used 

for the mechanical testing of the alloy containing 55^ Or; the 

operating principle of this device Involves twisting the sample 

under a torque that Increases linearly with time. 

The sample, which Is cylindrical in shape and has a diameter of 

4 mm and a length of 15mm with square tips, is inserted in molybdenum 

clamps and placed in a microfurnace made of sheet tantalum.  One of 

the clamps (9) is fixed to the tip (4) which is free to move forward 

along guiding rails; the second clamp is connected to the tip (8), 

which has a free torsional movement. The sample is charged on the 

"hourglass" principle by means of fine lead powder pouring out 

through an orifice in the load bin (1) into the charge container (5), 

which is Joined to a large pulley (14) by a flexible cable passing 

over a small pulley (13) . 

The torque-arm in the given case is 4 cm long, which ensures a 

maximum torque of M = 7 kg/cm, the weight of the powder being 1.7. 

The rate of charging P0 - 10Cg/mln. The device permits a maximum 

torque angle of a = 225°.  The maximum tangential stress is 

Tmax = l0^ Kg/cm , and the maximum relative torque angle o^^^  = 
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= 150 deg/cm. 

The mlcrofurnace Is connected by means of the current feeders 

(12) to the water-cooled copper electrodes, which are Insulated 

and fixed to a steel plate. Power Is supplied from the secondary- 

winding of a ?kw., 220 v. step-down transformer.  The heating Is 

regulated by an auto-transformer, TNN-45 and the temperature is 

controlled by a platinum and platinum-rhodium alloy thermocouple 

fixed to the surface of the mlcrofurnace heater. To reduce heat 

lossed due to radiation and to reduce heating of the glass hood, 

the mlcrofurnace Is protected by special shields. 

Fig. 5 shows the relationship between the time required to 

attain a 10° angle of twist and the molybdenum and Iron content 

in alloys containing 555^ Cr.  The results obtained confirm the 

assumption that alloys In which a a  phase forms have greater strength. 

Thus the heat of sublimation and the thermodynamlc activity of 

chromium have been experimentally determined In a number of alloys 

of an Iron-chromium molybdenum system.  The hypothesis has been put 

forward that the alloys most resistant at high temperature are those 

in which the heat of sublimation of chromium has a higher value 

while the value of thermodynamlc activity is at a minimum. Indicat- 

ing a tendency toward the formation of preferential bonds between 

heterogeneous atoms. 
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Flg. 4. Diagram of device for torsion 
testing of samples at high temperature In 
vacuum.  1) charge bin;  2) charge vent; 
5) load container;  4) tip which Is free 
to move forward;  5) shields;  6) sample; 
7) dial;  8) tip with torslonal freedom; 
9) clamps;  10) heater;  11) electrodes; 
12) current feeders;  13) small pulley; 
14) large pulley. 
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Pig. 5.  Plotting of the time required to 
attain a torque angle of 10°. 
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DETERMINATION OF THE THERMODYNAMIC PARAMETERS 

OF CHROMIUM AND COBALT BY MEASUREMENT 

OP THE SATURATED VAPOR PRESSURE OF CHROMIUM 

Ya. I. Geraslmov, A. M. Yevseyev, and Q. V. Pozharskaya 

o 

Measurement of saturated, vapor pressures Is widely used to 

determine the thermodynamlc functions of melts of liquid metals. 

For the study of the thermodynamics of alloys In the solid state 

this method, as well as the electromotive force method. Is less 

frequently employed. 

Nevertheless, the method of measuring saturated vapor pressure 

Is convenient and may give reliable results with most metals If the 

evaporation Is of single and not of associated atoms. When measuring 

the saturated vapor pressure over solid alloys, we must take Into 

account the loss of volatile components from the surface layer of 

the alloy during the evaporation process.  In order to reduce the 

Influence of the phenomenon, which Is apt to distort the results, 

we must use alloys with a well-developed surface; this excludes 

use of the Langmulr method, which Is applicable In the case of 

liquid alloys [1].. 

The most accurate and convenient methods In dealing with low 

pressure vapors, which are a characteristic of most metals In solid 

form, are those of Langmulr and Knudsen.  We chose Knudsen's method. 
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In the Knudsen method, the rate of evaporation depends on the 

saturated vapor pressure and the area of the effusion orifice. 

In order to create the saturated vapor In the Knudsen chanlber, the 

surface of the evaporating substance has to be many times greater 

than the area of the effusion orifice. For  this purpose the alloy 

we used In the Knudsen chamber was In the form of fine shavings. 

Measurement of the saturated vapor pressure of chromium In 

chromium-cobalt alloys was effected with the device shown In Pig. 

1. The effusion chamber (1) Is a metallic cylinder Into which a cup 

and an effusion diaphragm with an orifice are placed.  It Is fixed 

to a quartz tube In the center of the device.  A platinum and platinum- 

rhodium alloy thermocouple (2) , the Junction of which Is fixed to 

the bottom of the cup In the chamber, passes along the Inside of the 

tube.  A quartz cap (5) Is placed over the chamber, and the chromium, 

after evaporation effected by the Inductor code (4) , precipitates 

onto the cap.  When the evaporation is complete, the cap is weighed 

and the chromium removed with hot, concentrated acid. The quantity 

of chromium is determined from the difference in weight of the cap 

with and without the deposit, as well as by colorlmetrlc analysis 

of the chromium solution. In the case of a cobalt-chromium system, 

the effusion chamber is made of tantalum. 

The effusion chamber is heated by a high-frequency electro- 

magnetic field.  As a source of high-frequency energy for out 

tests, we used an MVP-1 apparatus made by the "Platinopribor" 

factory. The heating of the chamber was controlled by means of a 

photorelay; as a measuring device we used a platinum and platinum- 

rhodium thermocouple, the electromotive force of which was measured 

simultaneously by a PPTN-1 low-resistance potentiometer. During the 
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entire text, the temperature was kept constant to within 2°. 

Occasional deviations caused by voltage fluctuation In the circuit 

did not exceed 4°. 

After determination of the quantity of chromium evaporating 

over a certain period of time, we calculated the saturated vapor 

pressure of chromium according to the equation 

STK Y 
2nlir (i) 

o 

Where P Is the saturated vapor pressure; 

AG Is the quantity of evaporated substance In grams; 

r Is the time of exposure In hours; 

S Is the area of the effusion orifice. In ram; 

K Is the Clausing*coefficient; and 

M Is the molecular weight. 

The area of the effusion aperture varied within the limits of 

4 * 10  to 1 • 10~3 cm2, and the time of exposure T from 2 to 6 

hours; the thickness of the effusion diaphragm was 0.08mm.  The 

measurements of the chromium vapor pressure in the cobalt-chromium 

system were made within the temperature range 1,227 to 1,297°. 

Six alloys were tested altogether.  With alloys of the same composi- 

tion, from 3 to 5 values for the chromium vapor were measured at 

various temperatures, 
i 

Electrolytic chromium with a purity of 99.7^ by weight and 

* Translator's note: The transliterated form of this name 

Is "Klyauzing". 
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cobalt with a purity of 99.056 by weight were used In making the 

alloys. 

The experimental results were processed according to the equa- 

tion 

\gP=--^ + B. (2) 

Fig. 1. Diagram of device for 
the measurement of the saturated 
vapor pressure of chromium In 
cobalt-chromium alloys. 

The experimental data coincide closely with the lines log P- -m 

within the temperature range 1,227 to 1,297°.  Discrepancies be- 

tween the calculated and the experimental values of 1? did not exceed 

5^. The cobalt vapor pressure within the given temperature range In 

alloys enriched with chromium Is Insignificant, I.e., of an order of 

10 mm Hg and the pressure of pure cobalt Is of the order of 
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1 • 10~4 mm Hg. 

The cobalt-chromium system (2) contains a compound CoaCra, 

based on which Is a solid solution with a small range of homogeneity. 

At a temperature near 1297° this compound decomposes.  We therefore 

restricted ourselves In calculating the thermodynamlc functions to 

data for the range 1227 to 1277p In order to maintain uniformity 

In the results. 

From Eq. (2) we calculated the saturated vapor pressure of 

chromium for alloys of various chromium concentrations at 1500, 

1525 and 1550° K. The activity of chromium Is determined by the 

ratio -p 

where P0 Is the chromium vapor pressure In a pure state at a given 

temperature; 

P Is the chromium vapor pressure over the alloy at the same 

temperature. 

Table 1 gives the experimental results of determining the 

activity of chromium and the rounded-off values of this activity. 

We have also calculated the values for the partial free energy of 

combination for chromium In cobalt-chromium alloys at T = 1525° K 

(Pig. 5), according to the formula 

AnCr = Ärina = Ä7,ln4-. 

Flg. 2 gives experimental data which basically corresponds to 

the structural diagram of a cobalt-chromium system. The result of 

calculation of the partial molar heat of combination of chromium 

obtained from the equation 
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A^cr = - 4.5756 TJt ii»=Mft , 
It — i ! w 

are given In Pig. 5. Here, the partial molar entropies of combina- 

tion are calculated from the equation 

 AT-^Cr = _ 4.5756-Iiig£iZ=|iii£>_ 
•«» — J i 

(5) 

To calculate the Integral quantities we used the Duhem-Margules 

equation: 

AÄroM = ^0o    \     A^crd 
Nr 
Nr 

o 

Nr 
AZCM*=Nco J  Ancrrf-^1 

TABLE  1 

Crjiaweiuiue onuTnue nannuc nJM    OKTMBnOCTCii    XpOMt a = -^ 
- T paima CK 

Wer 

T pamia (»K 

"CT 
1600* 1525' IMG* 1500« IW 1550» 

0,1000 0,1125 0,1060 0,0990 0,6000 0,3725 0,3800 0,3875 
0,2000 0,2263 0,2135 0,2019 0,6052 0,3784 0,3885 0,3987 
0,2741 0,3030 0,2907 0,2791 0,7000 0,4050 0,4150 0,4350 
0,3000 0,3160 0,3075 0,2980 0,8000 0,4175 0,4325 0,4500 
0,3541 0,3360 0,3216 0,3188 0,8835 0,4590 0,4810 0,5037 
0,4000 0,3300 0,3250 0,3200 0,9000 0,7188 0,7379 0,7563 
0,5000 0,3300 0,3250 0,3200 1,0000 1,0000 1,0000 1,0000 
0,5610 0,3291 0,3260 0,3232 

By graphic Integration we found the Integral heat values and 

Integral free energies of formation of cobalt-chromium alloys at a 

temperature of 15250K. The results of these calculations are given 

In Pig. 4. 
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Pig. 2.  Activity of chromium in 
a cobalt-chromium system. 

Pig. 5.  Partial thermodynamic functions 
of chromium in a cobalt-chromium system. 
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The cobalt-chromium system In a solid state In the chromlum- 

rlch zone produces large negative deviations of activity from the 

Raoult Law, and small positive deviations In the cobalt-rich zone. 

In the zone of the solid solution based on Co2Cr3 (O.56 - O.62 mole 

fractions of chromium) a sharp decline In activity takes place, and 

the partial heat of diffusion of chromium changes Its sign from 

negative to positive.  It Is clear from the data on the Integral 

heats of formation of cobalt-chromium alloys that the formation of 

CozCr3  Is accompanied by heat absorption. The heat effect of the 

formation of the compound CozCr3  Is equal to + 3,100 large cal. 

The maximum loss of energy during the formation of cobalt- 

chromium alloys Is sustained by alloys containing 0.85 to 0.95 mole 

fractions of chromium,1.e., by the zone of the solid solution of 

cobalt In chromium.  This phase Is marked by greater Interatomic 

bond strength for Co-Cr, as can be concluded from the curves for 

the heat of formation of the alloys (see Pig. 4). 

2 

Pig. 4.  Pree energy and heat of alloy 
formation in a cobalt-chromium system. 
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CONCERNING THE VALUES OP ACTIVATION ENERGY 

OF CERTAIN PROCESSES IN METALS 

K. A.. Oslpov 

Research [l] shows that the values for the activation energy 

of self-diffusion In solid metals obtained from experimental 

measurement of the coefficients of self-diffusion conform to the 

relation 

A// = nq, ( 1) 

where n Is the number of atoms In the activated group; 

q. Is the activation energy for one atom in a group of n atoms 

in gram-atoms. 

The magnitude £ was obtained from the Glbbs free-energy values 

which the metal possesses at various temperatures^ on the assumption 

that in an activated state a certain group of atoms may be compared 

to their state at the moment before melting or at the temperature 

of fusion, when the crystal lattice loses Its thermodynamic stability 

and can pass into a liquid state.  Calculated in gram-atoms, the 

magnitude £ has the value 

'--M^rlr*6.7-^)-^].       (2) 
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Where T- Is the temperature of fusion, "K; 

Upg Is the heat content (per gram-atom) of the solid metal at 

the melting point; 

H   Is the heat content (per gram-atom) at the standard 
298 

temperature of 298.l60K; and 

S   Is the entropy (per gram-atom) at standard temperature. 
298 

The analysis of some experimental data, given below, prompts 

the author to make the assumption that actlvatlon-energy values for 

the most diverse phenomena Involving the displacement of atoms and 

vacancies In solid metals (diffusion, recovery and recrystalllzatlon, 

plastic deformation and failure, shear planes, and displacement of 

dislocations), may be expressed by Eq. (l) .  The activated state of 

each of these phenomena is essentially the same; It corresponds to 

the state where the crystal lattice loses Its thermodynamlc stability 

and Is able to pass Into a liquid state in local structures; the 

magnitude changes little In the same metal and represents a kind of 

connecting link as it were between the most diverse phenomena, show- 

ing that the activation In them Is essentially the same.  The wide 

range of activation energy values obtained from experimental measure- 

ments of the rates of various phenomena Is caused mainly by a 

difference In the values of the quantity n, i.e., a difference in 

the size of the activated groups of atoms, and the quantity n may 

vary from 1 to considerably higher values, depending on the 

phenomenon under investigation and the conditions under which it 

occurs.  In Eq. (l), the quantity n is the most sensitive to changes 

In external conditions. 

Given this approach to the varied phenomena occurring in metals. 
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there Is no need to consider whether the question there has any- 

thing In common In the mechanism of these phenomena, for example 

In self-diffusion and high-temperature creep, or self-diffusion and 

displacement of dislocations, etc.  Instead, our efforts should be 

directed toward clarification of the conditions leading to a change 

In the relation (l), more specifically to a change In the number n 

since the specific features of a particular phenomenon depend on It. 

To substantiate our assumption, let us examine some theoretical 

aspects and the experimental data. 

According to calculation, the quantity £ Is a constituent part 

of the difference AGT
S In the Gibbs free-energy factor, for pressure 

- .a P 
at a constant temperature. I.e., the quantity (j-pOrp ,   calculated 

per gram-atom. Is equal to the volume of the latter and consequently 

Is a rather small quantity In typical metals, we may disregard the 

variation of the Gibbs free energy factor and hence that of the 

quantity £ with the variation within rather large limits of the 

pressure. 

It is difficult to solve the problem of the dependence of £ 

on the magnitude of uniaxial tensile or compressive stresses applied 

to the specimen or on the degree of its plastic deformation, since 

we do not know of any theoretical investigations into the variability 

of the Gibbs free-energy factor with the above-mentioned factors. 

It may be considered, however, that the quantity £ will not be sub- 

ject to substantial changes In these cases either since the structures 

of the local break-up of the crystal lattice caused by the applied 

stresses and various degrees of plastic deformation will be surrounded 

by an elastic medium, interaction with which will subject them to 

hydrostatic pressure. 

O 
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For the time being, therefore, until a more thorough analysis 
« 

Is made, we will consider the quantity £ as approximate to the 

boundary values of the activation energy of diverse processes 

connected with the displacement of atoms and vacant sites; we assume 

that It should not vary substantially In the case of wide variation 

in the state of the crystal lattice In its local structures. 

The proximity of the quantity £ to the boundary value of the 

activation energy and its low sensitivity to changes in the state 

of the lattice are confirmed by a series of experimental data.  In 

particular, it can be stated that even in a liquid state near the 

melting point the activation energy of self-diffusion has a value 

which is very close to the quantity £. For example. In the case of 

sodium the quantity £ calculated according to Eq. (2) amounts to 

2,545 cal/g-atom, while the activation energy of self-diffusion in 

liquid sodium near the melting point Is equal to 2,580 cal/g-atom 

(2).  On the basis of experimental measurement of the viscosity in the 

liquid state (3) the value of the activation heat of the self- 

dlffusion of liquid aluminum can be estimated at approximately 

6,100 cal/g-atom; this value is near the value of q = 7186  cal/g- 

atom,   calculated for aluminum according to Eq. (2). 

Let us also mention the very interesting fact that the values 

of £ calculated from Eq. (2) agree closely with those of the activa- 

tion energy of the process of low-temperature recovery of electrical 

conductivity, which was studied In a number of pure metals when 

subjected to various actions, such as irradiation with deuterons, 

mechanical cold-hardening at low temperatures, and rapid cooling 

from high to low temperatures. Thus in copper (~ 99-99^)^ after 

irradiation at a temperature of l80o with deuterons having an energy 
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of 12 mev (4), after mechanical cold hardening at the temperature 

of liquid helium (5) , and also after hardening from high to low 

temperatures (6) and (7), the process of return of electrical con- 

ductivity at temperatures of 50° and higher takes place with an 

activation.energy of approximately 15,688 cal/g-atom.  A similar 

value for the activation energy of return was obtained for sliver 

Irradiated with deuterons (8) .  This value coincides for all 

practical purposes with the value q. = 15.415 cal/g-atom for copper 

and ^ = 15.955 cal/g-atom for silver, obtained by us from Eq. (2). 

In aluminum (99.995^), rapidly cooled from a temperature of 504°, the 

process of return of electrical conductivity (9) takes place with an 

activation energy equal to 6921 cal/g-atom, which Is near the value 

q = 7186 cal/g-atom. 

The theory of dislocation claims that a displacement of sub- 

stance Is necessary for the movement of the dislocation in a plane 

perpendicular to the slip plane.  It Is assumed that this Is effected 

by a diffusion of vacancies or dislocated atoms near the nucleus 

of the dislocation. The publication [10] contains a calculation 

of the activation energy necessary for this displacement of dis- 

locations, and In the case of aluminum, values of 7,844 to 9228 

cal/g-atom were obtained for various directions in the lattice, 

which are close to the value q = 7186 cal/g-atom obtained by us. 

Shepard and Dorn [11] studied experimentally the process of 

generation and expansion of the slip bands in aluminum containing 

1.89^ in its solution magnesium.  Creep testing under stress below 

the yield point was carried out at temperatures of 78 and 1140K. 

The authors came to the conclusion that the generation and expansion 

of slip bands are related to the de-blocking of the dislocations 
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retained by the salute atoms. They considered that the basis of 

this process of deblocking of the dislocations as well as the process 

of origination and expansion of the slip bands. Is, some kind of 

heat process with an experimentally determined activation energy 

equal to 6000 to 6800 cal/g-atom.  This value also differs little 

from that of £ calculated for aluminum.  It Is possible that the 

agreement also would be close even If magnesium were absent In the 

aluminum solution. 

The above-mentioned data re In accord with our assumption that 

the quantity £ may be considered to be approximate to the boundary 

value of the activation energy of various phenomena. 

By taking the quantity £ for the minimum initial value of 

activation energy corresponding to one activated atom, and using the 

relation (l), it becomes possible to obtain wide variety of values 

for activation energy in the experimental study of the most diverse 

phenomena. 

In the case of self-diffusion in metals with a face-centered 

cubic lattice, we have the relation AH = 3q.  Prom this relation, 

we derive for aluminum AH = 3'  7186 = 21,558 cal/g-atom.  This 

theoretical value of the activation energy of self-diffusion in 

aluminum agrees closely with the value (21,000 + 2000 cal/g-atom) 

which was obtained from measurements at temperatures of 15 to 440° 

by means of the magnetic resonance method (12). We do not beleive 

that this agreement is accidental; it rather convinces us rather 

that the activation energy of self-diffusion in solid aluminum is 

in effect near the value of 21,588 cal/g-atom calculated by us, as 

apposed to the value 33 to 36  kcal/g-atom, generally accepted for 

aluminum. 
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In the case of creep, the activation energy depends on the 

magnitude of the stresses applied to the sample, as becomes apparent 

when the stresses are varied within wide limits.  In this connection, 

the form of the dependence and the Initial and final values of the 

activation energy are of Interest to the theory. The available 

experimental data and the theoretical Investigations so far carried 

out do not enable us to formulate definite answers to all these 

questions. 

As regards to the Initial values of the activation energy of 

creep, which are generally accepted as zero values of the applied 

stresses and are obtained by extrapolation, most of the researchers 

claim that for pure metals these values are near the values of the 

activation energy of self-diffusion or even coincide with them. 

This gave rise to the belief in the similarity or even identity of 

the mechanisms of creep and self-diffusion.  S. N. Zhurkov and 

others [15], however have obtained for a series of metals (Zn, Al, 

Nl, Pt) initial values for the activation energy of creep which are 

considerably higher and closer to the values of the heat of sub- 

limation. 

In spite of the contradictary nature of these experimental data, 

they can be reconciled by our own idea of the applicability of the 

relation (l) to the most diverse phenomena.  With pure aluminum, 

for example, various authors have obtained the following Initial 

values for the activation energy of creep: Ik.1   [l4]j 27-6 [15]; 

32.2 [16]; 36.O kcal/g-atom [17]. S. N. Zhurkov obtained a value 

of 53.0 kcal/g-atom. The discrepancy in these results may be caused 

by the fact that the degrae of purity of the aluminum and the experi- 

mental conditions differred with various researchers.  In spite of 

this, they can all be expressed by the relation (l) with differing 
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values for n, but with close values to that of c[. 

As regards to the fotm of the functional dependence of the 

activation energy of high-temperature creep on the tensile stresses 

applied to the test piece. It has been Impossible so far to come 

to any definite conclusion on the basis of available experimental data. 

Many experiments carried out with a number of pure metals have shown 

that the activation energy of creep decreases with an increase in 

the applied stresses.  But for molybdenum the dependence was found 

to be completely the Inverse [l8].  Thus, for molybdenum (99.95^ pure) 

melted In the electric arc, the values of the activation energy of 

creep studied at temperatures of 870 to 1095° and at constant effective 

stresses varying between 10.5 and 21 kg/mm2, increase in direct 

proportion to the applied stress.  The Initial value of the activation 

energy of creep, obtained by extrapolation with respect to the zero 

stress applied, amounts to 75 kcal/g-atom and Is considerably lower 

than the activation energy of self-diffusion of molybdenum (104- 

120 kcal/g-atom; under a stress of 10.5 and 21 kg/mm2, the activation 

energy of creep obtained Is equal to 78 and 89 kcal/g-atom, respect- 

ively. . 

It Is difficult at present to explain this peculiarity In the 

functional dependence on stress of the activation energy of creep 

In the case of molybdenum.  Possibly this Is a case of aging as a 

result of precipitation under stress of small quantities of ad- 

mixtures dissolved In the molybdenum.  It Is not out of the question, 

however, that a similar law will also be established for other hlgh- 

meltlng metals as well, or that It has basic significance; the cause 

may be the influence of strain-hardening in metals with high elastic 

constants. We may then conclude that as an effect of the stresses 
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applied the quantity n In Eq. (1) can both Increase and decrease, 

depending entirely on the state of the material and the conditions 

under which It deforms.  An Increase In the number n will .Indicate 

that with an Increase In stress and consequently In the deformation 

rate ever larger units are drawn. Into the process of simultaneous 

activation and that the primary activation extends to ever larger 

elementary structures. 

S. N. Zhukov et_ al. obtained for a number of metals (Zn, Al, 

Ni, Pt) and alloys the following empirical dependence of the activa- 

tion energy of creep (and of failure) AH on the applied stresses a: 

o:A// = A^0 —V3 

Where AHQ IS the Initial value of the activation energy; and 

7 is a constant coefficient [13]. 

It results from this function that the activation energy of 

creep (and of failure) decreases in direct proportion to the applied 

stress and at higher stress values may equal zero. 

Let us point out, however, that the dependence of the activation 

energy of creep on the applied stresses, as indicated by S. N. 

Zhurkov et_ al. was not observed in the experiments carried out by 

Carreker [19], although he made a very careful Investigation of 

creep in platinum under a wide variety of conditions.  Carreker 

made tests with annealed platinum wire (diameter 0.38 mm; purity 

99.98^) in the temperature range 78 to 1550oK.  Elongation was 

effected under a constant tension of O.63 to 28 kg/nun2 and a de- 

formation rate of 10 1 to 10~6 min"1; the degree of deformation 

amounted to from 0.001-0.1.  At temperatures of 300 to 1200 "K 

the elongation was done in an atmosphere of purified dry nitrogen 

and above 1200CK, in air. 
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Flg. 1 shows Carreker's data for the dependence of the activa- 

tion energy of creep In platinum on the degree of deformation 

(0.005 to 0.05) and on the magnitude of the stresses applied 

(0.7 to 7.0 kg/mm2) at temperatures of 450 to 1550CK.  It Is seen 

from this graph that the Initial value of the activation energy 

of creep may be taken as equal to 68 - 78 kcal/g-atom, which Is 

considerably lower than that of the sublimation energy of platinum 

(~ 127 kcal/g-atora); there Is no linear dependence on stresses. 

With an Increase In the stress the dependence of the activation 

energy on the deformation and stress decreases and tends to become 

a boundary value.  With a deformation of 0.1 to 0.05, at which we 

were able to determine the activation energy with the greatest 

accuracy, and under a stress of 7 kg/mm , the value of the activa- 

tion energy amounts to 25-9 to 28.6 kcal/g-atora and Is apparently 

already very close to the boundary value.  Let us point out that 

with platinum the quantity q which we calculated from Eq. (2) amoun- 

ted to 54 kcal/g-atom., which Is but little different from the value 

of the activation energy of creep (25.9 to 28.6 kcal/g-atom.  This 

small discrepancy may Indicate that the quantity £ Is a slightly 

decreasing function of the elongation stresses. 

The Investigation of creep In pure aluminum (99.996^) In 

experiments made by Sherby, Lytton, and Dorn [20] with cyclic 

variations In temperature during the processj Is of great Interest. 

Studying creep In aluminum In the temperature range 77 to 880oK and 

at constant tensile stress values (0.5 to 15.55 kg/mm2), the re- 

searchers established the following very Important facts: 

The dependence on time of creep deformation remains the same 

at very low temperatures (770K) as well as at high temperatures; 
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The activation energy of creep Is a complex function of tempera- 

ture. 
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Pig. 1.  Activation energy for plastic 
flow of platinum (99.98^) as a function 
of stress at various degress of de- 
formation:  1) 0.005;  2) 0.010; 3) 0.020 
h)  0.030. 

Fig. 2 shows diegramatlcally the dependence of the activation 

energy of creep in aluminum on the test temperature according to 

data obtained by the authors in [20]. 
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Pig. 2.  Activation energy of creep in pure 
aluminum (99.996^) as a function of the 
absolute temperature. 

The graph given in Fig. 1 shows two regions corresponding to 

temperature ranges of 880 - 500°K and 357 - 250°K with constant 

activation energy values wqual to 35,500 and 27,500 cal/g-atom 

respectively; at other temperatures, the activation energy has 
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varying values. 

In accordance with the established temperature-dependence of 

the activation energy of creep In aluminum, the authors of [20] 

came to the conclusion that In the various temperature ranges creep 

may be due to different mechanisms, each having Its own activation 

energy value. 

According to the idea we are elaborating, the experimental 

data shown In Fig. 2 may be Interpreted In a different way than 

that In [20]. 

The fact that dependence on time of creep deformation does not 

vary qualitatively with the temperature suggests that the process 

of activation of the elementary act of creep is in essence qualita- 

tively the same at all temperatures.  Its essence, as pointed out 

above, is loss of thermodynamlc stability by the lattice in local 

structures.  Accordingly, the entire graph in Pig. 2  may be 

described by the same relation [l], in which the quantity n is a 

decreasing function of the temperature, and the quantity £ a 

slightly varying quantity near the limit value of activation energy. 

Let us note that when applied to the data shown in Pig. 2 the 

relation (l) gives us the following values for the quantity AH:  for 

the plateau of the graph in the temperature range 880 - 500oK, n = 

_ 35 500 ~ 5; and for that in the temperature range 575 - 250CK, 

n _ 2l v00 ~ 4.  These values which proximate whole numbers for 
q 

the value n may indicate that the same mechanism of creep operates 

in the given temperature ranges, but with different number of the 

activated units.  In other temperature ranges, the values of n are 

not whole numbers but fractions, which may be due to the microscopic 

inhomogenelty, of the process of creep. 
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We believe that If It were possible to establish the activa- 

tion energy of creep In small local structures with a homogeneous 

energy state n In the relation (1) would always be a whole number. 

In our opinion, the low-temperature sections of the graph In 

Fig. 2 can be brought up to the plateu with a constant value for 

the activation energy of creep, close to the quantity ^ for aluminum. 

t 
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A STUDY OF DIFFUSION IN AN IRON-ALUMINUM SYSTEM 

WITHIN A WIDE RANGE OF CONCENTRATIONS 

S. D. Gertsrlken, I. Ya. Dekhtyar, N. P. Plotnlkov, 

L. F. Slastnlkova,, and T. K. Yatsenko 

A study of the processes of diffusion In alloys based on 

elements of the Iron group Is of scientific and practical Interest. 

As a result of the complex Interaction of the d and S electron In 

the formation of alloys based on these elements the nature of the 

atomic interaction changes substantially.  The sum total of the 

characteristics of alloys obtained by various methods enables us to 

visualize more specifically the nature of atomic interaction and 

Its variation over a wide range of concentrations. 

The aim of this work is to define the connection between the 

diffusion parameters and the magnitudes characterizing the inter- 

atomic bonds. 

Preparation of Alloys and Specimens 

Alloys of concentrations varying from 3.47 to 52.2 atom ^ Al 

were prepared for the study of diffusion in an iron-aluminum system. 

All the alloys were melted In a high-frequency vacuum furnace with an 

Armco Iron base containing 0.07^ C (by weight) and pure Al.  The 

composition of the alloys according to the data furnished by chemical 
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analysis Is given In Table 1. 

TABLE 1 

mm  -J 

3 

AI, aT.% . 

Al, Bec.% 

3,47 

1,75 

7,95 

4,1 

13,5 

7,2 

20,6 

11.2 

23,6 

13,2 

35,5 

21,0 

42,0 

26,0 

47,3 

30,0 

52,2 

34,5 

Within the range between room temperature and 1200° are a one- 

phase solid solution with an a lattice.  The alloys were homogenized 

In quartz ampules for 50 hours at 1150-1200°.  Alloys with a lower 

aluminum content (up to 20 atom percent) were forged Into rods and 

cut Into specimens. The alloys with high aluminum content did not 

forge well because they were found to be brittle.  Therefore the 

specimens were cut directly from the Ingots. 

Method Used In the Experiment 

The radioactive Isotopes Co60 and Pe59 were used to determine 

the diffusion coefficients of cobalt and Iron.  The values of the 

diffusion coefficients were found by the method of removing layers 

and measuring the Integral activity [1]^ and were calculated from 

the equation 

i /) = 
4-tlga ' (1) 

As Is known, an essentall requirement for the applicability of this 

method Is the plating of the specimen, with a thin, radioactive 
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layer of the metal whose diffusion Is being studied. The thickness 

of the plating must be considerably less than the depth of penetra- 

tion of the diffusing element.  In the given Instance, all these 

requirements were met; the thickness of the plating was 0.5-1 

micron, and the depth of diffusion 200 - 700 microns. 

A radioactive layer of cobalt was applied electrolytlcally to 

one of the flat surfaces of the specimen (approximately 1 cm2) ; the 

plating was effected in a tank containing a solution of cobalt chloride 

in water, with a current density of ~ 0.6 amp/cm2. 

Diffusion annealing of the specimens was done in an atomsphere 

of argon.  The test pieces were powdered with aluminum oxide to 

prevent sintering and were placed in a porcelain boat to avoid any 

possible effect of differences in temperature within the furnace. 

During the annealing of the boat the test pieces used for the study 

of the diffusion coefficient of cobalt, were made into a compact 

pile and wrapped in nickel foil.  The temperature was measured by 

a platinum and platinumrhodium thermocouple and controlled and reg- 

istered by an EPD-17 recording instrument to within +2°. 

After diffusion annealing for a certain time at a given tempera- 

ture, the distribution of activity in depth was measured with a B-2 

unit, using a 7 counter. The layers were removed with abrasive 

paper and the thickness of each layer was found by weighing it on 

micro-analytical scales (Ah = gS- AP).  The coefficients were usually 
PQ 

found by averaging two values.  Errors in calculating the diffusion 

coefficient sometimes reached 50^. 

The x-ray method was also used for the study of mutual diffusion 

in the under reference.  A layer of nonradloactive iron with about 

5 microns thick was applied electrolytlcally to the surface of the 

o 

o 
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plane-psirallel test piece. The iron plating, subsequent diffusion 

annealing, and removal of the layers were effected In the same manner 

as In the study of diffusion, ualng radioactive Isotopes.  The 

distribution of concentration In the diffusion layer was determined 

from variation In the lattice parameter of the alloy.  According 

to data published In scientific literature [2], and on the basis 

of our own measurements, a linear dependence of the lattice para- 

meters on the concentration of aluminum is only observed is solu- 

tions ranging upwards of 20 atom percent of the latter. 

The exposure was made with chromium radiation in RKD-17 chambers^ 

using a variation of the assumetrlcal method for precision measure- 

ment of the lattice parameter.  Here, the flat test piece is fastened 

by the Preston method, and the exposure is made asymmetrically, 

which makes it possible to determine the effective radius of the 

chamber from the picture.  Calculation was made from the line (211). 

Results of the Experiments 

Study of the Diffusion of Iron in Iron-Aluminum Alloys.  The 

diffusion of iron was Investigated in alloys containing 1.7,   4, Y, 

13, and 34.5^ Al by weight.  The results of the measurements of the 

diffusion coefficients are given in Table 2.  It follows from these 

results that the diffusion coefficients of iron in an iron-aluminum 

system, increase gradually with the concentration of aluminum. 

Fig. 1 shows the temperature dependence of the diffusion co- 

efficients. 

In many Instances, the low-temperature point (900°) does not 

come on the straight line connecting the high-temperature points. 

Possibly the influence of the grain boundaries begins to show at 
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this temperature. 
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Pig. 1.  Temperature-dependence of 
the diffusion coefficient of Iron In 
an Iron-aluminum alloy. 

From the data on temperature dependence given above we obtain 

the following results for the activation energy and the pre-exponen- 

tlal multipliers D0  In the diffusion of Iron In an Iron-aluminum 

alloy (see Table 5) . 

Investigation of the Diffusion of Cobalt In Iron-Aluminum 

Alloys.  The diffusion coefficients of cobalt In Iron-alumlnura alloys 

were calculated for A_l content by weight of 1.7; h;   7; 11; 15; 21; 

26; 30; 34.5^.  The resulting figures are quoted In Table k.     No 

apparent dependence of the diffusion coefficient on concentration was 

found. 

Pig. 2 shows the temperature dependence of the diffusion co- 

efficients of cobalt. The data obtained on the activation energy 

and the pre-exponentlal terms are given In Table 5« 

The figures quoted In Table 5 Indicate that the activation energy 

of diffusion      of cobalt rises with an Increase In the aluminum 

concentration, particularly In the zone of high concentrations. 

o 
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Value of Q and Dp for Iron Diffusion 

Al, W.% Al, BCC.% Q, KKanlr-aTOM D, CM'/CCM 

3,47 ^=- 1,75 59,0 3,2 

7,95 •5,1 60,0 4,5 

13,2 7,2 52,0 0,4 

20,6 11,2 63,0 32,0 

23,6 13,2 .    62,5 27,0 

52,2 34,5 66,0 60,0 

TABLE 3 

O 

TABLE 4 

Value of Diffusion Coefficients of Cobalt 

at Various Temperatures (In cma/sec) 

s? 

i 
TeMnepaxypa, *C 

i 
1150 1100 1050 1000 975 900 

< < 

i;"7 3,47 6,7 •10-'« 3,7-10-i» 1,7.10-'» 5,5-10-" 

4,2 7,95 6,4-10-» 2,8-10-» — — 2,7-10-'» 1,3-10-'» 

7,2 13,5 6,7.10-» 4,0-10-»   4,0-10-'» 4,6-10-'» — 
11,2 20,6 — 8,6-10-» 4,6.10-» 1,7-10-» 8,5-10-'» 1,7-10-'» 

13,2 23,6 M-io-» 9,5-10-» 4,10.10-» 1,6-10-» — ■ 3,7-10-'» 

21,0 35,5 l.MO-s 5,6.10-» 1,8-10-» 6,8-10-'» — 1,9-10-'» 

26,0 42,0 7,7-10-» _ 1,1-19-» 3,5-10-'» 2,5-10-'» 1,4-10-'» 

30,1 47,3 7,4-10-» 2,4.10-» — — 1,5-10-'" 1,8-10-" 

34,5 52,2 1,1-10-» 3,2.10-» 1,2-10-'» 6,0-10-'» 4,8-10-" 

DQ Increases continuously with an Increase In the percentage 

content of aluminum and Is considerably greater than one. 

Investigation of Mutual Diffusion In Iron-aluminum Alloys. 

To determine the distribution In depth of the aluminum concentration 

In the specimen, a calibrating curve of the dependence of the lattice 

parameter on the aluminum concentration was first obtained (Table 6 

Pig. 3). 
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Flg. 2. Temperature dependence of the 
diffusion coefficient of cobalt. 

TABLE 5 

The Value of Q and D0 for the Diffusion of Cobalt 

In an Iron-Aluminum Alloy 

Al, life"; AI, .■".% 0, itha;i;r-aToM D, CM^CCH 

1,7 3,47 53,0 0,1 
4,2 7,95 56,0 1,9 
7,2 13,5 58,5 6,8 

11,2 20,6 60,0 22 
13,2 23,0 60,0 27 
21,0 35,5 67,0' 210 
2%,0 42,0 71,0 580 
.■',0,1 47,3 ,79,0 6300 
:M , r, 52.2 67,0 US 

The parameter was calculated from the line (211); the correspond- 

ing *    angle 780 for Iron and T^*^' for the alloy containing 20% kl. 

The lattice parameter Is determined to the fourth decimal. 
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TABLE 6 

Variation In the Lattice Parameter 

According to Aluminum Concentration 

O 

napaweTp pemcTKii, A 

Hte.icso apMKO 
3,47 
7,95 

13,49 
20,6 

2,8612 
2,8689 
2,8779 
2,8890 
2,9008 

TABLE   7 

Value of the Coefficient of Mutual Diffusion 

In Iron-Ali. 

(In c 

imlnum Alloys 

m2/sec) 
TcMiiepaxypa. 'C 

.V» cii.iaBa 
1200 1150 1080 9S0 900 

2 
3 
4 

1,9-10-» 
,  2,38-10"» 

1,47-10"' 

4,17-10-» 
5,7-10:« 
6,07-10-» 

1,9-10-» 
3,28-10-» 
3,38-10-» 

3,8-10-» 
4,37-10-» 

A variation In the aluminum content by 1$>  corresponds to a 

variation In the lattice parameter by 0.0018 Aj from which It was 

possible to determine the variation In the aluminum concentration as 

0.J>  atom percent.  Mutual diffusion was Investigated In alloys Nos. 

2,  5 and 4, In which there was a linear dependence of the lattice 

parameter on composition (Pig. 2). The diffusion annealing was 

carried out at temperatures of 900, 980, 1080, 1150, and 1200°. 
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The diffusion coeffldlents D at various temperatures were calculated 

by plotting the dependence of the logarithm of Iron concentration In 

the layer on the square of Its depth from the equation 

fl = . 
ittga   ' 

Where t. Is the time of annealing; and 

a Is the angle of slope of the curve. 

The depth of the layer was reckoned from the surface coated 

with Iron.  Due to the considerable thickness of the Iron coating 

( ~ 5 microns) the dependence of In £ on X2 at distances of 20 

microns differed greatly from the linear dependence and was only 

approximately linear at greater depths.  The diffusion coefficients 

D established by us are therefore of the nature of an estimate.  All 

diffusion coefficients calculated are given in Table 7'. 

The relatively elevated values of the diffusion coefficients 

at 900° should perhaps be attributed to the presence of boundary 

diffusion at that temperature.  It is noteworthy that there is a 

tendency towards an increase in the diffusion coefficient with an 

increase in the percentage content of aluminum.  This prevented us 

from estimating the activation energy from the temperature rate of 

the diffusion coefficient with a sufficient degree of accuracy.  The 

activation energy was evaluated by the following means.  Fig. 4 

shows the concentration distribution in depth of the components in 

the alloy at two different temperatures: Ti and T2.  For a known 

concentration Ci we may write: 

InCt^A- 

lnCa = A~ 

nptt T = T1 

npaT = T1 

-125- 



-from which 

(2) 
© 

substituting 

results   In 

D1 = Z)oe    «r. ? 

■Pa   _ „ «  ^ T,      rT-' ■ (5) 

From the  Eqs.   (2)   and  (5)   we  obtain 

-fL = iiel^-w) (^ 

Equality (4) Is used to compute the activation energy of 

diffusion Q at a given concentration Cj..  Hence, It also possible 

In this way to find the concentration-dependence of the activation 

energy of diffusion.  We evaluated Q In this way for an alloy 

containing 7.95^ Al (Table 8).  The corresponding concentration 

curves are given In Pig. 4.  We could not make a similar evaluation 

In other Instances. 

omiiS IS II Hl.ain % 

Pig.   5.     Calibrated graph 
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Fig. h.     Distribution of the concentration 
of components In depth at two different 
temperatures In an Iron-aluminum alloy. 
1) Ti = 1000°, ti — 484° C;  2) Ta = 1100°, 
ta 4840C. 

TABLE 

Value of Q In Iron-Aluminum Alloys 

Al, »T. % Q, KKan/r-ai 

4 68 
5 71 
6 71 
7 78 

A comparison of the results obtained In the study of mutual 

diffusion In Iron-aluminum alloys with the phenomenon of self- 

diffusion of Iron In the said alloys enables us to conclude that In 

the first Instance both the diffusion coefficients and the activa- 

tion energy have somewhat higher values. 

The dependence of the activation energy of diffusion on the 

aluminum concentration can be understood If we proceed from the 

Idea that this energy Is connected with the Interaction of the atoms 
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and that this interaction may be characterized by the "fill" factor 

of the electronic d-states [4]: 

do —m 

9 = - (5) 

Where d0 is the number of d-vacancles per atom of alloy In the gas- 

eous state; 

m = d ., the number of d-vacancles per atom of alloy In the solid 
sol 

state. 

The latter number may be obtained by measuring the magnetic 

moment per atom of alloy [5], and do Is known from spectroscoplc 

data and Is equal to 4 for Iron. Table 9 gives the "fill" factors 

calculated in this way. 

TABLE 9 

Al, ar. % "r. i. Q 

0 2,22 4,0 0,45 
10 2,00 3,6 0,44 
20 1,71 3,2 0,47 
25 1,51 3,0 0,50 
30 1,17 2,8 0,58 
40 0,61 2,4 0,75 
50 0,04 2,0 0,98 
52 0,04 1,92 0,98 

It is clear from Table 9 that in a zone ranging up to about 

25 atom %,   the magnitude £ varies little but rises sharply with a 

further increase in its content. Fig. 5 exhibits a similar pattern 

for the dependence of the activation energy of cobalt diffusion in 

the alloys under consideration on the aluminum concentration.  Up 

to 25 atom %  Al we observe a slight increase in the activation energy 
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but It Increases appreciably In higher concentrations.  As regards 

to the diffusion of Iron, the activation energy was found to vary 

little In the zone of aluminum concentrations up to 25 atom %  just 

as In the case of cobalt diffusion. 

It Is Imp-ortant to note that for an aluminum concentration 

near the limit of solubility In the a phase the activation energy 

of cobalt diffusion decreases sharply.  If we consider an alloy 

containing 52.2 atom %  (with up to 0.07^ carbon in the charge iron) 

as the saturation limit, then the decline in the activation energy 

of the diffusion of cobalt with respect to the quantity Q, obtained 

by extrapolation of the curve of the dependence Q = £ up to AQ » 90- 

- 57 = 25 kcal/mole. This considerable decrease in the activation 

energy could be explained by the presence of a higher concentration 

of vacancies, apparently structural in origin, in the alloy contain- 

ing 52 atom ^.  If this assumption is right, then the diffusion 

coefficient in the said alloy. Just as in the case of the correspond- 

ing cobalt-aluminum alloys [7], is determined in effect merely by 

the diffusion rate of the vacancies.  This assumption is to a certain 

extent is borne out by the fact that the coefficient for the alloy 

containing 52 atom %  is almost double that of the alloy containing 

48 atom <fo  Al. 

However, further study, possibly by other methods will be 

required to verify this assumption. 

A comparison of the data on the diffusion of cobalt and iron in 

the alloys under investigation (see Tables 2 and 4) leads us to 

conclude that the diffusion parameters of iron and cobalt are proxl- 

mates. 
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DETERMINATION OF THE PARAMETERS OF DIFFUSION 

AND DEFORMATION IN NICKEL-CHROMIUM ALLOYS 

I. Ya. Dekhtyar and V. S. Mlkhalenkov 

The mobility of atoms In a crystal lattice Is a determining 

factor In the heat resistance of metals.  This Is explained by the 

fact that atomic mobility Is Involved In the mechanism of creep 

and causes the metal to change or retain Its structure. 

The mobility of atoms In a crystal lattice depends directly 

on the character and magnitude of the forces of the Interatomic 

bond, which are described by the sum total of the following physical 

quantities: 

Sublimation energy; 

Melting point; 

Activation energy of self-diffusion and diffusion; 

Characteristic temperature; 

Modulus of elasticity. Its temperature coefficient, etc. 

Although It Is Impossible, In view of the structural sensitivity 

of the strength characteristics, to establish a clearly defined 

relationship between resistance to plastic deformation, failure, 

and the magnitudes describing the forces of the Interatomic bonds, 

we may nevertheless speak of a certain tendency toward increased 

strength as the binding forces In the crystal Increase. 
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There are Indications that the mobility of the atoms In the 

lattice and over the boundaries is related to the problem of plastic 

deformation at elevated temperatures.  It is therefore worthwhile 

to investigate the diffusion parameters of atomic mobility in a 

crystal lattice and to find the link ( if any) between the diffusion 

parameters and plastic deformation., in order to clarify the connec- 

tion between the mechanism of plastic deformation at high tempera- 

tures and displacements of the atoms by diffusion and the part 

played in this by defects of various kinds in the crystal structure. 

G 

Material and Methods 

The alloys under Investigation were made in a vacuum Induction 

furnace from nickel and chromium of high purity produced electrolyti- 

cally.  The composition of the alloys is given in Table 1. 

For the purpose of homogenizatlon, were subjected to forging 

and annealing at a temperature of 1200° for 75 hours in order to 

obtain a uniform structure. 

TABLE 1 

M uuiana Cr. ueo. % Cr. a-r. % TA ciuiaiia Cr, ace. % '  Cr. ax. % 

1 
2 
3 

3,83 
7,88 

12,02 

4,51 
8,70 

13,3 

4 
5 
6 

14,23 
20,25 
24,99 

15,79 
22,03 
25,11 

The diffusion parameters of the alloys were investigated by 

means of radioactive isotopes.  Isotope Co60 was used as a radio- 

active Indicator.  Selection of this isotope was conditioned by the 
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aim of the Investigation, which was to determine the diffusion 

parameters of the basic component of the alloy; so far, our country- 

has not produced any radioactive nickel isotope suitable for the 

investigation; an article [1] however, appeared recently in the 

foreign press, dealing with the study of the self-diffusion of nickel 

by means of the radioactive isotope Nie . 

The data on the diffusion of cobalt in a nickel-chromium alloy 

are probably different from the true diffusion rates of the basic 

components; they however, are quite suitable for describing the 

atomic interactions, particularly the concentration-dependence, 

especially since cobalt and nickel are closely related in their 

physical and chemical properties as elements of the same periodic 

group and are absolutely soluble in each other. 

Radioactive cobalt has been used many times for the investiga- 

tion of atomic mobility in nickel alloys.  The diffusion coefficients 

of cobalt in nickel-aluminum alloys were determined in research [2], 

and the results showed that for the study of the laws of diffusion 

in these alloys it is advisable to use the radioactive isotope Coso, 

which is most suitable for this purpose instead of the nickel Isotope. 

In investigating the diffusion parameters we used the absorption 

method, by which the correlation of ß activities of the side of the 

test piece covered with the radioactive isotope is determined by 

the equation 

'0,0 (1) 

Where 1^ „ and !_, +. are the ß activities of the surface of the test o. o      u. 1/ 

piece before and after annealing for time t; 
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D Is the diffusion coefficient of the given component In the 

alloyj 

JJ. Is the absorption coefficient of the given radiation In the 

alloy. 

The use of this formula presupposes an Infinitely thin layer 

of radioactive Isotope on the surface of the test piece.  In our 

case the radioactive Indicator was applied to the test piece 

electrolytlcally and the thickness of the layer amounted to about 

1 micron.  A part from ß rays with an energy of 0.31 Mev, the Isotope 

Co60 radiates 7 rays components with an energy of 1.17 and 1.53 mev. 

The 7 radiation was eliminated by means of an aluminum shield and 

was deducted from the total activity. From the 7 activity we were able 

to ascertain the state of preservation of the coating.  If part of 

the radioactive coating evaporated., the 7 activity of the test piece 

changed after annealing and we then had to make the necessary 

•.orrectlon.  In such a case, we shall have the ratio 
Lß ^o 
Ißo  ^ 

In the left hand term of Eq. (1) .  However, such cases seldom 

occurred In our experiments, since the test pieces were annealed In 

an atmosphere of argon. 

Using the available tables, we derived from the ratio 
let 

IQ.Q 

the quantity x' H, Dt, from which D 
x 

M.2t 

The use of the absorption method requires knowing the absorption 

coefficient of radioactive radiation In the given material.  This Is 

the chief disadvantage of the method and It shows up particularly 

In a case when the ß radiation of the radioactive Indicator Is not 
60 

monochromatic. This Is not the case with Co 
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The absorption coefficients of ß radiation of Coeo In the 

components were calculated on the basis of the known absorption co- 

efficient of ß rays of cobalt In cobalt (p.  = 518 cm"1) by equation 

UM = -^1*0.    and     ^ 
PCo 

■ Per 

PCo 
m*. 

Where pNl, pCo and pCr are the densities of nickel, cobalt, and 

chromium respectively. The absorption coefficients in an alloy 

being subject to the rule of addition were found from the correlation 

V-cnn  = MN1 CN1 + (i.Cr Ccr, 
(2) 

Where CN1 and Cp are the atomic concentrations of nickel and chromium 

respectively.  The absorption coefficients for the alloys under in- 

vestigation are given in Table 2. 

POMI 
or1 519,3 510,1 

TABLE  2 

M enjusa 

3 « i 6 

506,5 503,3 497,7 493,1. 

Experimental Data 

The diffusion coefficients of nickel-chromium alloys were de- 

termined in the temperature range 1050, 1100, 1150, 1200, and 1250°, 

at which all the alloys were a homogeneous solid solution with a 

cubic face-centered lattice [5]. The results obtained are shown in 
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Table 5. 

Each coefficient Is an average of two test pieces. The average 

error In calculating the diffusion coefficient was 15 to 20^. 

The points plotted on the graph log D — l/T are for each alloy on 

the straight line (Fig. 1) and from the latter we can determine by 
—EQ /RT 

the formula D = Doe      the pre-exponentlal term DQ and the acti- 

vation energy Ea of cobalt diffusion In the alloys In question. 

The calculated parameters Ea and Do are given In Table K. 

O 

TABLE 3 

s 1   S 
D. CM'IcyTim 

G 
1000° tOSO» 1100- 11 MC 1200' 1250« 

2 

1 4,51 1,22.10-' 5,89-10-' 1,22-in-« .'),02.10-« 5,82-10-« 

2 8,79 8,07-10-= 2,22-10-' 4,92-10-' 1,02-10-» 2,52-10-« — 
4 15,79   2,37-10"' 8,9 -10-' 2,2  -10-« 5,42-10"« 1,66-10-s 

5 22,03   1,59-10-' 3,69-10-' 9,0  -10-' 1,92.10-« 8,3    10-« 

6 25,11 — 2,15-10-' 4,45-10-' 8,72-10-' 1,89-10-« 5,27-10-« 

TABLE 4 

Jtt cnaaoa Cr, % a-r. 9 D,, CM'/CCH; Ea ,  HKajllMOJIt 

1 4,51 0,8 0,045 61,6 
2 8,79 0,88 0,206 67,0 
4 15,79 0,97 94,1 82,0 
5 22,03 — 0,567 70,0 
6 25,11 — 0,054 63,4 
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The concentration-dependence of the diffusion coefficients Is 

difficult to detect since they vary  only slightly from one alloy to 

another, although the alloy containing 15.79 atomSC Cr has greater 

atomic mobility at all the temperatures Investigated (see Table 5). 

The concentration-dependence of the pre-exponentlal term and of the 

activation energy of diffusion are very clearly marked, however. 

Analysis of Results 

The basis of all existing heat-resistant alloys are metals of 

the transition group.  This Is because a metal with an Incomplete 

electron jl shell Is able to accept electrons from a precipitate, 

which increases the forces of Interatomic reaction owing to the add- 

itional electronic bonds created.  This situation continues to exist 

until all the vacancies In the Incomplete electron d shell are filled. 

The extent to which d vacancies are filled Is conveniently character- 

ized [4] by the fill factor 

9 = —r- 
(3) 

when d0 Is the number of impaired d electrons per atom In the gaseous 

state, and du Is the number of unpaired d electrons per atom In the 

solid state. 

The activation energy of diffusion, which expresses the magni- 

tude of the forces of Interatomic reaction Is liable to Increase to- 

gether with the fill factor, reaching the maximum at q « 1, I.e., 

when all the d vacancies are filled.  After that, any Increase In 

the electron concentration will Increase the kinetic energy of the 

electrons In the system, which leads to a decline In the energy of 
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the Interatomic reaction and, consequently, of the activation energy 

also. The qualitative connection betweep the activation energy 

of diffusion and the fill factor was established for many alloys 

In which either one or several components are elements of the trans- 

sltlon group.  For example, during the study of diffusion of cobalt 

In nlckel-magnese [4] cobalt-aluminum, cobalt-Iron and cobalt- chromium 

[5] alloys, a parallel change In the activation energy of diffusion 

and the fill factor up to q = 1 was observed. 

With nickel-chromium alloys, the additional electronic bonds 

which occur during the filling of the electron d shells are par- 

ticularly strong since both alloyed metals are elements of the 

transition group and have Incomplete d status. 

The fill factor £ was calculated according to the formula (3) 

for each of the alloys Investigated. The number of unpaired d- 

electrons In the gaseous state do, which Is subject to the rule of 

addition, was calculated for each alloy from the Junction 

O 

do = doMt CNI + ^ocr ^Cr. 

where C  and C   are the atomic concentrations in the alloy of 
Nl     Cr 

nickel and chromium, respectively.  Sprectroscoplc data show that 

In the gaseous state nickel and chromium have 2 and 5 unpaired d- 

electrons per atom respectively, i.e., doNl = 2* docr = 5« 

The number of unpaired electrons per atom In the solid state 

for each alloy was taken from published data [6]. The values of 

the fill factor £ are given for each alloy In Table 4; It is clear 

from the table that the activation energy of diffusion Increases to- 

gether with the Increase of £ in the alloy containing 15.79 aton$ 

in which the electron d orbits are completely filled. The subsequent 
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Sharp decrease in activation energy Is due to the fact that the 

potential bond energy does npt vary whereas the kinetic energy of 

the electrons Increases with the electron concentration. 

It follows that the concentration-dependence of the activation 

energy of diffusion of cobalt In nlckel-chromlum alloys (Fig. 2) 

obtained agrees well with the theoretical premises regarding the 

character of the Interatomic reaction In alloys. 

As the theory shows, we can estimate the temperature coefficient 

of the modulus of elasticity In alloys from the concentration-depend- 

ence of the activation energy of diffusion. 

Accordingly [7], the pre-exponentail term Do is theoretically 

expressed by the formula 

A, =Y<l!'veAS/B- W 

Where a  is the lattice parameter 

v is the activation energy; 

AS is the activation entropy;  and 

7 Is a coefficient equal to one in the case of "hole" diffus- 

ion in body-centered and face-centered cubic lattices. 

The activation entropy, according to Zener, is expressed by the 

formula 

A5«ß^. 

Where E is the activation energy of diffusion. 

To is the temperature of fusion; 

(5) 

M. P = -   -    :. (6J 
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M- Is the modulus of elasticity at a given temperature; 

Ho Is the modulus of elasticity at 0°. 

is 

:x 
sX 

^ 

^ 

N, \P 
^ 
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m 

Fig. 1.  Dependence of log D 

on = • 105 
T 

o 

. a( HHanfHoitb 

20   Cr,<m % 

Fig. 2.  Dependence of Ea on the 
chromium content. 
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Substitution of the expressions (5) and (6) In the Eq. (4) 

ß 
Taking — = ßi we obtain 

/)o = ya've '■ « 
(7) 

1 d|i. 
Where ßi = —   Is the temperature coefficient of the modulus of 

M-o dT 
elasticity. 

Ea 
Hence by plotting log Do against 5-, for various concentration, 

we obtain the temperature coefficient ßi of the modulus of elasticity 

as a tangent of the angle of slope of the straight line. 

This dependence Is given In Pig. 5, and It Is clear from the 

graph that the points fall satisfactorily along a straight line. 

The temperature coefficient of the modulus of elasticity calculated 

from the graph Is 8.55 * 10  degree ~1. 

This Indirect method of determining the temperature coefficient 

of the modulus of elasticity cannot compete with direct methods for 
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the following reasons: 

The accuracy In calculating the diffusion parameters Is lower fj 

than that attained In determining the modulus of elasticity; 

The temperature coefficient of the modulus of elasticity that 

can be obtained Is an average both for the alloy concentrations and 

the temperature range, under consideration since we have to base our 

calculations on a graph In which each point Is obtained within the 

temperature range under Investigation, while the calculated line 

Is plotted for alloys with different concentrations.  However., If It 

Is taken Into account that the variation In the temperature coeffi- 

cient of the modulus of elasticity with a concentratlon'TWrtftln a one- 

phase composition Is small, as In the variation in the temperature 

range 200 to 250° in which the diffusion parameters are usually 

calculated, the suggested method of determining this temperature 

coefficient is quate suitable for a rough estimate. 

Influence of the Deformation Rate on the Diffusion Rate 

Method of investigation. In order to study the influence of the 

deformation rate on the diffusion rate we designed and built a 

vacuum unit for the diffusion annealing of test pieces under load. 

The operating principle of the unit was as follows: during annealing 

a mechanical axial load of constant magnitude was applied to the 

diffusion surface of the test pieces.  The diffusion coefficients 

were determined by the absorption method, using the radioactive 

Isotope Coeo. 

/     The test pieces consisted of small cylinders 1.5 mm deep and 

from 7.5 to 12 mm in diameter to ensure various pressures at the 
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same load. It is essential for the test pieces to be strictly plane- 

parallel, or else the load would be distributed unevenly over the 

surfaces. 

The deformation rate was determined from the equation* 

Where t^ Is the time of anneallngj 

e^ Is the average deformation of the test piece during the 

time of annealing, equal to 

e = 21iw, 

and where d0 and d are the diameters of the test piece before and 

after annealing, respectively. 

The diameters were measured with a micrometer at several points 

and the mean used for calculation.  The relative error did not 

exceed 0.2^ since the area of the test pieces varied during anneal- 

ing as a result of deformation tinder the axial load, the method of 

calculating the ratio of ß activities in the test piece before and 

after annealing was somewhat modified. 

Since the solid angles at which the aperture of the end-type 

counter is visible, are not equal the ratio of ß activities of test 

pieces of different size obtained from sectors of those pieces at 

a different distance from the axis of the counter will differ from 

the true value. 

The following equation may be used [8] for the ratio of activi- 

ties of two test pieces of different diameter, with allowance for 

the fa^t that they are not pointed in shape. 

6x^h^i*   

o 

• AT snor-c ae format ion times the quantity e hardly depends on t_. 
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Here: ^i- Is the true ratio of ß activities of test pieces- 
Ao 

with radii Ri and RQ? 

_i_ Is the measured ratio of their activities. 
Io Ri 
The quantity / K(r)r dr Is the area of the graph K(r)r — r, 

limited by the curve, the axis of the abscissae and the ordinary 
Ro 

r = Ri. The quantity / K(r)rdr Is found by analogy. The function 

K(r) = ^-^ Is the ratio of activity of a pointed source, placed on 
n(0) 

a stage at a distance r from the axis of the counter to the activity 

of the same source placed on Its axis. 

In order to plot the graph K(r)r —r, the following experiment 

was made.  The ß activity of a pointed source In about 1 mm2 area 

was measured according to the distance from the axis of the counter. 

The distance r from the axis was varied from 0 to 15 mm. The 

quantity *(r) = -r-i   was then calculated and plotted on the graph 

K(r)r—r. 

The results of the experiment for the two distances from the 

aperture of the counter hi and h2, at which the measurements of the 

activities of the test pieces were taken, are shown in Fig. 4. 

o 

jprrf 

fO 

s 

'''," 

^ h. 

^ 

/ 

fyr 

S 10 ar,m 

Fig. 4. Dependence of ^r) on r. 

o 
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However, Eq. (8) gives the correction for the ratio of activi- 

ties, for the non-pointed nature of the test pieces.  We ourselves 

had to make a correction for the same sample which changed In size 

through deformation.  For this to be done It Is necessary to 

measure the activity per unit of surface. 

Taking these corrections Into account, we calculated the true 

activity from the equation 

A=-/ÄJ- 
itiJ« ^ K (r) rdr 

= /• 

o 

Then, the true ratio of ß activities is 

•R. 
f K (r) rdr 

A* 
lK(r)rdr (9) 

The unit used for Investigating diffusion rates under load 

is shown in Pig. 5. The unit Is mounted on a metal base and 

covered with a glass vacuum bell Jar (1). The furnace (2) stands 

on a thermal insulating support (5).  A force plug, which is con- 

structed as part of the cover (-4) attached to the metal base, fits 

into the working space from above. The load (5) is Increased 15 

fold by means of the lever (6) and Is applied to the test pieces 

through the rod (7).  A bellows (8) serves as packing between the 

rod and the support. For purposes of insulation the test pieces 

are separated from the force plug and the movable rod by small 

quartz cylinders 20 mm In length. Two pieces of different diameters 

Eire placed In the furnace at the same time In order to obtain 

different pressures. To ensure that the applied load acts over the 
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whole area of both test pieces, the latter are separated by a 

molybdenum washer 2 mm thick.  Washers are also Inserted between 

the test pieces and the quartz cylinders. 

Since the faces of the test pieces coated with a radioactive 

Isotope were In close contact with the molybdenum washers, the 

atoms of the radioactive Isotope might have diffused Into the washers 

as well as Into the test pieces, which would have affected the 

results of the absorption method .of measuring.  In order to eliminate 

this possibility completely, even though It might only have been 

slight because of the low diffusion rate of molybdenum, thin tempered 

mica foil was Inserted between the test pieces and the molybdenum 

washers; the foil also had another purpose which Is described below. 

The test pieces, which had been subjected to diffusion annealing, 

underwent axial compression.  Nevertheless, owing to friction be- 

tween the faces of each test piece and the washer, hydrostatic In 

addition to unidirectional pressure must have occurred. This 

hydrostatic pressure will obviously be greatest at the faces and 

will decline towards the center of the test piece.  This distribu- 

tion of load could have resulted In the formation of convex side 

surfaces on the test piece.  The presence of hydrostatic pressure 

In addition to unidirectional pressure should have reduced the effect 

of the latter, since there Is reason to assume that with respect to 

the rate of diffusion they act In opposite directions.  In gefteral 

axial compression will In fact produce a state of complex stress. 

The mica foil located between the washers and the test pieces 

reduced If not completely eliminated, the effect of hydrostatic 

pressure by acting as a lubricant.  The use of the foil as well as 

the thinness of the test pieces reduced If not completely eliminated 
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any conveslty of the test pieces In our experiments. 

Pig. 5.  Schematic representation of 
device for studying diffusion rates 
linder load. 

The temperature In the combustion space of the furnace was 

measured by means of a thermocouple, the hot junction of which was 

placed close to the test pieces. The annealing temperature was 

controlled with In + 2°.  The base was cooled by running water. 

The bell Jar was shielded from the heat of the furnace by the 

cylinder (9) and was. In addition, cooled from the outside. 

Results of the Measurements 

A study was made of the diffusion rates under load of the 

same alloys for which the diffusion coefficients under normal 

conditions were being determined. The Investigations were carried 

out at a temperature of 1000 and .1100°. The load applied to the 
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specimens amounted to 200 kg. The pressure on the test pieces was 

varied from 1.8 to 4.5 kg/mm2, depending on their dimensions. The 

results of the measurements are shown In Pig. 6 and 7. 

In all cases the diffusion coefficient Increased with the In- 

crease In deformation rate e, revealing a linear dependence on e *.2 

Fig, Dependence of D on 1 

BW CMycj/m 

3 cm.it    te'a'ne' 

Fig. 7.  Dependence of D on e . 

Table 5 shows the results of the measurements of the diffusion 

coefficients In relation to the deformation rate In alloys contain- 

ing 13.3 atom ^ Cr. 
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TABLE 5 

0.033 0.04 0,048 0,057 0,0575 0,062 0.089 0,108 
4,75 4.8 6,97 6,7 6,8 10,4 18.15 28.6 

Analysis  of Result S 

e,  lac"1 

D^-lO-'CMVcyr 

The Influence of deformation on the diffusion rate can be 

considered from the viewpoint of acquiring a clearer Idea of the 

diffusion mechanism., or from that of elucidating the mechanism of 

plastic deformation at high temperatures.  Although the Influence 

of stress on the diffusion rate has been known for^ a long time. It 

Is only the development of new methods for Investigating diffusion 

by the use of radioactive Isotopes that enables us at the present 

time to raise the question of quantatlve laws. 

The Influence of hydrostatic pressure on the self-diffusion 

rate of sodium was studled[9].  It resulted that hydrostatic pres- 

sure (~ 80 kg/ram2) appreciably reduces the self-diffusion coefficient 

about 10 times at 60° and Increases the activation energy (by about 

15^). This has made It possible to hypothesize a model of diffusion 

called "relaxed vacancies".  Instead of the mechanism of diffusion 

through the movement of Individual vacancies, the author suggests 

consideration of the formation and movement of a disordered zone 

of atoms (12-16 atoms) relaxing around a vacancy.  Here the activa- 

tion energy of self-diffusion Is equal to about 16.5 L, L being the 

latent heat of fusion.  An Increase In activation energy Is apparently 

caused by a higher melting point under hydrostatic pressure.  As to 

the Influence of unidirectional pressure on the diffusion rate. It 

has been shown [10] on the basis of the self-diffusion of Iron at 

890° that the self-diffusIon coefficient Is approximately a linear 
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function of the deformation rate.  However, the authors were unable 

to Interpret the progression which they had obtained of the de- 

pendence of the diffusion coefficient on the deformation rate.  One 

of us [ll] has made an attempt to explain this result, basing him- 

self on the assumption that deformation at high temperature causes 

an Increase In the concentration of foci of disordered zones of 

atoms or vacancies according to a law governing the eventual failure 

of the metal [12]. But this assumption [11] of an Increase In the 

concentration of vacancies has not been related to the deformation 

mechanism Itself.  The aim of the present work, however, was to 

draw certain conclusions concerning the mechanism of deformation at 

high temperatures from the effect of deformation on the diffusion 

rate. 

For a qualitative Interpretation of this Influence we should 

rely on our concepts regarding the development of vacancies In 

dislocations.  In so doing, we are adopting the following dislocation 

model of high-temperature deformation.  It Is assumed that deforma- 

tion is determined by the movement and interaction of dislocations. 

The dislocations brought into movement by stress flock together when 

they collide with an natural obstacle.  The stresses occurring in 

the close-packed group incite the Frank-Read sources in the other 

slip systems to form dislocations.  When non-parallel dislocation 

lines intersect, dislocation protrusions and related vacancies occur. 

In addition to this, the dislocations may also serve as outlets for 

the vacancies. 

At high temperatures the vacancies must diffuse into the out- 

lets of a different type in such a manner that an approximately 

equalized number of vacancies becomes established. However, porosity 
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In the diffusion zone as a result of the Klrkendall effect shows 

that there may be considerable deviation from the concentration 

equilibrium of the vacancies. This Indicates that the dislocations 

cannot establish this concentration with any great ease.  In this 

connection we may assume the presence (during high-temperature de- 

formation) of excess vacancy concentration, apparently a product of 

the dlforraation rate (e) , which causes an Increase in the diffusion 

rate. 

Let Da denote the diffusion coefficient under a certain effec- 

tive stress a,   and AC the excess concentration of vacancies. 

Then, 

A, = Z) + AZ) = Z) + ACi)., , 1Q. 

where Dv is the diffusion coefficient of the vacancies. 

In accordance with the above and in order to explain the re- 
• 2    _ 

suits obtained, let us assume that ACc^e .  Furthermore, AC must 

also depend on the average number of protrusion per unit length of the 

dislocations inducing the vacancies (n.) . 
J • 

We may then assume that* 

AC = Ä'n,e», (11) 

where K»is the coefficient of proportionality. 

The number of dislocation protrusions n., is connected with the 

dislocation density Nd [15] in the following way: 

* In other cases, the vacancy-generation rate Is proportional 

to the deformation rate. 
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n, - /LiV,,, (12) 

where £ Is the number of dislocation protrusions capable of generat- 

ing vacancies: 

L is the average half-distance covered by the dislocation from 

the source to the barrier. 

The diffusion coefficient of vacancies Dy can be found, accord- 

ing to [13], from the relation 

Dr.T' = mo2, (13) 

where m Is the average number of vacancy jumps from the source to 

the outletj 

b^ Is Burger's vector; and 

T* Is the average life span of a vacant site on the standard 

course, determined from the expression 

r »w^e'swr, (1^) 

where T0 Is the oscillation period of the atoms; 

eS Is the height of the activation barrier; 

To©  |KT is the normal length of the sedentary life of the 

vacancy until its exchange with an adjoining atom. 

Prom Eqs, (10) , (ll), (12), (13) and (14) we obtain*. 

„       KfLNdb'e~
islKT 

/)„ = /)+ J.—i- e' 
To 

(15) 

An analysis of Eq. (15) shows that the rate of increase in the 

mobility of atoms following deformation at high temperatures may 

be described by the coefficient 
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p = ££J == 2KtLNab'e -*SlKT 

di T, —e- (16) 

It follows from Eq. (16) that at a given temperature and at a 

constant deformation rate the metal«s ability to soften Is determined 

by the dislocation density, the quantity L of the mean free path 

of the dislocation, and the height of the activation barrier, which 

In turn depends on the Interatomic bond strength. 

We should point out that, given our assumption, our analysis 

has only a qualitative character. 

The softening coefficients In high temperature deformation can 

be compared from experimental data.  With alloys Nos. 1-5 and 6 

at 1100°, and at a deformation rate of 0.17 hours"1 (Pig. 6), they 

equal I.26 * 10~5cm~2, 5.5 • 10"5cm2, and 1.15 ' 10 5cm2, respectively; 

under the stated conditions, softening Is greatest In alloy No. J>. 

Further Investigation Is necessary to verify all the conclusions 

which can be drawn on the basis of the approximate method proposed. 

In particular, we should investigate the temperature-dependence 

determined by Eqs. (15) and (16).  Nevertheless, it apparently seems 

safe to assume that the diffusion coefficients by themselves cannot 

fully describe the resistance of a metal to deformation at elevated 

temperatures.  This can best be judged from the sum total of the 

diffusion coefficients and the manner in which they vary with changes 

in the deformation rate. 

Conclusions 

1. The parameters obtained for the diffusion of cobalt In 

nickel-chromium alloys with a chromium concentration of 4 to 25 

atom %  enabled us to establish the fact that the dependence of the 
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activation energy of diffusion on the chromium concentration agrees 

with theoretical speculation as to the character of the atomic In- 

teraction In alloys based on elements of the transition group. 

The activation energy of diffusion increases with the increase in 

chromium concentration and attains maximum values at 50 15 atom ^ 

Crj at which the vacant sites of the electron d shells are filled 

to the maximum extentj after which, it declines. 

2. From the data on diffusion we estimated the average tempera- 

ture coefficient of the modulus of elasticity for the investigated 

alloys 8.55 ' 10  degree 1. 

3. We designed a device and developed a method for the study 

of diffusion parameters during plastic deformation at high tempera- 

tures. 

4. It was discovered that the diffusion coefficients rise with 

an increase in the deformation rate e proportionally to e . We 

suggested a tentative explanation of this effect, according to which 

the increase in the diffusion coefficient under plastic deformation 

is ascribed to the development of an excess number of vacancies 

during the movement of the dislocations. 

5. An expression was found for the coefficient of softening of 

a material at high temperature under load. 

6. The hypothesis was advanced that the resistance of metals to 

deformation at high temperatures cannot be fully explained by the 

diffusion coefficient when obtained under normal conditions. For 

this to be alone, one has to take into account the variation in the 

diffusion coefficient arising from variation of the deformation 

rate. 

o 
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SOME RESULTS   OP  A  STUDY  OF  THE SELF-DIFFUSION 

OF   IRON  AND  PROBLEMS  OF HEAT RESISTANCE 

B.   M.   Noskov 

The activation energy of self-diffusion Is a function of the 

bond energy of the crystal lattice.  Hence data on self-diffusion 

made It possible to evaluate the Interatomic bonds In metals and the 

properties of metals which depend on these bonds.  Specifically 

the activation energy of self-diffusion can be considered as one of 

the physical characteristics of heat resistance in alloys. 

A definite relationship between the bond energy and the activa- 

tion energy of diffusion has been established so far only in the 

case of self-diffusion where —— = O.67 for a face-centered lattice 
Ea ^>ee 

and -—  = 0.85 for a body-centered lattice. 
Ebee 
There is no such quantitative relationship for inhomogeneous 

diffusion.  However, since Inhomogeneous diffusion is related to the 

self-diffusion of the atoms of the solvent, the data on it do, at 

least indirectly express the magnitude of the interatomic bonds in 

the region of the diffusing solute atom. 

It will be shown below that the alloying elements equally in- 

fluence the self-diffusion of iron and the diffusion of cobalt. 

Consequently, data on Inhomogeneous diffusion may also be used to 

discover the qualitative influence of the alloy components on the 
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strength of atomic Interaction. 

It has been established that the diffusion process Is very 

easily affected by the composition of the diffusion medium.  The 

presence of very small quantities of foreign atoms may greatly change 

the diffusion characteristics. We may expect the Influence of an 

alloy component to be determined not only by Its quantitative content 

but also by the elements themselves which compose the alloy.  Since 

today's heat-resistant alloys are usually multicomponent systems, 

the study of the influence of the alloying components on the self- 

diffusion constants is particularly important. 

Besides the compositioa^of the alloy structure also greatly in- 

fluences the diffusion constants since the inhomogeneity of the 

diffusion process arising from the difference in diffusion with in 

the body of the grain and in the boundary layer determines the 

high sensitivity of this process. The connection between the alloy's 

composition, the diffusion-activation energy and its heat-resistance 

may only be considered under structurally identical conditions. 

A study of the influence of the composition of alloys and their 

structure on the diffusion process was made at the Gor'kly State 

University. 

The Influence of manganese, chromium, nickel, vanadium and 

carbon on the self-diffusion and diffusion of iron and cobalt in 

certain alloys with an iron cobalt base was Investigated and the 

results of the work are shown in Pig. 1-5. 

We can see from Fig. 1 that an increase ranging up to 4^ in the 

manganese content, the alloy leads to a constant Increase of the 

diffusion-activation energy but a further Increase (up to 8^) results 

in a decline. Nevertheless with 856 Mn it is still higher than in 
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pure Iron. The variation In activation energy with a greater 

manganese content Is exactly similar to self-diffusion of iron and tf~J 

the diffusion of cobalt, both In body-centered and Intercrystalllne 

structures, 

A study of the Influence of chromium on diffusion In cobalt- 

chromium alloys has shown that Increasing the chromium content up 

to 7^ leads to a rise In the activation energy and self-diffusion 

of cobalt and the diffusion of Iron.  A comparison of these results 

with the data provided by P. L. Gruzln [l] on the Influence of 

chromium on self-diffusion In Iron shows the complete similarity 

of the Influence of chromium In both Iron-chroralum and cobalt- 

chromium alloys.  Chromium has a similar influence on the diffusion 

of cobalt in an iron-nickel-chromium alloy as well. 

An Increase in the nickel content of a cobalt-nickel alloy up 

to 4^ leads to an increase in cobalt's activation energy of self- 

dlffusion but a further Increase in the nickel concentration causes 

it to diminish; when the nickel content is 30^, the activation 

energy is even less than the activation energy of self-diffusion in 

pure cobalt.  Nickel has the same In the diffusion effect of Iron 

in cobalt-nickel alloys. 

We also studied the influence of carbon concentration on the 

diffusion of cobalt in iron-carbon and iron-nickel-carbon alloys. 

A comparison of the results with the data obtained by P. L. Gruzln, 

Yu. V. Kornev, and G. V. Kurdyumov [2] and with the work of P. L. 

Gruzln and Yu. V. Kuznetsov [5] on the influence of carbon on the 

self-diffusion of Iron in these alloys shows that a higher carbon 

content leads in every case to a decrease in activation energy and 

a certain addition of carbon produces an approximately equal decrease 
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Fig.   1.     Dependence  of E    on manganese 
concentration In an Iron-manganese alloy. 
1)   body;     2)   Intercrystallltlc  self-dif- 
fusion of Iron;     5)   body;     4)   Intercrystal- 
lltlc diffusion of cobalt. 

IZT,% 

Pig. 2.  Dependence of E on chromium 
concentration.  Diffusion:  1) Co In a 
Pe-Nl alloy;  2) Pe In a Pe-Cr alloy; 
3) Co, 4) Pe In a Co-Cr alloy. 

• 
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In the activation energy In each Instance. 

A study of the Influence of small additions of vanadium on the 

self-diffusion of Iron showed that an addition of 2.15 atom %  V 

reduces the activation energy of self-diffusion to 65,000 cal/mole. 

According to data obtained by V. A. II«Ina and V. K. Krltskayo [k], 

an addition of 2.5 atom %  leads to a decrease in the bond strength 

and an increase in dynamic distortions of the crystal lattice, 

corresponding to the decrease in the activation energy of self- 

diffusion which we have observed. 

O 

fOOi 

3on.,% 

Pig. 5.  Dependence of Ea on nickel 
concentration.  Diffusion in a Co-Ni 
alloy:  1) Fe,  2) Co. 

Q,Kka/i/Mo/>ö 

HI     «« ßSC,tec.% 

Fig. 4.  Dependence of Ea on carbon 
concentration.  Diffusion of Co in 
the alloys:  l) Fe-Nl-Cj  2) Fe-C; 
self-diffusion of Fe in the alloys: 
5)Fe-Nl-C [51J  4) Fe-C [2]. 

1) 
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As we can see from Figs. 1-5,  the Influence of the alloying 

elements both on self-diffusion and on diffusion is the same. The 

curves of concentration-dependence of the activation energy are 

parallel to each other. This enables us to use the data on the 

inhomogeneous diffusion of atoms related because of their chemical 

nature for qualitative evaluation of the influence of the alloy 

components. 

We should, however, point out that although in some systems 

(Fe-Mn, Co-Cr) Inhomogeneous diffusion proceeds in conjunction with 

a lower activation energy as compared with self-diffusion, in other 

systems (Co-Ni, Fe-C, Fe-Ni-C) the reverse occurs.  This indicates 

a difference in the nature of the interaction of two or three dif- 

ferent atoms and shows that not only is the overall quantity of 

alloying elements Important, in alloying, but also their number and 

nature. 

Investigation shows that additions of manganese, and chromium 

Increases the heat resistance of iron and its alloys, while addi- 

tions of vanadium and carbon have an unfavorable effect. But this 

conclusion is valid only for alloys with the same structure. 

A study of the influence of the structure of alloys on self- 

diffusion has shown that the martensitic transformation, which 

produces a great number of internal separation planes, increases the 

self-diffusion coefficient by influencing diffusion over grain 

boundaries.  This leads to the formation of a break in the straight 
1 

line showing the dependence of log D on «.  P. L. Gruzln, Ye. V. 

Kuznetsov, and G. V. Kurdyumov [5] have established that alloys 

which retain their austenitic structure when cooled to room tempera- 

ture do not produce such a break, and that the latter is only 
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observed in specimens cooled to a point below that of the martensltlc 

transition.  Since the diffusion tests were carried out at consider- 

ably higher temperatures than that required for the transformation 

of martenslte back into austenlte. It followed that the lattice 

distortions along the former boundaries of the martenslte crystals 

and blocks are retained to a considerable degree In the austenlte 

grains and only disappear after a period of time.  The existence 

of such Intragraln slip boundaries ensures accelerated diffusion 

paths In addition to the normal grain boundaries, and gives rise 

to Increased coefficients In the low-temperature zone, since a 

certain average ("apparent") coefficient (the result of simultaneous 

body and Intercrystallltlc diffusion is measured). Gradual destruc- 

tion of the traces of these Intragranular slip planes brings the 

measured diffusion coefficient nearer to the coefficient of homo- 

geneous body diffusion.  It does not make a difference here whether 

the number of bands decreases gradually or whether the crystal 

lattice Is gradually restored along all the bands, both cause a de- 

crease in the diffusion coefficients. 

In collaboration with Ye, V. Kuznetsov, G. V. Shcherbetinskly, 

G. K. Borisov, and Ye. I. Shevln we investigated the influence of 

the intragranular separation boundaries on diffusion, testing the 

following alloys:  Iron-nlckel-carbon (24^ Ni, 0.9^ C); iron-nickel- 

carbon (19.85^ Ni, 0.95^ C); and iron-nickel-chromium (25^ Ni, 5^ Cr) 

All these alloys retain their austenitlc structure when cooled 

to room temperature. To ensure a martensltlc structure, the speci- 

mens were soaked 30 - 40 minutes at the temperature of liquid oxygen 

(-185°).  Some of the specimens which had undergone martenslte 

transformation were reheated, which restored the austenlte. The 
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heating took place at various temperatures (for a prescribed time) 

and at a different time (at a stipulated temperature). 

? V,cm% 

Fig. 5-  Dependence of Ea on vanadium 
concentration In an Iron-vanadium alloy. 

DtO*Ml/m 

M    m   m   m mo   »X 

Fig. 5. Dependence of D on temperature 
of preliminary heating for 1 hour. 
Alloy containing 24^ Nl, diffusion at 
950°, duration of diffusion 170 hours. 

The coefficients of self-diffusion were determined with the aid 

of radioactive Isotope Fe59 by the Integral-residual method [6] and 

by the absorption'tatios method" [7]. The results of the measure^- 

ments show that the "apparent" diffusion coefficient for martensite 

specimens is in all cases higher than for the austenltles which had 

not undergone the martensite transformation. The restoration of the 

austenltic structure after a heating for one hour leads to a drop in 
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the diffusion coefficient; the higher the temperature of the one- 

hour heating that restores the austenlte (Fig. 6), the steeper the 

drop. 

The greater the decrease In the diffusion coefficient, the longer 

is the heating time to restore the austenlte at a prescribed tempera- 

ture (Fig. 7).  Consequentlyj If the martenslte specimens are not 

heated long enough at a temperature above the transition of marten- 

site to austenlte, not all the traces of martensltlc transformation 

are entirely eliminated.  An identical value for the coefficient of 

self-diffusion and, consequently, the elimination to an equal degree 

of the traces of martensltlc transformation are obtained under the 

following conditions: 

o 

Ilpn  TewncpaType, 
*0 

Cnjiau jKC'ieao — 
HiiKejib — ymcpoa 

aa lacu iiarpena 

Cu.'iaD mimuuo — 
miKejib — xpoM aa lacu 

Harpcaa 

800 100 
000 20 36 
250 8 16 

1000 4 9 
1050 — 4,5 
1000 1 2 

The elimination of the traces of preliminary martensltlc trans- 

formation is an activated process, described by the equation 

■z = x0eQiRT, 

In  which T is the time necessary for the elimination of the traces 

of martensltlc transformation. 

The activation energy of this process (Fig. 8) is equal to 

45,000 cal/mole for the iron-nlckel-carbon alloy, and 44,000 cal/mole 
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for the Iron-nlckel-chromlum. 

The elimination of the traces of martenslte transformation appears 

to us as a diffusion process taking place in the zones of the former 

slip planes.  Consequently, the activation energy of this process 

must be close to the activation energy of diffusion on the grain 

boundaries.  Certain indirect considerations enable us to assume this 

closeness.  According to other data, the activation energy of Inter- 

crystalllne self-diffusion In Iron Is 75-8C$ of the activation energy 

of body self-diffusion [8].  In Iron-nlckel-carbon alloys the activa- 

tion energy of Intragranular self-diffusion amounts to 58,000 kcal/mole 

[J].  If we assume that the same correlation holds for the activation 

energies of Intra-and Intercrystalllne self-diffusion in this alloy, 

then the quantity Q = 45,000 kcal/mole Is very close to the assumed 

energy value for diffusion on the grain boundaries. 

If the process of regularizing the crystal lattice of austenlte, 

which Involves elimination of the traces of martensltlc transformation. 

Is a diffusion process and takes place with an activation energy close 

to that of Intercrystalllne diffusion, then we feel that the follow- 

ing conclusion may be drawn. 

A long period of distortion In the crystal lattice in the zone 

where traces of former martenslte slip planes exist gives rise to 

a state of high diffusion permeability for the duration of these 

traces In austenlte obtained through this transformation of martenslte. 

Self-diffusion in such a medium must take place with a lower activa- 

tion energy, which means lower heat-resistant properties In the alloy. 

If the alloy serves under conditions of rapidly fluctuating tempera- 

tures falling below the point of martensltlc transformation, at high 

temperatures (900-800), it will in practice retain the disordered 
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crystal lattice caused by the traces of former martensltlc transfor- 

mations during the whole period of service, provided that the time 

between the alternation of high and low temperatures Is less than 

20 - 100 hours, respectively.  An alloy of this kind will have a 

high diffusion permeability and a low activation energy of self- 

diffusion while In service and, consequently, lower heat resistance, 

Hence, alloy which do not undergo such structural transformations 

in the given temperature Interval are preferable for use under 

conditions of alternating high and low temperatures. 

O 

-^"oiVten 

IS so       n 
l.wc 

Pig. 7.  Dependence of D on the pre- 
heating time at constant temperature. 

slm, 

Pig. 8. Dependence of log T on - for an 
T 

Iron-nlckel-chromlum alloy (1) and an Iron- 
nlckel-carbon alloy (2) . 

O 
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CONCERNING THE CONNECTION BETWEEN DIFFUSION 

AND HEAT RESISTANCE IN ALLOYS 

A. Ya. Shlnyayev 

Great attention Is being given at present to the study of 

diffusion in heat-resistant alloys.  This research is being con- 

ducted for the reason that diffusion processes exert a great in- 

fluence on the most Important characteristics of alloys and par- 

ticularly on their heat resistance [l,   2].  In this connection 

the study of diffusion in nickel alloys is now assuming very great 

significance. 

Nickel alloys have been carefully investigated from the view- 

point of Improving their mechanical properties by means of alloy- 

ing.  A study of the heat resistance of these alloys made by 

Prof. I. M. Kornllov and others has shown that heat resistance is 

considerably increased by adding nickel, titanium, chromium, tung- 

sten, aluminum, and other elements [5] to the solid solution.  The 

high heat-resistance of alloys based on nickel corresponds to the 

transition zone from solid solutions to heterophase alloys and can 

only be attained by the simultaneous addition of several (five, seven 

or nine) elements to the nickel solid solution. The maximum heat- 

resistance increases stepwise during the transition from binary 

to ternary, quaternary, and more complex alloys. 
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We formulated the problem of making a systematic study of 

diffusion In nickel alloys of those systems which are the most Im- 

portant from the viewpoint of heat resistance.  For our Investiga- 

tion we took the binary nlckel-tltanlum, the ternary nlckel-tltanlum- 

chromlum and the quinary nlckel-tltanlum-chromium-tungsten-alumlnum . 

systems.  The above-mentioned systems had already been carefully 

studied from the viewpoint of heat resistance [5-8] and data for 

a wide temperature Interval had been obtained.  It was therefore of 

great Interest to Investigate diffusion in the said system in order 

to establish the connection between diffusion and heat resistance. 

We should point out that the investigation of diffusion in 

multlcomponent alloys, for example, alloys of the quinary system 

nickel-tltanium-chromium-tungsten-alumlnum, is a new and very complex 

problem.  In general, the study has been concerned with the concen- 

tration-dependence of the diffusion coefficient of the atoms of the 

alloy base, which however cannot show the actual change in atomic 

Interaction in the given system.  This Is explained by the fact 

that in the study of diffusion in complex systems there is always 

some uncertainty as to the data obtained on atomic Interaction, 

occurring as a result of the concentration-dependence of the diffus- 

ion coefficient. But in cases where the concentration-dependence is 

more sharply defined than the change in atomic interaction, we may 

obtain an entirely distorted picture of this change In alloys when 

investigating diffusion.  In order to compare the data on diffusion 

and heat resistance, we should study diffusion in such a way that 

the experimental data we obtain represent the true change in atomic 

Interaction when passing from one alloy of any given system to 

another. 
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A considerable variation In the percentage of nickel content 

(the base) and of the other components of the alloy occurred In the 

alloys of the systems mentioned.  In order to avoid the Influence of 

differences In the concentration of the components on the diffusion 

characteristics, we chose as a diffusing substance an element that 

was not directly part of the reference alloy.  The diffusion coef- 

ficient of the element In question had to be equal to.or higher than 

that of any of the components of the alloy.  This Is because of the 

fact that the softening of the crystal lattice of the alloy may be 

caused at high temperatures by the most mobile component—which 

diffuses easily. 

The above-mentioned requirements are fully met by iron.  It is 

not directly a component of the alloy under study and, furthermore, 

it can be traced by the radio-active isotope Fe5S. 

Research [9] has shown that the addition of such high-melting 

admixtures as molybdenum, nicoblum, titanium, and vanadium to the 

matrix of the iron-nickel alloy reduces the value of the self-dif- 

fusion coefficient of Iron and Increases the activation energy of 

the process.  As has also been shown by P. L. Gruzln [10], chromium 

sharply increases the self-diffusion energy and reduces the self- 

diffusion coefficient of iron. 

In view of the fact that metals similar to iron and nickel 

have many physical properties in common, we were able to assume that 

the addition of titanium, chromium, and other elements into the 

nickel-base solid solution must have the same effect as in the case 

of iron.  A convincing argument in support of this assumption is 

provided by the study of atomic interaction in nickel alloys made 

by G. V. Kurdyumov and N. T. Travina [ll].  They showed that the 

() 
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value of the mean square deviation of the atoms from the state 

of equilibrium Increases when chromium, titanium, and aluminum are 

added to the nickel matrix. The greatest decrease In the mean square 

deviation was observed when these elements were added simultaneously. 

It follows from this that by measuring the diffusion rate of Iron In 

nickel alloys we may obtain the diffusion coefficient, which character- 

izes by Its magnitude the upper level of the diffusion coefficients 

of the alloy components. 

Since the original elements (nickel and chromium) contained 

small admixtures of Iron (up to 0.13^), neither the addition of 

less than 0.5 mg per 2 cm2 of radioactive Iron to the given alloy 

now the diffusion of these radioactive atoms could affect to any 

extent the properties of the alloys under Investigation. 

In accordance with our task, which was to compare the diffusion 

characteristics of alloys with their heat resistance, we chose the 

zones of the above-mentioned systems In which maximum heat resistance 

Is found. 

The experiments on diffusion and heat resistance were carried 

out with specimens Identical In structure and composlton, for which 

purpose we used the same starting materials. The alloys were melted 

In a high-frequency furnace under a slag of AI2O3, MgO, and Cao In 

the ratio of 48:7:45.  As starting material, we used 99.8^ pure 

electrolytic nickel 98.5^ pure metallic titanium, 99.05^ pure alu- 

motherralc chromium, 99.95^ pure tungsten and 99.8^ pure electrolytic 

aluminum. 

The melted Ingots were subjected to exactly the same annealing 

conditions as were established In the tests for heat resistance. 

This made It possible to avoid the Influence of structure on the 
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alloy characteristics. 

Investigation of the mlcrostructure showed our data coincided 

closely with the data obtained by others [5-8]. 

The diffusion coefficients were measured by the method we 

proposed In an earlier study [12] based on the use of electrolytic 

polishing to remove thin layers from the specimen.  Disks 15 mm in 

diameter and 2-5 mm thick were made from the Ingots for use in this 

method. 

An electrolytic bath containing a solution of radioactive Iron 

and ammonium oxalate was used to deposit a thin layer of radioactive 
äs 

Iron Pe   on one of the polished surfaces of the disk.  After dif- 

fusion annealing at a constant temperature by electrolytic polishing, 

thin layers (8-10 microns) were removed from the specimen.  The 

intensity of the radioactive radiation from the electrolyte in which 

the electrolytic polishing took place and the specific activity of 

the radioactive Iron in each layer removed were determined by direct 

measurement.  The error of measurement of the diffusion coefficient 

by this method was 5-8^. 

4 

Diffusion in a Nickel-Titanium System 

Titanium is one of the most Important alloying elements for 

heat-resistant alloys.  Its addition to nickel alloys Improves many 

of their mechanical properties and,, as shown by experimental data, 

results in considerably greater resistance to deformation at high 

temperatures. 

It follows from the phase diagram of the nickel-titanium system 

[13] that the solubility of titanium In nickel within the temperature 

Interval 800-1200° is 8-11^ by weight.  When the titanium content 
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rises above the limit of solubility at a given temperature, a phase 

forms In the alloys, based on the compound NI3TI.  The chemical 

compound NI3TI has a hexagonal lattice, while the solid solution 

of titanium In nickel has a face-centered cubic lattice. 

The Investigation of heat resistance In alloys of the nlckel- 

tltanlum system [5] has shown that at 800° the composltlon-heat 

resistance curve reaches a clearly defined maximum which relates to 

the zone In which the nickel solid solution Is saturated with titanium 

and corresponds to alloys containing 8-10^ Tl by weight. 

We chose alloys of the nlckel-tltanlum system relative to the 

zone of maximum heat resistance for our study of diffusion.  The 

titanium content In these alloys was 4, 6, 8, 10.6 and 14^ by weight. 

The Investigation has shown that In alloys with a titanium 

content of up to 8^ In weight Inclusive, the solid solution had a 

large-grain polyhedral structure and that alloys containing 10.6 and 

14^ by weight had a clearly defined two-phase structure.  The largest 

polyhedrons In the solid solution had a diameter of 3-4 ram. 

The study of diffusion was made out at 950, 960, 1050, 1093, 

and 1247°.  The diffusion coefficients of Iron In nlckel-tltanlum 

alloys at these temperatures are shown In Table 1. 

Pig. 1 shows graphically the variation of the diffusion co- 

efficients D when the titanium content In the alloy is increased. 

As we see, the value of D decreases with the increase in titanium 

and attains a minimum at 950° in an alloy containing 8%  Tl by weight. 

If there is a.further Increase in titanium in the alloys, D 

Increases.  If the temperature Increases the minimum value of D Is 

observed In alloys containing a small quantity of titanium.  At 1095° 

the minimum of D corresponds to 6^ Tl by weight, and at higher tem- 
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peratures It Is entirely displaced Into the zone of dlluce solid 

solutions. 

TABLE 1 ■ 

Diffusion Coefficients D, the Pre-exponentlal 

Multiplier Dp and the Activation energy E 

of Iron Diffusion In Alloys of the Nlckel-Tltanlum 

System 

Tiiiaii, 
D ■ lO11 cM,/ceit Om-priin 

aimm.iitml 
jlluIi(I.y;iiTji E, 
lil(.'i:i|r-3TOM 

Siia'ismieiipcfl- 

BCC.     % 
Sou- UCCl" 1050- 1005" 12',6» 

Milon,-iiTe;in 
Du CM'/ce« 

4 0,31 3,2 40,9 62, S 1,55 
G 0,21 0,31 1,75 2,9 52 68,0 3,9 
8 0,12 0,16 1,4-5 3,0 51,3 73,1 1,6-101 

10,6 0,2 4,5 71,1 71,2 6,8 
14 0,125 3,0 45,2 73,0 1,5.10' 

A 

The values of the activation energy E and the pre-exponentlal 

multiplier DQ of the diffusion process, were calculated from the 

values of the diffusion coefficients given in Table 1,   and are given 

in the same Table. 

The data obtained on diffusion in alloys of the nickel-titanium 

system make it possible to draw the conclusion that the addition of 

titanium to the nickel solid solution Increases the forces of atomic 

interaction in the crystal lattice of the alloy.  These forces attain 

a maximum at temperatures of 950-1000° In the saturated solid-solu- 

tion zone. 

In inhomogeneous alloys where there are coagulated phase for- 
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matlons based on NI3TI, the value of the bonds decreases, but If 

there Is a great deal of the NI3TI excess phase the forces of atomic 

Interaction again Increases. 

a     10    12 

Fig. 1.  Iron diffusion coefficients In 
alloys of the nickel-tltanlum system, 
depending on the titanium content at 
various temperatures. 

Diffusion In a Nlckel-Chromlum-Tltanlum System 

The ternary system nlckel-tltanium-chroralum was Investigated 

[5J 6] and various parallel sections of this system were studied. 

Mlcrostructural x-ray and other Investigations of alloys with 

differing titanium contents showed that the solubility of titanium 

at temperatures up to 800° varies little and amounts to about 2.2$ 

by weight; at a temperature above 900° It Increases considerably. 

A careful study of the heat resistance of alloys of this system 

with a constant chromium content (20$ by weight) was made [5].  It 

follows from the results that the zone of maximum heat resistance 

varies In a complex way according to'temperature.  At low temperatures 
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the greatest heat-resistant alloys correspond to saturation zones with 

precipitation of the second phase in the form of finely dispersed i^k 

inclusions.  At elevated temperatures from 500 to 750° the zone of 

maximum heat resistance is displaced towards alloys with a lower 

titanium content, but at a temperature 750-800° it shifts to alloys 

with a higher titanium content.  In the case of a further Increase 

in temperature (above 1000°), the zone of maximum heat resistance 

Is displaced monotonleally toward unsaturated solid solutions. 

We undertook the study of diffusion in a wide temperature range 

in order to compare the data obtained with existing data on heat 

resistance in these alloys.  This enabled us to discover the nature 

of the temperature-dependence of the curve of maximum heat resistance 

from the viewpoint of diffusion processes. 

We chose alloys with a constant 20^ chromium content for our 

investigation of diffusion.  The titanium content amounted to 1, 

2.5, 5.4, 3,   and 7 ^ by weight.  The alloys were subjected to thermal 

treatment under the following conditions at 1200° for 6 hours, at 

1150° for 18 hours, and at 8.00° for 24' hours (with air cooling) . 

Examination of the microstructure of these alloys showed that 

polyhedrons were observed in the solid solution with a titanium 

content of up to J>A$>  by weight.  Alloys with a titanium content 

of 5 and 7^ by weight contained an excess phase in the form of elon- 

gated thin laminae.  The grain size In these alloys was somewhat 

smaller than in the nickel-titanium system, although the structure 

remained large-grain to a high degree, the largest grain diameter 

was 2-5mm). 

The results of our measurement of the iron diffusion coefficients 

in alloys of the nickel-chromlum-tltanlum system at 960, 995^ 1010, 

. J 
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1218, and 1265° are shown In Table 2.  The duration of diffusion 

annealing at these temperatures varied from 500 to 4 hours accordingly. 

On the basis of the experimental data shown In Table 2, we plot- 

ted the curves of the variation In the diffusion coefficient accord- 

ing to the composition of the alloy at the experimental temperatures. 

Pig. 2 as we see there, minima are observable on the curves. At 

temperatures of 995 - 10500j the minimum value relates to the alloys 

containing 3.4^ Tl by weight; at a higher temperature it shifts to- 

wards alloys with a lower titanium content, and at 1218 -1250° it 

shifts to the zone of unsaturated solid solutions with a titanium 

content of about 1%. 

TABLE 2 

Iron Diffusion Coefficient Activation Energy 

and the Pre-exponentlal Multiplier in Alloys 

of the Nickel-Chromium-Titanium System 

Tiitau, 
D-IÖ" CM'JCCK DiM'pnifl 

;uM|H|'ymiii ic, 
liiui.iir-aTOM 

3ltaMcimn tipca« 
»HCIIOlll-M- 
Hiin.:n.iiijro 

Miiumimvm /> 
GMVcmi 

ucc.   % 
000« oor,» ton,« lOSO" IJISl* ir.!.- 

1 0,33 0,29 1/i 15,3 25/i 65,8 0,0 

2,5 0,17 0,26 0M 26,3 38,8 80,0 1,10.10' 

3,4 0,00 0,11 0,2 0,42 20,9 35,2 84,0 4,45-10» 

5   ■ 0,25 0,29 1,18 37,0 51,8 82,G 4,4  .10» 

7 0,20 0,29 0,69 — 34,7 78,2 6,4  -lO1 
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We should point out that the alloys of the nlckel-tltanlum 

chromium system are less oxidation-resistant than those of the 

nlckel-tltanlum system.  Reliable data on the diffusion coefficient 

were only obtained when diffusion annealing took place under the 

following conditions.  The specimens of the alloys were sealed Into 
— 3 "A- 

double quartz tubes under a vacuum of 10  - 10  mm Hg; with 

small strips of titanium between the tubes (Fig. 3).  This was to 

avoid oxidation of the surface of the specimens and to ensure that 

the experimental conditions could easily be reproduced. 
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Fig. 2.  Dependence of diffusion coefficient 
In alloys of the nlckel-chromlum-tltanlura 
system on the titanium content at various 
temperatures. 

As shown by Investigation of the thickness of the oxide layer 

which forms after diffusion annealing, the greatest oxidation-"-'"" 

occurred in the case of the alloy containing 3.4^ Ti; alloys con- 

taining 2.5 and 5^ Tl by weight oxidized to a lesser degree, and 

with a content of 1 and 7^ Tl In weight there was no oxidation at 

all for all practical purposes. 
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Flg. 5.  Cross section of ampule with 
specimens for diffusion annealing, 
l) specimens; 2) quartz ampules;5) 
titanium. 

The value of the activation energy of the diffusion process and 

of the pre-exponentlal multiplier calculated from the results of 

measurements of the diffusion coefficient, are shown In Table 2. 

It follows from this Table that the maximum value of the activation 

energy and the pre-exponentlal multiplier corresponds to the alloy 

containing 5.4^ Tl.  In the case of a lower titanium content E and 

D0 decrease sharply, and In case of higher contents, they decrease, 

though to a lesser degree than In solid-solution alloys. 

Diffusion In the System Nlckel-Chromlum- 

Tungsten-Aluminum-Titanium 

The studies of heat resistance and other properties of the 

system nlckel-chromlum-tungsten-alumlnum-tltanlum, described in [8], 

showed that the heat resistance of alloys of this system is con- 

siderably higher than of that of the nlckel-tltanlura and nickel- 

chromium-tltanlum systems, although the melting point is lower. 

Consequently, it was of Interest to measure the diffusion coefficients 

of iron in this system.  It has been shown [8] that the solubility 

of titanium in this quinary system is*lower than in alloys of the 
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nickel-chroralum-tltanlum and the nickel-titanium systems and Is 

about 1%  at temperatures up to 1100°.  At higher temperatures, the 

solubility of titanium sharply Increases.  At temperatures of about 

600°j the most highly heat-resistant alloys correspond to the zone 

of supersaturated solid solutions with the precipitation of a finely 

dispersed phase. When the temperature Is increases up to 750°, the 

zone of maximum heat resistance is shifted to alloys with a lower 

titanium content.  However, at higher temperatures (850 -950°)j the 

temperature dependence curve of alloys with maximum heat resistance 

changes direction and shifts towards alloys with a higher titanium 

content.  After passing through the inflectionj the zone of alloys 

with maximum heat resistance shifted regularlly toward unsaturated 

solid solutions with a further increase of temperature (1000-1250°). 

Specimens corresponding in composition to the alloys used for 

the study of heat resistance in [8] were made for the study of 

diffusion in the given system.  In all alloys there was a constant 

content of the following elements: 20$ chromium, 6%  tungsten, and 

4.5$ aluminum.  The titanium content varied with the matrix and 

amounted to 0, 0.5, 1, 2, 3, 5.. 7, 6, and 9$ by weight.  The alloys 

underwent heat treatment at 1200° for 4 hours. 

The investigations showed that in alloys with a titanium content 

up to 3^ had a solid-solution structure with a considerably smaller 

grain size (of the order of 300-400 microns) than in the case of 

nickel-titanium and nickel-chromium-titanium systems.  In the case 

of a titanium content of 3^ and more in the given quinary system we 

observed precipitation of an intermetallic phase based on NI3AI on 

the boundaries and in the body of the grains; with a further Increase 

in titanium content, the excess phase precipitated in even larger 

o 
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quantities. 

The Investigation of diffusion was made at temperatures of 955^ 

106o, 1165, and 1250°.  No oxidation of the specimens surface was 

observed at these temperatures during diffusion annealing, the 

duration of which varied from 400 to 4 hours respectively. 

The results of the Investigation of the diffusion of Iron In 

alloys of the nlckel-tltanlura-chromlum-tungsten-alumlnum system are 

shown In Table 5. 

Figure 4 shows a graph of the variation of the value D with the 

percentage of titanium In the alloys of the quinary system at various 

temperatures.  As we see, the curves have clear-cut minima, at which 

D Is 80-100^ lower than In the neighboring (with respect to the 

minium) alloys.  If we take Into account that this variation In the 

quantity D In alloys corresponds to a variation In the temperature 

of diffusion annealing of 50°, we can conclude that the observed 

variations of D by 80-100^ may Indicate considerable variations In 

the forces of atomic Interaction In alloys with a different titanium 

content. 

It also follows from Fig. 4 that the position of the minimum 

diffusion coefficient In the alloys of the system under Investigation 

has a clearly defined temperature-dependence.  In the range of the 

Investigated temperatures (955-1250°), the minimum diffusion co- 

efficients regularly shift from heterophase alloys to the unsaturated 

solid-solution zone as the temperature Increases. 
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Flg. 4. Iron diffusion coefficients In 
alloys of the nickel-chromium-tungsten- 
alumlnum-tltanlum system, according to 
the titanium content at various tempera- 
tures . 

TABLE 5 

Diffusion Coefficients, Activation Energy of Diffusion 

and the Pre-exponentlal Multiplier In Alloys 

of the Nlckel-Chromlum-Tungsten-Alumlnum-Tltanlum System 

TiiTae, D-W CM'/CCW 
Dncprnrr nuTll- 

naiwii ;ilii[:(Iiy3ll]I 
£,   mia.i/r'HTOM 

3na*)ciriie npen- 
sec.   % 055« lOCO« lies* iiUV 

Horo MUOmiiTejlR 
O*   CM'/CCH 

0 0,098 2,3 6,2 29,1 71,8 3,2 
0,5 0,082 1,03 — 19,7 69,7 2,0 
1 0,08 0,78 4,0 21,0 70,4 2,2 
2 0,072 0,63 „ 33 76,1 3,2-10i 
3 0,047 0,7 8,2 51,5 87,6 1,7.10» 
5 0,063 0,97 8,3 52,6 85,5 1-10» 
7 0,052 1,14 5,9 55,3 80 1,6-10» 
9 0,13 1,6 8,1 On.iammcn 76,3 5,7-I0i 

On the basis of measuring the diffusion coefficients we calcu- 

lated the values of the activation energy of the diffusion process 
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E and of the pre-exponentlal multiplier Do, which are also shown 

In Table J>.     It follows from this Table that the diffusion character- 

istics of E and Do Increase with an Increase In titanium content 

In the alloys, and attain a maximum when the Tl content Is about 5^ 

by weight.  In the case of a further Increase In titanium, the values 

of E and Do decrease. 

Our Investigation of the dependence of Iron diffusion on titanium 

content In the nlckel-tltanlum, nlckel-chromlum-tltanlum and nickel- 

chromium-tungsten-aluralnum-tltanlum system shows that the curves of 

the dependence of the diffusion coefficient on the composition of 

the alloy have features that are characteristic for all systems. 

At comparatively low temperatures (900-1000°) we observe clearly 

defined minima in the zone of transition from solid solutions to 

heterophase alloys on the curves of the variation of D according to 

the titanium content.  When the temperature increases, the minimum 

point on this curve shifts towards the unsaturated solid solution. 

For example, in the nlckel-tltanlum system at temperatures of 

950 and 1093°, the minimum value of D corresponds to alloys with a 

titanium content of 8 and 6%.   In the nlckel-chromlum-tltanlum system 

at 995, 1010, and 1050°, the minimum value of D corresponds to alloys 

containing 5.4^ Tl and at temperatures of 1218 and 1250° to alloys 

with Ifo. 

In the system nickel-tltanlum-chromium-tungsten-alumlnum, at the 

investigation temperatures of 955* 106o, 1165, and 1250°, the minimum 

value of D corresponds to alloys with a titanium content of 3, 2, 1, 

and 0.5^ respectively. 
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Flg. 5. Position of minima of the 
diffusion coefficient with respect 
to zone of maximum heat-resistance 
in alloys of the nlckel-chromlum- 
titanium system (curves 3) at the 
experimental temperatures.  1), 2) 
boundaries of solubility of titanium. 
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Fig. 6. Position of the minima of the 
diffusion coefficient with respect to 
zone of maximum heat-resistance in 
alloys of the nickel-chromium-tungsten- 
aluminum-tltanium system (curves 2 and 4) 
at various temperatures,  1) boundary 
of solubility of titanium; 3) alloys 
with maximum heat resistance at correspond- 
ing temperatures. 

If we compare the minimum values of D for the same alloys 

with the values at the corresponding temperatures of maximum heat 
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resistance, we notice that for all three systems these characteristics 

coincide, within the limits of accuracy of the experiment.  Alloys 

containing 8-10.8^ Tl possess maximum heat resistance at 800°.  The 

minimum value of D at a temperature of 950° corresponds to the alloy 

containing 8^ Tl (5)• 

The crosses In Pig. 5^ which Is taken from the research described 

In [6], Indicate those alloys of the nlckel-chroralum-tltanlum system 

for which a minimum value of D eas obtained at the corresponding 

experimental temperatures.  The zone of maximum heat resistance of 

the alloys of the system under consideration depending on temperature 

is also indicated by this Figure. 

A comparison of the minimum values of the diffusion coefficient 

with the values of maximum heat resistance for a given temperature 

in the system nlckel-chromium-tungsten-alumlnura-titanlum is given in 

Pig. 6. 

As we see from Pigs. 5 and 6,   the crosses fall well with in the 

zones of maximum heat resistance of the alloys.  It follows that the 

most heat-resistant alloys in the systems studied are those In which 

a minimum diffusion coefficient is observed.  It also follows from 

the graphs that the minimum value of D and the zone of maximum heat 

resistance have the same temperature-dependence.  We may conclude 

from this that in the systems studied the shifting of the zone of 

maximum heat resistance at temperatures above 950° is chiefly deter- 

mined by the diffusion processes. 

The study we made enables us to present a theoretical explanation 

of the temperature-dependence of the zone of the most highly heat- 

resistant alloys.  The experimental data cited above show that in the 

alloys studied the diffusion process may be observed without the 
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application of stress, beginning at 850° In the nlckel-tltanlum 

system at 900° In the nlckel-chromlum-tltanlum system, and at 950° A 

in the nickel-tungsten-aluminum-tltanium system. 

This means that it is only at these temperatures that diffusion 

processes can begin to play a substantial part in the alloys of 

these systems In an unstressed state. 

In the case of a state of stress, when the values of the co- 

efficients may Increase considerably, the diffusion processes affect 

the state of strength of the crystal lattice in the alloy at a 

lower temperature. 

If we consider heat resistance at temperatures at which the 

diffusion coefficients have negligible values (in our systems 500- 

700°) and cannot play any part In the weakening of the crystal 

lattice, even under stress, then the magnitude of the interatomic 

forces (chemical composition) and the alloy structure will be of 

decisive importance.  Since the Influence of such an essential factor 

as diffusion is excluded at low temperatures, this fact should also 

affect the form of the composition and heat-resistant curves.  In- 

deed, as it has been established in [8], in the study of heat resis- 

tance in the nickel-tltanium-chromium-tungsten-alumlnum system at 

600°, the composition and heat-resistance c\arve is found to have a 

poorly defined maximum, whereas at temperatures of 800, 900, 1000°, 

when the diffusion mechanism comes into operation, a clerarly out- 

lined maximum Is observed on the curves of the heat resistance which 

is dependent on the composition of the alloy.  It is characteristic 

that at high temperatures the zone of maximum heat resistance is 

considerably narrower than at low temperatures. 

An analysis of the curves of the temperature-dependence of the 

< 
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zone of maximum heat resistance given In Figs 5 and 6 shows that the 

Inflection divides them Into two parts essentially different from the 

viewpoint of diffusion.  One of these relates to the high-temperature 

zone In which the variation of heat resistance Is wholly determined 

by diffusion, and the other part corresponds to the low-temperature 

zone In which diffusion plays no role.  In the zone of the Inflection, 

the role of diffusion Is limited to a certain degree. 

This makes It possible to conclude that the inflection of the 

curves for temperature-dependence of the zone of maximum heat resis- 

tance Is a result of the diffusion factor of softening of the crystal 

lattice of the alloy.  This conclusion enables us to give a single 

explanation for the whole run of the temperature-dependence curve, 

of the zone of maximum heat resistance, shown in Figs. 5 and 6. 

Indeed, at low temperatures (in nickel alloys up to 700°) heat 

resistance is determined by the strength of the Interatomic bond and 

by the alloy structure.  As shown by numerous experiments, heterophase 

alloys have maximum heat resistance at these temperatures. 

It is well known that when the temperature Increases the coagula- 

tion of precipitations Is accelerated, resulting In a decline in 

heat resistance.  Therefore the zone of the most highly heat-resistant 

allous shifts toward alloys containing a smaller quantity of titanium 

(the structural factor has substantial influence here).  At a certain 

temperature, the diffusion displacements of atoms becomes noticeable, 

and heat resistance In the given chemical composition is determined 

by both structural and diffusion factors.  The zone of the most 

highly heat-resistant alloys corresponds to heterophase alloys in 

which a minimum value for the diffusion coefficient and a maximum 

value for Its activation energy are observed (temperature range 700 - 

1100°) . 
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As shown by Investigation, at such temperatures the maximum value 

of the diffusion coefficient corresponds to alloys with a higher 

titanium content, and this explains the fact established by the experi- 

ment of I. I. Kornilov and others that the zone of heat-resistant 

alloys displaces towards a higher titanium content at temperatures 

of 700 - 1100° (See Figs. 5 and 6) ,  At a higher temperature the 

fundamental cause of the weakening of crystal lattice is the diffusion 

processes.  The diffusion coefficients are very high at these tempera- 

tures.  As follows from our data on the measurement of diffusion co- 

efficients and their comparison with data on heat resistance (see Figs. 

5 and 6) the shift of the zone of highest heat-resistant alloys to- 

wards dilute solid solution beginning at a temperature of 1100° is wholly 

determined by diffusion.  It follows from this that heat-resistant 

nickel alloys belong to the temperature Interval 700-800°, which 

corresponds to the start of the inflection of the curves of maximum 

heat resistance depending on the alloy's composition and temperature. 

A very low diffusion rate (~ 10~15 cm /sec)   is characteristic of 

this temperature interval.  Above this temperature, a zone of alloys 

with limited heat resistance extends along the whole course of the 

curve (800 - 1100° for nickel alloys).  At these temperatures, the 

alloys resist strain only for a limited time.  Alloys corresponding 

to the temperature interval above 1100°, where the diffusion rate is 

high, become rapidly deformed under stress. 

The study of the factor limiting the use of heat-resistant alloys 

at high temperatures is of great practical importance.  On the basis 

of what has been described above, we may conclude that one of the 

most important of these factors is the development of diffusion, 

which leads to a decrease in the strength of the crystal lattice and 

weakening of the bonds between individual crystals.  Hence, the study I 
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of diffusion processes In an alloy to which admixtures are added 

In various concentrations can be of very great Importance In the 

search for heat-resistant alloys suitable for use at high temperatures. 

Since the development of diffusion In heat-resistant alloys 

(resulting In a decline in the crystal-lattice strength and the 

weakening of the bonds between the Individual crystallites of the 

alloy) Is the factor limiting the use of heat-resistant alloys at 

high temperatures, it might be thoroughly advisable to choose 

chemical compounds as a base for these alloys.  As has been shown 

[14], there is a clear- cut minimum diffusion coefficient and a 

maximum activation energy in chemical compounds. 

Chemical compounds, however, are characterized by greater 

brittleness. If it were possible therefore, to find a compound with 

good plastic properties, we could obtain an alloy based on it which 

would be greater in heat-resistance than any other combination of 

the given alloy components.  Consequently, through modifying the 

alloy with this base by adding different quantities of admixtures 

and by measuring the level of the diffusion coefficients, it would 

be possible, taking the structure into account to find the right 

composition for an alloy which will have a minimum diffusion coefficient 

and, therefore, maximum heat resistance at the prescribed temperature. 
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DIFFUSION IN NICKEL-BASE SOLID SOLUTIONS 

Yu. F. Bablkova and P. L. Gruzln 

Nickel Is used as a base for several brands of heat-resistant 

alloys [l].  A characteristic feature of these alloys Is that they 

are used In a hardened fornij which Is achieved by precipitation 

hardening.  The preservation of the alloys In hardened form at high 

temperatures Is determined to a considerable degree by the diffusion 

rate of the elements making up the base of the alloy and embodied 

In the hardening phase.  At elevated temperatures, the more stable 

alloys will be those In which the diffusion of the basic elements 

proceeds slowly.  In spite of this, however, diffusion In nickel- 

base solid solutions has not been studied up until now.  Scientific 

literature contains only a few publications on this subject [2, 3, 4, 

6]. 

In the present work we give data on the study of the diffusion 

of chromium In solid nlckel-chromlura solutions alloyed with titanium 

(see Table l). 

The compositions were chosen which ensured that at temperatures 

above 1000° the alloys were in the homogeneous solid-solution zone. 

The alloys were melted in a vacuum high-frequency furnace.  The 

radioactive isotope Cr51 was used in the experiments for the study 
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of diffusion.  The diffusion coefficients were determined by measuring 

the Integral radioactivity of what remained of the specimen after 

layers were removed [5].  The results of the calculation of the 

mean values of the diffusion coefficients for the alloys are given 

in Table 2 and for one of the alloys. In Pig. 1.  Table 3 gives 

the diffusion parameters of chromium for the alloys studied and also 

the self-diffusion parameters for nickel and the diffusion parameters 

of chromium for nichrome [2,   and J]. 
TABLE 1 

Chemical Analysis of the Alloys 

< 

.V. 
Coacp Kanne   aaeMcmou. % 

cuaana m Cr Ti A Fo Co Cu Si 

1 Ociioca 10,15 2,09 0,18 0,30 0,30 0,05 0,12 
li » 9,60 3,70 0,12 0,31 0,43 0,05 0,16 
3 » 10,00 4,80 0,10 0,31 0,45 0,00 0,10 
4 » 18,82 3,12 0,10 0,37 0,50 C-i CJI. 

Ö » 28,42 3,00 0,10 0,30 0,80 » » 

iff 4 
s 

s,s 

oV 

7.5 
T 

Fig. 1.  Temperature-dependence of the diffusion 
coefficients of chromium for the alloy nickel- 
chromium (10$)-titanium (2.7$) 

( 
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Flg. 2. Comparative graph of the temperature- 
dependence of diffusion coefficients. 
1) self-diffusion of Cr; diffusion of chromium 
In the alloys: 2) Nl-Cr (28^) - Tl (3^); 
5) Nl-Cr (19^) - T 1 (5^);  4) Nl (1C$) - Cr {2.7%); 
5) Nl-Cr (10^) - Tl (5.7$);  6) Nl-Cr {10%)   -  Tl 
(4.8$); 7) self-diffusion of Nl;  8) Cr In Nl. 

TABLE 2 

Mean Values of the Diffusion Coefficients 

of Chromium for Nlckel-Chromlum-Tltanlum Alloys 

■M ODJiaoa T. "C D. cM'-cei»-1 A»   cn.i-Tua r, 'a D. CM'-CCK-» 

1 12-)0 8-lO"1» 3 1100 4,0-10-" 
To we 1200 3,1-10-1» To  )1!0 1040 1,3-10-" 

» 1150 I.S-IO-1» » 1000 8,0-10-" 
» 1100 5,3-10-" 4 12fi0 1,0-10-» 
» 1050 2,5.10-" To >KO 1200 3,l-10-i» 
» 1040 1,3.10-" » 1150 1,4-10-1" 
» 1000 8,5.10-12 » 1100 4,7-10-" 
2 1250 "i/i.lO-10 » 1050 1,6-10-" 

To /KC 1200 2,2.10-'" » looo 0,1-lO-" 
ft 1150 1,3-10-" 5 1250 9,1-10-'° 
» 1100 3/i. 10-" To ;iio 1200 2,4-10-1» 
» 1010 1,810-" 

i             * 1150 9,2-10-1» 
3 .     1250 3,0.10-10 !             » 1100 3,0-10-" 

To  )KC 1200 2,3.10-i» 1               » 1040 1,1-10-" 
» 1150 1,0-10-1» » 1000 7,0-10-" 
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Our  findings show that the addition of up to 50^ chromium and 

up to 5/^ titanium to nickel results In a noticeable slowdown of the 

diffusion of chromium, compared with pure nickel; this Is greatest in 

the alloy containing 28%  chromium (Fig. 2). 

~) 

TABLE 3 

Diffusion Parameters for the Alloys 

HaltMniioualifio o,. Q. 
n p ji M c 'i a Ji ii c. 

M.iTcpii.i.ia CM
1-ecu-1 KHa;i/r  ar 

lliiHu.ir. 1,27 0C,8 CaMO,iiii[iiIiy:ii"i no ;iaii- 
I1MM ]iaü0Tl.i  |3] 

IlirKc.-ll. 4-ID"3 48,0 ^iKjxIiyanii xpoMa no ;iaii- 
nwM pauoTi.i  120] 

lll.l.p.n. -xpoM (20%) 10-1 58 To mo 

NllKKII. — xpoM  (20%) — T1IT.-1II (2,5%) 2 00,0 » 
1111 new. — XI.OM (10%) —Tinaii (3%) .3-10= 81,0 ;iii(Iii[iyiiiii xpoMa no ;iaii- 

ui.iM nacT. pau. 

IlllUf.lI. — xpoM (28%) —Tinan (3%) 10" 85,0 To n<o 

llnKL-;*ii> — xpoM (10%) —TiiTaii (2,7) 20 75,0 » 
lliiue.ii. -xpoM (10%) —Tin-an (3,7) 1 64,0 » 
Ilm.ciL - xpoM (10%) — TIITaH (4,8%) 0,1 02,0 » 
X poM 

85,0 CaMo;(;i(Ii([i.v;iim no .lan- 
IILIM paijdTiJ I'll 

It follows that with an increase of the chromium content in 

nickel there is an increase of the chromium's activation energy of 

diffusion and a decrease in the diffusion coefficients.  It Is in- 

teresting to note that the diffusion parameter Q for the alloy contain- 

ing 28^ chromium and 5^ titanium has approximately the same value as 

that for pure chromium.  Alloys with nickel-chromium (10-28^)-titanium 

(3^) composition and pure chromium have close diffusion characteristics 

with respect to the chromium.  This means that the alloys of the said 

compositions and chromium are proximates in their levels of interatomic 

bond strength. 
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The addition of titanium has a peculiar effect on the diffusion 

characteristics of nickel-chromium alloys.  When the titanium content 

in the alloy is increased up to 5^, a deceleration of diffusion and 

an Increase in activation energy are observed.  An increase of ti- 

tanium content in alloys of nickel-chromium (10^) up to 4.8^ appreciably 

reduces the activation energy of diffusion of chromium and accelerates 

the diffusion of its atoms.  This enables us to conclude that in fairly 

low concentrations (5^) titanium has a complex effect on the diffusion 

of chromium.  It is possible that this effect is due to peculiarities 

in the structural change of the alloys under study when heated to 

high temperatures. 

A comparsion of the diffusion characteristics of chromium in 

the alloys with the self-diffusion parameters of nickel is of note 

worthy.  It shows that at high temperatures  the self-diffusion of 

nickel and the diffusion of chromium In alloys of nickel-chromium 

(10-30^)-titanium (3^) occur with approximately the same Intensity 

(Pig. 2).  The given alloys are examples of the fact that the 

diffusion of the atoms of one of the alloying elements can proceed 

at almost the same rate as self-diffusion In the base metal of the 

alloy. From data contained in scientific literature it is known 

that the reverse also occurs.  In nickel-chromium alloys the atomic 

bonds are streng'  • : xl, which apparently is responsible for the fact 

observed.  Hence one of the basic functions of chromium in nickel- 

base heat-resistant alloys is to form a nickel-base solid solution 

while maintaining the levels of diffusion coefficients inherent in 

it.  However, the alloying of nickel with chromium also brings about 

a change in the actual recrystallization process [4].  This establishes 

the preconditions for an increase in the recrystallization terapera- 

4» 
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ture of the alloy (as compared with pure nickel) and, consequently, 

an increase in the temperature of Intensive softening.  The addition 

of titanium and aluminum to the nickel-chromium solid solutions is 

chiefly necessary to create the conditions necessary for precipitation 

hardening, which Is used to obtain alloys of special structural form 

characterized by great strength.  The softening rate of unalloyed 

and alloyed solid nickel-chromium solutions at high temperatures 

should, apparently be about the same.  Of course, in studying such a 

complex problem, one has to take into account many other aspects of the 

behavior of the alloy that are not directly connected with diffusion. 

It is known that heat-resistant nickel-chromium alloys markedly 

soften at temperatures of 750-800°.  According to our data, the self- 

diffusion coefficients of nickel and the diffusion coefficients of 

chromium in nickel-chromium alloys have values close to 10 13cm2 • 

sec-1 [7].  We can therefore consider that in the case of nickel- 

chromium heat-resistant alloys under deformation the threshold level 

of the diffusion mobility of intensive softening has this value. 

The postulate of the threshold level of the diffusion mobility of 

recovery in nickel-chromium alloys accords with the results obtained 

in studying the relation between diffusion and recrystallicatlon 

processes in pure metals and solid solutions [4].  It should be 

considered that the effect of diffusion on heat-resistance is as yet 

far from clear.  One of the basic problems in this field should be 

the study of intragranular and boundary diffusions in solid solutions 

and the latter's recovery. 

D 
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Conclusions 

The diffusion of chromium In nlckel-chromlum alloys {10-28^) 

was studied and It was found that the self-diffusion coefficients of 

nickel and the diffusion coefficients of chromium for these alloys 

have approxlrndtely the same values In high temperature zones.  It 

was shown that intensive recovery In nlckel-chromlum alloys takes 

place at a diffusion level of the order of 10~13cm2 * sec"1.  The 

diffusion level of solid solutions corresponding to the diffusion 

coefficients of the basic elements of the given magnitude may be 

tentatively called the threshold level of the diffusion mobility of 

intensive recovery In heat-resistant alloys. Intended for short- 

time service at high temperatures.  This enables us to make a rough 

estimate of the potential level of heat resistance of solid solutions 

from data obtained from the calculation of diffusion coefficients. 
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A STUDY OF INTERGRANULAR DIFFUSION IN METALS AND ALLOYS 

V. I. Arkharov, C. M. Klotsman, A. N. Tlmofeyev, I. I. Rusakov 

During recent years a large number of papers have appeared on 

the study of Intergranular diffusion [1-5].  Some of them are devoted 

to the quantitative study of Intergranular diffusion^ others to Its 

qualitative study. 

Until recently, quantitative studies of intergranular diffusion 

through intercrystalllne transition zones Is much greater than In the 

grain, the Isoconcentratlon surface of the diffusion zone forms 

"protrusions" along the grain boundaries.  The shape of these pro- 

trusions (the angle between the Isoconcentratlon periphery and the 

grain boundary at their intersection) Is definitely determined by the 

relation of the coefficients of intra- and intercrystalllne diffusion. 

The variation in the concentration of the diffusing substance with 

the depth of diffusion likewise depends on the coefficients of intra- 

and intercrystalllne diffusion. 

This being so, plotting of the concentration curve or the 

quantitative measurement of the protrusions on the diffusion front 

makes it possible to determine the parameters of predominantly inter- 

crystalllne diffusion. 

Qualitative studies of intercrystalllne diffusion [l, 2, 3] 
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were made by comparing the lengths of the protrusions on the 

diffusion front, which can be determined In various ways. 

In the research done by the Smoluchowskl [5, 4] the dependence 

of Intercrystalllne diffusion on the boundary structure was studied 

by mlcrostructural and radloautographlc methods, and conclusions 

regarding the varying diffusion penetrability of the separate bound- 

aries were drawn on the basis of a comparison of the lengths of the 

protrusions.  This qualitative approach Is possible If the length of 

the protrusion Is determined solely by Intercrystalllne diffusion. 

Iri general, as Fisher's theoretclal analysis shows, the length 

of a protrusion on the diffusion front depends on the ratio of the 

coefficients of Intra- and Intercrystalllne diffusion.  If there 

were no penetration of the diffusing compound from the Intercrystalllne 

transitional zones Into the grain, the diffusion zone, restricted to 

regions of 100-1000 A [7], could not be determined at all. 

Accordingly, qualitative studies of Intercrystalllne diffusion 

based on comparisons of the length of the protrusions on the diffusion 

front can lead to sound conclusions provided that In the cases com- 

pared the resorptlon of the diffusing material Into the grain does 

not change either through variation In the mean coefficient of Intra- 

granular diffusion or through the latter's anisotropy. 

In our research [1, 8, ll], the influence of small admixtures 

on the diffusion of the third element in the solvent was studied 

mlcrostructurally.  In studying the effect of the addition of small 

quantities of antimony on the diffusion of silver in polycrystalline 

copper, it was found that antimony accelerates the intragranular 

diffusion of silver and that the lehgth of the protrusions on the 

diffusion front in copper alloyed with 0.4$ silver is of an order 
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greater than In pure copper [8].  In none of these studies, however, 

was It taken Into account that the determlnablllty of the protrusion f| 

on the diffusion front depends on the relation of the coefficients of 

Intra-and Intercrystalllne diffusion.  To determine the effect of 

small additions of antimony upon the parameters of Intercrystalllne 

diffusion of silver In copper, we made a radlometrlc study of the 

diffusion of silver In polycrystalllne copper In an alloy of copper 

and 0.4^ antimony. 

Specimens of pure copper and of copper alloyed with 0A%  antimony 

were forged and then underwent recrystalllzatlon annealing at 900° 

for 5 to 7 hours.  Some of the specimens were subjected to an additional 

heat treatment for 100 hours at 650°.  This treatment was Intended to 

enrich the Intercrystalllne transtlon zones of the alloy by the horophyle 

addition of antimony. Next the specimens were coated with radioactive 

sliver Ag   by means of vacuum dispersion.  They were then assembled 

In pairs, with the radioactive surfaces In contact, and placed In a 

quartz tube evacuated down to 10 2 mm Hg.  The tube containing the 

specimens was placed In a preheated oven.  The diffusion-annealing 

teraperautre was 6500 and was maintained to within + 5°.  This tempera- 

ture was selected so that the distribution of antimony resulting 

from previous annealings would not be changed. 

The distribution of radioactive silver In the specimens was 

determined by layer analysis using the Integral-residual method [9]. 

The accuracy of measurement was 1-3^ for the activity and 10^ for 

the thickness of the specimen. On the basis of the experimental data 

we derived the dependence of the logarithm of the specific activity 

upon the depth of penetration [6], 

o 
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Figure 1.  Graph showing the 
dependence of the logarithm 
of activity on the depth of 
penetration In the diffusion 
of sliver. 
1) Into polycrystalllne copper, 
2) Into a polycrystalllne alloy 
of copper with 0.4^ antimony. 
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Flg. 2.  Graph shows the dependence of 
the logarithm of activity on the square of 
the depth of penetration In the diffusion 
of sliver. 

Into single crystals of copper; 
Into slnglecrystals of copper alloyed 

with 0.4$ antimony. 

The tangent of the angle of slope of the straight line so derived 

was found from the experimental data by the method of least squares. 

The relation between the coefficients of Inter- and Intracrystalllne 

diffusion was determined by the formula 

where tga' Is the tangent of the angle.of slope of the linear de- 

pendence of the logarithm of the specific activity x; 

D   Is the coefficient of Intragranular diffusion; 

a   Is the active half-width of the Intercrystalllne zone; 
Is Dbound 'bhe coe:£'f:I-c;1-ent of diffusion In the Intercrystalllne 

zone; 

t   Is the length of diffusion time. 

**■ 
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The coefficient of Intercrystalllne diffusion was determined 

from measurements of single crystals of copper and a copper alloy 

with 0A$  antimony, using the formula 

tg a" = — 
'iVt 

i 

where tana" Is the tangent of the angle of slope of the linear de- 

pendence of the logarithm of the specific activity on 

the square of the depth of penetration^ 

D    Is the coefficient of Intragranular diffusion; 

t    Is the length of diffusion time. 

The obtained dependence of the specific activity logarithm on 

the depth of penetration Is given In Figs. 1 and 2, and. the values 

of the diffusion coefficients In Table 1. 

TABLE 1 

Matcpnan tg «-lO-' D, CM'/CCK aDrp, CM'/CCK «rp 

no.inKpncTajiJiii'iecKan    Me^L 

nojiiiKpncTa-njiii'iOCKmi    cn^as 
MCAb + 0,4%   CypbMLI 

M onoKpncTajui Mann 

MonoKpiicrajiJi   cnjiaea Me^i» + 
0,4% cypi.Hti 

1,23 
1,47 

—4,72 
—4,52 

6,4-10-" 
8,8.10-" 

8,42-10-11 

6,92-10-" 
8,42.10-« 
6,92-10-« 
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Radiometrie measurements show that the coefficient of Intra- 

granular diffusion of sliver In single crystals of a copper alloy 

with 0A%  antimony Is sllg} '"■ly higher than In single crystals of pure 

copper. The coefficients of Intercrystalllne diffusion of sliver, 

calculated according to Fisher's method provided that the width of 

the zone does not change and Is of the order of 10-6 [7, 10], are 

also different, the Intercrystalllne diffusion coefficient being 

greater In copper than In the alloy. 

The variation In the Intercrystalllne diffusion coefficient Is 

evidence of the enrichment of the Intercrystalllne transition zones 

with antimony.  The adsorption of antimony In the Intercrystalllne 

zones, resulting In a reduction In the excess energy of the latter, 

probably produces changes In the bond strengths locally within the 

zone and In Its geometric structure In such a way that the diffusion 

penetrability of the zone, calculated by Fisher's method Is lessened. 

This dependence cannot be taken to apply generally to all systems, 

since no idea whatever can be formed of the mechanism of the Influence 

of horophyle additives upon the structure of the zone and upon local 
■ 

changes In the bond strengths with In it. 

Our measurements make It possible to explain from a single 

i viewpoint the microstructural and radiometric studies of the 

diffusion of silver in polycrystalline copper and In a  copper alloy 

with 0.4$ antimony.  As can be seen from Fig. 1, at equal depths, 

the total quantity of diffused material In pure copper is greater 

than in the alloys.  At first sight, this contradicts the pattern 

obtained by metallography.  However, on the basis of Fisher's method 

of calculation, it can be shown that the protrusions on the diffusion 

front In the alloy will have a greater width and a lower concentration 

of diffusing material than the protrusions in pure copper at equal 
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distance from the external source of diffusion.  In fact, a higher 

coefficient of Intragranular diffusion In the alloy will lead to 

greater resorptlon of the diffusing element from the Intercrystalllne 

zone. I.e., to the appearance of a wider protrusion of the diffusion 

zone In the alloy than In pure copper.  Since the angle between the 

boundary and the Isoconcentratlon periphery at their Intersection Is 

small (about one degree), even a slight Increase In the width of 

the protrusion of the diffusion zone will lead to this protrusion 

being found In metallographlc examination at a greater depth than 

the corresponding protrusions In pure copper.  The lower diffusion 

penetrability In the Intercrystalllne zones will cause the concen- 

tration of the diffusing silver at equal distances from the source 

of diffusion to be weaker In the alloy than In pure copper. 

The conclusions stated above are derived from measurements made 

according to Fisher's method.  However, the model on which Fisher's 

calculation Is based Is quite crude.  In this model the complex 

structure of the transition zone, which Is characterized by continuous 

change In the distortions from the central part toward the edges. 

Is replaced by a narrow band with a diffusion penetrability that Is 

sharply altered, as compared with the thickness of the crystallite. 

Future systematic study of the real structure of the Intercrystalllne 

zone In the model used for calculating Intercrystalllne diffusion 

may possibly lead to a more complex pattern of the changes In the 

diffusion penetrability of the Intercrystalllne zone, namely, a sharp 

Increase In penetrability In the central part and a decrease at the 

sides.  Prom the point of view of the diffusion penetrability of the 

Intercrystalllne zone, such a pattern would signify a reduction in 

Its effective half-width.  It is conceivable that such changes actually 
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occur In our case. However, Fisher's calculation does not enable us 

to determine separately the effective half-width of the Inter- 

crystalllne zone and the true diffusion coefficient with In It. 

Hence our conclusion regarding the decrease In penetrability In the 

copper alloy with 0.4^ antimony, as compared with pure copper, is 

valid within the same approximation as the model for Fisher's cal- 

culation. 

Finally, Fisher's calculation makes it possible to only determine 

the relation between the intercrystalllne and the intragranular diffusion 

coefficients.  Independent measurements of volume diffusion in single 

crystals may perhaps bring to light characteristics differing from those 

of polycrystals.  Indeed, inasmuch as the distribution of the horophyle 

element in the adsorption zone is characterized by a continuous 

gradient, diffusion of the material from the intercrystalllne zone 

into the body of the crystal adjacent to the zone will proceed in the 

material with an appreciably higher concentration of the horophyle 

element.  This is certain to lead to a situation where the intra- 

• granular diffusion coefficient measured in a polycrystal will differ 

from the corresponding coefficient for a single crystal of the alloy. 

This implies that the data derived from Fisher's calculation described 

the effect of horophyle additives in an alloy on intercrystalllne 

diffusion in a rather crude and approximate way. 

A calculation [10] based on Fisher's model has recently appeared, 

however, which makes it possible to calculate separately the intra- 

granular diffusion coefficient and the product aD     from measure- 
bound 

ments made on a single specimen. 

The calculation made by S. D. Oertskriken and D. Tsitsillano 

apparently enables us to determine separately the effective half- 
■ 
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width of the Inter-crystalllne transition zone and the Intercrystal- 

llne diffusion coefficient.  However, this calculation Is also based 

on Fisher»s model, and moreover the Influence of Intragranular 

diffusion on the distribution of the concentration in the protrusion 

on the diffusion front is not taken into account. 

It follows from the above that the study of intercrystalllne 

diffusion in alloys, and especially the problem of Internal adsorption, 

requires first of all a method of calculation which will allow 

separate determination of the intra- and intercrystalllne diffusion 

coefficients and the effective width of the Intercrystalllne zone. 

For a higher degree of accuracy It will be necessary to take into 

account the possibility of the existence of a number of diffusion 

coefficients in a cross section of the zone.  As a first approximation, 

a model can be found for this (as in Fisher's method) by selecting 

zones with different diffusion coefficients.  This system of cal- 

culation will not only enable us to determine the effect of additives 

on intercrystalllne diffusion but also to draw some conclusions re- 

garding the structure of intercrystalllne zones and the effect of 

Internal adsorption on this structure. 
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A STUDY OF THE EFFECT OF THE MUTUAL ORIENTATION OP CRYSTALS 

ON INTERCRYSTALLINE DIFFUSION AND INTERNAL ADSORPTION 

V. I. Arkharov and A. A. Pentlna 

In polycrystalllne bodies the most sharply defined structural 

Inhomogenelty Is found In Intercrystalllne boundaries.  This Inhomo- 

gehelty depends upon the dlsorlentatlon of the grains. 

More and more attention Is being paid of late to the problem 

of the effect of granular dlsorlentatlon on the properties of 

solid bodies.  This Includes determination of the mechanism of the 

effect of granular dlsorlentatlon upon the energy of the transition 

zones, mechanical properties, diffusion In polycrystalllne bodies, 

adsorption phenomena, corrosion and a number of other properties 

of polycrystals, as well as the phenomena taking place In them which 

are of Importance In regard to the heat and corrosion resistance of 

the material. 

The present study seeks to determine the effect of the mutual 

orientation of crystals upon Intercrystal line diffusion In pure 

metal and also In the same metal when It contains a horophyle 

additive.  It was carried out In order to develop further existing 

Ideas on the effect of Internal adsorption with respect to differences 

In the distribution of a horophyle additive along crystallographlcally 
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distinct Intercrystalllne boundaries. 

In earlier research Into the problem of Intercrystalllne Internal 

adsorption this effect was. In essence, either studied qualitatively 

from the metallographlc pattern of frontal diffusion of the Indicator 

component Into the alloy containing the horophyle admixture, or else 

study was made of the averaged effect by measurement of the parameter 

of the crystal lattice of the alloy with variation of the grain size. 

In the present work, specific concrete boundaries linking a pair of 

crystallites of a definite orientation were Investigated. 

The character of distortions In the Intercrystalllne abutments 

depends on the mutual orientation of the crystalline grains, and hence 

also the excess energy, the binding forces, and the activation 

energy.  These features determine Intercrystalllne diffusion In pure 

metals.  With the presence In metals and alloys of horophyle additives, 

often deliberately added. Internal adsorption caused by excess energy 

occurs on the Intercrystalllne abutments.  The aim of this study 

was to determine the quantitative effect of dlsorlentatlon of adjacent 

crystal grains on the degree of Irregularity In the concentration 

distribution of the horophyle admixture. 

Structural Inhomogeneltles and Their Effect on Physical Properties 

In pure metals and In one-phase or heterophase alloys, there 

are always present In practice, structural Inhomogeneltles varying 

In form and origin: 

Intercrystalllne bonds In polycrystals, which may be bonds of 

crystals of one phase if the system is one-phase or bonds of crystals 

of different phases in the case of a heterophase system; 
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Free outer surface of the crystal (layer of polyatomic thickness); 

Interblock bondings In the macro- and mlcromosalcj ( 

Intertwln bondings; 

Zones of slip under plastic deformation, as well as elastlcally 

distorted zones In the bonding of sectors of the lattice that 

have undergone ordered phase transltor with zones of-the 

Initial phase; 

Periphery of "pretransltlon" formations at the dissociation 

supersaturated solid solutions; 

Agglomeration of dislocations, making up zones of elastic 

stresses, and Individual dislocations; 

Agglomerations of foreign atoms, and Individual foreign atoms 

In the lattice of the solid solution; 

Agglomeration of vacancies, and Individual vacancies In the 

crystal lattice. 

These structural Imperfections are characterized from the crystallo- 

geometrlcal standpoint by a disturbance of the regular periodic ar- 

rangement of the various atoms and, from the physical viewpoint, by 

a divergence from the minimal potential energy of Interaction of the 

atoms (l.e, by excess energy, depending on the type of structural 

Inhomcgenelty. 

Any deviation from the Ideal crystalline structure In the 

metals and alloys studied affects their structurally-sensitive 

physical properties (strength, plasticity, coefficient of diffusion, 

recrystallization, and others) and Is the cause of divergence be- 

tweeen theoretically calculated values for these properties and 

values obtained experimentally. 

The existence of structural inhomogeneities in true crystalline 

metals and alloys in some combinations of components (solvent and 
J 
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additive) can also show up In the Internal-adsorption capacity [l]. 

This capacity Is linked with the redistribution of foreign atoms 

In the body of the phase, which causes uneven concentration In It, 

while at the same time the foreign atoms localize themselves primarily 

In the deformed portions of the lattice.  The stimulus for this ad- 

sorption Is the ability of foreign atoms to reduce the excess energy 

of structural Inhomogeneltles. 

In accordance with the wide range of variance In the scale of 

structural Inhomogeneltles encountered In real crystalline bodies, 

the phenomenon of Internal adsorption can occur over a similarly 

varied area ranging from the coarsest heterogeneities of the Intergraln 

bondings (Intergramilar Internal adsorption) type to micro-atomic 

distortions of the lattice (adsorption at dislocations, for example). 

The phenomemon of Internal adsorption In the processes of 

diffusion and plastic deformation plays a large role [2]; hence, 

the study of this effect and Its Influence on many properties Is 

Important for a detailed elaboration of the theory of heat-resistant 

materials. 

Effect of the Mutual Orientation of Crystals on the Amount 

of Excess Energy In Intercrystalllne Transition Zones and on 

Intergranular Diffusion 

Much attention has been paid In recent years to the study of the 

dependence of boundary energy and Intercrystalllne diffusion on the 

angle of dlsorlentatlon of the crystals forming the boundary, with 

a view to determining the effect of grain boundaries upon the 

structurally-sensitive physical properties, especially the plastic 

qualities, of polycrystalllne materials. 
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Study of the profile of the valley formed along the grain 

boundary on the surface of polished specimens during annealing In 

vacuum or In an Inert atmosphere has been of great Importance In the 

attempt to resolve these problems. This research leads to the con- 

clusion that the dihedral angle formed by the lateral planes of the 

valley*can serve as a measure of the excess surface energy connected 

with the boundary.  It varies in accordance with the relative orien- 

tation of the grains forming the boundary. 

Research on the dependence of the surface energy of grain 

boundaries on the disorlentation of adjacent grains has been stimulated 

by the work of Smith [3], in which he showed that in a -brass, brought 

to a state of equilibrium by annealing, the boundaries of three grains 

form unequal angles in relation to each other at their abutments. 

From this Smith concluded that the excess energies at the various 

boundaries were also unequal.  Further studies have been carried out 

by many workers using different methods, and all the data obtained are 

in qualitative agreement. 

The most extensive research has dealt with the measurement of 

the angle of the boundary valley formed by the effect of thermal 

etching of the blcrystal as a result of the equilibrium achieved 

by the migration of atoms from the boundary along the surface. When 

the blcrystals of the reference material are annealed, there forms 

an equilibrium configuration, as shown in Pig. 1 where: 7 is the 

angle of the boundary valley, EA and EB are free energies of the 

o 

* This dihedral angle, or the plane angle measuring it, is 

called the "angle of the boundary valley". 
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outer surfaces of crystals A and B, and E-g Is the surface energy 

of the boundary arising from the condition of equilibrium: 

'K 

sin Y   sln a (1) 

Assuming that EA = Eg = Eg , (the free surface energy does not 

depend on the relative orientation of the crystals, the condition 

of equilibrium will become 

EAB^ZESCOS
1
/^. (2) 

Knowing the angle of the boundary valley and the free surface 

energy. It Is possible to measure the absolute energy of the grain 

boundaries.  If, however, the free surface energy Is not known, then 

the equilibrium relation (l) makes it possible to calculate the relative 

energies of the boundaries In relation to the mutual orientation of 

the grains. 

The research experiments were performed on specimens in which 

the mutual orientation of adjacent grains differed by the angle 

of relative rotation of planes of the same crystallographic nature 

around a common axis. In this case no asymmetry of the valley was 

observed. These facts served as a basis for the assumption, made 

in the experiments of the non-dependence of free surface energy on 

the disorientation of adjacent crystals. 

Greenough and King [4] were the first not only to determine 

qualitatively the effect of the dependence of the angle of the 

boundary valley (and therefore the excess boundary energy) on the 

angle of disorientation of adjacent crystals, as was done previously 

[5 and 8], but also to evaluate this effect quantitatively on 

bicrystals of silver grown according to Chalmer's method of controlled 
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hardening [9].  Annealing was performed .either In vacuum or In 

nitrogen (which does not dissolve In silver) [10] at 900° for 19 

hours.  A subsequent Increase In annealing time did not change the 

angle of the boundary valley.  The dlsorlentatlon of the crystals 

varied from 0 to 50° and was determined by the Laue method with an 

accuracy of + 2°.  The results obtained determine the dependence 

of the relative surface energy (E^g/Eg) on the dlsorlentatlon of 

the crystals (A9).  Beginning with zero the excess energy Increases 

to a definite reproduceable maximum for AB between 30 and 40°; while 

a further Increase In the angle of dlsorlentatlon leads to a decrease 

In excess energy.  The typical relation of E /E to AG Is shown 

In Fig. 2. 
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Fig. 1.  Condition for the 
formation of a valley along 
the grain boundary under 
thermal etching. 

Pig. 2.  Dependence of the rela- 
tive boundary energy on the 
mutual orientation of adjacent 
crystals. (Reproduced from [4]) . 
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In the research carried out by the second group the variation 

In boundary energy with the relative"orientation of the grains was 

studied by a different method, for which "trlcrystals" were grown 

with a different relative orientation In adjacent crystals.  In the 

annealing process three grains are linked together at one point on 

the outer surface at definite angles which are formed at equilibrium. 

These angles depend on the relation of the energies of the three 

boundaries.  This instance is shown schematically in Fig. 3. 

The equilibrium ratio is analogous to formula (1): 

Binijii 

g. 
sin i^s 

(3) 

When the angles formed by the intercrystalllne boundaries on 

the surface of the tricrystal in a state of equilibrium are known, 

it is possible to determine the relative energies of the grain 

boundaries and their relation A9. 
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Fig. 5. Equilibrium con- 
figuration of the boundaries 
of a "tricrystal" (in plane 
projection). 
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Fig. 4. Dependence of the rela- 
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adjacent crystals for iron 
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Dann and others [11, 12] carried out experiments of this kind on 

Iron alloyed with 3/o SI, and Aust and Chalmers [13]  did so on lead 

and tin.  The results are qualitatively In agreement.  The excess 

energy of the boundary rises with the Increase In the angle of dls- 

orlentation.  The results of [11 and 12] are given in Fig. 4. 

Read and Shockley [14] and Van der Merwe [15], representing the 

boundary of grains of shlghtly different orientation as a series of 

linear dislocations, deduced the theoretical relation of the depen- 

dence of boundary energy on A9. 

e = i:oA6(y4 —InAO), W 

where EQ and A are constants. 

Experimental values satisfactorily coincide with the curve 

plotted from the given formula.  This Justifies the conclusion that 

the boundary formed by crystals with slight disorlentatlon can def- 

initely be represented as a series of dislocations. 

On the basis of experimental data and approximate theoretical 

calculations the general conclusion can be drawn that the excess 

energy of the intercrystalline transition zones depends on the relative 

orientation of the crystals. 

The Smoluchowski group has devoted its work to study of the 

dependence of preferred inter-crystalline diffusion on the relative 

orientation of crystals.  Achter and Smoluchowski [16, 18] investi- 

gated the dependence of the boundary diffusion of silver into poly- 

crystalline copper on the disorlentatlon of the copper grains. 

For convenience in interpreting the results, textured columnar 

copper was chosen in which almost all grains had the same direction 

[100] to the outer surface; the disorlentatlon is determined by one 
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degree of freedom and the angle of rotation of the other cubic axis 

in the outer plane. The experiment was conducted In such a way that 

It was possible to compare the depth of penetration of the diffusing 

silver along grain boundaries of columnar copper In the columar di- 

rection [100]. Metallographie methods were employed for this.  Dif- 

fusion annealing was carried out at temperatures between 673 and 725°. 

The results of the study show that for nagles of dlsorlentatlon 

between the grains greater than 20° and smaller than 70° diffusion 

along the grain boundaries Is greater than Intragranular diffusion and 

reaches Its maximum at an angle of about 45°.  If the angle of dlsor- 

lentatlon between the grains Is smaller than 20° or greater than 

70°, no preferred Intergranular diffusion Is observed. 
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Flg. 5 Dependence of the 
depth of penetration (X) 
of sliver Into polycrystal- 
llne copper on the angle 
of dlsorlentatlon A9 of the 
crystals. 

-r.MM 

s — 

I.t4- ■^. 

L»-J   .0 
/  X 

4 IN \ 
•i   * 

1» 
0     i 

x/ 
F 

'>J 

»/        o?        *J 
1       1 

K 

20      30      *0      SO 90      100*9 

Fig. 6. Effect of dlsorlenta- 
tlon of adjacent crystals on 
the depth of penetration In 
diffusion of Fe55 Into fer- 
roslllcon. 1) and 2) 7690: 
3) 810°. 

The dependence of the depth of penetration of sliver In poly- 

crystalllne copper on Ae according to the results of these experi- 

ments Is shown In Fig. 5. 

Flanagan and Smoluchowskl [19] Investigated the diffusion of 

t 
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zinc Into columnar copper In the same manner.  The results of this 

work confirm the effect of the angle of dlsorlentatlon of adjacent 

crystals on Intercrystalllne diffusion with a maxlmumat about ^3°• 

Coullng and Smoluchowskl [20] later confirmed the results 

obtained by Achter and Smoluchowskl using radioactive silver as the 

diffusing element, by radloautographlc methods. 

Haynes and Smoluchowskl [21] performed experiments on self- 

diffusion along grain boundaries in ferrosillcon by means of radio- 

autographic and radiometrlc procedures.  This metal was chosen for Its 

body-centered cubic lattice and was expected to have different diffusion 

characteristics compared to boundary diffusion Into a metal with a 

face-centered (close-packed) lattice.  Specimens were so textured that 

the plane (110) of all grains was parallel to the outer surface coated 

with Fe55,  Grain dlsorlentatlon varied in the region 5° < Ae > 86°. 

The results of the experiments showed the absence of observable 

boundary diffusion for angles of dlsorlentatlon less than 10° and an 

increase in the depth of penetration (b) along the grain boundaries 

up to 86°,  The graph of the dependence of b on Ae, given in Pig. 6, 

has a wide minimum in the area of 50° and two indeterminate maxima,, 

one in the region 25-39% the other around 760. 

The results of the research [16-21] enable us to conclude that 

with a change in the angle of dlsorlentatlon of adjacent crystals, 

the character of the dislocations of the grain boundaries (or, more 

correctly, of the intercrystalllne transition zones) also changesj 

this is shown in the changes in intercrystalllne diffusion with the 

change of A6. 

Formulation of the Task and Choice of Material for the Investigation 

o 
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Heretofore, the phenomenon on Internal adsorption In the case of 

Intercrystalline boundary contacts has only been studied qualitatively. 

It Is of great Importance for further work to connect available 

experimental data on the effect of Internal adsorption with the 

various factors suitable for quantitative evaluation, such as 

diffusion characteristics and particularly diffusion coefficients, whose 

value, it seems will depend not only on the character of structural 

Inhomogeneltles In the polycrystalllne material but also on the 

changes which occur In them due to Internal adsorption. A no less 

Important factor Is the crystallographlc orientation of adjacent 

crystals, which changes the character of the most sharply defined 

structural Inhomogeneltles, called intercrystalline abutment, on 

which the effect of Internal adsorption is most evident. 

The purpose of the present investigation was to study the effect 

of this factor on intercrystalline diffusion and irregularity of 

distribution of the horophyle additive in the intercrystalline bonding 

zones of differently oriented crystals.  For this, we determined the 

quantitative dependence of the rate of Intercrystalline diffusion 

of the indicator component from the outside into the reference 

(material which can be determined metallographlcally) on the disorlenta- 

tlon of the crystals abutment along the  oundary along which diffusion 

was being observed. 

The base material chosen was 99.99^ pure copper, and the horophyle 

additive was 99.97^ pure antimony (the antimony content of the alloy 

was 0.25^).  Silver was the indicating component, the interior 

adsorption of antimony in copper, diffusing from the outside. 

The choice of these three elements was based on the following 

considerations. The assumption that antimony is a horophyle in re- 
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lation to copper( aside from the relation of the values for surface 

tension In liquid form) Is confirmed by the following series of 

experimental data: 

1. V. I. Arkharov and Gol'dshteyn, T. Yu. [22] discovered a 

sharp difference In the metallographlc patterns of the diffusion of 

silver Into pure copper and Into copper containing 0.35^ Sb.  Al- 

though In the first case, an even and continuous diffusion front Is 

observed In which there are no great differences In the body of the 

grain and on its borders. In the latter case a sharply defined boundary 

effect was observed; the diffusion of silver along the grain boundaries 

in the alloy of copper with 0.35^ antimony forms protrusions on the 

front which far outstrip the continuous diffusion front throughout 

the grain. 

2. In his work S. A, Nemnonov [23] on the determination of the 

effect of small additions of antimony on the diffusion rate of zinc 

into polycrystalline brass, observed an acceleration which is a 

function of the size of the grain; this can be explained by the 

horophyle nature of antimony. 

3. McLean [24] and Hopkin [25] investigated intercrystalline 

brittleness in copper-antimony alloys with a small antimony content 

(the former, at low annealing temperatures; the latter at both low 

and high temperatures) .  This effect can also be explained by the 

intercrystalline Internal adsorption of antimony in copper without 

referring to the earlier papers of Arkharov, Gol'dshteyn, and Nemnonov 

Jxith aithars)call this phenomenon somewhat inaccurately, "segreagation 

without precipitation". 

4. V. I. Arkharov and others [26, 27] found that the alloy of 

copper with 0.2^ antimony has a greater lattice parameter in a coarse- 

3 
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grained condition than In a fine-grained state and that the variation 

In the lattice parameter according to grain size is reversible. 

These results confirm radiographically the horophyle nature of 

antimony in relation to copper. 

Silver was chosen as an Indicator of the internal adsorption of 

antimony in copper on the grounds that the diffusion rate of silver 

in a copper-antimony alloy with a large concentration of antimony 

(2^-55^) is considerably greater than in pure copper, as was shown 

by V. I. Arkharov and T. Yu. Gol'dshteyn [22].  In a copper-antimony 

alloy with a small antimony concentration, therefore, silver should 

diffuse more intensively through Intercrystalllne transition zones, 

since the antimony content of the latter is greater than in the body 

of the grain. 

The study was made with specimens of pure copper and copper with 

0.25/^ antimony. 

Experimental Procedure 

Growing a Coarse Grain 

It was essential for our study to have coarse-grained specimens 

with grain diameters of 2 mm or more, since they were to be later used 

to determine the crystallographic orientation of each grain individually. 

Moreover it was necessary that the grains in the polycrystalllne 

specimens have a preferred orientation. This condition is essential 

for the following reason.  Generally speaking, the difference in 

orientation of neighboring crystals is determined by three degrees 

of freedom (one grain can be rotated in relation to another around 

three mutually perpendicular axes.  This is very inconvenient in 
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experimental research on Intercrystalllne abutment, since It compli- 

cates the comparison of Individual results and their overall Interpre- 

tation,  The grains of the coarse-grain specimens therefore, should 

have some Iclnd of axial or structured texture so as to limit the 

number of orlentatlonal variations. 

Bearing these conditions In mind, we adopted the following pro- 

cedure for growing coarse grains In polycrystalllne copper and In the 

polycrystalllne alloy of copper with 0.25^ antimony. Ingots of pure 

copper and of copper alloyed with 0.25^ antimony were cast from copper 

and antimony of the required purity.  These were then forged Into 

rods 5 x 20 mm and annealed in a vacuum at 800° for,stress-relief. 

The rods were cut and rolled with a certain degree of deformation to 

ensure that the specimens acquired the texture of the rolling. 

The rolled specimens of the copper alloy with 0.25^ antimony 

and of the pure copper were annealed for recrystalllzation.  This 

thermomechanical treatment ensured a coarse grain with a recz^ystal- 

lization texture Imparted by the texture of the rolling and 

characterized by a plane (101) parallel to the plane of rolling for 

all grains in the specimen. The stipulation that the difference in 

the orientation of the crystals be determined by one degree of 

freedom was thereby met.  The grain boundaries were approximately 

perpendicular to the surface of the specimen and completely penetrated 

the thin slabs. 

Certain difficulties were encountered here which are apparently 

typical in growing a grain by recrystalllzation in specimens that 

are not made of pure metal, since recrystalllzation in metals containing 

even small quantities of impurities (much less than the solubility limit) 

Is often greatly inhibited. This makes it difficult to produce the 

O 
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grain by subjecting It to critical deformation and subsequent annealing, 

f        The same effect was also observed In the copper alloy with 0.25^ 

antimony under Investigation. 

Pure copper (without antimony) recrystalllzed well.  After a 

5^ deformation by rolling and subsequent annealing at 850°, the 

specimens acquired a coarse grain with the requisite diameter for 

later study.  This method of growing coarse grains was found un- 

suitable for the copper-antimony alloy.  In order to find the optimum 

conditions for growing a coarse grain the specimens were subjected, 

according to the general rule to various relative deformations (from 

0.3 to 99%),  and various annealing temperatures were used (from 

600 to 1000°) with varying soaking periods (from 1 to 20 hours). 

However, none of these numerous variations In experimental conditions 

enabled us to grow a sufficiently coarse grain. This can be explained 

as follows.  V. I. Arkharov and others [22, 26, and 27] determined 

the horophyle nature of antimony In relation to copper.  In the 

present Instance antimony, enriches the periphery of the growing 

grain during annealing because of Its adsorptlve capacity. 

A consequence of the enrichment of the grain boundaries with antimony 

Is a reduction of the "surface energy" on the grain boundaries (or, 

rather, of the excess energy of the Intercrystalllne transition zones). 

Since the movement of the boundaries during recrystalllzatlon depends 

on this excess energy. It Is clear that with a horophyle additive In 

the alloy, which reduces the energy, the movement of boundaries during 

recrystalllzatlon will be lessened. This difficulty In growing a 

coarse grain In the copper-antimony alloy was overcome by the follow- 

ing heat treatment. An 80 to 90%  deformation was produced In the 

reference copper 0.25^ antimony alloy by rolling.  The specimen 

%$ 
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was then heated at a fairly fast rate ('200"/minute) In an Inert 

atmosphere from room temperature to 1000° and annealed at this 

temperature.  This treatment was used In the belief that 'In such a 

short time the antimony would not be able to diffuse to the grain 

boundaries and would not affect the displacement of these boundaries 

during the growth of the grains.  Experiments confirmed this 

assumption; the grain grew well.  It was possible by this method to 

obtain grains 4- to 10 mm In diameter. 

Later, as a result of our determination of the texture of the 

specimens which had recrystalllzed after rolling and orienting of 

adjacent grains It was found In them,that with large angle of 

disorlentatlon (Ae > 70°) In neighboring grains the texture Is less 

perfect In reference to the parallelism of face (lOl) with respect 

to the outer surface; In such grains this face forms an angle of 

16-20° with the outer surface of the specimen. This makes It 

difficult to compare measurements of the effect of bonding such grains 

with data for less disoriented grains where the face (101) Is nearly 

parallel to the outside surface (with a dispersion angle In the 

texture no greater than 8°). To eliminate this difficulty, besides 

the copper serving as the base of the copper alloys with 0.25^ 

antimony, electolytlc copper (oriented so that the plane (101) In Its 

grains would lie parallel to the outer surface, as In the rolled 

specimens was also used In the experiments, but because of the 

axial character of the orientation of electrolytic copper. It was 

possible to Increase the range of the angles of disorlentatlon 

AG to 90° without Increasing the texture dispersion angle, which 

did not exceed 8°. 

In a series of experiments with electrolytic copper, a solid 

solution of copper-antimony was obtained by annealing copper specimens 
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(2-3 nun thick) In evacuated quaa?tz ampules, together with a metered 

portion of antimony, at 800° for 200 hours. The concentration of 

antimony In the copper which was checked by chemical analysis, was 

therby brought up to 0.2-0.3^, throughout the specimen. 

Preparation of Specimens for Diffusion Annealing 

In order to determine the effect of grain dlsorlentatlon on 

intercrystalllne diffusion, experiments were performed on the dif- 

fusion of an Indicator metal (sliver of high purity) Into pure 

copper and Into a solid solution of copper with 0.25^ antimony, 

respectively.  For the subsequent diffusion annealing the specimens 

were prepared in the following manner. 

One method was by compression of the alternating thin slabs; 

here the sliver diffused from the thin silver slabs Into the copper 

slabs. For  this, the silver slabs and the coarse-grained specimens 

of pure copper (obtained by both recrystalllzatlon and electrolysis. 

In various series of experiments) were placed on top of each other, 

alternately, forming a number of layers consisting of a silver slab 

0.2-0.5 mm thick, a copper slab 0,2-0.4 mm thick, another thin 

silver slab, and so on.  The last layer was always of silver. 

This set of layers was placed In an Iron clamp to ensure good 

contact between layers.  Iron clamps were chosen so that during the 

lengthy diffusion annealing the complete mutual Insolubility of 

silver and Iron would preclude diffusion of the Iron Into the sliver, 

eliminating any possible effect of the Iron on the diffusion of sliver 

Into the pure copper (or Into the copper-antimony alloy In similar 

experiments).  After diffusion annealing the set was removed from 

the clamps, easily this being a proof of the absence of Iron diffusion 
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in the specimens studied. 

The small deformation due to the pressure of the clamps did not 

spoil the previously prepared coarse grains, had no effect on their 

orientation, nor changed the grain shape or size In the subsequent 

diffusion annealing.  This deformation was apparently much smaller 

than the critical deformation required for recrystalllzatlon. 

This method of preparing the specimens prior to diffusion an- 

nealing was employed both for the recrystalllzed specimens of the copper 

alloy with 0.25^ antimony and for the solid solution of copper with 

0.25^ antimony, formed as a result of vacuum saturation of electrolytic 

copper with antimony.  However, In both cases the specimens were given 

additional thermomechanlcal treatment prior to assembly Into sets of 

laters, the primary purpose of which was to create an adsorption 

effect In the specimens containing the horophyl additive, as well as 

to eliminate a possible surface effect.  For this, the specimens of 

the selected composition were annealed at 700° for 200 hours In 

vacuum or charcoal.  After annealing, they were cooled In water and 

layers 0.1 mm thick were then removed from both sides with fine 

emery cloth, after which the sides were polished.  The specimens 

were afterwards lightly etched with a 50^ solution of H202 to remove 

the layer strained by the mechanical treatment, and were made up into 

a set, as was done for the copper specimens:  the first layer was 

silver, the second layer copper-antimony, the third layer was silver, 

etc. 

Other methods were also used to ensure the best possible contact 

between the slab surface in preparing specimens for diffusion 

annealing.  Copper or copper-antimony specimens, previously treated 

to produce the absorption effect, were coated with silver either 
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by electrodeposltlon or by vacuum condensation of silver vapor. 

Before being plated with silver, the specimens were thoroughly 

cleaned by pickling In an aqueous solution of hydrogen peroxide, 

beofre and after which they were washed with alcohol. 

The electrodeposltlon of silver was carried out In a bath of 

the following composition (grams/liter): 

Silver chloride (AgCl)        39 

Potassium cyanide (KCN)       65 

Potassium carbonate (K2CO3)   38 

The current density was 0.3 amp/dm2 and the temperature of the 

bath was 20°; the anode was made of silver of high purity. 

Some of the experiments were likewise carried out In a bath 

of different composition [28](with a current density of 1.2 amp/dm2 

at a temperature of 70°) : 

Silver chloride (AgCl) 40 

Potassium ferrlcyanlde (K4Fe(CN)a " 3H20)     200 

Potassium carbonate (KgCOa) 20 

As a result of the experiments It was ascertained that 

electrodeposltlon of silver Is better than vacuum plating for two 

reasons. First, the deposit produced electrolytlcally has a better 

bond with the basic metal; second. It Is easy to get compact and 

uniform fine crystalline deposits of great thickness by electrodeposltlon, 

The subsequent preparation of a set of specimens silver-plated In 

this way Is the same as In the first method. 

Diffusion Annealing 

To bring about diffusion of silver from the outside Into the 

copper and copper-antimony slabs, the latter were annealed at 650' 
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This temperature was chosen for two reasons. 

It must be remembered that the Intercrystalllte transition zones 

In the copper-antimony alloy form a ternary solid solution when sliver 

Is diffused into them, with a melting point lower than that of the 

binary solid solutions of copper-antimony, copper-silver and silver- 

antimony within the concentration range under study. During the 

Investigation it was determined that at this temperature there is no 

danger of the grain boundaries fusing.  It would have been possible 

to choose a higher temperature for our experiments on the diffusion 

of silver into pure copper, but then the correlation of the results 

with similar experiments on copper-antimony alloys would have 

presented certain difficulties. 

The given temperature is sufficiently high to ensure apprecaible 

diffusion activity by the silver. 

Diffusion annealing were performed in different experiments 

either in vacuum (10-3 - 10"4 mm Hg) or in charcoal powder.  The 

duration of the annealing was 600 hours.  This length of time permit- 

ted bertter observation of the diffusion of silver into copper- 

antimony alloys with 0.25^ antimony or especially into pure copper. 

In the latter case the maximum depth of penetration into pure copper 

after annealing for 600 hours at 6500 was about 50 microns.  For 

shorter annealing periods the effect of irregular intercrystalline 

diffusion in copper was not sufficiently clear and was difficult to 

measure. 

D 
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Metallographic Study 

Examination of the results of the diffusion of sliver In the 

specimen slabs of pure copper or of copper alloyed with 0.23$  antimony 

was made after the diffusion annealing. For this, the sample was 

removed from the Iron clamps and subjected to layer-by-layer grinding 

with fine emery cloth In such a manner that the plane of the layer 

being removed was perpendicular to.the direction of diffusion.  This 

method of grinding was started at the surface forming the outer layer 

of sliver diffusing Into the Interior of the specimen under study. 

The thickness of each layer removed was 5 microns.  The thickness of 

the specimen before and after the removal of each layer was measured 

by means of a microscope with an ocular micrometer. 

After the removal of each layer of material from the specimen, 

a section was prepared on the exposed surface by a well-known method 

[29] and the polished surface was etched.  An etchant was chosen 

(ammonium persulfate 15 grams; ammonium hydroxide 6cc; distilled water 

79cc) which would differentiate the base material (copper or copper- 

antimony alloy) and the solid solution formed as a result of the 

diffusion of sliver In various ways (with sufficient contrast). 

In a number of cases. Instead of removing layers with fine 

emery cloth and subsequently polishing and etching the exposed sur- 

face, the specimens were subjected to electropollshlng and electro- 

etching.  In the first Instance the electrolyte was orthophosphorlc 

acid (specific gravity 1.48). The conditions of electropollshlng 

were current density 2.5 - 3.0 amp/dm2, voltage 1.1-1.8 volts, 

temperature of bath 15-20°.  The cathode was electrolytic copper In 

the form of a thin slab 4 ram thick.  The electropollshlng lasted 

10-15 minutes. 
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The electroetchlng of the specimen was performed In a bath of 

the following composition:  Iron sulfate, 50 grams; sodium hydroxide, 

4 grams; sulfurlc acid (specific gravity 1.84), lOOcc; distilled 

water, l,900cc; current density when the bath was operating, 0.5 

amp/dm2 the voltage, 8-10 volts; temperature of the bath, 40-50°. 

The cathode was a slab of electrolytic copper 2mm thick. 

After electroetchlng for 10 seconds (which corresponds to the 

removal of a layer 5 microns thick) the specimens were ready for 

metallographlc Investigation.  This treatment was applied to speci- 

mens made from thin copper or copper-antimony plates (0.2-0.5mm) 

coated with silver (electrolytlcally or by vapor condensation In 

vacuum) before diffusion annealing.  It Is difficult to make metal- 

lographlc specimens In the usual manner on the surface of such 

plates. 

The etched surface of the specimens was viewed through a 

microscope with varying degrees of magnification (x5-380).  Low 

magnification was used to observe the sharply defined diffusion 

zone at Intermediate stages of the examination while the progress 

of the continuous and boundary diffusion was being followed.  High 

magnification was used to determine the beginning and end of the 

zones of body or Intergranular diffusion. 

By measuring the thickness of the layers of material which had 

been systematically removed and then tracing the metallographlc 

pattern of the exposed surface. It was possible to determine separately 

the depth of penetration of the diffusing substance due to Intra- 

granular diffusion (measured according to the depth of total diffusion 

In a direction perpendicular to the outer surface) and the depth 

of penetration of silver along various Indlvldaul grain boundaries 
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which characterizes boundary diffusion.  Knowing the characteristics 

of the depth of the Intergranular penetration for different grain 

orientations. It Is possible to clarify the effect of the dlsorlenta- 

tlon of adjacent grains on Intercrystalllne diffusion. 

Determination of Grain Orientation 

There are many radiographic methods, described in detail in 

[30], for determining the preferred orientation of the grains of a 

polycrystalllne aggregate. 

In our investigation, Laue's back-reflection method was employed, 

with the construction of the standard polar diagrams [51, 32].  This 

method is simpler than others, and with some experience it enables 

the preferred orientation of the grains to be determined falls 

quickly.  The difference In orientation between neighboring crystals 

is determined by the angle between like crystallographic directions 

in them.  To make the calculation easier and quicker, Sachs screens 

were used, recalculated for the distance between the specimen and 

the film In our camera.  Determination of grain orientation was 

further speeded by construction of the Greninger diagram, with 

allowance for the diameter of the camera being used (distance from 

specimen to film). 

It was found by this method that there is a recrystalllzation 

pattern in the thin slabs as shown by the fact that the plane (101) 

of all grains is parallel to the outer surface of the specimen (or 

to the rolling plane). The specimens of electrolytic copper required 

for the investigation were selected so that the crystallographic 

plane (101) of the majority of the grains would be parallel to the 
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outer surface of the specimen.  The angle of dispersion of the orienta- 

tion In both Instances, was not greater than 8°, ■ 

The accuracy In determining the dlsorlentatlon of A0 of adjacent 

crystals (which varied over a wide range from 0° to 90°) by this 

method with all stages being carried out with great care was +2°. 

Experimental Procedure and Results Obtained 

Results of the Metallographie Study 

The depth of penetration of silver Into the body of the grain 

as well as along the grain abutments was assessed by removing con- 

secutive layers of the material of the specimen, the plane of the removed 

layer (the thickness of which was 5 microns) being perpendicular to 

the direction of diffusion.  After the removal of each layer a metal- 

lographic examination was made of the exposed surface. 

After annealing, there Is a. solid layer of silver (residual) on 

the starting surface of the specimen.  As a result of subsequent 

grinding, a layer in which there is total diffusion of silver in the 

alloy ( or pure metal) is exposed with no distinction between grain 

body and intercrystalline transition zones.  After several layers are 

removed, the zone of total diffusion ends and the zone of intercrystalline 

diffusion is seen.  The depth at which the zone of total diffusion ends 

is identified as the depth of penetration of silver into the body of 

the grains, and this characterizes its intragranular diffusion. 

With the removal of subsequent layers, "gaps" appeared in the 

sections of the micro-ground surface (made on the surface of the speci- 

men after removal of the layer) corresponding to the centers of the 

grain fields, while the sections on which the diffusion of silver 

< 
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occurred at this depth formed a kind of "network" of wide bands aligned 

along the grain boundaries.  At the beginning (at lesser depths from 

the outer surface this "network" was unbroken and delineated all the 

boundaries. Further removal of layers led to a narrowing of the 

bands forming the network, even to the point of disappearance along 

some boundaries (intercrystalllne abutments); I.e., the diffusion of 

sliver along grain boundaries ceased to be observable.  The distance 

between the layers In which the beginning and the end of the inter- 

crystalllne diffusion of.the indicator (silver), shown metallographi- 

cally, were observed identified the depth of its penetration along 

each grain boundary.  The depth of this penetration characterized 

intercrystalllne diffusion; it was determined twice for each boundary, 

since subsequent removal of layers exposed, first, zones entirely unaf- 

fected by the diffusion and, later, a zone of diffusion along the 

same intercrystalllne borders on the other side of the specimen (it 

must be kept in mind that the grains grew right through the test 

piece).  Here the sequence of zones formed by the diffusion of silver 

was in reverse order to the sequence of the initial observations. 

The experiments showed that practically identical depths of 

penetration were obtained on both sides of the specimens, as regards 

each specific boundary as well as the body of each grain (for all 

grains, regardless of their orientation, the depth of penetration in- 

to the body in each specimen was the same; in the case of diffusion 

in pure copper it was 15+5 microns, and in the case of diffusion 

in the alloy of copper with 0.25/^ antimony It was 25+5 microns). 

Although 15 series of experiments were performed, and in each 

series a set of 3-4 composite sets of slabs copper alloyed with 

0.25^ antimony (or, similarly, of pure copper) interlaid with silver 
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strips were used. 

In generalizing on the metallographlc data. It can be said ^/ 

that as a result of the diffusion annealing the sliver chosen as an 

Indicator of Internal adsorption In the copper-antimony alloy 

diffused In both the alloy and the pure copper and formed a diffusion 

zone with an uneven front.  This diffusion front Is characterized, 

apart from the continuous more or less even zone permeating the body 

of the grain, by the formations of protrusions on the front along 

the Intercrystalllne transition zones, which are unequal In their 

degree of extension along the various Joint-bonds because of the 

different orientation of the grains with respect to each other. 

The result of the diffusion of silver Into the alloy of copper with 

0.25%  antimony, for example, is shown schematically in Fig. 7. 

It was revealed by the investigation that the depth of penetra- 

tion selected as being characteristic of intragranular and inter- 

crystalline diffusion differs substantially in the cases of silver 

diffusion into pure copper and into the selected alloy which were 

compared.  It is characteristic that the protrusions of the dif- 

fusion front along intergranular boundaries do not greatly exceed 

the total diffusion front (the maximum depth of penetration along 

certain abutments did not exceed the solid diffusion front by more 

than three times) in the diffusion of silver into pure copper.  For 

the diffusion of silver into the copper-antimony alloy, however, the 

intercrystalllne diffusion revealed metallographically far exceeds the 

intragranular diffusion front (maximum depth of penetration along in- 

dividual boundaries exceeded the solid diffusion front by more than 

14 times) . 

( 
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Fig. 7.  Schematic representation of 
the diffusion of sliver Into copper 
alloyed with 0.25^ antimony 

The shaded sector represents the 
sliver layer; the unshaded sector the 
specimen (plate of the alloy of Cu 
+ 0.25/^ Sb.) Layer of solid solution 
formed as a result of diffusion: 
a) Ag In Cu, b) Ag In the alloy Cu-sb; 
M^ Intercrystalllne transitional 
zone. 

z 

Dependence of Intercrystalllne Orientation 

of the Penetration Depth of the Diffusing Substance 

Along Intercrystalllne Boundaries 

The results of the measurements of penetration depth (b) along 

the various bond-contacts and of the dlsorientation (Aö) of the 

adjacent crystals that form them were plotted In the form of curves 

showing the dependence of ID on AS. Fifteen curves showing this 

relationship were plotted for the diffusion of silver Into pure 

copper or Into copper-antimony alloys. The depth of penetration Is 

slight for small dlsorlentatlons of the grains and reaches a maximum 

at a certain degree of dlsorlentatlon. This relationship is not 
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monotonlc but complex In character, since the curve shows maxima 

and minima characterizing Intercrystalllne diffusion. 

Dependence of b on A0 for the diffusion of sliver Into a pure 

solvent (Cu)  Figure 8 shows a composite curve obtained from many 

series of experiments representing the dependence of b_ on AS for 

pure copper used as the base for the copper-antimony alloys 

from which the specimens were rolled and Fig. 9 gives the same 

for electrolytic copper. 

Since Intragranular diffusion Is a diffusion of silver through 

the undlstorted lattice of the grain body. It may be considered 

equivalent to boundary diffusion between crystals with zero dlsorlen- 

tatlon 

4 
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Fig. 8.  Composite curve of the dependence of the 
depth of penetration of sllver(ß) into recrystalllzed 
copper on the relative orientation of adjacent crystals 
(AS)  Temperature of diffusion annealing (T) 650°; 
length of diffusion annealing (t), 600 hours. 
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Fig. 9.  Composite curve of the dependence ß on AS 
(in degrees) in the diffusion of silver into electrolytic 
copper T = 650oj t = 600 hours r 
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The characteristic of Intragranular diffusion b^, determined by the 

metallographic pattern of continuous diffusion, is therefore plotted 

on the graphs of the dependence of the depths of silver penetration 

due to boundary diffusion on the disorientatlon of grains at the 

point of zero-disorientation on the ordlnate (b) .  The depth of 

penetration of silver into the body of grains of pure copper was 

15 microns. 

It is seen from Pigs, 8 and 9- that the  curve showing the 

dependence of the depth of penetration of silver along the grain 

borders in pure copper specimens on the disorientatlon of the grains 

has a maximum value b ^ 50 microns for two disorientatlon angles 

(AS)j 50 and 6o°,   and a minimum value b ~ 15 microns for A© = 45°. 

For other disorientatlon angles between neighboring cyrstals inter- 

mediate values were obtained for b_. 

This definite dependence of the depth of penetration of silver 

along intergranular boundaries of copper on the disorientatlon of 

the grains forming these couplings is similar to the findings of 

Smoluchowskl and others [l6-l8] In samples of columnar polycrystalline 

copper.  The difference in the texture of the copper under investiga- 

tion and the copper chosen by Smoluchowskl affected the nature of the 

dependence of b_ on AÖ.  In the studies made by Smoluchowskl and 

others [17-19] the texture Is characterized by the direction [lOO] 

along the direction of diffusion (which was the columnar direction), 

whereas in our case this direction was (101). 

The difference in the dependence of ID onA0 found by us and in 

the studies of Achter and Smoluchowskl [16-18] consists of the 

following.  In the studies made by the latter the maximum value for 
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the depth of penetration of silver was obtained when Ae = 45% I.e., 

the periodicity In the dependence of 'b on AÖ was observed through 

90°, evidently because the direction (100) Is an axis of symmetry of 

the fourth order.  In our experiments on pure copper (Pigs. 8 and 9) 

we obtained two maxima, when A© = 50 and 60°, and a minimum, A0= 45°. 

The periodicity In the dependence of ID on AS was observed through 

l80o In this case, due to the fact that direction [101] Is an axis 

of symmetry of the second order. 

Dependence of b on A  In diffusion of silver Into a solid 

solution of copper with 0.25^ antimony.  Figs. 10 and 11 show 

composite curves of the dependence of the depth of penetration of 

silver (b) on AÖJ obtained by Investigating Intercrystalllne diffusion 

In samples of a copper-antimony alloy, produced by electrolysis and 

properly rolled.  As In the case of pure copper, the value plotted 

at zero abscissa Is the value of la obtained from measurement of the 

depth of penetration of silver In the body of the grains In the 

selected specimens.  It was 25 microns. 

From Figs. 10 and 11 It Is seen that the Intercrystalllne 

diffusion of sliver In the alloy of copper with 0.25^ antimony 

proceeds with considerably greater Intensity as compared to Intra- 

granular diffusion In the same alloy and very definitely depends on 

the relative orientation of adjacent grains.  The curve of the 

dependence on dlsorlentatlon of the penetration depth of silver along 

grain boundaries has two maxima; 350 and 260 microns at A0 = 55 and 

75°, and a minimum (b ~ 50 microns) at A9 =56°.  At other dlsorlenta- 

tlon angles between neighboring grains the depth of penetration of 

silver has Intermediate values, varying In a regular manner within 

the limits of 25 and 550 microns. 
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A comparison of data obtained on Intercrystalllne diffusion 

of silver into the alloy of copper with 0.25^ antimony and into 

pure copper reveals the followings 

The values for the penetration depth of silver along intercrystal- 

llne boundaries of the alloy are substantially higher in comparison 

with the corresponding values for pure copper.  This increase is 

especially great for the maxima of ]D _2; 350 microns for the alloy, 

and 50 microns for copper. 

The locations of the maxima and minima on the A0 scale do not 

for the copper antimony alloy and for pure copper coincide in the 

first case the maxima are observed at AS = 35 and 75% in the 

second at 30 and 60°, while the minima are observed at /5ß= 56 and 

45° respectively.  These locations were repeatedly obtained in a 

series of experiments using different specimens and specimens of 

varying types produced by(melting and rolling as well as electrolysis) 
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Fig. 10..  Composite curve of the dependence of ß on 
AS in the diffusion of silver into the alloy of Cu 
with 0.2556 Sb, the coarse grain of which was obtained 
in the specimens by recrystallization 

T = 650o3 t = 600 hours 
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Flg. 11.  Composite curve of the dependence of ß 
on AS for the diffusion of sliver Into the solid 
solution Cu with 0.25^ Sb.  The copper being 
electrolytic copper. 

t = 650%  t = 600 hours 

Analysis of Results and Conclusions 

During the last 20 to 25 years It has been determined by a 

great number of experiments that diffusion occurs more rapidly along 

the boundaries of grains than through their body. 

This fact was first established Indirectly through determination 

of the coefficients of diffusion or self-diffusion.  It was found 

that the values of the diffusion coefficients for the same materials 

studied are not Identical unless the grain size of these materials 

Is the same and that, namely the diffusion coefficient usually In- 

creases with a reduction In grain size.  This fact has been confirmed 

more obviously by recent research (beginning In 1951) carried out 
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by radloautographlc methods.  The combining of the theoretical ap- 

proach with experimental dataj best exemplified by Fisher [33]* has 

made It possible to conclude that the activation energy of boundary 

diffusion Is substantially less than the activation energy of Intra- 

granular diffusion. 

The data of our Investigation relate in particular to a series 

of experiments to determine the orientational dependence of inter- 

crystalllne diffusion as observed by metallographically methods, and 

they show a definite dependence of the intercrystalline diffusion of 

silver into pure copper or Into a solid solution on the mutual 

orientation of adjacent crystals (Figs 8-11) . 

This effect, in relation to diffusion into pure copper may be 

explained as follows.  The distortion of the boundary crystal 

structure varies with a change In the degree of disorlentatlon of 

adjacent crystals and governs the variation In the excess energy of 

atomic interaction in the intercrystalline zone as compared to 

the body of the grain, which has a regular crystalline structure. 

It is therefore natural that the character of the distortions in the 

zone of transition from the crystal lattice of one grain to the 

lattice of another has an effect on the interatomic bonds with in it, 

which facilitates the elementary act of diffusion.  In other words, 

diffusion along intercrystalline face planes will be facilitated to 

a greater or lesser degree, according to the disorlentatlon of the 

adjacent crystals. 

Our experiments determined that for grain disorlentatlon of 

0 to 10° and from 82o30« to 90° and also in the interval between 

4lo30« and 47"IS1 the intercrystalline diffusion of silver as shown 

metallographically is not significantly greater by comparison with 
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Intergranular diffusion.  Apparently, with these crystal grain rotations 

the distortions are not great, and the Intercrystalllne couplings 

can easily be represented with the aid of the dislocation model. 

At other angles of dlsorlentatlon the number of dislocations should 

Increase; Interaction between dislocations now appears and the 

boundary structure can no longer be represented by such a simple 

model.  A more convenient model Is the one based on the concept of a 

"two-dimensional nonius" [l]. 

On the basis of what has been stated above and the experimental 

data obtained (Figs, 8, 9) >   It Is possible to draw the following two 

conclusions in regard to Intercrystalllne diffusion of sliver into 

pure copper. 

The distortion of the crystal structure of the Intercrystalllte 

zone, which reduces its bonds In comparison with the undlstorted 

crystal structure In the Interior of adjacent crystals, govern the 

acceleration of the diffusion of sliver along the boundaries, as 

compared to the grain body (maximum depth of penetration b_ for the 

Intercrystalllte coupling Is more than three times the volume value 

of h).  The degree of distortion of the crystal structure of the 

Intercrystalllne zones, varies with cahnges In the dlsorlentatlon 

of adjacent grains, which also affects the quantity of the excess 

energy of Intercrystalllne zones, and consequently of Q boundary. 

Hence, for different mutual orientations of the crystals the 

degree of intensification of intercrystalllne diffusion as compared 

to intragranular diffusion (as a function of the magnitude of the 

excess energy and binding forces in the intercrystalllne coupling 

will be unequal.  The result of this is the irregular character of 

the diffusion of silver along crystallographlcally different abutments 

4 
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In the copper specimens. 

The results obtained from the study of the Intercrystalllne 

diffusion of sliver Into the copper alloy with 0.25^ antimony may 

be explained as follows. The Internal adsorption effect Is con- 

tingent on the presence of excess energy In the Intercrystalllne 

zone [I, 2].  It has been determined that the quantity of the 

excess energy depends on the dlsorlentatlon of the grains forming 

the transition zone [5-15] and, therefore, on the dlsorlentatlon 

of adjacent grains also conditions the quantity of horophyle addi- 

tive absorbed In the Intercrystalllne zone coupling them. I.e., 

The degree of distortion of the Intercrystalllne transition zone 

must have an effect on the Irregular character of Internal adsorption. 

The selected alloy contains the horophyle additive, antimony, 

the adsorption capacity of which has been shown by research [22-27], 

and also In the present work on the observed effect of antimony on 

the recrystalllzatlon of the copper alloy with 0.25/^ antimony on 

the boundaries of differently oriented grains In the copper-antimony 

alloy, became apparent In our work, through the unevenness of the 

Increase of the Intercrystalllne diffusion of silver as shown 

metallographlcally. Into the copper-antimony alloy, compared with 

pure copper. At the same time it is known [22] that with the In- 

crease in antimony content of the copper-antimony alloy the diffusion 

rate of silver Into this alloy increases.  It can be assumed In this 

connection that the diffusion of silver through various inter- 

crystalllne bond contacts will depend on the quantity of adsorbed 

antimony In them. 

On the basis of the above and of the results obtained (Figs. 

10 and 11) the following conclusions can be drawn with regard to 
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the Intercrystalllne diffusion of sliver Into the copper-antimony 

alloy. 

1. The effect of dlsorlentatlon of adjacent crystals- on the 

degree of unevenness of the Intercrystalllne diffusion as shown 

metallographlcally Is Indicative of the unevenness of the distribu- 

tion of the antimony concentration along the abutting zones of grains 

with different orientations with respect to each other. 

2. The unevenness of diffusion of sliver Into the copper alloy 

with 0.25/^ antimony as compared to pure copper is much more sharply 

defined.  This Is because the unevenness of the diffusion of silver 

Into pure copper Is governed only by the differences In the quantity 

of excess energy In the Intercrystalllne abutments with different 

degrees of grain dlsorlentatlon.  In the case of the alloy of copper 

with 0,25^ antimony, however, the unevenness of the diffusion of 

silver also increases because of the adsorption capacity of antimony, 

the content of which along the Intercrystalllne abutments is in- 

creased as compared to the body of the grain. 

3. The nature of the distortions in the intercrystalllne zones 

which causes a certain acceleration of the diffusion of silver in 

them compared to the body of the grain, apparently differs in the 

case of pure copper from similar distortions observed in the copper- 

antimony alloy, since in the latter case a large amount of antimony 

enters the intercrystalllne zones through adsorption.  The change in 

the nature of the distortions in the intercrystalllne zones with 

a given grain dlsorlentatlon, which this brings about, is evidently 

the reason for the shift of the maxima and minima on the curves 

b = fAÖ  for the diffusion of silver into the alloy of copper with 

0.25^ antimony, compared with diffusion in pure copper. 
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These conclusions appear to us most likely to be true, but for 

a final answer to the question further research Is essential, and, 

first of all, similar experimental data must be obtained for other 

alloys. 
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STUDY OP ATOMIC INTERACTION IN ALLOYS BY ANALYSIS 

OF X-RAY SCATTERING PROM THE CRYSTAL LATTICE 

V. V. Geychenko, M. A. Krlvoglaz, A. A. Smlrnov 

The propagation of various types of waves by a crystal lattice 

may be utilized to determine the atomic Interaction constant In 

Hoys since these constants enable us to estimate, to a certain 

extent, the strength of the crystal lattice.  The present study 

with this end In view deals with the diffuse scattering of x-rays 

by alloys of various kinds.  The formulas derived are also applicable 

to the study of radiation of other types of waves (electrons, neu- 

trons*) . 

The theory only takes Into account diffuse scattering Involving 

the Irregular alternation of different kinds of atoms at the points 

of the crystal lattice, and In the case under consideration the 

* Certain other peculiarities exist In the scattering of slow 

neutrons which have been studied In the paper "Concerning the Theory 

of Slow-neutron Scattering In Alloys" Included In the present 

collection. 
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static geometric distortions of the lattice are slightj I.e., In the 

calculations the lattice Is held to be geometrically Ideal.  Also, 

scattering due to the thermal vibration of atoms Is not considered 

here. 

The present paper gives the results of investigations on the 

basis of which formulas were derived relating the atomic Interaction 

constants to the diffuse background Intensity. 

O 

Diffuse Scattering In Substltutlonal Alloys 

Let us examine a substltlonal-type alloy with any number 

of components which. In a disordered state, has a Bravals lattice, 

any composition, and long-range order.  In calculating the back- 

ground Intensity we shall allow for correlation In the substitution 

of atoms of a different kind In the points of the crystal lattice 

In all coordination spheres. 

As Is well known, the Intensity I,  of the diffuse scattering 
bg 

of x-rays by the crystal lattice of the alloy of the given type, 

expressed In electronic units, can be written as follows: 

N, 

»,  »' — 1  K, X'—l 

iq/R^-P, 
'«'). (1) 

where No Is the number of elementary cells In the crystals; 

H Is the number of points In the elementary cell of the 

ordered alloyj 

f Is the scattering factor of the atom replacing point /c In 
S/C 

cell number _s; 

q = k/c'-k Is the difference between the wave vector of the scattered 

and Incident waves; 

R Is the vector drawn from the first point of the first cell 
QIC 

to point number /c of the s cell. 
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The line over fie  and J*«« denotes the averaging of these 

quantities for all points of the given type. 

Formula (1) may be expressed In another form by the method set 

forth in [l].  As a result we obtain for I,  the formula 
bg 

/, = S, + st. (2) 

where: 

S1 = N0   2 A..'2
xi-''.LPi 

«, a'-l    L—1 (3) 

L-l «L—» '-I L'=l miL'0! a. a' —1 

here a and a« are the type of atom; 

C  Is the number of components in the alloy; 

L, L1  is the number of the type of point (L, L = 1,. . .,Q); 

«L is the number of the point of type L in the elementary 

cell (K-T = 1, • • •>   ^j) '> 

p  is the &_ priori replacement probability of a point of 

type L by an atom of type a; 

1  is the number of the coordination sphere of radius 

—> 

PmlL' 

p , described around point of type L number /c ; 

is the vector extended from the central point to 

point number m1L, (of the type L' in the 1th coordination 

sphere) ; 

Z-JTI  is the number of points of type L1 in the 1th coordi- 

nation sphere; 

A,.-=-1/.-/., p; 
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ejjk1 (p]^) Is the correlation parameter determined by the formula 

(6) 

o 

LL' In this expression P   denotes the probability that atom a 

Is at a point of type L, while atom a' is situated at a point of 

type L'j at distance p^ away from it. 

In a case where the correlation in the alloy is insignificant 

and Its parameters may be considered equal to zero, Sg = 0 and the 

intensity of diffuse scattering is equal to Si.  If, however, the 

correlation is essential, S2 must also be considered.  Here the 

correlation parameters (or their combinations) may in some cases 

be determined from analysis of the intensity distribution of the 

background.  For instance, in the case of binary ordered alloys 

A-B, certain combinations of the correlation parameters may be 

found by Fourier analysis of the intensity ^wa'   ^n tlie same way as i-n 

[2] for disordered alloys. 

Let us resolve vector q Into the vectors of the Bravals 

reciprocal lattice of an unordered alloy", bi, b2, h3: 

g = 2i:(xb1 + yb2-\-zb3), (7) 

.    -> ^  _>  -> 
and vector pm,T, into vectors aj, a2, as of the Bravals lattice 

of an unordered alloy: 

= vlm,L, "l + ^mlL, a8 4- V3m  03. (8) 

In formula (7) x, y, z are certain continuous variables, and in 

formula (8) Vim-,,-,, Vam-^t, V3m-,T| are whole numbers. 
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T.T.«    LL« 
Then, for binary alloys. In which e^ = e^jj , expression 

(4) may be written as 

ZIU o 0        *L        CD      '  Q 

Tütr*        S _S S S W (P.) S exP f2« (^«,t. + yv«-.,., + sw.)).      (9) 
L-l %L-\ I—i t'- 

From this 

<3      *L 

.££.1 AB      ' "' )}}~^r~eXPl-2Ki^^lL- + !n3rnlL. + Z->3miL,)]dxdydz. ( 10) 

where Sa In formula (9) may be replaced by Ib = Si +  Sa, since 

_i  does not depend on x, y, z, and after Integration Is equal 

to zero.  For binary unordered alloys, the combination of the 

quantities e   ip-\) >   cannot be obtained this way, but it the 

correlatlon parameters are e^g (pj) • 

iii.,   , 

eAB(p,) = - 4US * ZAB       
XP l~ ^(a:Vim' + yVi!m' + ZV3m')1 dXdy dZ' ( 11) 

% 

where N = No M- Is the total niunber of atoms in the crystal. 

Knowledge of the correlation parameters makes It possible to 

determine the short-range order in the alloy, i.e., to determine 

the distribution of atoms of any kind near an atom of a given kind, 

and thereby to assess the micro- heterogeneities of the composition 

of the alloy.  On the other hand, it may be possible In certain 

cases, using the statistical order-disorder theory, to relate the 

correlation parameters to the energies of atomic interaction (order- 

ing or disordering energies).  For Instance, for an unordered binary 

alloy at sufficiently high temperatures, Kirkwood's theory gives 

us the following form for e^ (pi) : 

Wi 

*AB(9I) = c\*B-ür ' 
(12) 
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where: c* and c-. are the relative atomic concentrations of the 

components A and B; 

Wi Is the ordering energy (or disordering energy) for 

the first coordination sphere; 

k Is the Boltzmann constant; 

T Is the absolute annealing temperature of the alloy. 

Equations (11) and (12) make It possible to determine the 

magnitude Wj characterizing the atomic Interaction In the alloy. 

O 

Diffuse Scattering In Interstitial Alloys 

Let us examine Interstitial alloys. In which the lattice points 

and Interstices form a single Bravals lattice.  If relatively small 

atoms* become embedded In the Interstices of an alloy of this kind, 

the resultant alloy can be treated as a substltutlonal alloy, the 

points of which (being the points and Interstices of the Interstitial 

alloy in question) have been replaced by various other atoms and 

vacancies. Hence, formulas (2) - (4) may be applied to these 

instertltlal alloys.  Keeping the notation a(a = 1,...,4) for the 

type of atoms at the points, and denoting by ß(ß = 1,...,£) the type 

of atoms (including the vacancies) in the interstices, we obtain 

the following expressions for Si and S2: 

* The embedded atoms should not distort the lattice to a point 

where an additional background, brought about by the distortion, 

substantially changes the distribution of the diffuse-scattering 

intensity. 
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8Ä1,   L
T-

1,
'%"

I
'-

I
I.;-I m'LT-,;   ., 

.-19=1 Lf-i'L,-*"-*^-! "„x.;., 

+ 2  2 S 2e^T(Pr) 2 cosrpmz.L.]+ 

' + 

0« ^t,, 

+ 2 *»■ 2 2 2 2 rtf-{p"') + 

;■"£,,, 

4-eJ-t«(p,„)] 2 COS
9"PVLL1- 

(14) 

Here, the Indices y and m Indicate that the quantities denoted 

by them refer to the corresponding lattice.points and Interstices; 

1 and 1" denote the number of the coordination spheres made up 

of lattice points, projected around the point and Interstice, 

respectively, and 1' and 1" are the number of the spheres consisting 

of Interstices projected around the point and Interstice, respectively. 

Let us examine the specific case of a disordered alloy having 

atoms of two kinds A and B on the points forming a face-centered 

cubic lattice, and atoms C and holes (denoted by D) In the Interstices. 

Let the concentration with respect to atom C be small.  In this 

case the last term in Eq. (14), which expresses part of the back- 

ground Intensity dependent on the correlation between Interstices, 

may be disregarded.  We shall take Into account the fact that the 

embedded atoms usually have greater mobility than the atoms at 

*»        the lattice points. Hence correlation at the lattice points Is 
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established by prolonged annealing at a high temperature, while 

for correlation between lattice points and interstices a relatively m 

lower temperature and a comparatively shorter time are needed.  Thus 

it Is possible to prepare an interstitial alloy and produce correla- 

tion between the lattice points and interstices without disturbing 

the correlation between the lattice points which exist in the 

binary alloy A-B.  This makes it possible experimentally to exclude 

the part of the background depending on correlation at the lattice 

points.  The quantity Si may here be calculated and taken into 

account. 

For the part of the background I«   remaining in Eq. (14), 
bg 

conditioned by the correlation between lattice points and interstices 

in alloys of the type in question, bearing in mind that e^c = eBD = 

6  = e.^ we arrive at the expression 
BC  AD 

/;=4^0 [(/A - fB) rc + u'A - rB) fc\ 2 **c o»«) 2cos«*-,* ^15) 
n=l       »nn=l 

Here: f , f , f are the scattering factors of atoms A, B, and C; 

n is the number of the coordination sphere drawn 

around a lattice point through the interstices, or 

around an interstice through the points (which for 

the given structure is the same); 
—> 
pnu is the radius-vector determining the location of 

the mnth point (or Interstice) in the nth coordina- 

tion sphere; 

z  is the coordination number for the nth coordination 

sphere. 

Applying Fourier analysis to the quantity 

F{x'y'z)   iN,[(u-fB)rc + u'A-rB)fc]' (16) 
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It Is possible to obtain the following expression for the correlation 

parameter €AC (pn) : 

iii 

«AC (P») = ^ ^ (*• y> z) eip I— 2ni (x*lmn + yvOTii + KHmJ] dx dy dzi ( 17) 
0 0 0 

The quantities €.,,(pn) make It possible to determine which 

atoms (A or B) will be predominantly surrounded by atoms C. 

The relationship of the correlation parameter ^pj^Px)   to the 

interaction energies v  and v-- of the neighboring atoms AC and 
AC     •t't' 

BC has been determined In a paper, as yet unpublished, 

»AC - 'BC 

SAC (pi) — ,,.„-.,„,. CACBCC, 
'AC~VBC 

(18) 
BT + 'B 

where c. and c^ are the ratios of the number of atoms A and B to A     B 
the number of lattice points, and CQ IS the ratio of the number of 

atoms C to the number of Interstices. 

Knowing ^s.'   equations (16) , (17), and (18) make it possible 

to find the quantity VAQ—v^,, and. In particular, to determine with 

which atoms on the lattice points the C atoms Interact most strongly. 

It should be noted that the determination of eAC(pn) by Eq. 

(17) can best be applied to alloys, the Interstices of which are 

Interspersed with hydrogen atoms, which causes relatively slight 

distortion of the crystal lattice.  It Is clear that In this case 

slow neutrons should be used Instead of x-rays, the diffuse 

scattering Intensity of these neutrons (which Is related to correlation) 

being determined by equations of the same type. 

Investigation of Diffuse Scattering 

of X-rays In Substltutlonal Alloys by the Method Fluctuations 
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In the above method of Investigating x-ray scattering we have 

discussed secondary waves scattered by individual atoms of the ä 

alloy and the scattering Intensity has been defined as the result 

of interference of these secondary waves under conditions of a given 

distribution of atoms.  Using this method, it is possible to express 

the Intensity of the true reflections through the concentration of 

the alloy components and the long-range order parameters and the 

diffuse scattering Intensity through -the concentration, the long- 

range order parameters, and the correlations. The derived equations 

also make it possible to determine the long-range order parameters 

(the p-r probabilities, for Instance) and the correlation parameters^ 

using the distribution of the scattering Intensity, determined 

experimentally.  It is of interest, however, to determine as well 

the dependence of the scattering intensity on the temperature 

(and the composition of the alloy), as well as on the constants 

characterizing atomic interactions in the alloy.  To study these 

relationships. It Is much more convenient to use another method which 

was Introduced by Einstein [3] In the problem of the dispersion of 

light and then applied to a study of the Intensity of x-ray diffuse 

scattering near true reflections [4].  In this method the diffuse 

scattering intensity in alloys Is expressed through Fourier components 

of the parameters characterizing concentrations of the alloy components 

and the long-range-order parameters.  Since the mean values of the 

square of the fluctuations depend intrinsically on the interaction 

energies of the atoms of the alloy and on the temperature, the 

diffuse scattering intensity can also be expressed through these 

quantities. 

In [4] the calculation was made without a specific atomic model 

c 
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of the alloy, using the thermodynamlc theory of second-order phase 

transitions.  In order to relate the scattering Intensity to the 

atomic Interaction constants, one of the authors made the calculation 

for binary and ternary substltutlonal alloys, using a specific atomic 

model.  The results of the calculation for binary alloys are given 

below. 

The Intensity of the diffuse scattering of monochromatic radia- 

tion by single crystals was determined, and, as above, the back- 

ground associated with the geometric (static and thermal) distortions 

of the lattice and with Compton scattering was not considered.  The 

model taken Is the conventional statistical model of an alloy. In 

which the energy of the crystal Is represented as the sum of inter- 

action energies of different pairs of atoms. In the calculation 

the interaction, as well as the correlation of the atomic pairs with 

any distance between the atoms, is taken into account. 

As a result, the following equation was derived for the intensity 

of x-ray diffuse scattering by a disordered alloy A-B with a Bravals 

crystal lattice of conventional structure: 

h = N\fA-fB\t ^ . 
J'o + 2 ^i S co9»""■I 

1-1 m,-l 

(19) 

where 1^ is the scattering intensity expressed In electronic units; 

z^ is the coordination number of the jl th coordination sphere; 

m^ is the numbering of lattice points in this sphere; 
—> 
pmi  is the vector drawn from the central point to point number 

mj of the 1^ th coordination sphere. 

The quantities XQ and X^ are expressed by the second derivatives 

of the thermodynamlc potential of the concentrations p. . of A atoms 

In the different sub-lattices no (numbered with the index J), into 
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which the crystal lattice of the alloy is divided: 

At-mf dp2 '    *'- NkT dpAldpAmi ■ (20) 
1 

The division into these sub-lattices is done in such a way that 

each atom only interacts with one point of the foreign sub-lattice 

and does not Interact with atoms at the points of the same sub- 

lattice. 

pA1 is the concentration of A atoms at the points of the sub- 

lattice containing the central atoms^ and A^„ is the concentration 

of A atoms at the points of the sub-lattice containing the atom 

at point number m-^ of the 1 the coordination sphere. 

The quantities X0  and X^ may be determined by Eq. (20) if the 

expression for the thermodynamic potential as a function of the 

variables pAj is known.  A simple approximation for bg may be obtained 

at high temperatures.  Then 

(21) 

where w, is the ordering energy for the 1 th coordination sphere 

wt — 2vAB (p,) — vAA (p,) — VBB (p,),     where 
VAA (p,), VAB (p,) H VBB (p() — 

with the opposite sign, are the interaction energies of the atomic 

pairs AA, AB, and BB, located at distance p  equal to the radius of 

the 1 th coordination sphere. 

The approximation used for expressing the thermodynamic potential 

is applicable if, for all 1 [w-J « kT.  In the case of arbitrary 

temperatures it is possible to obtain an expression for bg and 

therefore for XQ and X.., if the concentration of one of the alloy 

components is sufficiently small (CA « l).  In this case 
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*. r—-,. X.^l-e   »r. «Ad-cx)1 -'-'-* " . (22) 

Equation (19) for the diffuse-scattering Intensity Is also 

valid for ordered alloys of stolchlometrlc AB Composition In which 

lattice points of the first type are surrounded by points of the first 

and second types. In the same way as the points of the second type 

are surrounded by points of the first and second types (crystals of 

ß-brass, Au, Ou types, etc.).  In this case, for almost completely 

ordered alloys (1—T\  < 1, T) IS the degree of long-range order) 

xo —i —V • 

Xfi — t   kT, 

(25) 

(24) 

If the 1 th coordination sphere around the point of the first type 

consists of points of the first type and 

wt 
(25) 

If the 1 th coordination sphere consists of points of the second 

type.  Here, we assume that points of different types corresponding 

to one and the same p^ belong to different coordination spheres. 

Prom Eqs. (19), (21), and (22) It follows that the background 

distribution tends towards a monotonlc background, both when there 

Is a rise In temperature and when the concentration of one of the 

components of the alloy tends towards zero(when the solution becomes 

Ideal or weak) 

h = N\U-fB\'CAii-CA). (26) 

At sufficiently low temperatures, since 1—TI decreases faster 

JcT wl 
than the factors e*1  — 1  (or e'TCT — 1)   increase,  the background 
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intensity. In accordance with Kqs. (19) and (23) — (25)J tends 

to the expression [5]: \ 

/« = |^I/A-/B|'(1-^). (27) 

I.e., disappears when r]-» 1. 

From the above equations It follows that If the Interaction 

with atoms of the first coordination sphere alone is essential 

(wi = w, Wj = 0 when 1^1), then, for the ordered solution (w > 0), 

the maxima of the background Intensity of the type under consideration 

will lie near super lattice reflections and the minima near those of 

the lattice.  In disintegrating alloys (w < 0), on the contrary, the 

maxima of background Intensity lie near the lattice reflections. 

With the aid Of Eq. (19) and the equations for X0 and X-i^ it 

is possible to study the dependence of the diffuse-scattering intensity 

of x-rays on the annealing temperature composition of the alloy and 

degree of long-range order, and energies w, . These equations are  f 

applicable in those ranges of temperatures and compositions where 

the correlation is slight.  Near the temperature of phase transition, 

the correlation becomes substantial.  In this case, if the inter- 

action with atoms of the first coordination sphere alone is essential, 

the scattering intensity may be expressed as 

h~N\/A-/B\' ^—Z7-. (28) 
«1 + «s  2  COS qpm> 

m,-i 

Here zi  is the coordination number of the first coordination 

sphere, and for unordered alloys with a body-centered cubic lattice 

„. = 1 + 8? (^)a- 8? (1 - 4?) (^)
3 _<p [-1 (7 - 72? + W) + 

+ 48tp(l-6?)](^)
4+..•■. 

'.=£-4(1- ^ W + T (i - M {wf +    (29) 
+ (1 - 4?) [^ (1 -12?)' + H?'] (^r)* + ■ •.. I ' 
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where * = cA (l — C.) . 

For disordered alloys with a face-centered cubic lattice 

0,= kT T(1-^(^)J + 4(1 + 12?-60?T(^)
,4-. 

(30) 

If the transition to the ordered state Is a second-order phase 

transition, then near the transition temperature To* the diffuse 

scattering near the super-lattice reflections becomes unusually- 

large.  For alloys with a face-centered cubic lattice. In this case 

^ = ■^1/^-/81^5^ 
+tvu (31) 

Here Q« Is the complement of vector q to the vector at which 

the superlattlce reflection under discussion occurs, 

. , , , 2 . 14 1 . 68 1 , 
(32) 

Pi 

where pi Is the distance between neighboring atoms. 

From Eq. (31) It Is evident that If q« < 1, then near the 

ordering temperature the diffuse-scattering Intensity does Indeed 

Increase sharply. 

The quantities Xj In Eq. (19) can be determined if the distribu- 

tion of the background intensity for various q In the experiments 

Is known.  For this purpose a Fourier transform of the expression 

N|fA - fB|2 

Iv 
should be made, 

Lbg 

As a result, we obtain 

2n 2>t an 

dkidkidka. (33) 

I 
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Here vimi a^6 as above, the resolution ratios (8) of vector 

pra-i , corresponding to any lattice point of the 1 th coordination 

sphere, resolved Into the basic vectors a.^  of the crystal lattice, 
—> 

The quantities % are the resolution ratios of vector q resolved 

into the basic vectors b-^ of the reciprocal lattice 

9=S*.6i. (55) 

When using Eq. (34) It should be borne In mind that other aspects 

of the diffuse scattering, not discussed here (related to thermal 

vibrations, geometric distortions etc.)* have been excluded and do 

not enter Into I^g« 

Thus, with the aid of Eqs. (54), (21), (22), (24), and (25), 

and experimental values for the background Intensity of various 

crystal orientations and various angles of scattering (various £; 

I.e., various Ri) It Is possible to calculate the ordering (or dis- 

ordering) energies for various coordination spheres.  This calcula- 

tion can be performed In the case of alloys which are at a sufficiently 

high temperature and In which the concentration of one of the components 

is low, or in alloys which are in an almost completely ordered state. 

REFERENCES 

1. DANILENKO, V. M.j KRIVOOLAZ, M. A.; MATYSINA, Z. A.; and 
SMIRNOV, A. A.  Article in the Present Collection, page 150. 

2. COWLEY, J. M.  J. Appl. Phys., 21, 1950. 

3. EINSTEIN, A.  Ann. d. Phys., 33, 12, 1910. 

4. LANDAU, L. D.. ZhETF,  Journ. Exp. Theor. Phys, 7, 1937- 

5. LIPSHITZ, I. M.  ZhETF, 8, 1938. 

-262- 

~) 

n 



CONCERNING THE THEORY OF SLOW-NEUTRON SCATTERING IN ALLOYS 

Y. M. Danllenko, M. A. Krlvoglaz, Z. A. Matyslna, and A. S. Smlrnov 

The formulation of a theory to determine the scattering Intensity 

of slow neutrons In alloys as a function of their composition, degree 

of long-range order, and correlation parameters between the filling 

of lattice points by unlike atoms (I.e., In effect, the annealing 

temperature) makes It possible to study the distribution of atoms 

at the lattice points of the alloy.  Inhomogeneltles In the distribu- 

tion of atoms In the lattice effect many of the properties of alloys 

of practical Importance and, specifically, their heat resistance. 

It Is therefore of Interest to develop the theory pf slow-neutron 

scattering In alloys more generally than has been done heretofore 

[l-^], and to use the results In this study.  The development of a 

method of this kind Is especially Important for alloys consisting 

of atoms with close atomic numbers (this category Includes heat- 

resistant alloys) where x-ray structure analysis In Ineffective, 

whereas an analytical method based on slow-neutron scattering may 

be successful. 

The present paper gives an account of the work of the authors 

In which they deduce formulas for both the probability of neutron 

scattering associated with the disturbance of the regular alternation 
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of atoms of various kinds at the crystal lattice points and for 

magnetic dispersion.  The general case of a multlcompcnent alloy 

which In an ordered state has any number of lattice-point types Is 

the one considered, and the correlation between the filling of 

lattice points by atoms in all coordination spheres is taken into 

account. The scattering associated with the thermal or static 

distortions of the crystal lattice is not considered. 

The general equation we derived makes it possible to clarify 

a series of problems in each individual case such as the effect of 

an impurity In a binary alloy on the neutron-scattering intensity, 

the effect of high-temperature annealing resulting in a short-range 

order, or the effect of the presence of Isotopes on neutron scat- 

tering, and so forth.  Individual cases of neutron scattering by 

binary alloys, as well as by alloys containing a third element and 

which have body-centered and face-centered cubic lattices, were 

investigated In detail, and correlation is taken into account. 

The angular distribution of neutron-scattering intensity for single 

crystals and polycrystals in alloys of this structure was studied. 

Along with nuclear scattering, the magnetic scattering of 

neutrons by atomic electron shells becomes substantial in a number 

of cases; hence the utilization of nuclear scattering to study 

inhomogenelties makes it essential to be able to separate magnetic 

scattering.  The paper considered the magnetic scattering of thermal 

neutrons near the Curie point of a ferromagnetic substance at small 

angles, as well as at angles corresponding to the Bragg reflection, 

is dealt with here, and the dependence of the diameter of the 

neutron scattering on the angle of scattering, annealing temperature, 

neutron wave length, alloy composition, and the distribution of 
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scattered neutrons as to energies are also studied. 

Deriving a General Formula for the Probability of Nuclear Scattering 

of Slow Neutrons by Alloys 

Let us consider the case of a multlcomponent, ordered alloy 

of any composition with any number of lattice-point types which 

In a disordered state has any type of Bravals lattice. 

We shall limit ourselves to the case where the magnetic neutron 

scattering by electronSj as well as their capture by the nuclei. Is 

not substantial, and shall Ignore these effects. The probability 

of elastic slow-neutron scattering by the crystal lattice within 

the solid angle dß In a unit of time may then be expressed as [l]: 

N.     n 

dW= 
• -in-l •-lie-l ' 

Here: m Is the mass of the neutron; 

q = P ~ P = k« - k where p' and p are the Impulses of the scattered 

and Incident neutrons, 

T Is the body of the crystal; 

A  and B  are constants characterizing the Interaction between the 
SK SK 

neutron and the nucleus located at point number K  of the sth elementary 

cell; these constants differ both for atoms of different elements 

as well as for the Isotopes of each element; 

JSK Is the quantum number of the momentum of the nucleus located on 

lattice-point number SK; 

RSK Is the vector of the position of lattice point s/c. 

No Is the number of elementary cells In the crystal; 

M, Is the number of lattice points In the elementary cell. 

Using ASJC to denote the mean value of AaK and taking out the 
t 
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probability of diffuse scattering dWb alone from Eq. (1) we obtain: 

'».»'-Jx.x'-l (2^ 

N,   v. w. ^ .      ■ 

+ S S (A„ -1„)»+|22 s»/» (/.x+i) . 
«-1K-1 >_] x-1 J 

\alc   ±a    wie   mean   VCLXUC   UJ.    "ßjj 

K.  The last two terms of Eq. (2) give the neutron diffuse-scattering 

due to the presence of Isotopes of the metals of the alloy and the 

scattering Intensity spin direction of nuclei and neutrons.  They 

can be easily expressed through the relative atomic concentrations 

of elements in the alloy ca. Denoting these terms by Y,  we find 

V~.N2C, y, CIC;.(AI-A;.)' + 
B.B' 

(B<P') '-1     .>A'.. (3) 

a — l 

where N = M-NQ is the number of atoms in the alloy; 

^ is the number of chemical elements forming the crystal; 

cß  is the relative atomic concentration of isotope ß 

a 
a/2 c ( 1) ; 

ß ß 

a a      a 
A , B  an<i J are possible values of quantities AaKf  Bs/C, and JSJC 

corresponding to the replacement of lattice point SK by the isotope 

ß or element a. 

Let us compute the first of Eq. (2)j for which we shall divide 

it into two parts corresponding to the diagonal and nondiagonal 

members of the sum under consideration. The term comprising the 

diagonal members may be easily expressed by a priori probabilities 
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of the occupation of the lattice points by atoms of various kinds. 

Denoting this term by Sj, and the probability of a substitution of 
L 

lattice points of the L type by atoms of the a type by pa, and 

carrying out the transformation by a method similar to the one 

used In [5], we find 

■Sx = S 2 (^« - ^)J =^0 S ^ S PLaPL,'A» 
L-l 

where 

(5) 
A.,, = (A, — A*.)*; 

^a  Is equal to the value of AgK corresponding to the case when an 

atom of type a Is found at lattice point SK; 

7- is the number of lattice points of type L In the elementary cell; 

Q Is the number of types of lattice points.  The quantity Aaai 

does not depend on the type of lattice point L. 

The second part Sa of the first term of formula (2), comprising 

the nondlagonal members of the sum can also be computed [5] If the 

correlation parameters €a , (p) determined by the Interrelation 

S";'(P) = P£'(P)-/>!;*#. 

LL« 

(6) 

are brought Into the discussion where paa, (p) Is the probability 

that atom a Is situated at a lattice point of type L and atom a« 

Is at lattice point L1 at a distance of p. 

For crystal lattices In which each point Is a center of sym- 

metry of the crystal, we find 

N.. 

*«= S S &*-AK){Ä.,K.~Äx.)e
i*R"'-1,'*>. 

• ■•'-1 K,X'-1 
0  x. 

If, 
^'2 S 2cos7P 2  lC/(p) + e£'(p)IA. 

t-»«t-i •     «.«'-1 
(«<•■') 

(7) 
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The primes in s, s' and K,   <• by the signs of summation signify- 

that the summation Is carried out on condition that the lattice 

point characterized by s/c does not coincide with lattice point 

s'/c».  The sum (7) may be expressed otherwise In a more convenient 

manner, by substituting for the summation over p, the summation 

over lattice points of a specific type in each coordination sphere. 

over the types of lattice point and over the coordination spheres: 
« Q      \L      a,      Q 

fÄ1,    f-'-I-l'-^-I ,8) 
«It» x / 

+ e"'(P)J  2  cos9Pm,L,. 
"•/I,'-I 

where p1 is the radius of the 1 the coordination sphere; 

pm^Lt is the vector drawn from a lattice point of type L of the 

number K^ to lattice point number m-jy ! of type L* of the 

1 th coordination sphere] 

Z1LI ls tlie n1™1361, of lattice points of type L1 in the 1 th 

coordination sphere drawn around a lattice point of type 

L, number K^   of any one elementary cell. 

The sum found (8) characterises the neutron-scattering which 

is related to the correlation between the filling of crystal lattice 

points by atoms of different types.  If however, the correlation 

Is not substantial and the correlation parameters can be held equal 

to zero, sum (8) no longer applies, and the probability of neutron 

scattering is determined solely by the quantity Si + V".  When 

correlation is taken into account, the parameters err, (pi) can 

either be calculated by the statistical theory or can be considered 

as empirical constants which are determined by the background in- 

tensity of the neutrons or of some other type of wave.  Knowledge 

of the correlation parameters makes it possible to determine the 
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probability of encountering atoms of various kinds near an atom 

of a given klndj I.e., the short-range order In the alloy. 

Eq. (8) provides the correlation part of the neutron-scattering 

Intensity In single crystals. Let us write the expression for the 

back-ground Intensity appearing In polycrystals when neutrons are 

scattered.  To do this It Is necessary to average the expression 

for S = Si + Sg In all orientations of the crystals.  The averaging 

does not affect the expression for Si.  Substituting the mean values 

Sa cos qpm-, T , In respect to all possible angles between the vectors 

q and pm-, T, in expression S2, we obtain 

om'-l       Z.-lXr-l 1-1 Z/-I 

B>ni7m„, 

(9) 

•[*£>.)+ *#'(p.)]- ?p mlL' 

Wherein, the modulus of vector £ Is equal to» 
in .   0 

where 20 Is the angle of neutron scattering with the wavelength X. 

Study of the Dependence of Slow-Neutron Scattering Intensity 

on the Alloy Composition, on Long-Range-Order Parameters, 

Correlation Parameters, and also on the Angle of Scattering 

In Particular Cases 

The probability of slow-neutron diffuse scattering (proportional 

to the scattering Intensity) Is expressed, as has been shown, by 

the equation 

Wep*=zC(Sx+ 31 + 10, (10) 

where Wav Is-the probability of neutron scattering per unit of 

solid angle per unit of time; 
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C is the proportionality factor non-dependent upon the 

composition and nature of the atomic arrangement at the 

lattice points. 

St,  Sg,  and V are determined accordingly by Eqs. (4) and (8) or (9) 

and (5) . 

Individual cases of binary and ternary alloys are considered 

below. 

Binary Alloys 

We shall assume that for binary alloys In Eqs. (10), (4), (8), 

(9), and (3) ^ = 2; a, a« = A, B.  Let us also consider the case In 

which the crystal lattice has two kinds of polntsj i.e., Q = 2. 

Expressions for Si,  S2 and V will then tak^ the following form: 

■Si = N0&AB (KtfMpW + KpMpM). 

for single crystals, and 

sin 7p„ 

?Pn 

'or polycrystals, V = N[CA( 2 c^Af,. + ScßX) + 

8,3'      .       a '1 

In which we denote 

and 

ß.3'     ,      a 

A\V~(,A%-A%V 

*~LA*%m\^). 

(ID 

(12) 

(13) 

(14) 

(15) 

(16) 

") 
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1 Equation (14) Indicates the appearance of a part of the back- 

ground which Is In linear dependence on the concentration of the 

alloy components; the background caused by the Isotope content may 

be considerable If the constituent Isotope atoms greatly differ In 

the diameters of their neutron scattering. 

Let us proceed to examine Eqs. (11), (12), and (15) • 

Background Intensity of Scattered Slow Neutrons, Disregarding 

Correlation.  If the correlation of the filling of lattice points 

with atoms of an alloy can be disregarded, the background Intensity 

of scattered slow neutrons for Si and V will be determined solely 

by expressions (11) and (14-) and will depend on the composition of 

the alloy and the degree of long-range order [4]. To find this 

dependence we must substitute the values Xx and Xs for  each specific 

structure and express the probabilities of occupation of lattice 

points by atoms using the alloy-component concentrations and the 

long-range order parameter [6]. This dependence (V excluded) In the 

case of neutron scattering is the same as in establishing the 

residual electrical resistance of binary alloys [6], disregarding 

correlation.  Physical conclusions regarding the dependence of 

background intensity on concentration as well as on the degree to 

which the alloy is ordered will remain unchanged. 

Background Intensity of Scattered Slow Neutrons with Correlation. 

If the correlation in the alloy is considerable, the expression 

for Sz should also be considered in calculating Wav.  The dependence 

of Wa (after deduction of V) on composition, long-range-order 

parameters, and correlation parameters will here be the same as in 

the problem of the residual electrical resistivity of alloys [7]. 

In the case of disordered alloys, when all crystal lattice points are 
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equivalent,   Sa Is 

^2 = — N&AB 2 E
^B *Pi)  S cos 9pm'" 

1-1 m|-l (17) 

Taking Into account the correlation In the first coordination 

sphere alone, and using the expression for e-gCpl) obtained for 

high temperatures In the statistical theory, we obtain 

S2 = —NAABctAcl~ 2 cos^pm., 
m,-l 

(18) 

where W Is the ordering energy of the alloy; 

k Is the Boltzmanh constnat; 

T Is the absolute annealing temperature of the alloy. 

Here, In the case of the scattering of very slow neutrons 

(cLpmi « l) at high temperatures, the correlation correction will 

invariably diminish the background Intensity In alloys undergoing 

ordering (w > 0), and Increase It In those undergoing disintegration 

(w < 0) . 

It is interesting to ascertain the angular distribution of 

background intensity.  The correlation part of this intensity, which 

is significant for hlgh-temperature-annealed alloys, will depend 

on the direction of the neutron scattering and the orientation of 

the crystals.  It will in the case of polycrystals be a rapidly 

attenuating oscillating function of the scattering angle, with the 

following form, (keeping only the correlation of the first coordina- 

tion sphere in mind) 

St~-im0*ABS)*B*£m 

for a body-centered cubic lattice, and 
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for a face-centered cubic lattice. 

Allowance for the correlation In the following coordination 

spheres can greatly affect the angular distribution of background 

Intensity.  Thus for alloys with a body-centered cubic lattice, 

with correlation In the first and second coordination spheres 

considered, S2 takes the following form: 

^ = - N^s [2VÄ (P.) ^ + ^ fca (P,) + % (P,),^f ]•      ( 21) 

In the case of single crystals, calculating 2  cos qp  for 
nii=i       1 

each structure (with correlation In the first coordination sphere), 

we obtain the functions S2 for alloys with body-centered cubic and 

and face-centered cubic lattices respectively; 

St = - i<m0AABtfa cos f! cos ^ cos 2|i . 

'S, = - WAABWB + *2IB) (c^ V> cos '-%■ + 

+ cos ^ cos ?-?i + cos ?|t cos 3£), 

(22) 

(23) 

where ax, a2, and as are the basic vectors of the lattices In 

question. 

Ternary Alloys 

Let us consider ternary alloys with two kinds of lattice points, 

Assuming that in our general formulas (4), (8), (9), and (3) a, a« = 

= A, B, C and Q = 2, we obtain for the corresponding expressions 

for Si, Ss and V in a ternary alloy 

+ IV,ABc(\P'BPc+KP<S)Pii>)- (24) 

-273- 



In the case of scattering by a single crystal 

w. 9 AL       B>       I 

■ ^=- ^ 2 s s s <AAB fa (p,)+«ar wi+ 
L-l xL-l J-l L'-l 

»IL' 

+ ^cWbt) + *hX(PI)1 + ABC [.^(p,) + .^'(p,))). 2 cos«, 
mt|,-l 

"•O« 

In the case of scattering by a polycrystal 

+^AC i«%; (pi)+»^ (p.)i+**c c^' (p.)+•&' (p.)» -«IL. -JJ— 

(25) 

(26) 

o 

and 
7 = ^ K ( S ^^As, + Sc.Ax) + Cfl( 2 ^a^ f 2c?Af N + 

(»<B') B.P' 
(ß<ß') 

+ cc(2^CAC(i, + 2ccAc\|. 
no» _       ' ' 9.B' 

(ß<ß') 

(27) 

The expression for V does not depend on the structure of the 

Investigated alloy. The first two terms of Kq. (27) correspond to 

the background intensity of scattered neutrons, which is connected 

with chaotic spreading of isotopes and also with the dependence of 

the energy of interaction between neutrons and nuclei on the direction 

of nuclear and neutron spins in the binary alloy AB. The third term 

appears with the addition of the third component C to the alloy; 

it produces a supplementary background which may be considerable if 

the isotopes of the admixture greatly differ in the diameters of 

their scattering. 

If the alloy is not ordered and there is no correlation, then 

the background intensity is determined by the aim St.  and V, where Si 

takes the form 
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Hence, It can be seen that when the values of c are small, 

the Increase In background Intensity undergoes a linear change 

with the concentration of the third element C, and the proportionality 

factor Is In linear dependence on the concentration of the basic 

alloy components A and B. 

In a binary alloy undergoing ordering, the correlation In the 

first coordination sphere always reduces the Intensity of neutron 

scattering, and the correlation. If taken Into account, may greatly 

affect the background Intensity. The third element admixture can 

be such as to make the correlation parameters c.c (pe) and £„, (pe) 

negative. Then the addition of the third element C as is evident from 

Eq.. (25)* will decrease the role of correlation. 

The angular distribution of the background intensity of 

scattered neutrons, both for single crystals as well as for poly- 

crystals in the case of ternary alloys, remains the same as in the 

binary alloys of the same structure. However the addition of a third 

element to a binary alloy can greatly influence (in one direction or 

an other) the correlation part of background intensity in conformity 

with Kqs. (25) and (26). 

S 

Magnetic Scattering of Neutrons 

in the Circuit of the Curie Point of Ferromagnetic 

Materials 

Experiments carried out on the scattering of heat neutrons by 

ferromagnetic materials [9, 10] have shown that magnetic scattering 

becomes extremely active at temperatures near the Curie temperature, 

A qualitative explanation of this phenomenom was put forward by 

Van Hove [10] and V. L. Ginsburg [ll] who linked the observed 
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scattering with fluctuations of the magnetic moment In the vicinity 

of the Curie point.  The easiest way to make a quantitative calcula- 

tion of the anomalous magnetic scattering Is to proceed from the 

thermodynamlc theory of second-order phase transitions rather than 

to use an atomic model of the ferromagnetic material.  The results 

of such a calculation [12] are given below. 

To ascertain the differential diameter of magnetic scattering 
d2ff 

of monochromatic unpolarlzed neutrons   by a single crystal, 
dEdfl 

calculated per solid unit angle and per energy unit, the following 

expression was used 

^^^(^.-^^»(O^.      (29) dEdn 
i.i-l 

Here !_  and J_    are the number of the Cartesian coordinates; 

öjj — 6— is the symbol; A = ^a ■; 

7 Is the magnetic moment of the neutron In nuclear magnetons 

(7 = i.9i); 

a» = -=- , where AE Is the decrease In neutron energy during scat- 
h. 

terlng; 

jn.  (t) is the Fourier component of the J th constituent of the 

magnetic moment jnla (t) at the time t_. 

Diffuse magnetic neutron scattering is determined by fluctua- 

tions of the magnetic moment. The mean square values and mean 

product value of the Fourier component of the fluctuations In the 

magnetic-moment constituents were calculated by means of the thermo- 

dynamlc of theory fluctuations. Use was made of the expansion of the 

thermodynamlc potential by degrees of magnetization, obtained from 

the thermodynamlc theory of second-order phase transitions. As a 
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result we find that pure cubic ferromagnetic metals at temperatures 

somewhat above the Curie point. In the absence of a magnetic field, 

the Intensity of diffuse monochromatic neutron scattering In the 

vicinity of regular reflections or at small-angle scattering Is 

determined by the equation 

«^ 2A .     1 a(T-T0) (ri + rrfn) ft' 
dBdCl 

2A 

"(T-TJ + ag^     a2(r —7■0^Y,-^-Y2«^1)
s + «■>,    * (30) 

Here f Is the magnetic scattering factor, corresponding to the 

considered regular reflection; 

qn Is the complement of vector ^L 
UP to the value at which the 

n th regular reflection occurs (at small scattering angles 
(<ln = I* fn = 1) J 

TQ Is the Curie point; 

Is a constant, connected with the magnetic susceptibility at 

T > To by the simple relation a(T-To) = -* 

a, 7! and-72 are constants. 

It can be seen from Eq. (50) that In the vicinity of the 

Curie point the average change In neutron energy at scattering Is 

very small (in proportional to T-TQ), and depends essentially on 

the scattering angle.  In order to find the Integral of the scattering 

diameter 2£- Per unit solid angle, we could Integrate (30)   over the 
'   dfl 

energy, taking tu alone to be dependent on E. Then, at T > To, 

— ■-2,4x1/ 1 a      kT (51) 

Thus, at small qn (i.e., at small scattering angles or In the 

vicinity of directions of regular reflection) an extremely Intensive 

diffuse scattering sharply dependent on temperature should be 

observed with the maxima of this scattering located at q = 0. 
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Since at  small scattering angles 

(52) 

do 
here, with small T-TQ^ a sharp Increase In   as the wave length 

X  and the scattering angle decrease should also be observed. 

In a more general case. In the presence of an external magnetic 

field directed along one of the cubic axis (axis oZ), and with a 

magnetization parallel to the field, the scattering Intensity Is 

determined by the equation 

*=^l/B|Wi±4+4±4y «to 
(33) 

Here« xn  ls the magnetic susceptibility along axis oZ> 

Xi  Is the magnetic susceptibility along axis oX (or oZ) ; 

9 z       Is the cosine of the angle between vector £ and axis oZ, 

In this case, scattering and anlsotropy becomes apparent, even 

at small scattering angles.  Equation (35) Is valid at T > To as well 
1      1 

as at T < TQ.  Since at T = To   =   = 0^ of diffuse scattering 
X,,     XI 

Intensity for a given qn assumes its maximum value at T = To and 

linearly decreases from this value both in the case of temperature, 

increase and decrease.  A temperature dependence of this kind has 

been observed experimentally [8, 9]- 

In disordered ferromagnetic alloys, fluctuations of the magnetic 

moment and concentrations cA atoms of any type A, generally speaking 

are not statistically independent, and in computing the fluctuation 

probabilities deflections of magnetization M and of the composition 

from equilibrium values should both be considered.  Consequently, 

instead of Formula (35), we obtain a more complicated expression for 
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the Intensity of diffuse scattering 

da . 

I+«4 (54) 

where: 7n Is the mean atomic magnetic scattering factor In the 

alloy; 

<S>0  Is the thermodynamlc potential of the alloy at T > TQ. 

From Eqs. (33) and (34) we see that In an alloy the magnetic 

scattering Intensity Is greater (at the same x n * X-1-* a* anci ^n) 

than In a monocomponent crystal.  At temperatures higher than the 

Curie point, when there Is no magnetic field, Eqs. (31) and (34) 

coincide. 
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CALCULATING THE ABSOLUTE VALUE OF THE SELF-DIFFUSION COEFFICIENT 

AT GRAIN BOUNDARIES AND OF THE BOUNDARY WIDTH 

S. Gertsrlken and.D. Tsltslllano 

At elevated temperatures the mobility of atoms In a solid body- 

determines a number of Its physical properties.  The study of the 

mobility of atoms at grain boundaries Is of special Interest.  In 

[l] method was suggested for the calculation of the diffusion 

factor at the boundaries Dbound by the following equation 

0,21 

VDitg» ß ' (D 

where a  Is the boundary width taken as equal to 5 • 10~8 cm; 

D Is the body diffusion coefficient (in a grain); 

t_ Is the diffusion time; 

tan ß  Is determined from a graph of log C vs. X (C Is the con- 

centration at a depth X). 

Study [2] provides a criterion for the applicability of the 

Fisher Method and notes that the coefficient 0.21 In Eq. (1) should 

be replaced by 0.57.  Neither of these methods makes It possible to 

determine Db und since a Is unknown. 

Study [3] considers the final problem of diffusion, for the 

calculation of which tables of the following function are given: £J 
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vQ-.*) = x {ierfe ^ + S ««»■/e (2n + v) X + ler/c (2n — ») x|, 
n—l ' 

where X = 
2 Dt 

jl Is the thickness of the entire specimen; 

t  Is the diffusion time; 

n Is the thickness of the layer from which diffusion occurs; 

ier/c L = ~re~J' — LerfeL; 

erfc L=\ — erfL; 
j 

erfL 
r T!  - 

0 

±y-"äL. 

If Qo is the total quantity of diffusing substance and Q the 

quantity of the dlffusate after the diffusion time t_,   then between 

the planes X = x and X = 1 the relationship Is as follows: 

<? h ^T-^-^-^M'-.^)- (2) 

If labeled atoms are used, we take N and No Instead of Q and Qo 

(No Is the Initial Intensity of the specimen's, radioactive radia- 

tion and N Is the same after removal of the layers).  The Intra- 

granularself-dlffuslon In silver was Investigated by this method 

[4].  If for any reason Qo or N0 are unknown, X can be found In the 

following manner [5]i 

2 <?'A-i^ifc _„A '■-'■N „A *» + ftN _ m . 

^TtT-OTT-"{*•• —T-)v\''' —j—j'=,^,»• 
Ni_9i 
N,       9, 

(5) 

Knowing Nj, N2, Xi, X2, 1 and h, a value for X should be selected 

2 "    2 
which will make Then, knowing X, we find D. 

I 
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It has been shown by research [6] that this method may be used 

to determine D^QU^ and the boundary width.  It Is known that at 

very high temperatures D.   d Is several orders larger than D -. ; 

the lower the temperature, the more this ratio Increases.  At 

comparatively low diffusion temperatures (300 to 4-00° for self- 

diffusion of Ag), it Is easily shown by Eq. (2) that due to Intra- 

granular diffusion, Qi and Q2 or, accordingly, Ni and Nz,   even at 

small X values, are practically zero; the whole effect in this 

case is determined by diffusion inside the boundaries, and Qi,  Qa, 

Qo and Ni, Na and No will relate to the boundaries. Formula (3) will 

take therefore the following form: 

€ 

"orp 

2Q2rp 

Qatv orp 

up   _ ^i 
srp ft ' (4) 

When Xi, xZ} 1, Ni^oun^ and NE^ound a:r>e known, we determine [4] 

first ^KounH 
an<i then I^oun^- Here the bo\indary width Is not taken 

into account, and the value Dhcomci ^s no lonSer relative. 

Having determined D,   . It Is possible to determine N.   d 

from the formula 

__i2.- = i;(Xrp, —j—) —t, ().rp,—y—), (5) 

in which all values are known.  Knowing Nobound ^ i-a  possible to 

evaluate the boundary width.  Assuming that Qo^ound on^  relates to 

the radioactive material which lies above the boundaries, it is 

possible to determine equation 
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(6) 

where b^ Is the grain size and No bound is the Initial Intensity 

from the boundaries. 

n 

Methods Used In the Experiment 

Foil 20 microns thick was rolled from 99.99^ pure sliver.  Next, 

some of the foil was annealed at. 850° for 24 hours and some at 550° 

for 52 hours.  In the first instance the average grain size was 20 

microns, and in the second, 10 microns.  The pieces of foil were 

then electrolytically plated with radioactive silver Ag   (thickness 

of plating 0.25 to 0.5 microns) at a current density of 3 ma/cm2 in 

a bath of the following composition: 100 g NaCN and 50 g AgCN per 

liter of water, plus several granules of radioactive silver.  The 

anode was a silver plate.  The active layer was formed on one side of 

the specimen, leaving a margin of about 1.5 mm.  After diffusion, 

this margin was cut off.  The diffusion annealing was carried out 

In vacuum. 

One or two specimens, 10 and 20 microns thick, were used for each 

temperature point.  They were sprinkled with AI2O3, Jointed in pairs 

with their active sides facing and placed in a small nickel envelope. 

After diffusion annealing, the overall intensity decreased somewhat 

through evaporation and also for mechanical reasons.  The temperature , 

determined by a chrome-alumel thermocouple, was regulated to + 2°. 

Thin layers were removed electrolytically.  The composition of 

the electrolyte was the same as for plating (without the radioactive 

Ag).  If the electrolyte is one quarter diluted with water, the 
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polishing at a current density of 10 to 15 ma/cm2 Is Improved. 

The thickness of the removed layer Just as the thickness of the 

plating, was determined with a mlcroanalytlcal balance. 

While the layers were being removed, the reverse side of the 

specimen was protected by a coating of vaseline.  Special experi- 

ments proved that the radioactive layer (on the specimen which had 

not undergone diffusion annealing) can be removed uniformly by 

electrolysis.  The removal of the layers after diffusion annealing 

was carried out in the following sequence. 

In order to avoid the possible effect of intragranular diffusion, 

a 1 to 5 micron layer is removed from the side covered with labeled 

atoms, during which the intensity decreases from many thousands 

to 10 to 200 pulses/minj 

A layer of several tenths of a micron is removed from the 

reverse side of the specimen to remove any labeled atoms which 

might have penetrated to this side through condensation or for other 

reasonsj the Intensity decreases to several score pulses per minute. 

Another thin layer is removed from the reverse side.  The 

intensity remains practically the same as in the previous operation; 

this shows that the pulses detected in the second operation are not 

caused by the isotopes passing through the boundaries into the 

specimen. 

Layers from 0.5 to 1 micron are then removed consecutively from 

the face.  Here, the intensity gradually decreases, and combinations 

of these values of Nbcauid enable us to determine ^bOUn<i. 

The radiation Intensity was measured by an AMM-12 glass counter. 

The investigated specimen, contained in a paper envelope, was held 

In position in the testing area of the counter tube by means of 

:) 
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rubber rings.  This ensured that the geometrical conditions remained 

the same and that. In addition, the radiation given off the specimen 

was used to Its maximum.  To keep the statistical error low the 

counting was carried out for 1 to 2 hours. 

Analysis of the Experimental Data 

Let us take an example from our analysis of the results of the 

experiments.  The diffusion annealing of the specimen was carried 

out at 575° for 4 hours.  When the margins of the specimen had been 

cut off, the pulses were 25*550 per minute, without any correction 

for the "dead time" (h = 0.58, 1 = 20, grain size b = 10 ix),  A layer 

of 2.9 M. (N = 159 pulses/mln) was taken from the active side, then 

a layer of 1.1 M, (N = 84 pulses/mln)  and another layer of 1.5 p- 

(N = 84 pulses/mln) from the reverse side. The results of the 

consecutive removal of the layers are shown In Table 1. 

Table  1 

«,  MK JVpp,   HMn/MMH X.  MK A'j-p.   lIMfl'MUH 

2,9 
4,0 
4,8 

84 
72- 
64 

5,6 
6,7 
8,0 

55 
46 
34 

Ä^w 

We then calculated Dbcnmci 
= Xj— k _ 4 — 0,38 

20 = 0,181; 

_x1 + h_ 4+0,38 _ = 0,219; 

x2—k      6,7 — 0,38 = 0,316; / 20 

= fl+_A = M+o:38==0i354 
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Let us assume X = l.Sj then, for data v  In Table 1 we find: 

», = (1.8; 0,181)-^(1,8; 0,219) = 0,16521-0,14203 = 0,02318 = ?1; 

v2 = (1,8; 0,316) - v2 (1,8; 0,354) = 0,09382 - 0,07878 = 0,01504 = W 

:) 

9l 0-02318-=i54 N-m.-^     .*** W   0,01504 

Let us assume X = 2.  Then, similarly, we find for X = 2 

from Table 1   = 1.66.  Consequently, the true value of X lies 
2 

between 1.8 and 2.  At X = 1.84 

i1 
1,565 =;yl^-,        T. e. iicKOMaii X. = 1,84. AT, 

Since in our example there are six values for depth x and N*   d, 

by combing the data in Table 2 we obtain 15 values for X which, 

within the limits of experimental error, should coincide 

TABLE 2 

X,   Mil X X,   MI! \ 

2,9-4 1,84 4,0—8,0 1,89 ,< 
2,9-4,8 1,80 4,8-.r.,6 2,10 
2,9-5,6 1,89 4,8—6,7 1,87 
2,9-6,7 1,84 4,8-8,0 1,91 
2,9—8 1,89 5,6—6,7 1,70 
4,0-4,8 1,80 5,6-8,0 1,88 
4,0—5,6 1,91 6,7—8,0 1,95 
4,0—6,7 1,84 

Xcp = 1,87 ±0,06; 

Dcp = (1,98±0,13)-10-" CMVCBK, 

Now, knpwing Xav., by a reversal of this operation we are able 

to determine NQ KQUT,^ since all other quantities of Eq. (4) are 

known, except No bound
: 
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2 84      0 38 
TIZr'-&"*&#*'' 0,181) —»{1,87; 0.219) = 0,1549 — 0.13216-0.227. 

Hence No bound = 120 Pulses/mln' 

From Table 2 we cen  also find the values No bound = 120'   120' 

122, 119, 122 and 116.  The mean value Is No bound = 120 Pulses/min. 

Using Eq. (6) 

TC^T'   HaHÄeM 

a=
     27550-2    =2.2-10'  CM. 

All meas\irement  data are  summarized In Table 3. 
1 

Having plotted log ^bound aSalnst ™'   we obtain the activation 

energy of self-diffusion along the boundaries of sliver, which Is 

20.5 kcal/g-atom.  Prom our data for boundary self-diffusion we 

obtain the following equation: 

AT, = 1,5-10-« exp ( - Ä ) CMVCCK. 

There are reasons to believe that the measurement of IVound anc^ 

a can also be carried out on massive specimens; in this case 

2Nl ro '•        * 
-      — = Y [ ierfc (a, — h)X — ier/c (^ + fe) X ]; *. orp 

x = 2 Vot 

It is interesting to note that for the boundary self-diffusion 

of silver, as investigated by the Fisher method [7], it has been 

obtained that 

Z)rp = 2.5 • 10-» • exp(_?i^) CMVCCK. 
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TABLE 5 

,1 

TeiincpaTTpa, 
•c 6, MM iv.' N. ^.rp oio- Drp.)0" DrplO". cu'letH 

275 10 31250 34 300 166 2,4 0,126 

275 10 28 720 31400 180 2,9 0,094 0,116±0.014 

275 • 10 30100 32 900 168 2,7 0,127 

300 10 28 500 31100 156 2,5 0,192 

300 10 29 680 32 400 '154 2,4 0,214 0,194^0,013 

300 20 27 900 31400 154 4,8 0,177 

327 10 13 200 13 600 99 3,6 0,48 
0,52 ±0,04 

327 10 14 500 15150 105 3,5 0,56 
350 10 25 000 26 900 104 1,9 0,94 
350 10 26 800 29 000 111 1,9 1,14 1,13 ±0.09 
350 20 28100 30 500 98 3,2 1,14 
350 20 23 450 25100 91 3,6 1,29 
375 .  10 25 550 27 550 120 2,2 1,98 1,79 ±0,19 
375 20 26 240 28 350 116 4,1 1,60 

* No means the Initial number of pulses per minute disregarding 

the "dead" time, while No takes It Into account. 

Thus the activation energy, practically speaking, coincides with 

the energy discovered by us, and the pre-exponentlal members differ 

mainly because In the Fisher method a Is arbitrarily taken as 

10 cm, whereas the true value of a Is considerably larger: 

"IICT   2,5- io-2. 
5 ■ 10-»= 1,5 • 10-» ' 

<W = 8,3-l(r« CM. 

Consequently the boundary width a Is approximately two orders 

greater than that assumed by Fisher and by those who used his 

method to Investigate boundary diffusion.  It should be noted that 

In the studies made by V. I. Arkharov and his collaborators. In 

particular [8], the boundary width estimated from measurement of 

the cahnges In the lattice parameter for different grain sizes In 

lead containing small admixtures was 550-900 A. 
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Conclusions 

Self-diffusion along the boundaries of grains of silver was 

Investigated by a method proposed by one of the authors, and absolute 

diffusion factors were determined. I.e., without any arbitrary 

assumptions regarding the boundary widths as was done previously. 

The coefficients of the self-diffusion of silver along the 

boundaries conform to the relationship 

r.    t  tz     tn-i I      20300 \ Z)rp = 1,5 • 10 *exp^ JJT-J' 

The boundary width In silver was also evaluated and was shown to 

be several hundred A, not 5 A as previously assumed. 
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STUDY OF CHROMIUM-NIOBIUM-VANADIUM ALLOYS 

V. N. Svechnlkov, Yu. A. Kocherzhlnskly, V. M. Pan and A. K. Shurln 

Through the Introduction of new methods of purification. It Is 

now possible to use chromium and Its alloys for consturctlon purposes., 

particularly as heat-resisting materials.  There Is consequently, 

an Increase In phase diagrams of metal systems containing chromium, 

which are Indispensable in the selection of new construction materials, 

Binary Phase Diagrams 

Chromium - Niobium.  The chromlum-nloblum diagram has been In- 

vestigated In somewhat greater detail than the nloblum-vanadlum and 

chromium-vanadium diagrams.  Data obtained from the first studies on 

this question [l, 2] have reen rendered more precise by the most re- 

cent Investigations [5, 4].  These last two studies give similar 

overall representations of the chromium-niobium diagram, but they 

differ with regard to particulars.  According to the data supplied, 

there are present in the diagram two solid solutions, (one based on 

chromium and one on niobium), one chemical compound NbCr2, and two 

eutectlcs.  The solubility of niobium in chromium at saturation is 

50%  by weight [4] or 10 atom percent [5]. 
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The lattice of the chromium-base a-solutlon Is body-centered 

cubic lattice with a parameter of 2.88 to 2.89 KX units Irrespective 

of composition [3]j with a parameter ranging from 2.881-KX In pure 

chromium to 2.886 KX at maximum saturation [4].  The microhardness 

of the a-solutlon Is 196 kg/mm2 at Ofo  Nb; 290 kg/mm2 at 1.6%  NbJ 

In the two-phase part of the diagram. It Is from 430 to 650 kg/mm 

[4], or from 220-kg/mm2 In pure chromium up to 420 kg/mm2 with 5^ 

Nb. 

The ß-phase of NbCr2 has a face-entered cubic lattice, a = 6.95 

to 6.98 KX [3], and the microhardness is 156O to 2120 kg/mm  [4], 

The nloblum-base 7-solld solution has a body centered cubic 

lattice with a parameter of 3.25 KX at kO  to 80 atom percent Nb up 

to 3.28 KX at 90 atom ^ Nb [3]j the microhardness Is from 590 kg/mm2 

In pure niobium up to 1320 kg/mm2 [4], or from 505 to 740 kg/mm2 [3], 

The solubility of chromium in niobium Is 23%    by weight [4] or 20 

atom percent [3]. 

The eutectlc a + ß Is at 16600 and with 31^ Nb by weight [4], 

or at I6600 with 22 atom ^ Nb [3].  NbCr2 melts at 1750° [4], or at 

l680o [3].  The eutectlc a + 7 is at 1710° with 65%  Nb by weight 

[4], or at 16600 with 40 atom %  Nb [3].  The Vickers hardness of the 

alloy ranges from 200 to 1200 kg/mm2. 

Niobium-vanadium.  According to the work described in [5], the 

system niobium-vanadium represents an interrupted series of solid 

solutions at temperatures of 6500 and more.  The fusibility diagram 

has Its minimum at l8l0o with 35^ Nb by weight.  As regards the 

a-phase of this system, published material contains contradictory 

data. 

Research [6] detected precipitations along the grain boundaries 
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In alloys with 50 and 4C$ Nb.  The nature of the precipitation has 

not been established.  The authors study [5] deny the existence of "T 

the second phase. 

Chromium-vanadium.  This system has not been properly studied. 

Investigations were limited to the changes In the solid solution 

parameter of specimens annealed at 700° for 240 hours [?].  An un- 

interrupted series of solid solution was discovered at this tempera- 

ture and this was confirmed In study [6]. 

Program Research of Investigations and Materials 

Chromium-base alloys, containing up to 50^ niobium and up to 

10^ vanadium both by weight were Investigated with a view to plot- 

ting the chromium angle of the phase diagram and studying some of 

the physical properties of the alloys. 

The latter were prepared from the following materials: 

Electrolytic refined chromium, containing admixtures in %'. 

Pb, Sn, Bl, Sb, Cd ^ 0,0003; 0, N ^ 0.003; S^ O.OOlj 

Pulverized niobium containing admixtures in %'.     Pe - 0.3^;  Tl - 

0.23; si - 0.05; Pb - o.iij c - 0,18; 

Compact vanadium containing admixtures in fo:     V -95; Al ^ 2; 

Fe^; 0,2; C ^ 0.03; A1203 - 2.12. 

Preparation of the Alloys 

The chromium and niobium were mixed and compacted prior to 

smelting.  Smelting was carried out in a high-frequency furnace in 

crucibles made of zirconium oxide, and partly of aluminum oxide; 

the castings weighed 100 g.  Heating up to temperatures around 

o 
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1200 to 1500° was carried out In vacuum (~ 10 4 mm Hg ), and further 

heating, melting and crystallization were carried out in argon at a 

pressure of 200 to 4-00 mm Hg.  After solidification of the alloy, 

the combustion space was once more evacuated to ~ 10 4 mm Hg.  A 

second cruiclble made of magneslte (prepared mechanically from brick) 

was used to prevent the metal leaking in case the cruiclble cracked. 

Cruicibles made of zirconium oxide usually cracked during melting, 

and some of the metal hardened in the narrow space between the two 

cruicibles.  When the alloy had hardened, the cruicibles were 

broken and the pieces of the cruiclble which had become welded 

to the surface were removed from the metal by emergy grinders.  All 

the piglets proved to be brittle (though not to the same degree), 

and emergy wheels were the only means of cutting them. 

Specimens were also cast in the form of rods.  Here, after they 

had been melted and briefly held in the liquid state, argon pressure 

in the combustion space was raised to atmospheric pressure or some- 

what higher; the sight glass was removed and a quartz tube connected 

to a manual piston pump was inserted into the metal through the 

upper opening in the quartz retort of the furnace.  When the metal 

had been drawn into the tube, the latter was swiftly removed from 

the surface; the opening was covered with the glass.  The cooling 

piglet and the evacuation of the combustion space took place at the 

same time.  In spite of the temperature of the liquid metal being 

higher than the melting point of quartz, it was possible to produce 

compact rods more than 100-mm long in tubes up to 4 mm in diameter. 

The alloy composition (per charge) (Table 1) was selected with a 

view to an Investigation of three cross sections of the diagram 

(at 0.5 and 10^ V) . 
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TABLE 1 

C'orTait no   anrumny. »ec. % 

ciijiana 
Cr Nb V Cr           |         Nb   , y 

1 100 Aua.-m.t lie npoH3BOAHnca 
2—0 98 2   • 
ö—0 95 !          5 „ 5,4 

10—0 90 !     10   9.0 

20—0 80 1        20 — 19,0 

30—0 '   70 |        30   29,2 

35-0 *65 35   34,8 

40-0 GO i        40   39,8 

50-0 50 1        50 ,  50,3 

0—5 95 5 0 4.8 

2—5 93 
i          2 5 2,0 4,8 

10—5 85 i       10 5 9.6 4,8 

30—5 65 30 5 29,0 6,1 

50—5 45 50 5 45,7 4,2 

0—10 90   10 10,0 

2-10 88 i          2 10 2,0 9.6 

5—10 85 5 10 5,0 9,7 

10—10 80 10 10 10,1 11,0 

20—10 70 :       20 10 20,3 10,0 

30—10 60 30 10 28,4 10,0 
40—10 50 !        40 10 49,8 9.1 
50—10 40 50 10 48.8 10,8 

Structure of the Cast Alloys 

The specimens were prepared mechanically and given a final 

polishing with cloth with chromium oxide suspension.  They were 

etched in a boiling ifo  solution of H2S04,less frequently, they were 

etched electrolytlcally in a solution of oxalic acid, and, lastly, 

by evaporation in vacuum at a temperature up to 1000° (parallel 

with measurements of hot hardness). Photographs were taken with 

a PMT-3 apparatus, using additional attachments for magnifications 

of x 100 and x 6oo. 

A study of the microstructure of cast, binary chromium-niobium 

alloys confirmed existing scientific data on the solubility of more 
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than 2^ of niobium In chromium, with the presence of an eutectlc 

at about 50^ Mb, and a chemical compound of approximately 50% by 

weight. 

The solubility of niobium In chromium undergoes no significant 

change when vanadium Is added (up to 10%  In weight).  Judging by 

the mlcrostructure, the content of niobium in the eutectlc alloy 

(30^) does not depend on the addition of vanadium (up to 10%) . 

The solubility of vanadium in the intermetallic  compound NbCr2 

was discovered.  Fig. 1 represents the microstructure of alloy 50-10 

revealed by vacuum etching (10~4 mm Hg, 1000°).  It can be seen that 

only one phase is present in the alloy which Is, apparently, the 

solid solution of vanadium in the Intermetalloid compound NbCr2. 

/*.• 

v,»j» %•- 

Fig. 1.  Microstructure of alloy. 
50-10 (x 600) 

Hardness of the Cast Alloys 

'*v 

The hardness of the cast alloy was measured with the Vickers 

device under a load of 10 kg.  The effect of vanadium on the hardness 
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of alloys Is small, whereas that of niobium Is significant:  from 

200 to 250 kg/mm2 with 0^ Nb and up to 550-600 kg/mm with 30^ Nb. £'• 

A  further Increase In the niobium content hampers the measurements 

of hardness since the excessive brlttleness of the alloys renders 

Indeterminate the results obtained. 

Mlcrohardness of Phases In the Cast Alloys 

The mlcrohardness was determined with PMT-3 apparatus under a 

load of 30 g.  In alloy No. 1 the mlcrohardne^amounted to approxi- 

mately 220 kg/mm .  Vanadium Increases the hardness of the a-solutlon 

up to 350 kg/mm2 with 10^ V.  Niobium increases the hardness of 

the a-solution even beyond the limits of solubility, up to 600 kg/mm2 

In alloy 50-0, and up to 720 kg/mm2 in alloys 20-10 and 30-5, which 

Indicates the state of nonequllibrium of the alloys.  The mlcro- 

hardness of the ß-phase of NbCr2, irrespective of the composition of 

the alloys, r ges from 950 to 1300 kg/mm2. 

Structure of the Annealed Alloys 

Annealing at 1170° for 75 hours in an atmosphere of argon does 

not cause any noticeable changes in the structure, hardness, mlcro- 

hardness, or specific electric resistance of the alloys.  In the 

absence of special equipment, the following device was used for an- 

nealing at higher temperatures.  A heavy cylindrical ampule of the 

following dimensions from Armco iron; outer diameter 46 mm, inner 

diameter 16 mm and length 125 mm.  Specimens (0 15 x 5 mm) were 

placed Inside the ampule.  The gaps were filled with pulverized 

aluminum oxide.  The ampule was sealed with threaded Armco-lron 

O 
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plug, heated In a crucible furnace to 1000°, and welded together. 

The heating during the welding process served to expel the air. 

The specimens Inside were annealed In a TW-2M furnace In vacuum 

(10~4 mm Hg.) at 1550 to 14-50°.  The temperature was measured with 

a TsNIIChM-1*- (tungsten-molybdenum alloyed with aluminum) .  Alloys 

1,   2-0, 5-0, 10-0, 20-0, 0-5, 2-5 were annealed at 1350° for 56 hours 

and alloys 0-10, 2-10, 5-10, 10-10 and 20-10 at 1450° for 30 hours. 

Figure 2 represents the mlcrostructure of alloy 20-10 when case (a) 

and after annealing for 30 hours at 1450° (b), and shows the precipi- 

tation of the excess phase In grains of the primary a  -  solution. 

The change In mlcrohardness of the a - phase In relation to the 

niobium content Is shown in Pig. 3- *fcf% ll rtSr.!"^ f'-'^T 

{*■■'' 

^ 

7\ 

■A% 

\ 

^ 

«0 

JOT 

>^ 
.—ai 

'^ io%v i 

k 
!^ 

tf*v I 
S W li 20 

Codepxanue Nb, % 

z 

Fig. 2.  Mlcrostructure of 
alloy 20-10 (x 600). Etching In 
H2S04 (x 600) . 

Fig. 3. Influ- 
ence on alloys 
composition on 
mlcrohardness of 
a-phase 

* TsNIIChM: Tsentral'nyy Nauchno-Issledovatel« skly Institute 

Cherny Metallurgll (Central Scientific Research Instute of Ferrous 

Metallurgy), 
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Determination of the Solldus Temperature 

A method proposed by the Baykov Institute of Metallurgy of the 

Academy of Sciences of the USSR was used to determine the temperature 

of the beginning of flslon.  In this a rod-shaped specimen of con- 

stant cross section Is fastened between two-cooled electrodes and Is 

electrically heated.  A small cavity Is made In the middle of the 

specimen and the Junction of a thermocouple Is Inserted Into It. 

The unevenness of the temperature along the length of the specimen, 

which Is made much greater by the presence of the cavity, causes the 

melting to start In the cavity rather than elsewhere.  As the experi- 

ment shoes, the zone of the melting metal or alloy then spreads 

while the temperature of the liquid phase remains constant.  This 

is even the case with a single-variant system when, at the point where 

an ordinary temperature curve passes the solldus line, only a small 

Inflection can be seen.  This is evidently caused by the intensity 

with which the melting metals absorb heat from the liquid phase which 

does not thereby increase in temperature. 

In our experiments the specimens were heated in the structural- 

investigation chamber of a VIM-1 unit, and a crude (unannealed) 

TsNIIChM-1 thermocouple was used.  The thermocouple was calibrated 

by the .method described above according to the melting points of the 

pure metals:  copper (10830), nickel (1445°), iron with 0.07^ C 

(1525°). titanium (16600), chromium (1840°), and zirconium (i8600). 

The emf of the thermocouple was measured with an indicating milli- 

voltometer with a 17mv scale. 

The precision of the method for a non-variant system (for instance, 

pure metal, a eutectlc) amounted to + 5° and for a single-variant 

system + 10°. 
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Cavities of the required shape and depth are drilled In the 

specimens by the electric spark method, and heating Is carried out In 

an atmosphere of purified argon at a pressure of approximately 100 

mm*. 

In certain cases, after a "shutdown" at the temperature corres- 

ponding to the solldus, the Increase In current through the specimen 

led to a rise in temperature right up to the moment when the current 

was cut off due to the fracture of the specimen.  The temperature 

at this fracture po^nt was taken as the llquldus. 
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Fig. 4.  Diagrams of Binary and Ternary Alloys, 
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The results of the experiments are given In Fig. 4, which shows 

a diagram of (a) the binary system chromlum-nloblum ranging from 

0 to 50^ Nb (b), the binary system chromium-vanadium from 0 to 10% 

V (c),  a vertical cross section at a constant content of 10%  V by 

weight.  Figure 4 also Illustrates the displacement of "the eutectlc 

transformation temperature In chromlum-nloblum alloys according to 

the vanadium content (d) .  A lowering of the melting point from 

1840° at 0^ Nb to 16650 at 30%  Nb by weight Is observed In the 

binary system chromlum-nloblum.  The eutectlc level begins at 1665° 

with 15%  Nb. 

A decrease In the temperature at the beginning of the melting 

from 1840° for pure chromium to 1780° at 10% V  by weight Is appa- 

rent In binary alloys of chromium-vanadium.  These data correspond 

to data obtained from mlcrostructural analysis, which establishes 

the homogeneous solid solution in these alloys.  Eutectlc transfor- 

mation was also discovered In the crosssectlon with 5 and 10%  V. 

The eutectlc temperature at 5%  V is 1642°, and at 10%,   1612°. 

The addition of vanadium to chromlum-nloblum alloys (at least 

In the limits of 0 to 10%),   seems to broaden somewhat the range 

of the chromium-base solid solution and to reduce the eutectlc 

temperature. 

X-Ray Dlfractlon Analysis 

The chromlum-nloblum-vanadium system was investigated by x-ray 

diffraction mainly to ascertain the effect of niobium and vanadium 

on the parameter of the chromium-base solid solution. 

The alloys were first annealed at 1350° for56 hours, or at 

1450° for 30 hours and then pulverized In a special mortar.  Next, 
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the powder was annealed at 1000° for 2 hours to eliminate any 

stress originating in the pulverization process. 
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Fig. 5.  Influence of admixtures on the 
lattice parameter. 

Photographs were taken in a back-reflection camera using chromium 

radiation K™ and K~ .  Pure chromium served as a standard; its 

parameter being assumed equal to 2,87l4 KX [8]. 

No changes in the solid solution parameter in relation to the 

niobium content were observed in the binary chromium-niobium alloys. 

The addition of vanadium to chromium Increases the parameter of 

the crystal lattice from 2.871^ KX at 0^ V to 2.8765 KX at 10^ V by 

weight.  Here there is a small negative deviation from the law of 

additivity (Fig. 5a).  A change in parameter in the alloy containing 

5^ V by weight and 2^N3 by weight, in comparison with alloy 5-0, 

were "practically nonexistent.  In alloys containing 10^ V by weight 
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there Is a definite change In parameters dependant upon the niobium 

content.  The parameter changes from 2.8765 KX at 0^ Nb to 2.8880 

KX at 20%  Nb by weight.  As Is clear from Fig. 5 b3 the solubility 

of niobium In the a-solutlon containing 10%  V at 1450° Is approxi- 

mately 7%,  which also Is confirmed by measurements of the micro- 

hardness . 

X-ray diffraction analysis was also made In the case of the 

phase composition of the same alloy specimen 20-0 (80^ Cr, 20^ Nb), 

one half of which had undergone annealing at 1170° for 75 hours, and 

the other half of which had been hardened by cooling at a rate of 

about 200o/sec In a temperature range of 1700 to 600°.  Photographs 

were taken of a strongly etched specimen In a cylindrical chamber 

57-5 mm In diameter, using chromium radiation.  The Identical nature 

of the diffraction patterns obtained proves that the phase composi- 

tion Is the same in both cases. 

Change in the Hardness of the Alloys due to Heating 

Hardness during heating was determined on a VIM-1M unit from 

the indentations left by a diamond square-based indenter under a 

load of 1 kg.  The imprints were measured with a PMT-J device. 

Fig. 6 (a) represents the dependence of binary chromium-niobium alloys 

on temperature.  A diagram of the change in the hardness of chromium 

'and Ezh4 steel obtained under similar conditions Is also given for 

comparison.  The advantage of chromium over an iron-base alloy is 

easy to see.  The hardness of steel at room temperature Is greater 

than that of chromium, but at temperatures higher than 500° the 

contrary Is true, and at 1000° the hardness of chromium Is threefold 

that of steel.  Nevertheless, In terms of the absolute value, the 
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hardness of chromium at high temperatures Is low (about 50 kg/mm2). 

An addition of 2%  Nb Increases the hardness of chromium through- 

out the entire temperature range, and considerably more at high 

temperatures (from l80 to 260, i.e., by 80 units at 20°, from 60 to 

190, I.e., by 130 units at 1000°).  An Increase In the niobium 

content to 5^ Increases the hardness at room temperature (up to 380 

kg/mm ) but Is practically speaking of no advantage In comparison 

to 2%  Nb at high temperatures.  Among the alloys with a higher niobium 

content the eutectic alloy stands out as having great hardness 

(600 kg/mm ) at room-temperature, which it maintains with hardly any 

change when heated up to 800°).  Even 1000° It still maintains 84^ 

of its initial hardness (490 kg/mm2). 

Figure 6b, represents the changes in the hardness of alloys 

with a 5^ V content.  The most interesting of these is the binary 

chromium-vanadium alloy, which at room-temperature has a hardness 

of 220 kg/mm2.  During heating, its hardness first declines to a 

minimum at 500° (150 kg/mm2), and thereafter increases until it 

regains Its initial hardness between 700 and 1000°.  This phenomen 

is reversible.  It Is apparently not connected with aging, since the 

hardness of this alloy after heating and recooling to 20° is again 

equal to 220 to 230 kg/mm2. 

The heat resistance of the alloy containing 2%  Nb and 5^ V is 

very high.  On heating, its hardness undergoes a slight through 

uniform decrease over the entire range of temperature studied from 

290 kg/mm2 at 20° to 200 kg/mm2 at 1000°.  Up to 700° the hardness 

of this alloy is greater than that of the binary chromium-niobium 

alloy with an equal niobium content.  Alloys with a greater niobium 

content (10^) are either very hard at room temperaute, abruptly 
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Pig. 6.  Dependence of alloy hardness on 
temperature. 

loosing, their hardness., however^ when heated, or they are brittle 

(50^ Nb) to the extent that considerable scattering Is obtained 

during the measuring. 
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The hardness of alloys containing 10^ V as a function of 

temperature Is given In Fig. 6(b) .  Here again the particular be- 

havior of the binary chromium-vanadium alloy Is confirmed, i.e., 

maximum harndess at 800° and a hardness at 1000° not Inferior to 

hardness at 20°.  Alloy 2-10 Is slightly Inferior to alloy 2-5. 

Alloy 5-10 behaves in more or less the same way as the alloy 5-0 

and 2-5-  The hardness of alloy 10-10 declines more steeply at 

heating In comparison with 10-0 and 10-5 (from 500 kg/mm  at room 

temperature to 250 kg/mm2 at 1000°, I.e., by 250 units) 

The data obtained enable us to conclude that the preservation 

of hardness upon heating Is guaranteed mainly by adding small 

quantities of niobium (2-5^) and vanadium (5/^) •  A further increase 

in the niobium content has the effect of considerably Increasing 

hardness at room temperature rather than at higher temperatures. 

Resistance to Scaling at High Temperatures 

Specimens of regular geometrical shape (parallelepiped, cylind- 

rical) , to allow the magnitude of their surface to be determined 

were from the alloys. The specimens were placed is small porcelain 

boats, which had first been annealed to a constant weight.  The 

boats containing the specimens were weighed on analytical scales prior 

to heating for 5 hours in a furnace at 960°.  Figure 7 shows the 

changes in weight of the specimens per surface unit, depending on 

their composition. 

Binary chromium-niobium alloys proved to be the most stable. 

At a content of 5 to 20^ Nb, their stability is not inferior to 

that of pure chromium (the Increase in weight is 0.01 mg/mm2). 

The only alloys to gain slightly more In weight were the alloy 
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containing 2%  Nb (0.047 mg/mm2) and those with a niobium content 

greater then 50$.  Vanadium sharply reduces stability.  Alloys 

containing 5$ vanadium undergo an weight increase 8 to 10 fold greater 

on the average and maximum oxldizabllity (0.15 mg/mms) observed at 

2%  V.  Alloys containing 10%  V oxidize still more intensively; the 

Influence of niobium in these alloys proves to be very great.  If 

the niobium content is stepped up from 0 to 5%,   the weight increases 

rapidly (from 0.15 to 0.755 mg/mm2); a further addition of niobium 

causes the  weight increase to decline (to O.096 mg/mm at 40$ NlJ. 

For purposes of comparison we should point out that under the same 

conditions, a weight increase of 0.45 mg/mm2 was obtained for 

technical iron.  Repeated heating under the same conditions (5 hours 

at 960°)produced the same weight increase in most cases. 

These observations make it clear that alloys containing more 

than 5^ vanadium can not be used in an oxidizing atmosphere at high 

temperatures. 
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Fig. 7.  Resistance of alloys to scaling. 
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Conclusions 

As a result of the study of chromium-base alloys with a niobium 

content up to 50^ by weight and of vanadium up to 10%  by weight 

produced by melting In an Induction furnace In an/atmosphere of 

argon, a section of a ternary diagram of phase-equlllbrlums was 

plotted within the given concentration ranges.  The hardness and 

resistance to scaling of alloys at temperatures, up to 1000° were 

Investigated, 

2. At high temperatures, binary chromium-vanadium alloys, the 

hardness of which at temperatures of 800 to 1000° Is not Inferior 

to that at room temperautre, are especially stable from the view- 

point of their hardness.  Best among the Inveslgated alloys with 

regard to hothardness are those alloys with low contents of both 

admixtures (niobium, 2 to 5^; vanadium, 5 to 10fo) ,   and also the 

binary alloy containing J>0%  Nb.  However, It Is not possible to 

use alloys containing more than 5^ vanadium alloys In an oxldlnzlng 

atmosphere.  It Is therefore the binary and ternary alloys with a 

small (2 to 5^) content of niobium and vanadium which are of 

practical value as a base for heat-resistant alloys. 
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INVESTIGATION OF THE STRUCTURAL CHANGES 

IN IRON-NICKEL ALLOYS AT THE PHASE TRANSITION 

7-^. (7 -h a) 

M. I. Zakharova and N. A. Khatanova 

The aim of our research was to Investigate the phase transi- 

tion 7-> (7 + a) In Iron-base alloys containing 50 to 32^ Nl,  It 

was determined that at a temperature of 400° this transition pro- 

ceeds extremely slowly.  Cold deformation of alloys at room tempera- 

ture not only speeds up the process 7 -> a, but the deformation of 

an alloy subjected to martensltlc transformation at -1960 helps 

equally to accelerate the reverse transition a-> 7,  At tempera- 

tures higher than the martensltlc point the Initial stage of 

7-> a transition follows the usual martensltlc, transition pattern, 

and the newly formed layers of the a-phase lie parallel to plane 

(111)  of the 7-phase.  At the annealing temperature of 400° the 

coherence of lattices Is apparently disrupted during the initial 

transition stage, and this is what actually decelerates the transi- 

tion process. 

Different kinds of phase transitions are superimposed on one 

another during the heat treatment of multlcomponent alloys, which 

is why It Is so difficult to their individual influencs on the 

changes in alloy properties. The study of each phase transition 

by itself will enable us to analyze them correctly taken as a whole. 
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Extensive literature has been published on the study of the 

7-> a transition In ferro-nlckle alloys [l]; nevertheless, the extra- 

ordinary stability of the nonequlllbrlum state In these alloys [2] 

still remains unexplained.  It was the polymorphic transition in 

alloys containing 30^ Pe and 32^ Ni which were studied in the pre- 

sent work. 

Electrolytic iron and nickel were used to prepare alloys con- 

taining 30^ Pe and 32^ Ni.  After casting., alloys were homogenized 

at 1000° for 10 hours, were annelaed for 18 hours at 600°, and 

were then quenched in water.  Single crystals were produced by re- 

crystallization at 1200°.  After continuous annealing for 60 hours, 

the 1 mm thick laminae developed up to 20 mm2 in area. 

X-ray and microscopic analysis of the polycrystalline specimen 

and x-ray analysis of stationary single crystals were made. 

The process of polymorphic transformation was studied during 

isothermal heating at 400°, at which temperature, according to the 

Owen and Sully diagram [3]* about 27^ of the phase should be pre- 

sent in an iron-base alloy with 32^ nickel that is in a state of 

equilibrium. 

For x-ray analysis of the polycrystals, powder was obtained 

from a homogenized specimen by filing the powder was then annealed 

for 20 hours at 600° and subjected to Isothermal annealing at 400°. 

X-ray pictures were taken by cameras 114 cm In diameter, using 

iron radiation; the specimens were 0.4 mm in diameter. 

After annealing for 100 to 200 hours only 7-phase lines 

appeared on the x-ray pictures.  A very weak a-phase line (110) 

appeared in the alloy containing 30^ Ni after 300 hours, and after 

500 hours In an alloy containing 30^ Ni.  An increase In annealing 

D 

r 
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time to 500 hours In the case of the 35$ Nl alloy, and to 800 hours 

In the case of the 32$ Nl alloy, brought about no appreclai-le 

changes, which Indicates that the 7-> (7 + a)  at 400° Is very slow. 

Cold deformation by filing powder from annealed specimens 

leads to 7-> (7 + a)  transition at room temperature, and lines 

(110) and (112) of the a-phase appear on the x-ray pattern immedia- 

tely after deformation. 

In order to compare the transition rates at 400° and at 

temperature lower than the martensitic point, the phase composition 

of the iron alloy containing 32^ Ni, under different treatments 

was determined by the intensity of the corresponding lines, 

TABLE 1 

OOpaOoTKa   ciuiana 

.InKn.iKo nopouiKa cnjiana B wnnKHfiaaoic 600' 

3(iKnjiKa oCpaaua   B  «maKHÜ aaox c nocne- 
;iyioineu flctfopmaniiCH np« 20° 

SimnjiHa oßpaana  B  HtiiflKHii   aaor, flcdiop- 
Maunn H oxHiHr npn 400°—6 qac. 

KojiiiHecTBo iftaa, % 

16 

46 

73 

84 

54 

27 

During the quenching in liquid nitrogen 84^ of the 7-phase is 

transformed into the a-phase; subsequent deformation at room tempera- 

ture leads to the reverse transition of 30$ of the a-phase to the 

7-phase.  When the alloy was subjected after the deformation to 

annealing at 400° for 6 hours, 27$ of the a-phase appeared in the 

alloy, which corresponds to the equilibrium state at 400° (Table 1). 

Consequently, cold deformation of the alloy in which martensitic 
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transformation has taken place soon leads to a state of equilibrium 

in the alloy both at 20 and 400° through the reverse transition of 

the a-phase to the 7-phase, whereas In the case of Isothermal anneal- 

ing (400°) and water quenching the alloy remains far from equilibrium 

even after an annealing period of 1000 hours 

Because of the difference In the specific volumes of the 7- 

and a-phases the phase transition 7-» (7 + a) is accompanied by the 

formation in the a-phase lattice of elastic stresses which were in- 

deed those investigated in this study with respect to the breadth 

of the lines and to changes in the correlation of intensities.  Be- 

cause of the slight broadening of the lines, this broadening was 

related to second-kind stresses only 

The second-kind stresses were determined from the width of the 

7-phase line (113), using standard specimen  Line width (113) was 

determined as the quotient of the integral intensity divided by the 

maximum intensity 

The true width of the ß-llne was determined by the method 

evolved by G. V Kurdyumov and L I  Lysak [4],  The width of the 

line '.luder study was determined from' the relationship 

63 

1 

B 
ll(x)F(x)dx  ' 

where f (x) and F (x) represent the distribution function of densities 

of the standard line and of the line under study; 

b  is the width of the standard line 

It was assumed that f (x) = P (x) = 1 
-ox 

in which case 

B' b + ß   Photometric readings taken from x-ray patterns of 

the iron-base alloy containing 32^ Ni, enabled us to determine that 

the magnitude of the stress after annealing at 400° for 350 hours 
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Is 10.4 kg/n:m , and after annealing for 500 hours, 12 kg/mm2. 

A determination of changes In the relationship of the intensity 

of lines (110), (200) and (115) during the annealing at 400°, dis- 

closed that the rms values for atomic displacement are quantitatively 

small and that they reach their maximum value of 0.07 A^after temp- 

ering for 400 hours. 

The low magnitude of second-kind elastic stresses and the low 

value of rms displacements are determined by the slowness of the 

phase transition and by the relaxation of stresses due to thermic 

regression. 

A study of the mechanism of the phase transition -y-» (7 + a) 

by x-ray photography of stationary single crystals was made using 

white Mo radiation. The investigation disclosed that in the process 

of isothermic annealing at 400° there appeared in the x-ray diffrac- 

tion effects of a deformation type (in the form of bands passing 

through the Laue maxima) ,   fragmentations of the Laue maxima, and 

texturized Debye rings of the 7-phase.  in our opinion, all these 

effects are caused by the formation of very thin layers of the 

a-phase in 7-phase single crystals during annealing, in which the 

7-phase lattice has changed into a a-phase lattice. 

The formation of thin a-phase intermediate layers must cause 

elastic stresses on the boundaries between these layers and the 7- 

lattice.  These stresses most probably exceed in magnitude the 

elastic limit, which fact led to plastic deformation in the bound- 

ary zones.  The plastic deformation caused, on the one hand, a 

disturbance of the coherence between the a-phase lattice layer and 

the 7-phase lattice, cessation of the regular atomic displacement, 

and growth of the a-phase layers.  On the other hand, part of the 
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matrix was converted In the boundary zones into a polycrystalllne 

state; this explains the appearance of Debye rings on the x-ray 

patterns of stationary single crystals  The a-phase layers are 

evidently very small and for this reason do not give rise to a 

diffraction effect of their own In the Laue diffraction patterns. 

As has been pointed out, a very feeble a-phase line (110) appeared 

on Debye powder patterns after 500-500 hours. 

The construction of a gnomonlc-stereographlc projection of 

the bands appearing In Laue diffraction patterns has shown that they 

intersect in pole (ill), and this fact enables us to conclude that 

the layers are parallel to plane (ill) of the 7-phase.  As Is known, 

in the process of martensltic transformation in steels a-phase 

crystals are oriented by plane (110) parallel to plane (ill) of 

the 7-phase.  Consequently, the nuclei of the a-phase also originate 

by regular atomic rearrangement parallel to plane (ill) of the 7- 

phase of the matrix at temperatures higher than the martensltic 

point.  Through the formation of the a-phase layers the crystal of 

the matrix breaks up into blocks; this becomes apparent upon transi- 

tion from continuous maxima in the Laue diffraction pattern to a 

maximum consisting of lines.  An Increase in the distance between 

the lines with an increase in the annealing time to 1500 hours at 

400° indicates an increase in the displacement angle of the blocks. 

Optical and electron microscopes were used to study the phase 

transition 7 <-- (7 + a ) Microsectlons were prepared by electrolytic 

polishing; the electrolyte was composed of the following: 78^ 

H3P04, 10^ H2S04, dfo  CrOs, and 4^ H20.  The best surface was ob- 

tained at a current density of 50 - 60 amp/dm2, an electrolyte 

temperature of 50-- 70°, and a polishing period of 1 to 5 minutes. 

:> 
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As is clear from the figures cited, this electrolyte enables the 

operating conditions to be varied over a wide range.  The specimens 

were etched in nitric acid and aqua regla. 

After quenching, the microstructure of the alloy was composed 

of polyhedrons of the -y-phase solid solution. 

«•j fi "prr'T-s  »I | 

#fnr- 

Fig. 1.  Substructure of 7-solld solution 
crystals in an iron nickel alloy after temper- 
ing at 400° for 500 Hours. 

The investigation of specimens submitted to annealing for 

periods of 100, 300, 500, and 5500 hours reveals a crystal sub- 

structure, on the surface of the mlcrosectionj triangular etching 

patterns parallel to the plane of the section or at an angle to 

it (Fig. 1) can be seen.  Consequently the microstructure of an 

iron alloy with 52^ Ni displays after annealing at 400° the top- 

ography of the 7-phase, and shows that crystals of the 7-phase 

are segregated into blocks.  Microscopic analysis brings to light 

the disorlentation of the blocks within several degrees.  Slight 
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displacement of blocks Is not visible from the mlcrostructure. The 

thickness of the blocks in ferrous alloys with J>2% Nl Is determined 

microscopically as of the order of 1 micron. 

Examination by electron microscope, using quartz-replicas of 

specimens subjected to annealing at 400° for 100 hours, also dis- 

closes a substructure of the matrix similar to that reproduced In 

Pig. 1.  Consequently these data. Just as the data obtained by the 

x-ray analysis of stationary single crystals, are evidence of the 

fragmentation of matrix crystals during the transition 7-> (7 + a). 

The a-phase layers did not coagulate into larger crystals even 

after annealing for 3500 hours. 

By comparing the data obtained from mlcrosciplc and x-ray 

analysis in the study of the phase transition 7 -> (7 + a) at tempera- 

tures below and above the martensitic point, we can see which fea- 

tures there are in common and which features are different in this. 

The 7-> a transition at temperatures below the martensitic point, 

according to the ideas of Kurdyumov, takes place through a regular 

atomic displacement.  Because of the high elastic limit the regions 

of the solid solution whose lattice is transformed from 7 to a 

are able to attain large dimensions.  At temperatures higher than the 

martensitic point (~ 400°), the mechanism of creating the nuclei of 

a new phase by regular atomic displacement is based in our view, 

on the same principle, but in this case the rearrangement of the 

lattice extends over a small volume since the elastic deformation of 

the 7-lattice changes into plastic deformation even when the a-phase 

nuclels is of small volume.  This plastic deformation for Its part, 

leads to the nuclear lattice breaking away from the matrix lattice 

and to the transition of the adjoining layers of the matrix into a 

-316- 



polycrystalllne state. The rear'rangement of the lattice takes 

place without any change in concentration.  The process then con- 

tinues diffusion. 

The diffusion growth of nuclei Is very slow; even after temper- 

ing of the alloy at 400° 3500 hours, a-phase crystals do not acquire 

large dimensions. .1 

.^ 
^ 

U^y'tfWa 

Fig. 2.  Deformation zones in 7-crystals of 
a solid solution near a-nuclei after temper- 
ing at 400°. 

An Increase in the size of the 7-phase nuclei due to the difference 

in the specific volumes of 7- and ct-phases leads to an enlargement 

of the deformation zone In the 7-phase near the a-phase nucleus. 

under microscopic examination these deformation zones appear in the 

form of figures approximating the circle (Fig. 2).The dimensions of 

the deformation zone appearing on the microsectlon are determined 

by the dimensions of. a-phase nuclei and by the distance of the 

nuclei from the plane of the section. 
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CHANGES  IN FINE  CRYSTAL STRUCTURES DURING 

AGING  OF  NICKEL-BASE  AND NICKEL- 

IRON ALLOYS 

G. V. Kurdyumov, I. A. Bll'dzyukevlch, 

A. G. Khandros and V. G. Chernyy 

The structure and properties of Nimonic-type alloys have been 

investigated during the postwar period both in the Soviet Union and 

abroad [l, 2, 5, 4].  The present work gives an account of some of 

the results obtained from Investigation of the changes in fine 

crystal structures which occur in alloys of this type during aging 

and after hardening. 

The dimensions of mosaic blocks of the basic solid solution 

and of the a'-phase, as well as the heterogeneity of the parameter 
Aa 
  , were determined from the width of the x-ray diffraction 

cL 

lines.  In addition, changes in the lattice parameters of both 

phases were also determined. 

Pour alloys, the composition of which is given in Table 1, were 

Investigated.  The last two alloys were of interest in connection 

with the conclusion reached on the basis of data obtained from 

diffusion, according to which the partial substitution of nickel 

by Iron need not weaken the bonds of the basic solid-solution lattice. 

X-ray patterns were taken in Debye cameras with a cylinder diameter 

of 57.3 and 150 mm. Pictures of the first two alloy specimens were 
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obtained with copper radiation and. In the case of the last two 

alloy specimens, with manganese radiation.  The use of copper radia- 

tion and cameras of large cylinder diameter made It possible to de- 

tect even slight broadening of the diffraction lines, since the ICQ- 

doublet of copper was split even on reflections from plane (ill) 

at an angle of 22"J1. 

TABLE 1 

' ConepmaHiie sjieMenTOB, % 
CtiJiaou 

C Fe Cr Tl Al Ni 

3H437 0,035 19,55- 2,38 0,59 OCT. 

To me 0,04 — 19,67 1,60 0,43 » 
Fe20   20,45 19,45 2,64 0,47 » 
Fc40 — 40,25 19,45 2,76 0,47 » 

Figure 1 shows the change in block dimensions (zones of co- 

herent x-ray scattering) of the basic solid solution of the specimens, 

quenched in water from 1080°, and then subjected to aging for 4 

hours at different temperatures. The dimensions of the mosaic blocks 

of the basic solid solution undergo no change up to the aging 

temperature 850° and are of the order of 7 • 10 s cm.  The high 

dispersion of the blocks even in the quenched state is caused by 

the preliminary treatment (cold plastic deformation, and a compar- 

atively low temperature prior to quenching).  This treatment was 

necessary to obtain solid lines in the x-ray patterns. 

The inhomogeneity value of the parameter- 
Aa 

of the quenched 

specimen is practically equal to zero.  It Increases apprecialby 
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after heating and  annealing for 4 hovirs at 500 and 600°, reaching 

the value 0.8 • 10~3, and decreases to Its Initial value at 700°. 

The Increase of AJ at 500 and 600° Is apparently connected with 
a 

the appearance of Inhomogeneous concentration of the solid solution 

and not with second-kind dislocations, the formation of which Is 

unlikely here.  Figure 1 also gives data for the change In hardness 

In the specimens as a result of similar treatment.  The maximum of 
Aa the hardness curve Is found at 700°, at which the ratio    already 

Is practically zero. 

Further, the a' phase was electrolytlcally segregated from 

specimens subjected to the same kind of thermal treatment, and the 

dimensions of the blocks were determined from the breadbh of the 

x-ray diffraction lines.  Attempts to Isolate the a« phase electroly- 

tlcally after aging at temperatures lower than 700° proved unsuc- 

cessful.  The particles obtained after aging for 4 hours at 700° 

were of linear dimensions of the order of 50 A.  The amount of a'- 

phase was very small. Particles Increased to 550 A with an Increase 

In the aging temperature (850° at the given soaking, and the amount 

of ««-phase greatly Increased.  After this, over the temperature 

range 850o-910o the dimensions of the particles (blocks) grow 

smaller, and at still higher temperatures It Is not possible to 

segregate them at all.  The amount of a«-phase decreases in this 

temperature range too.  This can be observed by the quantity of 

powder which It is possible to Isolate electrolytlcally over a 

certain period of time.  The decline In the size of the particles In 

the narrow temperature range (850-910°) is apparently connected 

with the fall In the rate at which they grow; this in turn is caused 

by a lesser degree of super saturation of the solid solution in this 
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temperature range. 

The parameter of the basic solid solution lattice In alloy 

El 457, quenched and tempered at different temperatures, was de- 

termined In addition.  The lattice parameter declines from 700° and 

reaches its minimum value after tempering at 850°.  The lattice 

parameter of a specimen tempered at 950° approaches the parameter 

value of a quenched specimen. 

1 
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Pig.     1. 

By comparing the data obtained one can see that In our case 

the Increase In hardness of an alloy after aging is not accompanied 

by a noticeable change In the dimensions of the blocks of the basic 

solid solution.  The increase in hardness begins at 600°, that is 

to say, at the point where attempts to isolate the a«-phase 

electrolytlcally are unsuccessful.  A broadening of the lines due 
Aa 

to the inhomogeneity of the composition   is observed in the 
a 

same temperature range.  It is only possible to obtain small quan- 

tities of the a«-phase after aging at 700°.  The maximum hardness 

can be observed at about the same temperature.  Further growth of 
i 
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the particles Is accompanied by diminishing hardness.  The latter 

also continues to decline after tempering In the temperature range 

850-910°, In which the dispersion of a'-phase particles-Increases. 

Results of the Investigation of the second alloy, containing 

a somewhat lesser eunount of titanium, are shown In Fig. 2.  In this 

alloy the maximum hardness after tempering sind 4-hours of aging was 

found at 700°.  As with the first alloy. It Is possible electrolytl- 

cally to Isolate the a«-phase after aging at this temperature.  The 

linear dimensions of the particles of this phase proved to be 

approximately 70 A.  The dimensions of the particles '.ncrease with 

the Increase In aging temperature, and at the same time hardness 

decreases.  The lattice parameter varies within the temperature 

range over which the hardness changes as In the case of the first 

alloy.  The maximum change, both In the first and second alloys, 

exceeds three units In the third decimal place. 

Let us consider the results of our study of alloys containing 

Iron. These alloys were melted In a high-frequency furnace In 

vacuum and then annealed at 1150° for 8 hours. 

Previous experiments showed that heating to 1080°, following 

by soaking for two hours, suffices to make the particles of the 

segregated phase dissolve.  Changing the quenching temperature from 

IO80 to 1200° produces no difference In the lattice parameter. 

Moreover the second phase Is not revealed by anodic dissolution. 

After quenching from a temperature of 1080o the specimens were sub- 

jected to soaking for one hour at temperatures ranging from 400° to 

950°. 

Figure 5 gives the results of measurement of the hardness of 

two ferrous alloys and compares them with the hardness curve of the 
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first alloy (51457).  As in alloy El 457, the aging of ferrous alloys 

In the temperature range 600-900° leads to an  Increase In hardness 

the maximum of which Is to be found at 700-750°.  Hardness In this 

range proved to be the same for both alloys. 

Pig. 2. 

The hardness of ferrous alloys, whether In the quenched state or 

after tempering at any temperature. Is lower than that of alloy 

El437(not forgetting the difference In the length of aging).  Alloy 

EI457 was tempered for 4 hours, and the ferrous alloys for 1 hour. 

It Is possible to segregate the phase precipitated during 

aging by electrolytic dissolution.  X-ray patterns of powder from 

a phase isolated in this way reveal the similarity of this phase to 

the a«-phase' of     alloy EI457.  As in Nimonictype alloys this 

phase has a face-centered cubic lattice with a parameter slightly 

larger than that of the basic solid solution. 

The lattice parameters of basic solid solutions and of the a«- 

phases of alloys containing 20^ Fe and 40^ Fe and of alloy EI457 

are given in Table 2. From Table 2 it can be seen that the partial 

substitution of iron for nickel leads to an  Increase in the a«- 

phase lattice parameter, with the parameter increasing together with 
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an Increase In the Iron content. 

500' 600' 
ßiitepmm I vac 

BOO' 
t'HOtpeta 

Pig,  5.     1)   EI457;   2)   Fe 20;  5)   Pe 40 

The constant of the a«-phase lattice also Increases., and the more 

It does so, the more Iron Is there present In the alloy.  The In- 

crease In the a»-phase lattice parameter enables us to conclude that 

Iron Is likewise contained In the a»-phase. Nevertheless, the 

possibility that Iron affects the change In the content of  bhe 

other elements In this phase Is not excluded. 

Changes In the lattice parameter after aging of the alloy con- 

taining 40^ Pe are shown In Pig. 4.  The minimum parameter value Is 

observed at 800°.  A further rise In the aging temperature leads to 

an Increase In the lattice parameter, this is linked with the greater 

solubility of titanium and aluminum. 

The dimensions of a'-phase particles in these alloys were de- 

termined by line (511) situated at an angle of 76°.  Since the 

extinction of lines might have been due not only to the small di- 

mensions of the particles-but also to the inhomogenelty of the 

a»-phase composition, the broadening at both small and large angles 
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Flg. 4, 

was assessed.  It appeared that they were proportional to the secant 

of the reflection angle.  Hence the dispersion of the a'-phase 

particles Is responsible for the broadening of the lines In the 

x-ray .patterns. 

Data on the linear dimensions of particles of the alloy con- 

tanlng 20%  Pe after various aging temperatures are given in Fig. 5. 

After tempering for 1 hour at 750°, the mean linear dimensions of 

the particles was approximately 140 A.  An Increase In aging tempera- 

ture results In enlargement of the particles.  After tempering 

for 1 hour at 900°, the particles attained a size of 420 A. 

Electrolytic segregation of the a«-phase Is only possible after tem- 

pering at temperatures not below 750°, when maximum hardness Is 

observed.  In this case the size of the precipitated particles Is at 

Its minimum. 

A similar pattern can also be observed In the alloy containing 

40^ Fe.  After aging for 1 hour at 750°, particles were 240 A in 

dimension.  Maximum hardness Is observed after aging at the same 
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TABLE 2 

TläpaMeTp peiuPTKii a. Ä 

Cn.-iaBu TBepnoro pacTBnpa 
saKaiiCHiioro 

TBepnoro pacTsopn. 
OTnymeHHOro Ha 70t* a'-4)a:iu 

3H437 
Fe20 
Fe40 

3,556 
3,5o2 
3,580 

3,553 
3,559 
3,578 

3,584 
3,559 
3,578 

z 

temperature.  The linear dimensions of particles after soaking for 

1 hour at 900° were approximately 600 A.  Efforts to Isolate the 

a«-phase at higher aging temperatures proved unsuccessful. 

Contrary to the observations made In the case of alloy EI437, 

we did not succeed In observing a down slope for the dependence 

dimensions on aging temperatures of the a«-phase particles In alloys 

both with and without Iron but containing a smaller content of 

titanium.  Apparently, the temperature range over which diminution 

of the particle dimensions can be observed is very narrow. 

Other authors have used different methods to determine the 

dimensions of a«-phase particles in Nimonictype alloys.  For example, 

in m, after a soaking period of 500 hours at 700°, the linear 

dimensions of the particles were 500 A.  In our case they were 50 A. 

Bagaryatskly and Tyapkln found the particle dimension at the max- 

imum value of hardness, to be of the order of 200-400 A.  Considering 

the difference in methods, our data and those obtained by other 

authors accord reasonably. 

In the alloys we investigated distortions of the second type 

did not occur during the decomposition of the solid solution, which 

was accompaned by an increase in hardness.  In our case, disinte- 

gration of at-phase blocks does not take place in the process of de- 
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composition.  This is apparently due to the small size of the blocks 

in their initial state. ) 

Jan COO' 
dudepXfia /vac 

900' 
t'Maipeda 

Fig. 5. 

Thus the formation of second-phase dispersion particles does 

not produce any change in the given elements of the fine structure 

of solid solutions. Increase in the hardness due to the presence 

of second-phase dispersion particles, is caused, on the one hand, 

by the reduction of the path along which the beginning of plastic 

deformation spreads, and, on the other hand, by an increased number 

of imperfections in the structure at the boundary between the two 

phases. 
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TEMPERATURE AND TIME-DEPENDENCE OF RESISTANCE 

TO DEFORMATION IN COPPER AND ITS 

ALLOYS 

M. A, Boltshanlna, M. B. Makogon, and V. Ye. Panln 
■ 

The ability of heat-resistant alloys to withstand external 

loads at high temperatures Is usually determined from the degree 

of plastic deformation produced over a certain period of time under 

conditions of constant stress below the yield point (determined 

at the normal deformation rate). 

A number of facts which have recently come to light Indicate 

that creep Is a variant of plastic deformation.  V. M, Rovlnskly 

and L. M. Rybakova [l], and L. M. Rybakova [2], for Instance, In 

comparing structural changes during plastic elongation and creep, 

came to the conclusion that in principle creep does not differ from 

elongation.  The difference between them Is merely quantitative. 

M. Ya. Fuks, N. V. Slonovskiy, and L. I. Lupllov [3] have demon- 

strated that the broadening of lines In Debye powder patterns In 

creep at 500° Is the same as In ordinary elongation at the same 

temperature, except that it Is smaller In magnitude In accordance 

with the lower rate of deformation.  The broadening of lines 

diminishes as the creep rate decreases. 

Under these circumstances it Is clear that the laws governing 

creep should derive particularly from the theory of plastic deforma- _ 
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tlon.  Unfortunately, no quantitative theory of plastic deformation 

has as yet been formulated; hence one must rely on experimental 

data and qualitative laws of behavior In order to arrive at explana- 

tions and descriptions of related phenomena.  The qualitative aspect 

of plastic flow has now been thoroughly studied, and an application 

to creep of the laws of behavior already discovered would be very 

fruitful.  The phenomena involved in creep and plastic deformation 

can be linked by studying extremely low rates of plastic flow, since 

creep should be considered as plastic flow at very low rates.  The 

present work is devoted to a study of the Influence of the rate of 

deformation on mechanical properties under various conditions.  It 

is based on the theory of hardening and relaxation, which has been 

fully verified in the study of pure metals. 

On the basis of available Information on the influence of the 

rate of deformation on mechanical properties and following the 

theory of hardening and relaxlation, many features of the behavior 

of metals and alloys at high temperatures and low deformation rates 

can be predicted, including many of those that apply to creep.  In 

view of this it seemed to be of Importance and great topical in- 

terest to verify the predictions based on the theory of hardness 

and relaxation by studying the behavior of single-phase solid solu- 

tions at various temperatures and rates of deformation. 

Deviations in the crystal lattices that are caused by plastic 

deformation may vanish through the kinetic processes occurring in 

solid bodies.  A number of experimental findings [^, 5] Indicate 

not only the occurrence of such processes in the course of deforma- 

tion but also that they are stimulated by external shear stress. 

The effect of these processes manifestly depends on time and tempera- 
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ture. 

At high rates of deformation the softening process can take 

place only to a very small degree, and It Is this that results In 

higher strain resistance.  The relaxation process at very low rates 

of deformation causes a considerable lessening of strain resistance. 

The higher the temperature, the sharper Is the difference between 

resistance to rapid and to slow deformation under equal stress.  The 

rate factor, determined as the ratio of strain resistance at a high 

rate to resistance at a low rate under equal strain. Increases In 

the case of pure metals with a rise In the test temperatures.  Con- 

sequently the higher the rate of deformation, the less does the re- 

sistance to deformation depend on temperature [6, 7], and conversely, 

the lower the rate of deformation, the steeper should be the decrease 

in strain with a rise in temperature. This explains the large measure 

to which temperature Influences the rate of creep. 

If the Influence of the rate of deformation is explained by 

the degree to which relaxation has time to take place during the 

deformation process, then specimens deformed at a lower rate can 

naturally be expected to display smaller lattice distortions and less 

strain hardening [8, 3].  In creep, the lattice distortions should 

be smaller than in conventional elongation at the same temperature, 

and this is in fact confirmed experimentally [2, ?]. 

The decline in strain resistance with a temperature rise is 

caused to a great extent by softening [6],  The temperature coeffi- 

cient of strain resistance Ao/cr • A T for pure metals, as well as 

the time factor, must depend qualitatively on a number of factors. 

It should especially Increase in the case of pure metals with a 

lower melting point and deformation rate, and experiments confirm 
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both these dependencies. 

Since softening occurs with greater Intensity at high tempera- 

tures, the temperature coefficient of strain resistance should In- 

crease with a higher temperature; In other words, resistance to 

strain In a temperature range remote from recrystalllzatlon tempera- 

tures slightly decreases with a rise in temperature (for Instance, 

, between 20 and 100°, for copper. It declines by 8 * 10~4 i 

degree 
whereas a rapid decline can be observed at high temperatures (i.e., 

for copper between 500 and 600°, by 46.6 • 10~4 aeKree) • 

Inasmuch as the softening process requires time, relaxation 

should occur to a higher degree when the rate of deformation declines. 

In this connection the temperature range In which an especially 

sharp decline in strain resistance is observed decreases with a 

fall in the deformation rate. 

At high temperatures, when metal undergoes total recovery in 

the course of experimentation, a further increase in temperature 

Is comparatively without effect, and the temperature coefficient, 

having passed its maximum, begins to drop. 

Let us consider single-phase solid solutions.  Due to the 

presence of foreign atoms in the alloy lattice, supplementary 

static distortions appear in it which contribute to the appearance 

of strain distortions. Moreover the bond energy may also undergo 

a change.  The behavior of the alloy will be determined by the 

quantitative ratio between these two factors [10, 11].  In a large 

group of alloys the Influence of static lattice defects prevails 

over the modification in bond strength at normal temperatures. 

Resistance to strain in such metals Is considerably greater than 

in the pure metal on which the alloy is based.  Experimental data 

-353- 



Indicates that In such cases the softening processes are greatly 

impeded, the rate of deformation Is of little Influence [12], the 

effect of temperature on mechanical properties Is considerably- 

lessened [12], the recrystalllzatlon temperature Is higher, and the 

ratio of T       -,-,., <.*     /T  ,^ is greater, recrystalllzatlon' melt 

The level of diffusion mobility needed in order to allow 

recrystalllzatlon proved to be considerably higher in all the alloys 

[15].  It is important that recrystalllzatlon in various pure 

metals requires an approximately identical level of diffusion 

mobility -• 10 '  — 10~22, and in solid-solution alloys, ~ 10 12— 

10~13.  It is natural that here the recyrstallization temperatures 

of different metals and alloys are not the same but will depend 

on the bond energy in the lattice. 

Hence one should expect a substantial Influence on the part 

of the interatomic bonds in the temperature ranges in which there 

is a high degree of softening and recrystalllzatlon and where the 

decline in strain resistance with a temperature Increase is the 

-greatest. 

Let us consider a copper-base alloy system:  copper—nickel; 

copper--aluminum; copper--zinc.  The bonds in copper are increased 

by nickel and weakened by aluminum and zinc.  For this reason one 

should assume that at high temperatures (400—600°) both time and 

temperature factors will be smaller in the copper-nickel alloy than 

those of pure copper, l,e,, that at elevated temperatures the re- 

sistance to strain in the copper-nickel alloy will be less Influenced 

by the deformation rate and by temperature than in copper. 

At low temperatures the static distortions resulting from the 

alloying process in copper-aluminum and copper-zinc alloys are greater 
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than in the copper-nickel alloy. They impede softening and are 

responsible for their increased strain resistance.  Hence, up to 

temperatures of 200—500°, the time and temperature factor^ of 

copper-aluminum and copper-zinc alloys should be lower than those 

of copper.  However, at high temperatures when the diffusion movllity 

of atoms is of particular significance and the bonds consequently 

begin to play an important part, the time and temperature factors 

of copper-aluminum and copper-zinc alloys must increase sharply 

and may even become higher than those of copper, not to mention the 

copper-nickel alloy. 

Thus the heat softening of alloys is Influenced by static 

distortions resulting from the alloying process as well as by the 

intensity of the lattice bonds; strongly bonded alloys are more 

stable with respect to temperature than alloys with weaker bonds, 

despite the fact that the static distortions may be samller. 

At low temperatures. If the bond energy decreases only 

slightly in the alloying process, the part played by static distor- 

tions in hardening becomes decisive.  It is these distortions which 

impede the kinetic processes In alloys and lessen the influence of 

the temperature and rate of deformation on the mechanical properties. 

Static distortions have a positive effect in this connection.  Never- 

theless their hardening effect cannot be relied on, since it falls 

off sharply as soon as diffusion increases to the extent that the 

strain distortions of the lattice rapidly begin to vanish. 

In order to assess the role of static distortions and that 

of the bond strengths in the lattice, it is of interest to trace 

the heat resistance of strain distortions.  The presence of static 

distortions can hardly ensure the stability of strain distortions 
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during annealing.  A strong bond energy, on the other hand. Is 

probably a more reliable guarantee of this stability. 

Finally, If we assume that the presence of static distortions 

resulting from alloying contributes to the occurrence of strain 

distortions, we can expect to find under equal conditions a more 

Intensive absorption of energy In the deformation of those alloys 

In which static distortions are stronger.  Their resistance to de- 

formation will also be greater. 

The experimental material confirming the theoretical assumptions 

postulated above is as indicated below. 

Materials and Methods 

of Study 

The materials used in the investigation were pure copper Ml, 

and its solid-solution alloys:  with nickel (5.19* 10.71 and 15,69 

atom %) .     All the material was melted in an AJax high-frequency 

furnace.  After homogenlzatlon the castings were forged into rods, 

11—12 mm in diameter, which were then drawn to a diameter of 8 mm. 

The specimens prepared for reduction (7.00 + 0.02 mm in diameter, 

and 11.00 + 0.02 mm 1-K height) were annealed prior to deformation 

under optimum conditions. 

The reduction of the specimens to a deformation of approximately 

kOfo  was carried out in a specially constructed device on an Amsler 

machine and an IM-4a machine at average rates of 6mm/min (V3), 

0.05 mm/mln (v2) and 0.005 mm/min (v^ and temperatures of 20, 100, 

200, 300, 400, 500, and 600°.  The reduction of the specimens was 

carried out in an atmosphere of purified nitrogen at a temperature 

of 200°, or higher, to prevent oxidation. 
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The true stress (a) and relative strain (e) were calculated for 

every given moment, but the elastic deformation of the specimen and 

of the components of the device was not taken Into consideration. 

No fewer than 5 specimens were tested under identical conditions 

(temperature and rate).The divergence of the individual values did 

not exceed 5-^ at low temperatures, and 8-10^ at high temperatures. 

The stability of strain distortions occuring in pure copper and in 

alloys with an approximate content of ~ 10 atom %  Ni, Al, and Zn 

after their reduction in area down to 40^ at rates V3 and v2 and 

temperatures of 20, 200, 400, and 600° was also determined and 

accessed qualitatively from the changes in mlcrohardnes (at a load 

of 200 gr on the indenter) of the deformed specimens after their 

successive annealings at rising temperatures.  We also Investigated 

the internal layers of specimens which, as shown experimentally, 

reflect more truly the state of the material under conditions of 

inhomogeneous compresslve strain. 

The latent strain energy according to known methods [l4, 15] 

at different stages of compression in copper and its aluminum alloys 

(of all concentrations) was determined. 

Experimental Results 

Flow Curves of copper alloys under compression at various rates. 

In accordane with the theory of hardening and relaxation [15, 16], 

provided there are no secondary processes (aging, decomposition of 

solid solutions), the increase in the reduction rate, should re- 

sult In an increase in the deforming stress as already pointed out 

above.  This effect occurs as a result of the diminishing role of 

relaxation (removal of strain distortion) when the period of defor- 

I 
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Flg. 1.  Device for compressive reduction at 
high temperatures:  1) frame; 2) stage; 5) 
piston; 4) specimen; 5) furnace; 6) Indica- 
tor for measuring reduction; 7) thermocouple; 
8) nitrogen Inlet; 9) out let of U-gauge; 
10) power Inlet to furnace; 11) cooling of 
piston guide brushing; 12) ceramic Insulating 
plates. 

matlon Is shortened.  A decrease In the test temperature [6] should 

also lead to a higher value of the deforming stress.  The above 

statements are fully confirmed by an analysis of the curves showing 

the flow of the copper alloys Investigated.  Curves showing the 

flow of copper alloys containing 5^ In,   at rates V3, vz,   and vj^ 

and at temperatures of 20,   400 and 600° are given In Pig. 2.  Curves 

showing the flow of other alloys are, on the whole, of the same 

nature. 

The lower the rate of deformation In an alloy, the smaller are 
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the deforming stress and the degree of hardening of the material 

In deformation, and the smaller the angle of slope of the actual 

flow curve.  The same dependence Is observed at a higher deformation 

temperature. 

The following characteristics of the resultant flow curves 

can be pointed out: 1) In undergoing deformation at temperatures 

higher than 400° beginning from a certain degree of deformation, 

copper and its alloys exhibit a loss in true compressive strength. 

The lower the rate and the higher the temperature of deformation, 

the sooner this decline begins.  Thus for the copper alloy with 5^ 

10 20 

Fig. 2.  Curves showing the flow of 
alloy Cu + 5 atom %  Zn at various 
rates and temperature reduction. 
Rate (mm/min) :  1) Vj = 0,005; 2) 
vg 3 0.05; 3) va a 6 

Al no decline in stress is observed on the flow curve at a reduction 

temperature of 400° and a rate V3. At a rate v2, the decline begins 

at € = 32$, and with a rate vl   at  € =  16%.     When the teat tempera- 
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ture Is raised from 400 to 600° (rate v1),  the decline in stress of 

the same alloy starts at € = 28, lo and 14^, respectively. 

Comparing different alloys, we can point out that all other 

conditions being equal this decline in copper-nickel alloys is less 

noticeable than in alloys of-the copper-aluininum group^ and still 

less in the latter than in alloys of the copper-aluminum group, and 

still less in the latter than in alloys of the copper-zinc group. 

The decline in stress in alloys of the copper-nickel group can be 

observed from a temperature of 500°, whereas in copper-aluminum and 

copper-zinc alloys it is already rather marked at 400°. 

The decline in deforming stress can be explained by an inten- 

sification of the softening process at high degrees of deformation, 

when in the process j&f  deformation both distortions resulting from 

the actual process of deformation as well as those formed at previous 

stages disappear. 

The theory of hardening and relaxation [15] provides the 

following approximate expression for the curve flow of compression: 

where: IQ is the initial length;  o = a //  /Aö-"F 

1  is the length at each given moment; 

v  is the rate of deformation; 

b  is the hardening factor, which depends in the first 

approximation safely on the nature of the material; 

a is the relaxation factor which depends in the given 

material on the degree of deformation, its rate, the 

stress and the temperature [17]. 

a0 is a constant coefficient. 

Prom the formula it can be seen that when there is a certain 

relationship between b, a and v (a/v > b), which occurs at a defl- 
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nlte e value (a is a function of e, as has been Indicated), o can 

diminish with a further rise of IQ/I.  It is also evident that the 

lower the rate of deformation v, or the higher the test temperature 

a increases with the temperature), the more b-a/v will*fall below 

zero, at Increasingly smaller degrees of deformation, and a  will 

start to decrease accordingly. 

It Is easy to observe that the above data fully support the 

conclusion reached on the basis of the theory. 

The change in the contour of flow curves, particularly the 

shift of Its maximum to one side or the other during the transition 

from pure metal to alloy, is naturally a consequence of the change 

In the hardening and relaxation factors b and a.  The given experi- 

mental data enable us to conclude that copper-nickel alloys recover 

to a smaller degree than copper-aluminum and copper-zinc alloys 

(a decline in true stress on the flow curve In copper-nickel alloys 

starts to be noticeable at relatively higher temperatures), 

As already pointed out, in accordance with the theory of 

hardening and relaxation recovery is more pronounced in low melting 

metals and alloys.  On this basis, the decline in true stress on 

the flow curve of these metals should be observed at smaller degrees 

of strain, at lower temperatures, and at relatively higher rates 

of deformation.  This phenomenon was actually observed by a number 

of investigators [12, 18] in lead alloys and other low-melting metals 

at room temperature. 

2) at test temperatures of 200-300° a convergence of the flow 

curves pertaining to various rates of deformation was noticed in 

almost all the alloys, i.e., the rate effect diminishes.  The reason 

for this phenomenon should be sought in the secondary processes. 
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It is known [19] that in plastic deformation aging can continue 

through mounting diffusion until the precipitation of a new phase 

In equilibrium solid solutions. Including copper-zinc and copper- 

aluminum alloys.  Under certain conditions this aging leads to in- 

creased resistance to deformation, and the smaller the rate of de- 

formation, the greater is the increase; the result is that the in- 

fluence of the deformation rate diminishes and may even cease al- 

together due to this effect.  This Is apparently what happened in 

our alloys also. 

5) the very slight Incline in the flow curves for copper and 

its alloys at a temperature of 600° and a deformation rate v should 

likewise be noted.  This incline indicates the slight hardening 

of the alloy at deformation, which accords with the data obtained 

from x-ray analysis.  Composing different alloys under the given 

conditions of deformation (T = 600°, Vi),  we can see relatively 

greater hardening in copper-nickel alloys in comparison with copper- 

aluminum alloys, and especially with copper-zinc alloys and pure 

copper.  An Increase In nickel concentration in copper Improves its 

capacity for cold-working under the given deformation conditions. 

Hardening coefficients.  The nature and the degree of the in- 

fluence exerted by an alloying admixture on the mechanical proper- 

ties of an alloy, as Is clear from the above, are determined to a 

large extent by the temperature and rate of deformation.  The same 

alloying admixture can under certain conditions depending on the 

temperature and strain rate, exert a positive influence on the 

properties of an alloy, whereas under different conditions its in- 

fluence may not be as effective.  Hardening coefficients, equal to 

the ratio of the compresslve stress of an alloy to the compressive 
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stress  of pure copper at the same rate, degree, and temperature 

of deformation were determined In [20] for the purpose of describ- 

ing this Influence. 

The values calculated for hardening coefficients at a degree 

of deformation e = 50^ are in Table 1.  It can be seen from the 

Table that the raise In test temperature from 20 to 600° for alloys 

of the copper-nickel group Increases the hardening coefficient at all 

three of the rates studied.  This can be explained by the relatively 

more Intensive softening of copper as a result of rising temperature, 

by comparison with the softening of alloys belonging to the copper- 

nickel system.  A fall In the deformation rate also increases the 

hardening coefficient of copper-nickel alloys.  At a temperature 

of 600° however during the transition from rate v2  to rate v^ 

copper-nickel alloys of all concentrations display a certain decline 

in the hardening coefficient rather than an increase.  This indicates 

the beginning of more intensive recovery in the alloy.  An increase 

in the nickel concentration in copper leads naturally to an Increase 

in the hardening factor, and, the higher the temperature of defor- 

mation the greater this is. 

The values of the hardening coefficients for alloys of the 

copper-aluminum and copper-zinc system change in a somewhat different 

manner.  First, there should be noted the less intensive Increase 

in the hardening coefficients of these alloys, particularly the 

copper-zinc system, with a rise in the test temperature.  Moreover, 

in the copper alloy with 10^ Zn at a rate Vi this factor first 

increases during a change in temperature from 20 to 200° then 

gradually diminishes. A similar decline can be observed in the 

copper alloy containing 15^ Al, during transition from 400 to 600° 
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(rate v3),  and from 200 to ^00° (rate v2 and vi).  This behavior by 

the hardening coefficients of copper-alvunlnum and copper-zinc alloys 

as a result of the rise in test temperatures Is accounted for by the 

fact that they soften more Intensively at higher temperatures In 

comparison with alloys of the copper-nickel system. 

A similar conclusion follows from an analysis of the changes 

in the hardening coefficient as a result of a decrease In the rate 

of deformation.  Whereas In alloys of the copper-nickel system this 

coefficient declines only with transition from rate v2 to rate Vj 

at 600°., in the case of alloys pertaining to the copper-aluminum 

and copper-zinc systems it declines at transition from rate V3 to 

v2 and still further in transition from rate Vi at 400°. 

A greater concentration of aluminum in an alloy^ all other 

conditions being equal, helps to raise the hardening coefficients, 

but this increase is scarcely noticeable at 600° (whereas at rate 

Vj this Is the case even at ^00°) .  Thus at high test temperatures 

(higher than 400°), and even more so at low deformation rates, an 

Increase Jjn concentration of a copper aluminum alloy has little 

effect.  ' 

It Is of Interest to compare the absolute value of the harden- 

ing coefficients for alloys of different systems.  Table 1 shows 

that at temperatures up to 400° and at a high rate of deformation 

(V3), the admixtures studied assume the order Al-Zn-Nl when con- 

sidered according to their effect on the hardening of copper.  The 

significant extent to which copper is hardened by aluminum at room 

and relatively low temperatures can probably be explained by the 

considerable static distortions of the crystal lattice of copper 

during the formation of a solid solution with aluminum.  If we 
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TABLE 1 

Hardening Coefficients (T] = a .. „ onnnner,)   and Its Alloys at Various 
aj.±oy ouppcx 

Temperatiires and Deformation Rates e = 50^ 

ToMiM-p.iTyiia, 

•C 

20 
200 

400 

coo 

20 

200 

■500 
000 

20 

200 

400 

GOO 

KOHltrilTpauim   npiiMrrn, aT. % 

Cu-Nl      Cu-Al    Cu-Zn Cu-NI     Cu-Al     Cu-Zn 

"i = 0,05   MM/Mllll 

?'i = 0,005 MM/MHH 

Cu-Nl       Cu-Al 

^a = 6  MM,'M1IK 

1,1 1,1 1,1 1,2 1,5 1,1 1,5 
1,0 1,1 1,1 1,1 1,0 1,2 1,5 
1,1 1,3 1,2 1,3 1,8 1,3 1,8 
1,5 1,6 1,2 1,9 1,6 1,6 2,7 

1,1 1,1 1,1 1,1 1,6 1,2 1,5 
1,1 1,2 1,2 1,2 1,7 1,3 1,6 
1,3 1,4 1.2 1,5 1,6 1,3 2,3 
2,0 1,6 1,2 2,8 1,7 1.4 4,2 

1,0 1,1 1,1 1,2 1,6 1,2 1,5 
1,1 1,2 1.2 1,2 1,8 1,3 1.7 
1,6 1,3 1,0 1,9. 1,4 1,2 2,6 
1,6 1,5 1.1 2,3 1,6 1.1 2,7 

2,0 
2,1 
2,7 
1,5 

2,1 
2,4 
2,0 
1,9 

2,1 
2,5 
1,3 

proceed from the relationship between the atomic radii of the ad- 

mixture and of copper, these distortions should be most distinct In 

aluminum alloys, less so In alloys containing zinc, and still less 

so In copper-nickel alloys.  Static distortions not only Increase 

the critical shear stress but also block the strain distortions of 

the lattice resulting from plastic deformation.  By so doing, they 

hamper relief of the strains; I.e., they contribute to the Intensive 

Increase In strain-forming distortions.  On the other hand, at high 

temperatures, when diffusion Is greatly accelerated, static distor- 

tions are no longer of great significance; the strain distortions 

vanlch easily and the stress sharply declines.  The rise In the In- 
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tensity of the diffusion-softening process In copper-aluminum and 

copper-zinc alloys also contributes to the loss of bond strength 

that occurs in these alloys. But in alloys of the copper-nickel 

system the diffusion softening is accelerated to a lesser degree 

when the temperature rises, owing to an Increase in bond strength 

as compared to copper. 

The magnitude of the latent strain energy in alloys of the 

copper-aluminum system Indicates the considerable extent of static 

distortions in copper-aluminum alloys and, more Importantly, 

of the strain distortions blocked by them at low reduction tempera- 

tures . 

The dependence of the quantity of absorbed energy on the con- 

centration of aluminum In copper at various degrees of deformation 

Is shown in Fig. 5, from which it can be seen that far more energy 

Is absorbed by all the alloys studied than by copper. 

* 5 

^ 

4 

J 

I 

5 10 IS 

Pig. 3.  Latent strain energy of copper- 
aluminum alloys,  e (^) 1) 15; 2) 20; 
3) 40. 

A greater aluminum concentration, in the same way as an in- 
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crease In deformation, contributes to an Increase In the energy 

absorbed. 

There should be noted the close correspondence between mechani- 

cal properties (resistance to deformation) and the latent strain 

energy, which Is expressed by the Identical nature of the dependence 

of these values on the concentration of the alloy (Figs. 3 and k) . 

This correspondence shows that the latent energy gives a good Indi- 

cation of the state of the material during deformation. 

There Is as yet no exact explanation for the Inflexion of the 

curves in Pigs. 3 and ^ at a concentration of 5^ aluminum In the 

alloy. 

The Intensity of the softening In an alloy during deformation 

can be Judged to a certain degree by the stability of the strain 

distortions appearing In the metal during Its plastic deformation. 

This stability can be determined from the change in the mechanical 

properties of the deformed material caused by annealing at various 

temperatures.  The greater the stability of the distortions (i.e., 

the greater the activation energy for their removal),   the higher the 

annealing temperature at which these distortions will disappear, 

thereby determining the change in mechanical properties. 

It resulted that the most intensive disappearance of strain 

hardening resulting from compression at 20° occurred in the case 

of copper* in the temperature range 400-450°; in the copper-nickel 

* It was found that the copper had higher phosphorus content, 

which was the reason for its high recrystalllzation temperature. 
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alloy (10 aton$ Nl) at 500-600°; In the copper-zinc alloy (10 atom 

%  Zn) at 550-450°.  If the reduction Is carried out at 400°, the 

temperature ranges over which recovery occurs will accordingly be 

higher, since the most unstable distortions will be removed by the 

actual process of deformation, "in this last Instance, the tempera- 

ture ranges over which the strain distortions disappeared most 

intensively were for copper 430-500°; for copper-nickel alloys, 

550-600°; for copper-zinc alloys 360-450° and for copper-aluminum 

alloys, 380-450°. 

Thus the presence of considerable static distortions In copper- 

aluminum and copper-zinc alloys does not guarantee the stability of 

strain distortions during annealing.  A higher bond energy (copper- 

nickel alloys) helps to augnment this stability to a considerably 

larger degree. 

Let us note that the nature of the Influence of various 

factors (temperature, strain rate, alloy concentration, characteristics 

of the alloying element) on the value of the hardening coefficient, 

calculated for 15^ deformation, remains essentially the same as 

for the coefficient calculated for e = 30^.  But is should be pointed 

out that the value of the hardening coefficient itself also Increases 

with increased deformation; i.e., the higher is the deformation, the 

greater the positive influence of the admixture on the properties 

of the basic component.  The latter fact apparently indicates that 

the difference In resistance to deformation in pure metals and 

alloys is determined to a large degree by the difference in harden- 

ing and softening during the processes that accompany plastic de- 

formation [12]. 

Dependence of the compressive strength of copper and its alloys 

D 
-348- 



on temperatures at various rates of deformation.  On the basis of 

curves showing the flow of copper and Its alloys, families of curves 

were plotted representing the dependence of compresslve strength 

on the temperature at various rates of deformation at degrees of re- 

duction, of 15 and "30[.  The curves for copper and Its alloys with 

10 atom ^ Nl (e = 30^) are shown In Fig. 5-  In the case of a rise 

In deformation temperature Is accompanied by a monotonlc drop In 

compresslve resistance, the Intensity of this drop Increasing 

slightly with rise In temperature. 

iu 

{.W 

| « 

s^ 
/ ̂ ^t 

vl ^^^ 

^ ̂ ^ 

1 

S 10 

Flg. h.     True compresslve stress of 
copper-aluminum alloys.  e ($) : 
1) 15; 2) 20; 3) 30; h)   40. 

In the case of alloy, these cruves are of a somewhat different 

character; i.e., with a rise in temperature in the Intermediate 

temperature region a less marked decline is observed in stress, and 

a sharp fall is seen in the high temperature region.  Curves of this 

type are typical alloys; they are consolidated by the alloying 

admixture, which shifts intensive thermal softening toward the higher 

temperature region.  In the case of our alloys the addition of nickel 
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to copper which Increases the bond strength, shifts the region of 

an Intense drop In stress toward high temperatures (400-450° for 

alloy Cu + 15 atom %  Nl) to a greater extent than aluminum and zinc 

(300° for alloy Cu + 15 atom ^ Al) . 

2m tiBO 
TeMnepamypa, 'C 

B00 

Fig. 5.  Influence of the test tempera- 
ture on the strain-forming stresses of 
copper and Its alloys at various reduc- 
tion rates ( e = 30^) . 
I) Cu; II) Cu + 10 atom % Nl; III) Cu + 
+ 10 atom <& Al. Rate (mm/min) : 1) Vi S 
= 0.005; 2) v2 = 0.05; 5) Vg = 6. 

For copper, and also for copper-aluminum and copper-zinc alloys 

at temperatures of 400-450° and at relatively low reduction rates 

when stresses are relieved to a considerable degree, an inflection 

can be observed In the a - T curves (in this case the intensity of 

the decline of stress at high temperatures diminishes with a rise 

in temperature) . 

The temperature coefficient of resistance a = Aa/AT (lowered 

resistance to deformation at a temperature increase of 1°) is smaller 

for an alloy with a more highly strengthening admixture (nickel) 

than in the case of aluminum or zinc admixtures.  For instance. In 
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a temperature range from 300 to 400° and at rate Vi  for the alloys 

copper + 10^ Nlj copper + 10^ Zn, and copper + 10^ Al, the tempera- 

10 "}   11. 10~Z,   and 18.0 ■ 'l0~2 kg/mm2 tvire coefficients are 4 

degrees respectively. 

With a decline In the strain rate, the region of the Intensive 

decline In stress is shifted toward the lower temperatures  owing 

to the fact that over a longer period of time softening proceeds at 

an Increased rate.  It Is clear that recovery will be still more 

Intensive during creep, and the temperature at which there Is In- 

tensive recovery should In this case be lower still.  With a de- 

cline In the reduction rate the temperature coefficients also In- 

crease, which Indicates more intensive recovery In the metal at 

lower strain rates. 

sio'/afoa' 

S W II 
KOHqeHmpanui! Hi,am. % 

*, 

Fig. 6.  Change In the ratio of strain-form- 
ing stresses at 20 and 600° for copper-nickel 
alloys at various degrees and rates of re- 
duction. Rate (mm/mln) :  I) Vi = 0.005; II) 
v2 ^ 6.  e (^):  1) 5%;  2)   15;   3) 30. 
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Let us consider the Influence of the concentration of the 

alloying elements on the temperature coefficient.  For copper- 

nickel alloys an Increase In concentration helps to strengthen the 

alloy  and causes the temperature coefficient to decline.  For 

copper-zinc and copper-aluminum alloys the strengthening effect of 

the admixture and the decline in the temperature coefficient with 

Increased concentration occur at comparatively low temperatures (up 

to 300-400°) j and the lower these are,, the lower the strain rate. 

At high temperatures, the greater the concentration, the more these 

alloys recover.  The reason is apparently that when the bond energy 

is lower than that of copper, the static distortions resulting from 

the alloying process are unalbe to retard the softening Involved 

in intensive diffusion. 

It is of interest to trace the fall in resistance to deforma- 

tion through out the whole temperature spread from 20 to 600° that 

was studied.  In order to describe this process, we selected the 

ratio a2oyaaoo°>  These data are given in Table 2 and partly in 

Pig. 6.  Here the rise in the strengthening effect of the nickel 

admixture with the increase In concentration is quite distinct 

(less decline in stresses with a rise In temperature).  This ad- 

mixture Is most effective at low deformation rates where, for in- 

stance, at a temperature rise from 20 to 600° the stresses in 

copper are reduced to one twelfth, whereas In the alloy copper 10 

atom fo  Nl they drop to only one sixth.  In the same manner, nickel is 

more effective at higher degrees of deformation.  Thus whereever the 

conditions of deformation cause intensive softening in copper, the 

addition of nickel has a very favorable effect since it retards the 

kinetic processes in the alloys.  Additions of aluminum and zinc 
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TABLE 2 

Ratio of Strain-forming Stresses gao°  In Copper and Its Alloys 
Osoo0 

at Various Degrees and Rates of Deformation 

Ctenenh 

KoHncnrpaoHR   npiiMcm. ST. % 
CKOpOCTb 

ne^opwanna ncOopiiauMH •. 

Cu-Ni Cu-AI Cu-Zn Cu-NI Cu-AI ;Cu-Zn Cu-NI Cu-AI 

5 2,4 2,0 1,8 2,0 1,8 1,5 1,8 1,7 2,1 
i* 15 3,0 2,5 2,2 2,7 2,1 2,1 2,2 1,9 3,0 

30 3,7 2,7 2,7 3,4 2,3 3,3 2,6 2,0 i,8 

■ 5 3,4 2,6 2,4 3,0 2,2 2,5 3,1 2,1 3,3 

H 15 5,2 3,7 3,7 5,0 3,0 4,2 4,7 2,6 5,0 
30 8,0 4,1 5,6. 7,3 3,4 7,4 6,6 2,9 9,1 

5 5,4 4,1 4,2 5,6 3,0 4,5 6,0 3,2   
"i 15 8,6 5,9 6,7 9,3 5,0 6,8 9,1 4,8 — 

30 12,1 7,7 9,2 12,2 6,2 12,1 12,6 6,7 — 

produce a different effect.  They harden copper and maintain the 

hardness only In cases when the conditions for Intensive softening 

are unfavorable. I.e., at high rates and slight degrees of deforma- 

tion.  But at low rates and high degrees of deformation they soften 

In the same way as copper, only more so (in spite of the deforming 

stresses In them always being greater than in copper).  Consequently 

the reliable alloying elements in solid solutions are those which 

strengthen the interatomic bonds in the lattice.  The presence of 

large static distortions at a low level of bond energy Is not a 

guarantee that the alloy will work well at high temperatures the 

question of Inhomogeneous strengthening Is not studied here. 

Influence of the strain rate on the mechanical properties of 

copper and Its alloys. As has been shown above, the rate of coef- 

ficient Z, equal to the relationship between the deforming stresses at 
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any two rates but at equal degrees of deformation, may serve as a 

qualitative characteristic of the Intensity of the softening process 

occurlng during deformation.  The higher the rate coefficient and 

the higher the sensitivity of the material to the duration of strain, 

the more Intensive the deformation, all other conditions being equal. 

The values of the rate coefficients Z = 0V3/avi   a^ ^-^ tempera- 

tures for e = 15^ and J>Ofo,  were determined for all alloys investi- 

gated in our work. 

As Is clear from Fig. Y,   an Increase in test temperature causes 

a rise in the value Z, which fact fully accords with the theory of 

hardening and relaxation.  However, the Intensity with which this 

increase occurs differs with the various alloys.  The value Z for 

copper-nickel alloys is at all temperatures smaller than the cor- 

responding values for pure copper.  The value of the rate coefficient 

for copper-aluminum and copper-zinc alloys is only smaller than 

for pure copper at low temperatures (up to 500-400°).  At high 

temperatures the picture Is reversed due to the Intensity with which 

the value Z for the alloys increases In comparison to value Z for 

copper. 

This relationship between the rate coefficients for pure 

copper and for the copper-aluminum and copper-zinc alloys Indicates 

in all probability greater intensity of softening at high tempera- 

tures in alloys as compared to copper, and is especially by com- 

parison with copper-nickel alloys.  The observed reduction of the effect 

produced by alloying copper with aluminum and zinc under conditions 

of deformation favorableto the relaxation (high temperature, low rate, 

and high degree of deformation) is therefore natural. 

) 
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Fig. 7.  Rate coefficient for copper 
and Its alloys at different temperatures 

CrV3      ""^   0) Cu; 1) Cu + 

+ 10 atom %  Nl; 2) Cu + 10 atom %  Al; 
3) Cu + 10 atom $ Zn. 

HOHneHmpanun, am. % 

Pig. 8.  Dependence of the rate coeffi- 
cient (solid lines) and the relative 
temperature coefficient (broken lines) 
of alloys on concentration (^00°, e = 30%) 
1)   Cu - Ni; 2) Cu - Alj 5) Cu - Zn. 
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As an example, the dependence of the rate coefficient Z on the 

alloy concentration at a reduction temperature of 400° Is shown 

In Fig. 8.  Prom Pig. 8 It can be seen that with more nickel In an 

alloy (In our case up to 15%),   this coefficient declines, whereas 

a greater aluminum and zinc content results In a higher coefficient. 

This behavior of the curves Is not difficult to understand. If It Is 

recalled that the addition of nickel to copper Increases the bonds 

In the lattice and that the adding of aluminum and zinc weakens 

them.  At high deformation temperatures, this should have an effect 

upon the intensity of the softening process to a significant degree. 

Of Interest is the coincidence of the contour of the curves 

relating to the change in the rate coefficient Z and the relative 

temperature coefficient ß = Aa/OiAT with the change in the concen- 

tration of the alloy, as shown In Fig. 8, for e = 30^, T = 400o and 

rate Vx. The qualitative correspondence of these two characteristics 

was earlier observed in the case of pure metals [12].  This Indicates 

that the same process - relaxation underlies the influence of both 

the temperature and the strain rate on mechanical properties. 

Nevertheless, the difference in the nature of the Influence of these 

two factors should not be forgotten.  Hence it would be wrong to 

expect this correspondence under any conditions of deformation what- 

ever.  From the results of our work this correspondence can be ob- 

served whenever the nature of the changes in stress resulting from 

higher temperatures is the same for different rates of deformation. 

i 

Conclusions 

1. The study of the mechanical properties of copper and its 

nickel, aluminum, and zinc alloys in the field of solid solutions 
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has shown the full applicability to alloys as well as pure methods 

of the theory of hardening and relaxation over a broad range of 

temperatures and rates of deformation. 

2. When the temperatures are lower than the temperature of re- 

crystalllzatlon and when the strain rates are not too low, the alloy- 

ing of copper with nickel, aluminum, and zinc results in a decrease 

In the sensitivity of the alloys to temperature changes and changes 

in the strain rates (lower rate and temperature coefficients than 

in copper). 

5. A qualitative relationship exists within the same tempera- 

ture ranges between the rate and temperature coefficients, as well 

as the hardening coefficients of alloys.  The reason for this re- 

lationship is that the dependence of mechanical properties on rate 

and temperature are conditioned by relaxation processes. 

4. At high temperatures and very low strain rates the change 

in the bonds of the lattice during alloying becomes considerable. 

The admixture renders the alloy more stable if it increases the bond 

strength. 

The same alloying element can bring about a very considerable 

improvement in mechanical properties an and Increase in the stability 

of alloys with respect to a rise in temperature and a fall in the 

strain rate, at certain temperatures and strain rates, whereas at 

higher temperatures and lower strain rates hardening effect is 

slight. 

5. The results obtained are in conformity with the known postu- 

late, according to which static distortions in the lattice play a 

considerable part in the change of properties resulting from alloy- 

ing when temperatures are not high, whereas at higher temperatures it 
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Is the bond In the lattice which are of basic Importance. 

6. There Is an analogy between the changes In mechanical prop- 

erties due to alloying or to change In temperature, as well as the 

change In the rate of deformation for such hlgh-meltlng alloys as 

copper-base alloysj and the laws governing low-melting lead-base 

alloys.  Thus the laws of behavior discovered are common to all 

solid solutions. 
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STUDY OP THE BEHAVIOR OF NICKEL AND THE SOLID SOLUTIONS 

OF TITANIUM IN NICKEL UNDER HIGH-TEMPERATURE CONDITIONS AT LOW 

STRAIN RATES 

V. M. RDsenberg 

The dependence of the durability of a material on temperature 

and stress within a time Interval of 9 to 10 orders of magnitude 

(from fractions of a second to hundreds of hours) was established 

by Zhurkov and others [l-j] for a large variety of materials, such 

as plastics, stratified crystals, and metals. 

In these publications It was demonstrated that the relation- 

ship between the durability (time to failure) and the amount of ap- 

plied stress could be expressed by 

= Ar (1) 

where r  Is the time to rupture; 

a Is the applied stress; 

A and a are certain constants which depend on the temperature and on 

the material. 

A study of the heat resistance of nickel and of the solid 

solutions of titanium In nickel [4] has established that the above 

relationship Is true (although for a considerably shorter period of 

time) for solid solutions.  In publication [2] It was noted that the 
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dependence on stress of the time to failure Is a particular Instance 

of a more general rule, since the extreme conditions (o-» 0 or T-» 0) ^J 

have no physical meaning. 

In the present paper the results of tests on nickel and solid 

solutions of titanium in nickel conducted within the temperature 

range of 400 to 1100° are described. 

Data on the chemical composition and on the conditions of heat 

treatment of the materials tested are given in Table 1.  The tests 

for long-time strength were conducted in a "Shopper" or MP-5 tensile- 

testing machine using DP-5 standard specimens. 

Study of the Long-Time Strength of Solid 

Solutions 

The results of tests conducted at 900, 1000, and 1100° are 

given in Fig. Ij sets of isotherms for each material tested are given 

in Fig. 2.  For preparation of the diagram we also used data from 

tests we had conducted earlier at 600-800°. 

As seen from these figures, the relation between the time 

failure and the initially applied stress at constant temperature is 

satisfactorily depicted by Eq. 1, and, moreover, the angle of slope 

of the experimental straight lines depends on both the test tempera- 

ture (Fig. 2) and the composition of the solid solutions (see Fig. l). 

The higher the test temperature, the lower along the stress 

axis the experimental curve for a given alloy is situated.  It may 

be seen when individual alloys are compared that at 600-800° [4] as 

well as at higher temperatures the solid solutions alloyed with ti- 

tanium and chromium,. (1.e., those with higher strength characteristics 

i 
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Fig. 1.  Dependence of the change In time 
failure on the applied stress and on the 
composition of the solid solution at 900, 
1100, and 1100°.  l) Nl; 2) Nl + 3.6^ Tl; 
3) Nl + 6.3^ Tl; 4) Nl + 20^ Cr + 3-2^ Tl. 

of the Interatomic bonds possess higher heat resistance. 

The results obtained confirm the conclusion reached In [4], 

that the Interatomic bonds are of decisive importance for the alloys 

resistance to failure at high temperatures.  However, the differences 

between solid solutions diminish under the stresses causing rupture 

in the long run, despite the fact that at a given temperature the 

binding forces In solid solutions remain unchanged with time.  This 

is expressed by the convergence of the straight lines with variations 

in temperature and composition. The slope of the experimental 

straight lines towards the time axis may be defined by the value of 

the ratio ^2—, I.e., by the reciprocal of the parameter a In 
Arln 

expression (1). 

The fact that the straight lines converge when test tempera- 
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Flg. 2.  Dependence of the time failure on 
the applied stress and on the test tempera- 
ture,  a) Nl; b) Nl alloy with 5-6^ Tl 
c) Nl alloy with 6.2^ Tl. 

tures are raised was established In [4].  It was linked to the 

leveling out of the difference In diffusion mobility of the atoms 

with an Increase in temperature for nickel and Its solid solutions., 
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provided that a considerable part of the total deformation was con- 

tributed by the diffusion mechanism. 

The Increased diffusion mobility of the atoms In the crystal 

lattice of solid solution as compared to the mobility In nickel can 

result either from the static distortions In them caused by the 

dissolution of foreign atoms (titanium) [5]j or from a more rapid 

decrease of the Interatomic bond strength with a temperature increase 

In solid solutions than in pure nickel.  It is possible that this 

phenomenon is caused by both the first and second factors. 

It can be seen (see Fig. 1-2),  when the behavior of each material 

at different test temperatures is compared, that the higher the 

temperature, the less the straight lines linking the logarithm of 

time to failure with the applied stress inclines towards the time 

axis.  This means that equal changes in stress at different tempera- 

tures cause greater changes in the time to failure as the test 

temperatures progressively Increase.  At high temperatures, slight 

change in the applied strew s causes a considerable change in the time 

to failure.  This is not altogether common.  In this connection we 

should take a closer look at the results of publications [1, 3], 

in which it is shown that an Increase in the test temperature causes 

an Increase in the angle of slope between the time axis and the 

straight line In r = * ( a) .  The angle of slope is insignificant at 

room temperature.  Consequently a slight change in the applied stress 

(a change not greater than the spread of values in the normal mechani- 

cal tests) causes a very considerable change in the time fallitre. 

For this particular reason, the rupture stress assumes the nature of 

a critical value at room temperature. The Increase in the angle of 

slope between the time axis and the straight lines with the Increase 
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In the test temperature permits us to throw more light on the tem- 

porary nature of the strength of the material. 

The results obtained by us show that the angle of slope of the 

straight line In T = * (a) first changes In the same manner as for 

platinum and aluminum [3] (the slope of the straight line toward 

the time axis In the case of nickel Is greater at 500° than at 400°, 

whereas for solid solutions It Is greater at 700 than 600°) and then 

decreases; i.e., with the higher temperature It begins to take the 

direction opposite to that In the case of platinum and aluminum. 

This can be seen from the data presented In Table 2. 

An linderstanding of this difference should be sought In the 

fact that the temperature conditions of our tests differed substan- 

tially from those used in the research [1-3].  The tests on nickel and 

nickel-base solid solutions were conducted in our case at tempera- 

tures closer to the melting point than those used In the tests on 

aluminum and platinum.  The mechanism of deformation may be essen- 

tially changed at relatively high temperatures. 

Without going into the details of the rupture mechanism for 

lack of sufficient experimental data, we may only indicate that In 

cases where the slope of the straight lines In T = ^ (o ) becomes 

greater with an increase In temperature, there occurs some one cer- 

tain basic process, the development of which is accelerated under 

load with the Increase in temperature.  At still higher temperatures 

when the slope of the straight lines diminishes with the Increase In 

temperature, an other basic process comes Into play that even may 

suppress the Influence of the first process.  If It Is assumed that 

at lower temperatures the temporary nature of the strength of a 

material is linked with the development of submlcroscoplc cracks It 
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TABLE 2 

Variation In Angle Isotope a Toward the Time Axis for a Number 

of Materials 

TnmepaTTpi. 
Al [3] PU31 Nl Hl + S.6%*l NI + M%TI 

18 0,74 0,54 
100 0,96 — .        
200 1,04 — .    __ 
300 1,16 1.9     _ 
400 — 2.8 1,60   __ 
500 —    ■ 3,6 2,80     

•;•    600 — '   — 2,10 3,75 3,80 
700 — — 1,60 4,55 5,9 
800 — — 1,10 2,50 3,85 
900 — — O.Oo 1,80 1.7 

1000 — — 0,80 1,00 1.6 
1100 — —• 0,70 0,70 0.70 

can be presumed that this development, is suppressed by the plastic 

deformation and the Increased diffusion mobility of the atoms In the 

crystal lattice of the tested material with the Increased diffusion 

mobility of the atoms In the crystal lattice of the tested material 

with the Increase In temperature. The two processes may even result 

In partial healing of the submlcroscoplc cracks.  It should be noted 

In this connection that B. Ya. Pines [6], examining the theoretical 

aspect of the growth of the "embryonic" cracks conditioning tough- 

ness In metals, came to the conclusion that the mechanism of rupture 

through the growth of submlcroscoplc cracks Is disturbed at high 

temperatures, when there is a considerable Increase In the rate of 

selfdiffusion.  Brittle fractures do not occur at this stage, either. 
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Structural Changes In Nickel and In Solid Solutions of Titanium 

In Nickel at Temperatures of 700 and 900°• ~J 

To verify the assumption that the tendency of nickel and Its 

solid solutions to approach one another In heat resistance with an 

Increase In temperature and a decrease In stress Is caused by the 

change In the mechanism of deformation, a study was made of the 

changes In their structure during tensile tests.  The load selected 

for the tests was such that the fracture occurred either within a few 

hours or In a few days. 

The tensile test was carried out In a vacuum chamber of the 

same type as the one described In [7].  Prior to testing, the flat 

specimens were electrolytlcally polished and etched to reveal the 

grain boundaries.  The x-ray camera was focused on Interference line 

(420) and the photographs were taken with copper radiation. 

Let us present here the more typical changes In structure that 

are characteristic of the tested materials and note the qualitative 

differences that occurred at different strain rates.* 

As an example of rapid deformation (rupture within several 

hours), we will consider a specimen of nickel (tensile stress of 

5.2 kg/mm2 at 700°.  Figure 5 shows photographs obtained at diffe- 

rent stages of tension from which It Is clear that deformation of 

the specimen Is mainly due to slip.  The specimen ruptured after 

35^ elongation In 1 l/g hours. 

Figure 4 Is a photograph of a specimen of a solid solution 

(6.3^ Tl) elongated at 700° -under a tensile stress of 8 kg/mm2. 

* The experiments were performed with the participation of 

L. V. Gradova. 
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Pig. 3.  Mlcrostructure of nickel specimen 

x 200.  a) before deformation; b) after 
10.7^ deformation; c) after 55^ deformation. 

The fracture occurred after 2 1 ,n  hours.  Here, too, the deformation 

was caused by slip. 

X-ray photographs of undeformed and stretched specimens show 

different patterns.  The first shows relative perfection of the 

original grains. The fact that the Ka doublet Is not divided Indi- 

cates that any possible dlsorlentatlon of the grains prior to the 

deformation does not exceed 40 mln. The diffraction pattern Is 

changed when deformed material Is photographed.  It appears In the 
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form of arcs representing sections of the Debye rings with maxima 

at points corresponding to the original Interference spots (Fig. 5). 

This should be connected with the division of the original grains In- 

to sections or fragments by the slip planes, and with a certain 

degree of rotation of these sections relative to one another. 

Flg. •'t-.  Mlcrostructvire of nickel alloy with 
6.3^ Tl.  X200. 18%  deformation. 

The changes In the mlcrostructure during deformation under a 

stress that causes rupture In a few days differ from those occurring 

during rapid deformation and do not basically depend on the stress 

temperatures selected In this work.  Figure 6 shows an example of the 

mlcrostructure .of a nickel specimen containing 6.5^ Tl after 4$^ de- 

formation and with failure following 14.5^ elongation after J>0  hours 

at 900° and with a 2 kg/mm2 stress. The mlcrostructure In this case 

differs from the mlcrostructure occurlng when the strain rate Is rel- 

atively high.  New boundaries can be observed Inside the grain wlth- 
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Fig. 5. X-ray photographs of a nickel 
specimen at different stages of deforma- 
tion at 700° and a tensile stress of 5.2 
kg/mm2. Radiation copper, line (420). 
Deformation: a) ID.7; b) 29^; c) 35/6. 

^ 

In the limits of the old grains. Subboundarles appear In grains In 

which Intensive slip has occurred, as well as In grains In which no 

slip has been observed (Fig. 6b). 

Figures 7 a, b, c, and d show x-ray photographs from which It 

can be seen that the appearance of the Ka doublet, and the division 

of the Initial spot Into a number of smaller spots forming an arc are 
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Flg.  6.     Mlcrostructijre  of Nl-speclmen with 
6,3^ Tl.     x 200. 
Deformation: a) 4^; b) 14.5$ after 30 hours. 

due to strain.  This means that the Initial grain has disintegrated 

Into a number os separate smaller fragments whose orientation In 

relation to the Initial grain has slightly changed.  This fragmen- 

tation of the grains appears to be a special case of polygonlzatlon 

occurlng through the simultaneous effect of temperature and stress. 
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Fig. 7. X-ray photographs of specimens of a solid solution 
of (6,3%)   In nickel at different stages of deformation at 
900 and with a tensile stress of 2 kg/mm2. Radiation-copper 
line (420).  a) Initial state deformation:  b) 4^; c) 10^; 
d) 114.5$. 

Grain fragmentation should lead to an Increase In the overall 

diffusion mobility of atoms Inside the grain, since the number of 

shear planes Inside the grain grows larger In the process. This, 

in turn, must necessarily lead to the Increased effect of the dif- 

fusion mechanism of creep on the total deformation. This may ex- 

plain the tendency of the values of time to failure In nickel and 

solid solutions of titanium in nickel to converge at temperature in- 

creases . 

Conclusions 

1) The greater the strength of the Interatomic bonds In the 

crystal lattice of the metal, the greater the time to failure of 

nickel and Its solid solutions, up to temperatures 0.75 or 0.8 of 

the melting point.  At higher temperatures the long-time strength 

of the metals becomes Identical. At high temperatures the slope of 

the lines linking the logarithm of the time to failure and the de- 

gree of the applied stress in the direction of the time axis is less, 

2) In slow deformation under conditions of high temperature 
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fragmentation of the grains occurs In addition to slip.  This frag- 

mentation leads to an Increase In the diffusion mobility of the atoms 

In the grain since the number of Internal shear planes Is thereby- 

Increased.  This narrowing of the gap between the values of the time 

to failure for nickel and solid solutions of titanium In nickel 

under tension and at high temperatures and under relatively slight 

stress can be explained by the fact that during prolonged tests 

the dlffusslon processes of plasticity come Into play. 

o 
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DEFORMATION MECHANISM OP SINGLE CRYSTALS OF ALUMINUM AT 

VARYING TEST TEMPERATURES 

L. I. Vasll'yev, Tsen Llng-Chao, and Yang Ta-Yu 

X 

Ludwlk [l], and later Hoolomon and Zener [2], claimed that In 

the plastic deformation of metals the stress was a single-valued 

function of the Instantaneous values of the degrees of deformation, 

the rate of deformation, and the test temperature. The existence 

of a mechanical equation of state 

3 = /(s.v,r). 

where a is the deforming stressj 

e is the degree of deformation; 

v = € is the strain rate; 

T is the test temperature, 

was thereby postulated. 

The existence of a mechanical equation of state means that at 

a given value of e a is not dependent on the temperature and rate of 

the prior deformation of a metal.  This is shown schematically in 

Pig. 1. 

Dorn, Goldberg, and Tletz [5] critized Hollomon's experiments 

on the deformation of steel at different test temperatures, which 

he put forward as evidence of the existence of a mechanical equation 
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of state.  The tests conducted by these authors [3] by varying the 

test temperature during stress and the experiments performed by one 

of the authors and his assistants [4] at varied rates of plastic 

elongation with polycrystals of aluminum, copper, tin, brass and 

stainless steel refuted the mechanical equation of state.  Similar 

results were obtained by Paterson [5]* who varied the test temperature 

from minus l80c to room temperature and vice versa In testing the 

plastic torsion of polycrystalllne copper.  F. F. Vltman, N. A. 

Zlatln, and B. S. loffe [6], In studying the dependence of strain 

resistance on the strain rate In polycrystalllne lead, aluminum, 

copper, duralumin, and soft steel by the cone Indentation method, came 

to the conclusion that over a wide range of strain deformation rates 

this dependence Is not uniform.  Wyatt [7]^ who studied creep In 

copper In tests wherein there was no Instantaneous Increase In 

stress, and Cottrell [8] note that the mechanical equation of state 

Is not fulfilled In creep either, excluding cases of very slight 

deformation and comparatively low temperatures when the dependence 

of deformation on time approaches the logarithmic dependence. 

Rosl and Mathewson [9] experimented with extremely pure single 

crystals of aluminum, producing plastic elongation at various 

temperatures. They found that the flow curve at 2050K for specimens 

elongated before hand by 0.22^ drops even lower at 2950K than the 

flow curve of specimens deformed only at 205°K (Fig. 2a).  Brown [10] 

cites data obtained by Los [ll] when also studying the Influence of 

the test-temperature change (from -180 to 20° and conversely on the 

flow curve of aluminum single crystals. The results are shown 

dlagramatlcally In Fig. 2 b, and c.  Thus the experiments with single 

crystals of aluminum, like those with metallic polycrystals, confirm 

o 
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Fig. 1.  Influence of variation in test tempera- 
ture, a) and, rate; b) In a case when a mechanical 
equation of state exists. 

MetpopMaifu« 
a 

6 

m' 

MspepMmiu* 
g 

Pig. 2.  Influence of variation in test temperature on 
elongation curves of aluminum.  Single crystals. 
Data: a) obtained by Rosi and Mathewson [9]; b and c) 
by Brown [10]. 

imj 

Itmj 

O 
Pig. 3. Initial orienta- 
tion of the axis of speci- 
mens under load. 

Pig. 4.  Elongation curves of 
single aluminum crystals. 
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the Invalidity of the mechanical equation of state.  The question 

arises as to why the equation of state Is not fulfilled.  One ex- 

planation Is that the difference In the conditions of the prior strain 

(rate, test temperature correspondingly stress) causes a difference 

In the number and variety of the strain distortions of the lattice 

on which hardening and other changes In the properties of metals 

depend [k}   12].  By the term "variety of distortions" we understand 

here the whole complex of distortions or their groups (dislocations 

or other types), differing under given conditions In stability, the 

nature of their volumetric distribution In a metal and their capacity 

for relocation, the effectiveness of their retarding effect on 

further deformation, etc. However, a more accurate knowledge of the 

Influence of prior strain conditions requires a more detailed and 

complete study of the Influence of these conditions on the state 

and mechanism of subsequent deformation. 

In the present publication we are considering only one de- 

formation parameter the test temperature.  The purpose of this 

work was to study by metallographlc methods and by electron micro- 

scopy   the structural features and mechanism of deformation In 

single aluminum crystals with variation in temperature before and 

after elongation.  The degree of correlation between the change In 

the mechanical properties of crystals In deformation and their 

structure and contours (the mechanism of plastic deformation) was 

also clarified. 

Specimens and Test Conditions 

Aluminum of a high degree of purity (99.99^) was used.  Single 
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crystals of aluminum were grown by gradual crystallization, and 

specimens 15 x 4 x 1 mm were out from them.  In order to be albe 

to compare all observations of plastic deformation on the surfaces 

of different specimens, all of the single crystals were prepared with 

the same orientation, as shown In Fig. 3, In which the point P 

corresponds to the direction of the axis of the specimens (the di- 

rection of stress). 

Before deformation the specimens were subjected to electrolytic 

polishing by the customary method.  In view of the fact that after 

electropollshlng cross sections of the specimen were no longer Iden- 

tical throughout Its length, the deformation under load might not 

have been completely uniform, with the result that the overall elonga- 

tion might not have corresponded exactly to the deformation In its 

separate sections.  In order to determine the precise extent of 

deformation at close Intervals along the length of the specimen's 

surface. The distance between two adjacent marks served as a measure 

for calculating the deformation of the section between them.  This 

distance was about 1.2 mm and was approximately equal to the linear 

dimensions of the part of the surface covered by one micrograph 

at 20.  An enlargement of 450 was used for a more accurate study 

of slip bands and deformation zones. Moreover, an electron-micro- 

scopic examination was made, with the use of oxide replicas and 

chrome shading. 

The specimens were tested under tension either at constant 

temperatures (20, -80, -180°) or under conditions where the tempera- 

ture of the preliminary elongation (-l80, -80, +20°) differed from 

those of the subsequent testing (+80, +20, -80, -180°). In the 

latter case, each specimen scheduled to be subjected to tension a 
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second time was soaked for a certain period (about 5 mln.) In a 

container of fresh heating (or cooling) liquid before deformation In i 

order to keep the temperature constant.  The elongation rate was 

0.l6 mnV'aec, and the degree of prior strain was 10^. 

The single crystals used to study the kinetics of their 

plastic deformation were extended directly on the microscope stage 

by means of a special device. 

Basic Relief Patterns 

The curves oajbiCtdi and oa.zhzCz6.z    In Flg. k,  represent 

schematically the elongation curves of single aluminum crystals at 

the temperature of liquid air and at room temperature, respectively. 

The letters a, b, c, and d mark the points at which there Is 10, 

11, 20 and 50^ deformation. The Indexes 1 and 2 Indicate the test 

temperatures -180 (Ti = l80, Tg = 20°).  The curve oa2b21c21d21 Is 

for the extension of a single crystal. Initially by 10%  at 20° and 

then, additionally, by 1, 10 and 40^ at -1800.  Similarly, the 

curve oa1bi2ci2dit2 reproduces dlagramatlcally the elongation by 10^ 

at -180° and furhter elongation again by 1, 10, and 40$ at 20°. 

Figure 5 shows micrographs of the surface of single aluminum 

crystals at different stages of deformation represented by the 

points on the curves In Fig. 4.  The photographs aj, bi, cj, di 

present a typical deformation pattern for aluminum single cyrstals 

at a low temperature. The slip traces (bands) are very thin. The 

deformation bands developing with the elongation of the specimen are 

clearly visible. The photographs a2, b2, c2, d2 showing distinct, 

borad, straight slip bands are characteristic of deformation at 

room temperature.  Photographs a.x  and a2 of the two series considered 
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represent specimens extended to a fairly high degree of plastic 

deformation (10^). The deformation bands and the slip traces (bands) 

are already well developed at this stage of deformation, and under 

further extension (up to 5C$) no substantial changes In the deforma- 

tion pattern are observed.  It may be noted that at more advanced 

stages of extension (d2) neighboring slip bands frequently cross, 

whereas In a2 this Is almost nonexistent. 

The series of photographs b21, C21 and ä.zl   (Pig. 5) shows the 

pattern of single crystals extended by 1, 10 and 40^ respectively, 

at -l80o, after a prior deformation of 1C$ at 20°.  The slip bands In 

photograph bsi differ little from those In photographs b2, showing 

11^ extension of the crystal at room temperature.  The deformation 

pattern In cZx  slightly resembles the pattern at a low temperature; 

thin, uneven slip lines have appeared and the deformation bands are 

growing (in some sections of the crystals these are comparable to 

the bands appearing In cj. I.e., at T = 180° and e = 20$) .  At the 

next stage of deformation (d21) the pattern shows the superposltlon- 

Ing of the deformation bands and thin slip lines appearing at room 

temperature.  Although this pattern (d21) resembles dj. It Is 

actually different. 

The typical breaks (b12,Ci2, d12) In the slip bands are a 

characteristic feature of deformation at room temperature after low- 

temperature preliminary deformation.  It Is of Interest that dis- 

tinctive slip lines with breaks even appear at the earlier stages of 

the secondary deformation.  A crystal which has been extended by 10^ 

at l80o has only to be extended an additional 1$  at 20° for these 

slip bands to appear on the surface (b12).  The number of slip bands 

Increases under further tension (cia, d12). The newly-appeared slip 
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bands also have breaks In them.  In a number of cases, the slip 

bands appear to fork near the breaks.  Although the deformation 

patterns dxa and da are similar, there Is however a difference to It, 

In the former case, the slip bands with breaks are more frequent, 

the breaks are more distinct and the bands are thicker. 

The pattern In photograph b12 differs appreciably from that 

In photograph bi.  At the same time, as pointed out above, the 

patterns In the case of b21 and b2 resemble one another closely. 

This leads us to believe that the Influence of low temperature on 

further strain at room temperature Is greater than the Influence of 

the high-temperature deformation on subsequent low-temperature elon- 

gation.  However, the screening effect of the pattern of prior de- 

formation on the progress of the deformation during subsequent ex- 

tension should be borne In mind In considering this fact.  This Is 

particularly true of the transition from high-temperature prestraln 

to subsequent low-temperature extension since. In this case, the 

low-temperature pattern (thin slip lines) emerges on top of a com- 

paratively coarse high-temperature pattern (broad slip bands) which 

obscures the picture.  Hence, the Influence of the prior deformation 

does not appear In Its true form.  In the case of low-temperature 

prestraln this fact Is not significant. 

Influence of Electrolytic Polishing after Prestraln 

In order to observe the Influence of prior strain on the de- 

velopment of subsequent deformation In Its true form, the preliminary 

pattern deformation was removed by electropollshlng before the 

second extension. The thickness of the removed layer measured about 
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100 microns, polished so that the surface of the specimen viewed 

through a microscope was smooth.  The electropollshlng lasted 5 

minutes.  The overall time Interval between the preliminary and 

secondary tensile test. Including the electropollshlng, was about 

20 minutes.  Since the electropollshlng was carried out at a tempera- 

ture slightly above room temperature, the fact had to be taken Into 

account that In spite of the briefness of the time Interval, relaxa- 

tion might have occurred to some extent In the specimens.  If re- 

laxation were nearly complete after 10^ deformation. In the subse- 

quent tensile test the deformation would clearly approximate that 

observed In the case of deformation of the original crystal, experience 

shows that this does not occur.  Thus, the pattern on a crystal 

extended by 10^ at -180°, electropollshed, and again extended by 

10^ at 180° (Fig. 6 c«i) differs from that of a crystal subjected 

to one extension of 10^ at 180° (Pig. 5  ax).  The number of de- 

formation bands Is appreciably higher In the case of the former 

operation.  Consequently, even In the most unfavorable case, when 

prior extension was carried out at-l8o°, relaxation during the In- 

terval before the secondary extension does not eliminate the 

effect of the preliminary deformation but merely diminishes It to 

some extent. This was confirmed by other data.  In the case of 

high-temperature prestraln, the Influence of the Intervening re- 

laxation will naturally still be less.  On the basis of the above 

we considered It advisable to use electropollshlng to remove re- 

lief pattern of the prestraln. 

Figure 6 reproduces photographs depleting the development of 

secondary strain for specimens In which the pattern formed by 

prior deformation was removed by electropollshlng. 
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Fig. 5. Micrographs of the surface of single 
aluminum crystals at different stages of de- 
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Pig. 6. Micrographs of the surface of single aluminum 
crystals at different stages of deformation X 450. 
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Photographs b'jj c«i, d«! Illustrate a case where after 10% 

prior deformation at -l80o and electropollshlng (EP) the crystals 

were further extended at -180° by 1, 10, and 40^ respectively. 

The test conditions for the series b'g, c«2, d'a were the same, but 

the preliminary and secondary tensile tests were carried out at 

20°. The development of deformation on further extension by 1, 

10, and 40^ at -18O0 after 10^ prior deformation at 20° and electro- 

polishing Is shown In photographs b'ai, c'ai and d'ai.  For the 

series b'ia, c1^, and d,i.2 the preliminary 10%  extension was done 

at -I800 and further extension by 1, 20, and 40^ was respectively 

performed at 20°. 

The similarity of the corresponding micrographs In the series 

b'ai, c'ai.» d'21 and b'i, c'i, d't, which Increases as the secon- 

dary extension Is Increased as might have been expected. Is more 

considerable than In the series b2i, C21, d21 and hi,   Ci, di 

(Fig. 5), the overall picture In the latter case being obscured 

by the pattern of prestraln.  Nevertheless, there Is still a dif- 

ference between c'21 and c^ and especially between b«21 and b'i 

(for example. In the number and degree of development of the de- 

formation bands) which Is much less noticeable between d'2i and 

d»i. 

A comparison of the other two series of photographs, b^, c'2, 

d»2 and b
,i2, c«12, d«12, shows that the features in the deforma- 

tion of crystals subjected to low-temperature prestraln (-I8O0) 

are the same as when there Is no Intermediate electropollshlng 

(Pig. -5).  These features are the presence of numerous breaks 

in the sllpbands, greater clarity of the lines and greater distance 

between adjacent bands as compared with the slip bands deformed 
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at room temperature only. In this respect the pattern of the 

series b>12, c»12, ä.*iZ  In comparison with t)'a, c'a, and d'a 

appears more of a "high-temperature" pattern. 

The examination also shows that the photographs of series 

b'ia* dxa, d'xa resemble the corresponding photographs of series 

b'a, c«a* d«a somewhat more than those of series bt2, cia* 'iia 

resemble the one In series hz>   cz,   d2.  This Is natural and Is due 

to possible partial relaxation during electropollshlng of the 

specimens preliminarily deformed at -l80o. 

Thus comparative metallographlc study of the strain mechanism 

shows that even If the influence of prior deformation as a result 

of relaxation during electropollshlng is very slight, the effect 

of prestraln Is clear, being especially noticeable in specimens 

deformed at 20° after a preliminary low-temperature deformation 

(-180°). The influence of high-temperature (20°) prestraln with 

subsequent low-temperature extension (-I800) is farily noticeable 

although less characteristic. 

Influence of other Temperatures.  Structure of Breaks 

in Slip Bands 

It was pointed out above that the occurrence of clearly-marked 

slip bands with characteristic breaks is a distinctive feature 

of the relief pattern of single crystals extended first at -I8O0 

and subsequently at 20°.  It became evident that this development 

Is of a general nature and also occurs during the transition from 

other low test temperatures (not only from -I80 ) to other high 

temperatures (not only to + 20°) . 

Some of the data obtained from these test are given in Pig. 7. 
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Pig, 7.  Micrographs of the surface of single 
aluminum crystals at different stages of de- 
formation,  x 450. 

The micrograph C13 represents transition from test tempera- 

ture -I8O0 to temperature -80°, C12 from -ISO to + 20°, C14 from 

-ISO to + 80°, csa from -80 to + 80% and C3 relates to the con- 

stant test temperature -80°.  The degrees of the primary and sec- 

dary extensions was kept the same (10%)   In all cases.  Thus the 
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total deformation of the single crystals amounted to 20^.* 

It can be seen (cia, clz,   c^,   c3Z,   c3^)   that at the transi- 

tion from low elongation temperatures to higher temperatures dis- 

tinct breaks in the slip bands can always be seen.  Thls^spplles 

In particular to transition from-180 to -80°, I.e., to a compara- 

tively low temperature.  The higher the temperature of the secondary 

deformation after prior deformation at the same temperature, the 

more frequently do we find broken lines. 

■£*■' !^'^"",'-",'r'll"l!MW|^(KW(" 

Pig. 8. 

The same trend Is apparent as the temperature of the preliminary 

*  The numbers on the micrographs In Pig. 7 correspond to the 

numbering of the test temperatir* es: Ti = 180°, Tz = +  20°,   Ti = 

= 80°, T4 = + 80°; the letter c_ corresponds as before (Pig. 4) to 

20%  deformation. 
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elongation decreases when the temperature of the secondary extension 

Is unchanged. This may be observed, for Instance, If c^ Is com- 

pared with C34 (Fig. 7).  The greatest effect Is observed In transi- 

tion from the lowest to the highest test temperature (Fig. 7 0x4). 

Elongation at -80° without any further change in temperature 

does not result in noticeable slip bands with breaks (Fig. 7 C3) 

as In the test at -I8O0. The presence of clearer slip bands and 

less developed deformation bands are features of C3 not found 

in Ci.  When comparing C13 with c3,  we notice that the pattern in 

C13, has, on the one hand, more of a "low-temperature look" (de- 

formation bands are developed).  This is natural because of the 

prior deformation at -1800.  On the other hand, and this is of 

greater interest, the pattern in this case has also more of a 

"high-temperature look" (distinct "high-temperature" slip bands 

with breaks). 

An electron microscope was used for a more accurate study of 

the slip bands with breaks and some of the micrographs taken are 

reproduced in Fig. 8-12.  Figures 8 and 9 show extension 6 = 11% 

at T = 20°; Pig. 10, e = 10^ at T = -I800 with subsequent elonga- 

tion by 11^ at T = 20°j Pig. 11, e = 10^ at T = -1800 with subse- 

quent exterior by 40^ at T = 20°; Figure 12, e =50^ at T = 20°. 

The break in the slip band In Fig. 8 represents a typical cross 

slip.  In other cases, however,(Fig. 10 a, b, d and Fig. 11 and 12) 

the "bridges", which are places where the breaks in the slip bands 

occur are more complex in structure. Occasionally (Fig. 11 a and t), 

they appear as miniature faults.  In other cases (Fig. 10 a and b), 

and this also applies to certain optical observations (Flg. öx b'ia)^ 

the"bridge" gives the impression of consisting of a bundle of thin 

j 

) 
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slip lines lying close together, parallel to the slip bands. 

Figure 9 shows an exceptional stage at which the slip bands are 

spreading In parallel fashion and apparently toward one another, 

and at which the "bridges" between them have not formed (or have 

not yet formed).  A similar development Is to be observed In Pig. 

10, b and c. 

• v 

a 
■ •,- "*Tr>.,K*.f%^-,,<.'}/Fl*f.f%$   S" 

Fig. 9. 

Discussion of Results 

1. The results obtained testify to the substantial influence 

of the temperature of prior plastic extension on the surface relief 

pattern of aluminum crystals subjected to subsequent extension at 

a different temperature. The surface pattern of such single crystals 

differs from that of single crystals deformed only at the latter 

temperature.  Consequently, not only from the point of view of 
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flow stress but also of structure, the state of single crystals 

Is not a single-value function of the test temperature at a given 

Instant, but depends on the temperature of the prior strain. 

The difference In the patterns described above, all other 

conditions being equal. Increases at smaller and decreases at higher 

degrees of secondary extension (Figs. 5 and 6).  This is also true 

in the case of stress-strain curves, some of which are for a con- 

stant test temperature (20 or -180°), whereas others relate to 

extension at the same temperature but after transition from some 

other temperature (-l80 or 20°) (Fig. 2, b and 4.     In this respect 

it is possible to speak of a qualitative correspondence between 

the mechanical properties (flow stress) and the structure of the 

deformed single crystals (relief pattern).  This correspondence is 

natural. Inasmuch as both the change In stress and the change In 

pattern are in the final analysis, separate manifestations of the 

single process of a change of state In the lattice during deforma- 

tion. 

2.  The effect of the prestrain temperature on the pattern 

during subsequent extension can be explained by a strengthening of 

the slip planes through dislocations of the lattice occurring in 

plastic deformation and by other conditions under which recovery 

takes place.  It is known [10, 15-15] that at low test temperatures 

there is scarcely any localization of the strain in the form of 

broad slip bands which can be seen at higher temperatures (e.g., 

room temperature), and that the slip thus occurs through the body 

of the crystal, uniformly in the first approximation in the form 

of thin (up to ~ 200 A) slip lines with slight dislocation, which 

may reach 10-10A in aluminum [16].  This is also seen from the 
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Fig.   10, 

data for the extension at -I800 (Figs. 5 and 6).  It may be 

assumed [10, 1?] that the strong hardening at the affected slip 

planes Is the reason preventing the transformation of the slip 

lines at low temperature Into slip bands at those "weakened" places 

In the crystal where they might have formed at a higher temperature. 

The processes of recovery are Intensified during the transi- 

tion from low-temperature deformation to extension at a compara- 

tively high temperature:  the toughening distortions of the lattice, 

unstable at the new temperature, disappear and redistribute thera- 
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selves or become less effective.  As a result, the slip bands de- 

velop rapidly at corresponding places on the crystal (e.g.. Fig. 5 

bia and clz.  Fig. 6 b>12 and c«12) . 

When the slip bands spread toward each other but in parallel 

fashion, a "bridge"* may form between them due to the localization 

* This word Is used to denote normal cross slip and the more com- 
plicated forms of contact between slip bands discussed earlier. 
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of tanslons In the zone N-P (Fig. 13}j when the edges of the slip 

bands approach one another (N and P In Pig. 15   Figure 9 and 

Figure 10 a and b.  It may be assumed that local overstresslng In 

the zone N-P, and consequently the probability of the formation of 

a  "bridge", will be greater with the development of slip bands 

and the narrowing of the distances between them. The formation of 

a "bridge'' may be facilitated by barriers in the N-P zone that pre- 

vent the further spread of the slip bands and a change In crystal 

orientation in this zone. 

In this respect, extension at a higher temperature after prior 

low temperature deformation is more likely to produce "bridge" than 

extension without prior deformation.  As already noted, the slip 

bands in the first Instance appear more developed. Furthermore, 

slip bands develop more often in nearest neighboring bundles of slip 

:: 
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Fig. 15.  Diagram of development 
of slip bands.  RMNK and QPIS are 
slip planes; MN and QP are slip 
bands; NP Is the zone in which a 
"bridge" between slip bands may- 
form. 

planes rather than In the same bundle (I.e., Fig. 10 b and c) .* 

We believe that this results from the fact that recovery does not 

progress to the same degree along each slip plane which was blocked. 

The secotrs of planes that contained low-temperature distortions 

and which are less stable and effective at the new, elevated tempera- 

ture will be unblocked first.  The formation of "bridges" Is also 

facilitated by the structural distortions of the deformation band 

type that appear In great numbers at low temperature deformation 

* We should point out that although the slip bands appearing at 

very high temperature deformation, generally speaking, are compara- 

tively dense In their arrangement (e.g.. Fig. 5 b); those that 

appear and newly develop are located at considerably greater dis- 

tances from each other (Fig. 6 b«^. 
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and remain at high temperature (Pig. 14 bt, ci,  hlz,  Ciz) .    By 

crossing the active slip planes (for example. In the direction NP 

In Fig. 13), they prevent the slip bands from spreading In the same 

direction and, because of the change In crystallographlc orientation, 

may also stimulate the formation of a"brldge".  This statement is 

reinforced, for example, by the fact that In many cases the ends of 

the blocked slip bands and the "bridges" appear to be contained 

within the limits of a certain band that crosses the active slip 

planes (Fig. 9;   Fig 10 a and b; Pig. 11 a and c; Fig 12 a) . 

Pig. 15 shows the formation of breaks In the slip bands at 

points of Intersection where there Is visible uneveness In the 

relief.  It should be noted that the formation of a break may also 

occur where a deformation band Is Intersected by one slip band, 

not necessarily by two bands spreading toward each other. 

To substantiate our views (in particular the diagram in Pig. 13) 

of the formation of the relief pattern of a single crystal during a 

change in the test temperature from -l80 to 20°, experiments were 

made on the kinetics of structural changes.  Single crystals which 

had been previously extended by 10%  at -l80o on a special apparatus 

were extended at 20° on the stage of horizontal microscope.  Suc- 

cessive micrographs of the same section of the crystal were taken 

for each 0.5^ deformation. 

Some of the frames obtained are reproduced In Pig. l6.  Frame 

1 corresponds to approximately 1%  deformation at 20° and frame 

37 to 11^ deformation.  The complete set demonstrates the gradual 

development and spreading of the slip bands on the base of the 

fine slip lines.  The "bridges" form in accordance with the diagram 

In Fig. 13.  The formation of the breaks was also visually observed 
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during spreading of single slip bands (In this case, the develop- 

ment resembled that observed by Chen and Pond In their work [18]. 

In this was, the concepts regarding the formation of slip bands and 

breaks were experimentally confirmed. 

3. The results obtained from varied test temperatures may also 

be accounted for by the above considerations.  In the case shown 

In Fig. 7 eis, however, we must assume that at least some of the dis- 

tortions of the lattice at -l80o become less effective and less 

stable even at a comparatively low test temperature (-80°).  In 

paper [19], which deals with the study of the Influence of repeated 

variation of the test temperature on the original sections of the 

respective extension curves for pure single aluminum crystals, was 

shown that the transition from deformation at -I830 to deformation 

at -77° Is actually accompanied by an appreciable softening of the 

crystal. 

As regards the appearance of "bridges" with a more complex 

structure than that observed in common cases of cross slip, the 

possibility of their formation apparently depends on a combination 

at their point of formation, of such factors as sufficiently high 

overstress, a complex state of tension, and possible structural 

(orientatlonal) distortion of the lattice. 

4. In view of the concepts postulated in paragraph 2, the In- 

crease in the number of breaks in the slip bands with the higher 

degree of deformation in tests conducted at higher (20°) tempera- 

tures (Fig. 5 b2, c2, äz;  Fig, 12 a and b) is to some degree under- 

standable.  Indeed, the Inhomogenelty of the lattice distortions 

increases with an Increase in the degree of deformation and so too 

do the inhomogeniety and intensity of recovery, which fact augments 

ö 
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Pig. 14.  Structure of single crystals of alumlnumafter 
various stages of deformation,  ba - ^ = 11^ U ? -ihn'"» . 
cV -  2 = 2ck (-180°); b 21 - 2 = 10^ (20°) + l^(Tl°0 I  , 
c^ - 2 = lol 20°) +10^ (-180°); b12 - 2 = 10^ (-180 ) + 
1*1*  (20°); ^ - * = 10J -I80°i + 10^ (20°); ba - ^ = 
= 11% (20°); b2 - 2 = 11% (20°); c2 - 2 = 20% (20 ; . 

-599- 



irw'rwrrwr' W7 
;#*-> *'P 

4*2% 

Zvi 

„ ^ , ^. ^XJJ'^A^ 

Fig. 15.  Breaks of slip bands at points with 
visible unevenness of relief.  X 250. 
e = 1Q%  (-180) + 2%  (20°) . 

the possibility of forming well-developed slip bands, not In one 

but In two neighboring parallel bundles of slip planes (this also 

takes place In the case of comparatively small degrees of defor- 

mation. Fig. 9).  The number of distortions of the deformation-band 

type Increases their presence, as already mentioned, also being a 

prior condition for the formation of the slip band fractures.  The 

third prerequisite Is the progressive development of the slip 

bands. I.e., their degree of dislocation (Fig. 5, a2, hz,   c2, and 

d2; Fig. 6 b'a, c«2 and d'a)•  The fourth prerequisite consists 

In an Increase in flow stress. This gives rise, first, to a 

greater probability that a spreading slip, will break through the 
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Fig. l6.  Micrograph of a section of crystal 
showing gradual development and spread of slip bands 
and formation of "bridges",  e = 10%  (-l80oC), subse- 
quent extension at 20°. 

orientation barriers of the deformation band type and, second, to 

a greater probability of considerable overstress In the N-P type 

zones (Fig. 15) between the ends of the blocked slip bands, 

5, As already noted, the effect of prior high-temperature 

extension (20°) Is manifested to a comparatively slight degree 

(Fig, 6) during subsequent low-temperature (-180) tests.  Here 

however It should be borne In mind that In the present case of ex- 

tension, with Intermediate electropollshlng to remove the relief 

pattern established by prior extension, the second low-temperature 

deformation (1800) Is obtained through the fine slip lines.  De- 

velopment of the normal slip bands appears impossible (due to con- 

siderable hardening). 

The structural difference between single crystals extended at 
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-180°, with and without prestraln at 20% Is clearly seen from 

a study of their rough relief pattern (Fig. 14).  In the latter 

case, a great number of deformation bands lying close to each other 

(Pig. 14 bi and Cj) appear on the surface of the specimen. In 

the former case, they are fewer In number and more distant from 

each other; moreover, a more distinct deformation bands further 

away from each other (I.e., traces of prestraln at 20°) are also 

observed (Pig. 14 b21 and c21 ). 

6. It Is of Interest to note that the slip bands originating 

In high-temperature tests after prior low-temperature deformation 

(Fig. 6 b'12 and c* 1Z)   closely resemble those appearing near 

scratches made on the surface of single crystals of aluminum. 

The distinctness of the slip bands in both cases is most character- 

istic of this resemblance.  The question arises whether this is 

not a manifestation of the similarity of normal changes in the 

crystal structure, produced (in the area of the scratch) by scratch- 

ing or low-temperature extension. 

7. The absence of a mechanical equation of state for single 

crystals during plastic deformation was shown by data on the 

Influence of varied test temperatures and test rates on the shape 

of the elongation curves.  The same conclusion was drawn from our 

study of the influence of varied test temperatures on the flow 

curves of single crystals (in particular on their initial sections 

[19], and on data from x-ray analysis in the case of polycrystals 

[5].  In the present study this has been shown to be the.ca.aa for 

single crystals by metallographic analysis of the influence of 

varied test temperatures. Finally, in a study conducted under the 

supervision of one of the authors by a team of canldates at Peking 
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University, the same conclusion was reached In a study of the In- 

fluence of varied rates of extension on the metallographlc pattern 

of the structure of single crystals and on their flow curves. Con- 

sequently It may be concluded that the Invalidity of the mechanical 

equation of state has been proved reasonably well. 

Conclusions 

1. The structure of deformed single crystals, like the flow 

stress. Is not a single-value function of temperature at the moment 

of testing.  A considerable part Is played by the prestraln tempera- 

ture. 

2. Prior low-temperature extension with subsequent high-tempera- 

ture deformation produces a number of characteristic structural 

changes In the single crystal (numerous breaks In the slip bands, 

the dispersed nature of these bands, greater density of the de- 

formation bands, etc.) .  The Influence of prior high-temperature 

deformation Is mainly revealed, in the course of subsequent low- 

temperature tests. In the typical rough relief pattern (number and 

appearance of deformation bands) . 

3. The results obtained may be explained by the difference in 

the effectiveness and stability of the strain distortions of the 

crystal lattice responsible for hardening during both preliminary 

and subsequent deformations.  In this case the structure of the 

crystals at the moment of completion of the preliminary deformation 

Is taken into consideration. 

4. A qualitative correspondence was observed to exist between 

the effects of temperature variations on the change in mechanical 

properties (flow stress) and on the relief pattern (deformation 
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mechanism) of the crystal during the course of extension. 
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HARDENING AND SOFTENING MECHANISM 

A. M. Yuferov 

The difference between the theoretical and actual strengths 

of a crystalline substance Is considered by the majority of re- 

search workers to be due to the fact that. In practice, a crystal 

does not correspond to the Ideal concept envisaged In the theory. 

In an actual crystal there are always defects of different kinds, 

with the result that prevent destruction of the atomic bonds through- 

out the whole cross section under an external load does not occur 

Instantly and simultaneously, but gradually.  As a result, the true 

yield strength of an actual crystal Is considerably lower than that 

calculated theoretically for the Ideal crystal lattice [l, 2, J]. 

This explanation of the low value of the actual strength of 

a crystal, despite the fact that It Is very logical and resonable, 

contradicts what Is actually observed In the strengthening of alloys. 

Practice shows that the greatest strength Is found in alloys which 

have acquired a particular metastable state with a less perfect 

lattice [4] as a result of plastic deformation, thermal treatment, 

or alloying. 

On the one hand, elimination of defects of various kinds in 

the structure of the lattice definitely helps to strengthen the 

-407- 



crystals, but on the other hand the strengthening of crystals Is 

always accompanied by increased distortion of their lattice.  Both 

statements are correct and yet obviously contradict each another. 

In our opinion, this contradiction In the theory and practice of 

strengthening and softening stems from the fact that the existing 

concepts of the strength of the ideally perfect lattice take into 

account the atomic Interaction only in the lattice proper, considered 

abstractly and disregarding the Interaction between atoms of the 

lattice and those of the ambient medium [2].  It is the efforst which 

have been made(solely on the basis of changes in the crystal lattice 

proper and disregarding the changes in the interaction between the 

atoms of the lattice and those of the surrounding medium),the reasons 

for the low strength of crystals in practice and the reasons for 

changes in strength with different method of processing, which have 

led to the above controversy. 

In our opinion, local forces are generated on the boundaries 

of the structural elements through the interaction of atoms in 

differently-oriented boundary lattices, and these forces cause 

mutual elastic deformation of the abutting lattices.  The cause of 

the origin and distribution of the local forces can be explained by 

the general law of the dependence of the interatomic forces on the 

distance between particles.  This law directly provides the con- 

dition required for a balanced-state system consisting of two iden- 

tical atoms (a two-atom molecule), characteristic of which is the 

resultant of the interaction of the particles j = -—= 0.  Here, 
dr 

the free energy level of the system U has a minimum value,  The 

distance between the particles in the case of P = 0 is usually given 

the symbol ro. 
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Fig. 1.  Zones A and B on the border of con- 
jugation along the planes -of the cube of 
differently orientated lattices. 

Let us take the simplest case of boundary conditions.  When 

two face centered lattices adjoin by means of the planes of a cube, 

the location of the points of the bordering lattices relative to each 

other depending on their degree of dlsorientatlon, can be determined 

by superposing the lattice In accordance with A. V. Shubnikov's 

method [5]. 

The arrangement of the atoms in one lattice relative to the 

atoms In another lattice Is govered by the following features 

(Pig. 1) • 

At some sites on the boundary plane the atorts of both lattices 

lie almost along the same straight line normal to the boundary 

plane; at other sites, the atoms of one lattice are exactly opposite 

the spaces between the atoms of the other lattice.  It is as If the 

entire plane of union of the two bordering lattice would consist of 
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separate areas or zones (dislocations) [6]; In the center of the 

A zones the atoms are opposite one another, while In the center of 

the B zones they are opposite the Interstitial spaces. 

The areas or zones having a similar dlsopsltlon of atoms are 

regularly distributed In the boundary plane and alternate with each 

other In such a way that a pattern Is formed which corresponds to 

the distribution of the atoms In the crystallographlc planes, but 

on a larger scale. 

The sizes of the areas or zones and the frequency of their repeti- 

tion depend on the rotation angle of the bordering lattices or of 

of the superimposed planes relative to one another.  With an In- 

crease In the rotation angle up to 45° the A and B zones are reduced. 

The dependence of this Increase In the angle of the relative 

rotation of the lattices a Is expressed as follows: 

o'      i 

o 

* 2sin — 

If we take a_  as the distance between the atoms In the crystallo- 

graphlc plain, and a« as the distance between the zones A and B 

formed In the boundary plane. 

V. I. Arkharov [6] points out that a similar regularity In the 

arrangement of atoms In the boundary plain of two crystal lattices 

should take place In all cases of lattice abutment by any crystal- 

lographlc plain.  This regularity must also take place In the 

boundary between a crystalline substance and an Intercrystalllne 

substance, a liquid phase, and even a gaseous phase. 

To obtain an Idea of the stresses arising In bordering lattices 

let us examine the distribution of forces Interacting between the 

atoms of two lattices In a plain perpendicular to their border. 
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Pig. 2. Diagram of local forces causing 
elastic deformation of bordering lattices 
In A and B zones. 

When the distance between the lattices Is r0 (Fig. 2,  position 2), 

the atoms of one lattice will only be this far away from the atoms 

of the other lattice In the center of the A zones, since these 

atoms lie on a straight line normal to the boundary plane.  The 

distance between the atoms In zones B at that Instant Is greater 

than T0.     Forces of atomic attraction will prevail between these 

atomsj and bordering lattices will approach each other.  When the 

lattices approach still closer, the distance between the atoms In 

the A zones becomes less than TQ;   the forces of repulsion will 

prevail and prevent further drawing together of the lattice. 

Equilibrium will be established when the resultant of the 

Interaction of all atoms on the boundary between two lattices Is 

zero. This means that when there Is equilibrium on the boundary 

between adjacent lattices, the distance between the atoms of both 

lattices In the A zones will be less than r0 and greater than r0 

In the B zones (Fig. 2, position 3).  If the state of both lattices 

Is the same, both bordering lattices will be elastlcally compressed 

by the repulsive forces In the A zones, and they will be extended 
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In the B zones by the forces of attraction. 

It follows from the relative position of the atoms In both 

lattices that the Interacting forces between atoms asymmetrically 

positioned with respect to each other will be directed at an angle 

to the boundary plane.  The action of these forces may therefore 

be represented as the action of two components, one of which Is 

perpendicular to the boundary, while the other Is tangential to the 

boundary plane. 

D 

Ptuiemna t 
A A A A A A A 

I   ^       I   ^       I   \      l    \       I   \      l   \       /   N 
I  m\   I K \   I       \/       \/      \/      \/       \ 

v       v       v      v      V      V      V 

PBiuemKU? 

Pig. 5 a and b. Diagram of distribution of elastic, 
compresslve, and tensile strain on grain boundaries. 

The tangents, which are components of the interatomic forces 

in each zone, produce a moment of force about an axis passing through 

the center of the zones perpendicular to the boundary.  Not only. 
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therefore. Is there elastic, compresslve, and tensile strain in the 

lattices, but also deformation by lateral dislocation of the atoms 

due to the moment of force in each zone. 

The elastic strain of the lattices In both the A and B zones 

will spread to a certain depth into the center of the grain.  In 

this way we obtain an ideal of differently deformed structures in 

the zone between adjacent lattices, which are shaped like wedges 

and alternate In regular fashion (Fig. 3 a and b) .  Henceforth, 

these structures will be marked. In the same way as the zones in 

the boundary by the letters A and B.  It should be borne in mind 

that whenever zone A or B Is mentioned, this means the arrangement 

of atoms in the boundary and whenever structure A or B is mentioned 

this means the elastlcally deformed sections of the lattices adjacent 

to the respective zones on the grain boundaries. 

The local stresses and elastic deformation of the adjacent 

lattices must depend on a number of factors, namely: 

1) The size of the zones A and B.  The larger these zones. I.e., 

the less the lattices are disoriented, the greater the local froces 

are and, consequently, the greater also the elastic deformation of 

the lattices In A and B zones. 

2) The elastic properties of the bordering lattices proper and 

their orientation, to the extent that the lattices are anisotropic. 

3) The effect of the external loads. Stresses brought about by 

external loads should combine with the local tensions on the grain 

boundaries, thereby Influencing elastic deformation in zones A andB. 

However, this cannot change the general pattern of distribution of 

the elastic deformations on the grain boundaries. 

4• The presence of solute atoms of other elements in adjoining 

-415- 



lattices should also Influence elastic deformation In zones A and 

B. This follows from our current thinking on the inter-connection 

of elastic deformation and the diffusion of the atoms [7, 8] 

established by S. T, Konobeyevskiy: 

u ax*     u  ax» ■ 

where D» and D" are the coefficients of decreasing and mounting dif- 

fusions; 

iVc    an ■fott -fof       are gradients  of the concentrations and stresses 

respectively. 

The elastic deformation of adjoining lattices should be reduced 

through the occurrence of mounting diffusion between the elastically 

deformed structures A and B. 

5) The elastic deformation of adjoining lattices in zones A 

and B should to increase with a decrease In temperature.  This is 

shown first by the fact, established in tests by Q.  V. Kurdyumov and 

N. T. Travlna, that the Inhomogenelty of composition inside the 

grains of a solid solution increases with a fall in temperature [9], 

and, second, by the fact that intercrystalllne failure at high 

temperature and transcrystalllne failure of metals at low tempera- 

ture can also be considered as a result of an Increase in the local 

forces on the grain boundaries at a lower temperature. 

From the above concepts of an equilibrium state on the grain 

boundaries of a polycrystalllne substance it follows that inside the 

grains of pure metals there are statically fixed structures with an 

inhomogeneous density of atoms, whereas in alloy polycrystals these 

structures contain different atomic concentrations of alloy components. 
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This concept of the boundaries between the structural components of 

polycrystals In metals and alloys corresponds to data obtained 

experimentally on coherent areas and dislocations [9> 10, 11, 12]. 

It can be considered that the elastlcally deformed structures 

on the grain boundaries of a polycrystal are, first, a site for 

the formation of nuclei of the new phase In the recrystalllcatlon 

process In metals and alloys; second, they are a focus for the for- 

mation of primitive crystal particles In the course of recrystalllza- 

tlon; third, by weakening the adjoining lattices, they are a site 

for dislocations in plastic deformation and of failure in trans- 

crystalline brittle fracture of the polycrystal. 

The hardening and softening mechanism in metals and alloys 

can be partly explained on the basis of the concepts expressed 

above. 

The variation in strength of pure metals due to thermal treat- 

ment, plastic deformation, and recrystalllzation cannot be explained 

by a change in the strength of the lattice proper, since in all 

cases the atomic bond strength in the lattice should be nearly iden- 

tical at the same temperature this derives from the constant value 

of the modulus of elasticity.  Consequently the variation in 

strength in all cases results from a change in the magnitudes of 

the local forces on the boundaries of the structural components. 

A change in magnitude of local forces in pure metals is only 

possible as a result of change in the disorientation of lattices 

between adjoining structural elements.  In all cases the disorien- 

tation of the lattices at their boundaries increases with a reduc- 

tion in size of the structural elements and this causes a reduction 

in size of the zones A and B and consequently reduces the local 
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forces and increases the strength. 

The process of plastic deformation amounts to division of the 

crystals into parts which In principle are related crystallographlcally 

in the same way as the adjoining grains In the original metal, with 

the only difference being that the disorlentatlon of the adjoining 

lattices among the emerging structural elements is greater than that 

on the grain boundaries before deformation.  At a certain stage in 

plastic deformation the polycrystal is usually fractured; this in- 

dicates that the process of strengthening cannot continue any further. 

In our opinion,, further plastic deformation is not possible because 

of insufficient strength of the boundaries between the structural 

components. 

In an undeformed polycrystal fracture by shearing separation 

does not occur along the grain boundaries but across the grain-not 

because the boundaries are stronger but because the local forces 

on the boundaries weaken the adjoining lattices so much that their 

resistance to an external load becomes lower than the resistance to 

shearing in the boundary.  A decrease in local stresses under plastic 

deformation results in an Increase in the strength of polycrystals 

only until the resulting stresses exceed the resistance to shear in 

the boundary plane between the structural components.  In other 

words, the process of plastic deformation (the hardening process) is 

limited by the strength of the boundaries between structual com- 

ponents.  This motion completely accords with observations of the in- 

itial stage of failure [l4]. 

The softening of a deformed metal on recrystalllzation should take 

place as a result of greater local forces.  This can only occur if 

the disorlentatlon of the lattices on the grain boundaries is reduced. 

o 

'S 
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This Is exactly what the process of recrystalllzation Is believed 

to amount to from the standpoint of hardness.  A greater dlsorlen- 

tatlon on the boundaries of the structural elements Is observed 

when the latter grow In size; hence softening on recrystalllzation 

should be considered the result of a growth of the structural 

elements. 

The mechanism of grain growth. In our opinion. Is as follows: 

Grain growth with an Increase In temperature first occurs on 

those boundaries where the A and B zones are smallest In size and 

where the lattices are disoriented most.  On the grain boundaries 

where the A and B zones are larger in size, the growth of the 

grains occurs at a still higher temperature. 

Grain growth is determined by the mutual orientation of the 

adjoining lattices.  Not only can larger grains grow at the expense 

of smaller grains, but smaller grains can also grow at the expense 

of larger ones.  It may be assumed, in view of the fact that the 

lattices of adjacent grains in a polycrystal are differently 

oriented that a grain can grow along its boundary with another 

grain, and at the same time, on its boundary with a different grain, 

it can become smaller. 

Grain growth at a given temperature continues until the relative 

orientation of the lattices on all boundaries Is such that zones A 

and B exceed a certain size.  Further growth of the grains is then 

only possible with a rise in temperature, after a reduction in the 

elastic deformation in the zones A and B. 

An Increase in temperature, speeds up grain growth, since a 

larger number of boundaries are therby displaced. 

The minimum temperature at which grain growth begins and- the 
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rate of grain growth depend on the degree of disorlentatlon in the 

adjoining lattices. The greater the disorlentatlon, the lower the 

temperature at which the growth begins. 

The growth of the neighboring blocks Inside the grains Is only 

possible at a farlly high temperature, near the critical temperature 

of recrystalllzatlon, since the disorlentatlon of the lattice blocks 

Is slight. 

The great strength of single-phase solid solutions In compari- 

son with pure metals likewise cannot be explained solely by an In- 

crease In the strength of the crystal lattice proper.  This Is sup- 

ported by the fact that a small amount of Impurities In a metal 

cause no apprecalble change In the modulus of elasticity.  The 

great strength of single-phase solid solutions Is the result of the 

lower magnitude of the local forces on the grain boundaries. 

A decrease In local forces on the grain boundaries In solid 

solutions can occur not only as the results of an Increase In the 

disorlentatlon of adjoining lattices, as In pure metals, but also 

as a result of the redlstrlbtutlon of the atomic concentrations of a 

solute component among differently deformed grains of adjoining 

lattices through mounting diffusion.  This redistribution should 

result in a reduction in the local stresses.  This view is in con- 

formity with the phenomena of hardening and softening observed 

during the heat treatment of single-phase solutions [7, IjJ. 

The hardening observed during plastic deformation of single- 

phase solid solutions, as in the case of pure metals is due to a re- 

duction in local forces on the boundaries of the structural components 

resulting from the increasing disorlentatlon of adjacent lattices. 

The Increase in strength of the deformed single-phase solid solutions 
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at low heating Is caused by the decrease In local tensions due to re- 

distribution of the concentration among the differently deformed 

grains. 

The recrystalllzatlon process In a deformed solid solution be- 

gins to occur as the annealing temperature Is further Increased 

(in prlnclplej this process should be the same as In pure metals), 

resulting In a lower degree of dlsorlentatlon In the neighboring 

lattices and In greater local forces.  As a result the yield point 

is lowered. 

In supersaturated solid solutions, as In pure metals, the In- 

crease In strength that occurs when the structure becomes finer 

should depend solely on a modification of the boundary structure, 

since the structure and composition of the phase components during 

slow cooling are identical in both fine-grained and coarse-grained 

alloys. 

The change In grain-boundary structure with a reduction in size 

of the structural elements consists in an Increase In the dlsorlen- 

tatlon of neighboring lattices at the boundaries of structural com- 

ponents, causing a reduction of the zones In which there is similar 

deformation of the lattices and consequently reducing the local 

forces therby increasing the strength. 

The hardening of super-saturated solid solutions in plastic 

deformation is also caused by a decrease in local forces at the 

boundaries of the structural components:  first because of an in- 

crease in the dlsorlentatlon of neighboring lattices as In pure 

metals; second because of the redistribution of the concentration, 

as in single- phase solutions; third, because of the precipitation 

of excess phases, on the boundaries of which there is then greater 
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lattice than that existing on the grain boundarles of the super- 

saturated solid solution before precipitation. ( 

On the basis of what has been explained above, the general con- 

clusions can be drawn that In all cases, both for pure metals as for 

alloys, hardening and recovery are the result of either a change In 

bond strength between the atoms In the lattice proper or a change In 

the strength of the local forces at the boundary of the structural 

components.  The first case occurs with a change In temperature and 

In the atomic concentration of the phase components.  The second 

case results from a change In the dlsorlentatlon of the neighboring 

lattices of the structural components (as a result of heat treatment 

or plastic deformation) and from redistribution of the atomic concen- 

tration of the components among differently-deformed lattice grains. 

The hardening and  softening of steel with different types of 

processing should not differ  in principle from this process in 

heteorphase alloys and super-saturated solid solutions.  These views 

can be used to explain the hardening and softening mechanism of 

steel in relation to its structure and the effect of an external 

load, for Instance the mechanslms of fatigue, relaxation, creep, 

etc. 

The foregoing views on the mechanism of hardening and soften- 

ing during plastic deformation, thermal processing, and alloying 

lead us to the conclusion that the basic reason for the hardening 

which 'can be achieved in practice is a decrease in local forces at 

the boundaries between the structural components, whereas the rea- 

son for softening is an Increase in those forces.  This conclusion, 

at first glance, may appear to contradict the existing view that 

hardening is always connected with an Increase in the lattice dis- 

n 
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tortlons In metals and alloys.  But there Is actually no contradic- 

tion here, as we shall explain below. 

The existing belief that lattice distortion causes hardening 

is mainly based on the existence of Increased dlffuseness and in- 

tensity of the Interference lines. The dlffuseness of the latter 

Is expressed In angular units by the formula 

8 V o /max • 

It Is not usually possible to determine the experimental value 

for(-ä-)    since the presence of a background on an x-ray photo- 

graph obscures the contour of the curves at their base.  Therefore, 

(-=2;)     Is calculated theoretically on the assumption of a number 

of conditions. 

In practice, the dlffuseness of the interference lines is 

quantitatively defined by the line width of B measured at half the 

height of the photometric curve 

/A a 
a 

of the lattice. 

where pS-) is the mean of the absolute values for the deformation 
a 

In view of the generally accepted view that a mean value is 

not dependent on the maximum and minimum deviations of particular 

values, it is evident that the width of the lines B and the mean 

of the absolute values for lattice deformation (■^-^)cannot give an 

accurate idea of the absolute value of maximum distortions of the 

lattice (M-)^. 

But the ideas postulated by the author of this paper that an 

increase in resistance to shearing and an extension of the elastic 

limit result from a decrease in the absolute value of the maximum 

local distortions of the lattice do not exclude the possibility 
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of an Increase In the absolute value of the average distortion of 

the crystal lattice In the hardening of metals and alloys. 

The above can be stated In this manner.  The lattice in an 

undeformed metal Is distorted most at the grain boundaries and the 

distortion values of the lattice parameter decrease toward the 

center of the grain with a large number of the lattice cells in the 

center of the grain remaining undeformed.  The local forces appear 

after deformation in the shear planesj their magnitude being lower 

however than in the undeformed metal but the number of their zones 

of activity is higher.  The lattice distortion is probably at its 

maximum at the boundaries of slip bundles and decreases towards the 

center of the bundles.  Since the thickness of the slip bundles as 

compared with the size of undeformed grains is very small, the lattice, 

despite the decrease in local forces, is distorted almost over its en- 

tire structure, the average value of the distortion of the lattice 

increasing in spite of the lower absolute values of the maximum 

distortions.  It is these changes in a metal, occurring when the 

structural components change in size, which are shown by the photo- 

metric curves obtained in x-ray structural analysis of the lattice 

state. 

Hence the degree of disorientatlon of neighboring lattices at 

the boundaries of the structural elements of a polycrystal is the 

principal structural element responsible for changes in the structu- 

rally sensitive properties of a polycrystal caused by a change in 

its structure. 
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Lo  and LyB LINES IN THE SPECTRA OP COPPER AND ZINC 

M. I, Korsunskly and I. A. Rumyantsev 

o 

In most of the research work on changes In the x-ray spectra of 

compounds and alloys, study has been made of the lines of the K 

series.  The transition of the valence electrons (the energy states 

of which naturally undergo very Intensive changes) have also been 

considered In this work.  The use of apparatus with adequate resolv- 

ing power In order to detect slight energy changes of the order of 

fractions of eV Is essential In such studies. 

Since energy dispersion Increases as the wavelength Increases, 

study of the L-serles for elements with middle-range atomic numbers 

(from Mn2S to Mo42) Is more convenient than study of the K series 

(the lines of the L-serles In these elements are located In the 

range of'5-20A, which Is within the possibility of measurement). 

For a more accurate study of the changes in chemical compounds 

and alloys it is desirable to observe also the transitions of the 

valence electrons in the L-series.  However, for a number of elements 

with middle-range atomic numbers, unfortunately, these lines have not 

yet been discovered in the L-spectra.  This applies in particular to 

the elements Cu29 and Zn30.  These transitions in the elements Ge32, 

as shown in the research of G. P. Borovlkovaya and M. I. Korsunskly 

[l] actually take place, and the corresponding lines are marked by 
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1 great Intensity.  Before studying the spectra of copper and zinc 

alloys, therefore, the L-spectra of pure copper and zinc elements 

were examined In order to discover the lines connected with the 

transitions of valence electrons and also in order to through light 

on conditions under which the lines appear.  The present article 

gives an account of the preliminary results of these studies. 

Our study of the spectra was conducted with a vacuum illuminating 

x-ray spectrograph [l] which used a curved mica crystal and a photo- 

recording system.  An anode of electrolytic copper was prepared for 

the study of the copper, while the zinc was made into plates, 2 mm 

thick, and fastened on the copper anode; the zinc used was chemically 

pure. 

The use of an x-ray tube which had a comparatively large focus 

(about 4 cm2) enabled us to eliminate intensive local heating of the 

surface of the specimen; this was vitally Important In obtaining the 

spectra of pure elements.  The temperature of the anode did not 

exceed 350° (measured by a copper-constantan thermocouple at 5-7 kv 

and 10-15 ma. 

The spectrographic photographs were taken on Isopan P film. 

The cassette window was covered with aluminum foil about 2 microns 

thick to prevent the penetration of visible light.  The exposure 

time was 5-6 hours for copper and 2-6 hours for zinc; the photo- 

graphs were measured with an MP-4 recording microphotometer. 

Photoelectric examination of the first 20 spectrograms for 

the L-spectra of copper and zinc made It possible to establish a 

number of regular developments common to all the photographs. 

Lines 1^  ^ and Lg for the spectra of both copper (Pig. l) and 

zinc (Pig. 2) appeared to be double.  The wavelength of the short- 

O 
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wave components of those lines differs from that of the basic line 

by approximately 65 X-unlts.  In wavelengths, those components are 

close to the satellites of the basic lines (L n and LQM), but, the 

Intensity of the lines we found greatly exceeds that of the satellites 

described in [2,  3,  4]. 

The great intensity of our lines which in some pictures even 

exceeds that of the basic lines, justifies the statement that they 

are not satellites.  We identified them as lines 1^  and L  . 

It is of interest to note that the intensity of the Lg and Ly 

lines in the Zn spectrum largely depends on the photographic procedure. 

As seen in Fig. 2 and 5, the relative intensity of Lg compared with 

La   noticeably diminishes with an Increase In exposure time.  This 

results from gradual oxidation of the zinc plate during exposure, 

A similar change in the zinc spectrum occurs even with a short exposure 

when the vacuum is low (of the order of 10~4 mm Hg,) . 

A difference in wave-length between the lines L0  and L„ PS        al)2 

and between the lines L,  and Lg  correspond to an energy interval 

approximately equal to 4,6 eV for copper and 5-6 eV. 

The dispersion in the L-series photographs for copper was 22-24 

X/mm (1,5 eV/mm) and for zinc, 25-27 X/mm (2.1 eV/mm), I.e., it was 

at least double the dispersion for the L-serles of copper and zinc 

given In earlier papers, 

The possibility of finding the lines Lo  and L  Is to a con- 
Pe     7s     '' ■ ' 

siderable degree bound up with the oxidation of the specimen's sur- 

face. In an oxide those lines are almost entirely absent. Accord- 

ing to Borovikovaya, a similar change in the intensity of the lines 

La and L  takes place with helium in the transition from pure metal 
PS      75 

to an oxide. 
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Flg. Lines L    and 
«1,2 

L0  In Cu spectrum. 
Pa 
Scale 2:1. 

Flg. 2. Lines L    and 

L  In Zn spectrum. 
P6 

Scale 4 : 1, 5 exposure time 
= 3 hours. 

Consequently the use of a high-dlsperslon spectrograph,, a high 

vacuum (not less than 2 • 10 Hg), and comparatively weak currents 

In the tube to reduce the heating of the surface of the specimen 

are essential conditions for the discovery and study of the lines 

LQ  and L  In copper and zinc. 
Pe     75 

It can be observed from the table of x-ray emission spectra that 

L'  and L  lines have been discovered for all elements, beginning 
Pe     75 

with Rb37.  Since these lines refer  to the respective dlpole transi- 

tions LTT  - NT and LJJ  -  NT and copper and since copper and zinc 

possess electrons at these levels, it was not clear why these lines 

had not been discovered In copper and zinc spectra.  Since the dif- 

ference In wavelength between LQ and L    is determined by the 
Pe     Qti,2 

energy Interval between MTV „  and N , we examined the dependence of 

the value for this Interval on the atomic number.  It was shown by 

extrapolation of the curve obtained for the elements Ag47 - Rb37 

to elements with lower atomic numbers that this Interval for the 

elements Ge32 - Cu29 amounts to several eV, I.e., the lines L0  and 
Pe 

L  should be located respectively near the lines L    and L 
75 al'2      ßi 

■" 
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(since the curve showing the dependence of the energy Interval 

M,-,,. - NT on Z can also be extrapolated for the lines L  and LQ ) . IV   I 75     Pi' 
In our case, the energy Interval Is 4.6 eV for copper and 5.6 

eV for zinc, which fully confirms the existence of the lines L, 
Pe 

and L  in the copper and zinc spectra which were analyzed. 

On the strength of this we can conclude that the published 

data on L-spectra of copper and zinc do not refer to pure elements. 

o 

CONCLUSIONS 

1. The lines discovered in the copper and zinc spectra are 

lines L„  and L  and relate to the transitions L   - N and L„ - 
ßa     75 III   I     HI 

-Nr 

2. The distances of these lines from L    and L  were measured. 

5. It was established that the proper conditions are essential 

in recording these lines photographically. 

Pig. 3. Lines L    and L  in Zn 
«ua     ß6 

spectrum. 
Scale 4 : l; 6 hour exposure. 
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INFLUENCE OF THE CONCENTRATION OF COMPONENTS IN IRON-CHROMIUM ALLOYS I 

ON THE STRUCTURE OF THE ENERGY SPECTRUM OF THE CHROMIUM 

AND IRON CONDUCTIVITY ZONE AT HIGH TEMPERATURES 

N. D. Borlsov, V. V. Nemoshkalenko and A. M. Fefer 

The present article Is a direct continuation of earlier research 

[l] and Is aimed at studying characteristic changes In the structure 

of the energy spectrum of chromium and Iron electrons under the 

Influence of the concentration of alloy components In an Iron- 

chromlum system and the transition (along the axis of composition) 

of the 7-solld solution Into the oc-solld solution. 

For our Investigation we studied the K0  - lines of chromium P5 
and Iron produced by transition of electrons from the 3d subshell 

to the K-level, and Kg - lines of the same elements, produced by 

the transition of electrons from the Jp-subshell to the K-level com- 

bined with the longwave Kßt - satellite. 

The distribution of electrons through the energy levels of free 

chromium and Iron atoms Is given In Table 1. 

The spectrum lines shown are those of pure chromium and Iron 

and of Iron-chromium alloys Nos 1, 2, 3., 4, 5, and 6 containing H-, 

8, 20,  30,  4-5, and 30%  chromium by weight, respectively. The 

spectral lines of the chromium KQ - group were not recorded for 
P 

alloys Nos 1, 2,   and 3 because of their weak intensity. 
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Electrolytic chromium and Iron of high purity were used as test 

metals.  All the test metals were made Into special plates, which 

were then attached to the primary antlcathode In the x-ray tube. 

Equipment and Method of Work 

The high-voltage apparatus used was a four-kenotron unit based 
it 

on the Gratz layout.  A ferromagnetic resonance stabilizer maintained 

a constant output of primary voltage with an error factor of 0.5^. 

For all the x-ray spectrograms of the pure metals and alloys we 

used an x-ray tube which we had constructed ourselves and which was 

designed to obtain flourescent spectra at high temperatures.  After 

replacement of the electrodes the tube could be used for obtaining 

x-ray spectra by the primary excitation method.  The tube was 

evacuated by an oil initial-vacuum pump, a mercury diffusion pump 

and a MM-4-0 high-vacuum vapor-oil pump, connected in series.  The 

vacuum was obtained was 2 to 3 • 10~5 mm Hg and It was regulated by 

HG-200 and VI-3 ionization gages.  A fast nonvacuum x-ray spectro- 

graph, in which the radius of curvature of the crystal was 500 mm 

[4], was used as the diffraction apparatus.  A quartz crystal (prism 

face 1010) was used to break up the radiation from the specimen. 

As distinct from previous studies, all the spectra were obtained 

from a crystal oscillating through 2°.  This was essential in measur- 

ing the fine structure of x-ray bands produced by the primary 

excitation method because of the difficulties In subtracting the 

background (retarding spectrum).  The latter, as Is known, super- 

poses its own pattern on top of the Intensity of the x-ray bands 

under study. The linear orifice of the crystal was set by a blade 

(diaphragm) and did not exceed 1.5 mm. 
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The conditions for recording the x-ray spectra of the specimens 

were selected after measuring the latter's temperature with a Pt- 

PtRh thermocouple, the hot junction of which was welded directly on- 

to the focal point which had been set beforehand, the position of 

the tube filament remaining unchanged. To reduce the temperature 

gradient along the diameter of the focal point, the length of the 

diameter did not exceed 1 mm and was regulated by the focusing cup 

of the cathode.  A Kent thermorecorder was used to register the 

temperature of the radiating specimens.  The filament was a tungsten 

spiral made of wire 0.25 mm In diameter.  The life of the spiral 

was about 500-700 hours. 

The target, a metal plate 3 mm thick cut Into the shape of a 

truncated trapezium with sloping sides, was tightly Inserted Into the 

corresponding hollow ( "swallow tall") In the copper cap of the anti- 

cathode.  All spectra were taken on slngle-slded Agfa film and were 

developed for 5 minutes In a thermally-controlled chamber at 18°, 

with fresh Metol-hydroqulnone developer In constant concentration be- 

ing used In each Instance.  In selecting the exposure time, we 

sought to obtain the photodensltles of the spectral lines In the 

rectilinear section of the sensltometrlc curve of the given film. 

The optimum time exposure was selected on the basis of the following 

equation [7], 

") 

"1= 
«■onx — s„~s, 

(1) 
* 

where s^ and S,  are the photodensltles of the peak of the time 

and the background obtained during exposure time t.  Given this 

condition, the optimum values for photodensltles S^  and Spi, will be 
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respectively: 

_lg(x + l) 
•>♦ = —;— 

S„~x-±±\g(x + l), 

TABLE 1 

(2) 

(5) 

ypoBem.                                                        | 

8jiei«eHT 
K t-l ''n, in »1 MII. 11 ^IV. V Wj 

IS 2S 2p 3 S 3P 3 d 4 8 

Cr   24 
Fe   26 

2 
2 

2 
2 

6 
6 

2 
2 

6 
6 

5 
6 

1 
2 

where x is the ratio of the Intensity of the line to the Intensity 

of the background. 

The maximum contrast of the faint spectral lines Is obtained by 

exposing the background up to a photodenslty of between 0.2 and 0.4. 

The photometry of the spectrograms was done with a MF-4 record- 

ing microphotometer with a magnification of XT, an X20 extension, 

and a 0.7 X 14 mm silt.  The rate of progress of the photographic 

plate was 60 nun/mln.  A single preliminary mlcrophotogram was made 

up on one film plate from six ralcrophotograms of sections of the 

KßJ 
band of differing heights, before the measurement of each du- 

plicated spectrogram.  This method made It possible to see the 

structure of the whole line with respect to height and enabled the 

researcher to avoid possible errors. 

o 
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Experimental Data 

FeK  and FeK    lines of the fourth order of reflection were 
ßs ßlßl 

obtained at 1000° from pure Iron and from Iron-chromium alloys con- 

taining k,  8,   20, 50, 45 and 50% chromium. 

The experimental conditions under which the duplicated spectro- 

grams were obtained are given In Table 2. 

TABLE 2 

OOieKT MccJieaOBamiH 
TcMnepa- 
typa oO- 
paaua, 0C 

CUMBOJI J1HHHII 

PeHUlM CieMKH 

BanpnHfemie, 

XpOH 

CiuiaB JW 4 

Cnaas K?. 5 

CnjiaB Hi 6 

JKeaeao y 

CnnaB Ks 1 

Ciuiaa JA 2 

Cnnas K: 3 

Cnjias JMi 4 

CnnaB Nk 5 

Cnnas JA 6 

(30% Cr) 

(45% Cr) 

(50% Cr) 

(4% Cr) 

(8% Cr) 

(20% Cr) 

(30% Cr) 

(45% Cr) 

(50% Cr) 

1000 

1000 

1000 

1000 

1000 

1000 

1000 

1000 

1000 ■ 

1000 

1000 

CrJV, B..BBII1 

Cr K9'. B, Bs III 
Cr K»'. B.. Bs m 
CrXB'.B..06in 
Fe K»: p.. B» iv 
Fe K»; B.. Bs iv 
Fe -^B'. B.. Bj IV 
Fe*BVB..B6,v 
Fe ^B'. ß.. B, IV 
Fe KV. B.. B, iv 
Fe K»'. B.. B, iv 

35 

35 

35 

35 

35 

35 

35 

35 

35 

35 

35 

6,0 

4,5 

4,4 

4,5 

6,4 

5,0 

4,6 

4,5 

4,5 

4,4 

4,5 

50 

100 

115 

100 

60 

60 

60 

80 

90 

115 

120 

Analysis of Spectrograms 

For calculation of the wavelengths of the spectral lines we 

used the equation 

2rf„ .    2d„ X^sin^^sin^+AO^]. (4) 

where (L is the constant of the crystal lattice with an n-order of 

reflection; 
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lo is the calculated distance from the center of the crystal to 

the standard spectral line; 

Al is the measured distance from the unknown line to the stan- 

dard line, mm; 

22 is the constant. 
irr 
The value of the constant was determined by the equation 

./,_*,= 
90 (?1 —?2), (5) 

f 

where: (li - lg) is the measured distance between the known standard 

spectral lines registered on the film, mm; 

*!,  '*2. are the calculated Wulf-Bragg angles for the same lines. 

The distance Al between the lines CrKaI 11j  -  {X =  2285.0 XE) 

and PeKBI _v - (X = 1752.99 XE) established by photometric measure- 

ment of the spectrograms was in ourcase l6.01 mm. 

Substituting this value and the corresponding values of the 

Bragg angles for the lines CrKa j JJJ = PeKßj jy ^ ^^ (5) > we find 

no        A?       55,66188—53,82 805      1,83383      „,..c„ 
ST = "AT = ieToi .= -Je^T = 0'ii^56  rpa«/MM, 

The constancy of this value was checked throughout our  work at 

fixed Intervals. 

The lines CuK^-j- jy and CrK^ j -J-JJ respectively, were taken as 

standard spectral lines in calculating the spectrograms of chromium 

and iron. 

In computing the lo distances of the chromium and copper K« 

lines from the crystal center, the wavelengths were taken from publi- 

shed data [9] 

I = 2285,00 XE, 
X = 1537,40 XE. 
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lo was calculated from the formula 
,        itr 
«0= 9Ö?o. 

where   *o was fovmd from the relationship 

Sin?0=^ 
2rf„ 

(7) 

In our case the 10 distances from the crystal center to the 

K^ lines of chromium and copper were respectively 469.864 and 

405. 026 mm. 

Further calculations of the location of the maxima for the K, 

and Kp.     lines of chromium and Iron were made^ using Eq. (4) . 
Pa 

ßj 

TABLE 3 

ClIMBOJI JIHHHfi 4X/A(. XE/MM Av/A(, dB/MM Av/R/A(, v/n/w» 

CrKß6ni 
FpKp4IV 

4,144 

2,430 

11,195 

9,917 

0,826 

0,732 

Other quantities related to the derived wavelength were calculated 

according to the equations: 

lg(v/Ä) = 5,9596486 —IgX, 

lg v = 7,0911491 —IgX, 

where the value  for X  Is given In XE. 

(8) 

(9) 

Table 3 gives data on the dispersion In the K_ -line region 
Ps 

for chromluÄi and Iron, calculated according to the equations: 

2rf 
^/A/= -^ COS© XE/MM, 

Av/A/ = ^?10.aa..B/MMl 

Av/Ä/A/=i2Mi^l2«VÄ/MM 

-4^6- 

(10) 

(11) 

(12) 



 „.-^ 

TABLE 4 

>A cneHTpo- OfiMHT HO TcMnepaTTP* CTaonapnaH A./crjr.1IIt- AI/CTK.,,,,- 

rpaMMu cjienoBamwi oflpasm, 'C jiHimR FeJtßlIv. M« ».jrfclv. « 

112/56 Y-wejieao 1000 c'*-.m 15,98 10,78 

.     113/56 ■f-meneao 1000 C'^.n, 15,97 

Cp. =>= 15,975 

10,78 

Cp. = 10,78 

124/56 Cn.iaB Nk 1 1000 CrJr.,n. 15,96 10,77 

125/56 To we 1000 CtK'tm 15,94 

Cp. = 15,950 

10,78 

Cp. = 10,775 

136/56 Cnjias N- 2 1000 CrK-iiu 15,97 10,78 

137/56 To we •     1000 CrAr.,in 15,98 

Cp. = 15,975 

10,77   • 

Cp.-10,775. 

138/56 , Cnjias JV» 3 1000 ^^.m 15,99 10,79 

139/56 To wc 1000 CrJf.,m 15,96 

Cp. = 15,975 

10,78 

Cp. = 10,785 

132/56 Cnjias JV; 4 1000. Cr^.m 15,98 10,78 

134/56 To we 1000 :   ^^.m 15,97 

Cp. = 15,975 

10,78 

Cp.-10,780 

119/56 Cnjiao JVi 5 1000 CrÄ..m 15,98 10,78 

120/56 To we 1000 .CrAr..m 
15,980 10,780 

115/56 Cnjiau Jfi 6 1000 ^^..m 15,99 10,79 

118/56 To we 1000 
C'^iin 

15,98 

Cp. = 15,985 

10,78 

Cp. - 10,785 

n 

Tables 4 and 5 give the Initial data for computatlng the spectro- 

grams obtained for chromium and Iron, and Table 6 contains summarized 

data for calculations of the wavelengths of the K^ K^ lines and 

the energy for the M  III and M.^ v levels of chromium and Iron, 

expressed In Rydberg constants and compiled from measurements of 

the corresponding spectrograms. The figures given In Table 6 show 

that only In the CrK  line Is there observed a considerable dls- 
ßs 

placement of the maximum toward longwaves with an Increasing concen- 

tration of Iron In alloys of the Iron-chromium system. The position 



of the maxima of the other lines In all cases remain constantj with- 

in the limits of errors In measurements. 

TABLE 5 

M CIltBTpO- OSICIIT nc- TeMiiepaTTpa 1      CTannapTuan AWCU KH lv_ Al/CiK,, ]V- 

rpami CJieJIOBailBH oSpaana, 'C Jinnnn CrK(ilni.„K CrKp5III. MM 

127/50 XpOM 1000 Cu X'i ,V 7,92 4,29 

128/56 To mo 1000 Cu *«. IV 
7,91 

Cp. = 7,915 

4,28 

Cp. =4,285 

116/56 CnnaB JV; 6 1000 Cu *', IV 
7,87 4,32 

117,56 To H<0 tooo Cu^r, 
•I IV 

7,88 

Cp. =7,875 

4,34 

Cp. = 4,330 

122/56 CnnaB JVj 5 1000 Cu ^ ,v 7,87 4,38 

123/56 To mo 1000 Cu *«. IV 
7,870 4,380 

129/56 Cnnas JVs 4 1000 Cu ^1 IV 
7,90 4,41 

135/58 To me 1000 CU K" 'v 
7,90 

Cp. = 7,900 

4,49 

Cp. = 4,450 

Photometric Analysis of Spectrograms 

Figures 1 through reproduce some of the mlcrophotograms of the 

duplicated spectrograms Ka  lines for chromium and Iron obtained Ps 
from the pure metals and Iron-chromium alloy at 1000°.  From these 

It follows that It Is only In the CrKQ  - band that the shortwave 
Ps 

branch Is not obscured by the K T  satellite Is clearly superlm- pIII 
posed on the shortwave branch of the K  band, and Is simple In shape, 

Ps 
The mlcrophotograms show that In studying the shape and the breadth 

of the FeKg line It Is essential to break up the line Into Its com- 

ponents parts. 
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TABLE 6 

OOMKT CilMBOJI 

jiinmii 

HcToniia- 

HH aaiiHux 

X 

a 
> 

1 
Onnfim mepcm 

ucc.icao- 

XB V v/n * 
V 

XB H »/« 

/KC.TC30 
TeK», T«ö- 

jnn- 
nijp 

1752,99 

1740,54 
- 519,84 

523,56 
4,1 

0,29 
— — — 

Jh'cJicao n 
cnjiaBU 

JKCJICSO — 
xpbM 

JV> 1  2 3 
Fo^3. 

3i(c- 
ncpn- 
MCII- 
rajib- 

1752,99 

1740,43 

7042,25 

7093,06 

519,84 

523,59 

4,06 

0,31 ±024 ±099 ±007 

4, 5, 6 nwc 

XpOM 
\ TaC- 

■)  Hue 

2080,60 

2066,53 
— 437,98 

440,97 
3,1 

0,14 
— I —   . 

XpOM   H CrATp, 3ncncpH- 2080,48 5933,73 438,01 3,09 — — — — 
cnjiasu HeiiTajib- 

mejicao — HMe 
XPOM 

K 4, 5, 
g 

XpOM Cr^. To .)KO 2066,53 5973,77 440,97 — 0,13 ±041 ±0112 ±008 
, Cn.naB 

JSft 6 
Cr^. » 2066,69 5973,32 440,93 — 0,17 ±041 ±0112 ±008 

Cnjias 
f6 5 

Cr^. » 2066,88 5972,77 440,89 — 0,21 ±041 ±0112 ±008 

Cnjias 
Kk 4 c^s. » 2067,16 5971,96 440,83 — 0,27 ±041 ±0112 ±008 

- 

Flff. 1.  CrKQ  line for chromium. P5 
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Pig 2.  PeK  line for Iron, 
ßs 

Flg. 5. PeKR  line for Alloy No 6 (50^ Cr) 

Pig 4. CrKo  line for alloy No 6 (5C$ Cr) 
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Treatment of Mlcrophotograms 

The treatment of the microphotograms Is briefly this [l]. 

On the assumption that the change In the magnitude of the back- 

ground within a short section of the spectrum Is a linear function, 

a straight line Is drawn tangentlally to the two branches of the 

K0 band.  Through the points of minimum density of the background 
Ps 

a straight line Is drawn parallel to the dark line recorded on the 

mlcrophotogram, which was taken as the fog line.  The whole of the 

microphotogram Is divided Into equal sections of 1.5 mm by vertical 

lines, corresponding to 0.075 n™ on the film, at a magnification 

of 20.  Each point where the vertical lines interject with the con- 

tour of the band, the photodensities of the Scl contour are calcu- 

lated without the background by the equation 

o   c.   e  i„ ''* ^1^ OK, = On — Jij, = lg , 

where 1K_ and 1 are the distances from the dark line to the corre- DS     c 
spending points of the background and of the band contour measured 

in the mlcrophotogram. For the values for Sci, we calculated the 

values of the i , distances from the dark line to the corresponding 

points on the band contour, reduced to a common fog value, accord- 

ing to the equation 

lg»B' = lgiV—V. (W 
I 

where 1 . is the distance from the dark line to fog. v' 
The contour of the K  band without the background, reduced 

Ps 
to the common fog value,, is then plotted, from the values of 1 

c' 
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The breakdown of the composite contour of the PeKD band Into 
PS 

components is done by the method of successive subtraction at each ■ j 

point on the IC, -band contour of the photodensltles of the K 
PS ßlll 

satellite.  Considering the symmetry of the resolved CrKgin satellite. 

It Is assumed that the PeKQtwsatellite also preserves this form. 

The computation kinetic energy of the electrons In the conduc- 

tivity band Tmax = (^ax - Eo) Is calculated by Eq. (10) : 

(15) Mane —     7~ 1—k 

where y„  Is the breadth of the K  band meas\ared at different cross n ßs 
sections of Its contour with 

r p 
MSKC    0MaHr 

n= —r— = —ö— 

Table 7 gives the computation of a mlcrophotogram where 1 Is 

the distance from the dark line to the point of the band contour that 

corresponds to the given n. 

Table 8 gives composite figures for T Q . the kinetic energy of 

electrons, and similar figures for the n-number of the "outer" 

electrons per atom In the conductivity band.  The value of n Is found 

by Eq. (7): 

n = Ot00453FÄc> ( l6) 

As can be seen In Table 7, Eq. (15) shows the path of the long- 

wave branch of the Ka  -band with sufficient accuracy only In Its 
Ps 

center section. 
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TABLE 7 

Calculation of Mlcrophotogram No.   12.     Spectrogram No.   118/56 (PeK 

of  Alloy No.  6) 

n -^7 s„ 'e«n «» TX20. 
MM T. MM T.    en TM1KC 

t,00 0,00000 0,19691 1,84448 69,9 0,0 0,000 0,000 
1,25 0,13823 0,15752 1,88387 76,5 5,7 0,285 .2,825 20,436 
1.50 0,23G86 0,13127 1,91012 81,3 7.,4 0,370 3,668 15,485 
2.00 0,37004 , 0,09845 1,94294 87,7 10,0 0,500 4,956 13,393 
3,00 0,51920 0,06563 1,97576 94,6 14,1 0,705 6,989 13,459 
5,00 0,65801 0,03938 2,00201 100,5 17,9 0,895 8,872 13,483 
7,00 0,72672 0,02313 2,01326 103,1 20,6 1,030 10,210 14,049 
0,00 0,76888 0,02188 2,01951 104,6 22,3 1,110 11,003 14,345 

12,00 0,80920 0,01641 2,02498 105,7 24,0 1,200 11,896 14,700 
15,00 0,83548 0,01313 2.02826 106,7 25,8 1,290 12,788 15,206 

(n = 2, 3, 5, 7) = 13,596 

TABLE   8 

Pe 

*l C0CT8 », % M cnempa ■^MaKC, BB TVaKC. cp. 
BB. 

yak' n 

S3 Fe Cr Fe Cr FeKp. CrKp. FeKg. &■*„, Fe Cr Fe Cr 

Fo> 100 ' 0 
141/56 
144/56 

- 16,34 
16,08 

— 
16,2 _ 12,07 _ 3,57 ■ _ 

Fey 100 0 
112/56 
113/56 

— 15,49 
15,47 I 15,48 — 12,25 — 3,38 — 

Cu.mD 
■M 1 96 4 

124/56 
125/56 I 15,45 

15,32 I 15,38 — — — — . — 
Ciumn 
.\J 2 92 8 

136/56 
137/56 

— 15,21 
15,10 

— 15,16 — 12,236 — 3,27 - 
Oimt 
.M3 80 20 138/56 

139/56 
— 14,76 

14,90 
— 14,83 

■  — 
11,932 — 3,09 — 

Cnnno 
M4 70 30 132/56 

134/56 
129/56 
135/56 

14,59 
14,38 

16,12 
15,80 

14,48 15,96 11,904 11,904 2,97 3.44 

Cnjin» 
M5 55 45 119/56 

120/56 
122/56 
123/56 

IS, 63 
13,88 

15,22 
15,56 

13,76 15,39 11,857 11,857 2,74 3.24 

CnJins 
M6 50 50 115/56 

118/56 
116/56 
117/56 

13,61 
13,60 

15,29 
15,33 

13.60 15,31 11,857 11,857 2.70 3.22 

Cr 0 100 
■  — 

127/56 
128/56 — 

12,91 
13,07 — 12,99 — 12,47 — 2,65 

where Va Is the atomic  volume  expressed In cubic angstroms. 

t 
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A correlation of the values of the lattice constants of Cr, 

Fea, P and of Iron-chromium alloys for a temperatiore of 1000° was 

made, with account taken of the coefficients of linear expansion ob- 

tained from the dllatometrlc curves. 

i 

n 

"*•*. -4 
T/l - 

""■ — --— ^ 

r^ ̂ ^ -«^/ 

^~< j^^. ^^ ■«e-J 
~-r:~- -^ 

in ~" 

n 
IB 

if 

« 
« 
if 

iL. 
o    to     ioximsomwionm 

Pig. 5-  Dependence of TCr (l) , nCr (2), Tpe (5), 

n_  (4-) In the Iron-chromium system. 

Figure 5 shows a graph of the dependence of Tmax and the number 

n plotted from the data in Pig. 8 and illustrates the linear de- 

pendence of these quantities on the concentration of the alloy 

components.  Of special Interest Is the path of these straight 

lines In the region of low concentration. 

Conclusions 

1. Using a spectrograph with a high-ratio aperture (radius of 

crystal curvature 500 mm) and with a tube suited to high tempera- 

ture spectography, we obtained emisslvity lines of the K group 

from pure chromium and iron and from iron-chromium alloys contain- 

ing 4, 8, 20, 30, 45, and 50^ Cr by the primary excitation method 

at 1000° with an oscillating crystal. 
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2. The transition of chromium and Iron Into an Iron-chromium 

alloy within the range of concentration studied and also the transi- 

tion of the 7-phase Into the a-solld solution have no effect on 

the position of the maxima of the PeKg ,  PeKß , and CrKß lines, 

within the limits of errors In measurement (Table 6.). 

3. The position of the maximum of the CrKg band Is displaced 

toward the longwaves as the concentration of Iron In Iron-chromium 

alloys Increases; this Is connected with an Increase In the value 

(absolute) of the energy of the Jd-shell of the chromium atoms 

(Table 6). 

4. The breadth of the conductivity band and the number n of 

"outer" electrons per atom, in all cases examined are different 

for chromium and iron, decreasing for iron with a greater chromium 

concentration in iron-chromium alloys and, conversely, increasing 

for chromium with a greater concentration of iron (Table 8) . 

5. Within the range of concentration of the components of Iron- 

chromium alloys studied we observed a linear dependence on the con- 

centration of the components in iron-chromium alloys of the value 

for T Y (the kinetic energy of electrons) and the number n the 

"outer" electrons per atom in the conductivity band of chromium 

and iron (Pig. 5)• 

6. The differences found in the energy states of the chromium 

and iron atoms in the a solid solution of iron-chromium alloys at 

1000°, within the range of concentrations studied, require addi- 

tional thorough study of the fine structure of the x-ray bands In 

order to determine the nature of the influence of Individual factors 

on that structure. 

X 
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THE THEORY OF DILUTE SOLID SOLUTIONS 

I. B. Borovskly and K. P. Gurov 

:: 

Sound theoretical concepts of the alloying mechanism In heat- 

resistant alloys are essential If the problem of alloying these Is to 

be effectively solved.  Owing to the complexity of the question. It 

Is possible at the present time to make only a rough, qualitative, 

and theoretical study which to a large degree is seml-emplrlcal In 

nature. 

Most of the properties of solid solutions are determined by their 

atomic and electronic structure, which it is possible to study with 

adequate thoroughness only If the whole range of available physico- 

chemical methods of analysis are applied.  Such was our purpose In 

investigating x-ray spectra 1  , self-diffusion 5 ,   and the coefficient 

of linear expansion  11  in solid solutions. 

Much of the available experimental data gives direct evidence of 

the tremendous effect of small quantities of admixtures on the physical 

properties of condensed systems.  The meaning of the term "small 

quantity of admixture" varies quantitatively In systems with different 

properties.  A small admixture in the transition metals Is an addi- 

tion of the order of 10"1 to 10-3 atom $. Hence the problem of purity 

in a base metal acquires considerable Importance. 

We studied the change in the characteristics of x-ray spectra of 

chromium as a function of its purity; the materials used were hydro- 

genized, electrolytic, and iodized chromium.  We then studied the 
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Influence of molybden admixtures on the characteristics of the elec- 

trolytic chromium x-ray spectrum. 

The characteristics studied were the following:  Its position on 

the energy scale, the shape of the chromium emlssivlty lines (Kg , 

IC, ), the K absorption edge and the index of unsymmetry of the K, , 

lines.  Special attention was paid in the work to the question of 

methods of eliminating the possible influence of the excitation 

potential on the indices of unsymmetry of the "last spectral lines" 

(with regard to the absorption of radiation by the anode) and on the 

thickness of absorbers on the line structure of the basic absorption 

edge 1. 

The results of the x-ray spectragraphic studied are given in 

Table I and Pig. 1. 

An approximate evaluation of the Influence of the atomic con- 

centration of admixtures and temperature was made, using lead-tin 

alloys in the temperature range — 190 to + 500° from the ij-r-r-r  absorp- 

tion spectra of lead.  Despite the fact that in previous studies of 

the change in the fine structure of absorption spectra caused by tem- 

perature the latter was considered only In respect to its influence 

on the scattering (the change in the fine structure on the shortwave 

side of the basic absorption edge  2  ), it physically seemed clear 

to us that the vibration of the atoms in the lattice of metals and 

alloys, reaching 10-15^ of the interatomic distance at temperatures 

close to the melting point must also exert substantial Influence on 

the whole electron energy spectrum of the crystal.  The question of 

the influence of admixtures on the "melting away" of the fine structure 

of the absorption spectrum was raised for the first time in connection 

with the idealized conceptions which we have recently been developing 
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t 
regarding the theory of regarding dilute solid solutions  5 

LTTT absorption spectra of lead In lead metal and lead-tin alloys 

containing 0.2, 0.5, 2.0, 10^ tin were studied In a spectrograph with 

a bent crystal, using the "pass-through" method (the linear disper- 

sion was 4 XE/mm). 

The structure of the alloys was determined from the results of 

the x-ray structural studies which confirmed the fact that all alloys 

are solid solutions (the 10%  tin alloy was prepared by quenching from 

200°).  The absorption spectra were obtained at four or five tempera- 

tures In the range from -I90 to 500°.  The photographs were taken In 

a special vacuum camera (1.10-S mm Hg.).  The absence of oxidation at 

higher temperatures In the operation was verified by photographs the 

same specimen at a high temperature and then at room temperature. 

LTTT absorption spectra of lead In PbO and PbOa were specially photo- 

graphed for additional control. 

K.3i 

K 
VmC'- 
Mir.rCr 

M„MO 

My Mo 

/liidenc accuHempau K^ ,Cr 

Fig. 1.  Changes In relative values 
of M-p-j- III and ML-y v energy levels 

of chromium of MTI, III and M™ „ 
energy levels of molybdenum, and the 
unsymmetry index of the K,, line of 

chromium in chromium-molybdenum alloys, 
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TABLE  1 

Bna xpom 

IliiAn.diuü JV:  1 

O.iCKTponnrnqecKnfi N» 2 

"3^BB 

2080,41±0,04 
5946,1±0,1 

2080,61±0,05 
5945,5±0,1 

2080,79±O,O4 
5945,0^0,1 

K-Hpali 

2066,45±0,03 
5986,3±C,1 

2066,59±0,03 
5986,0±0,1 

2066,73±0,03 
5985,5±0,1 

2065,76±0,08 
5988,3^0,3 

2066,03±0,06 
5987,5±0,2 

2066,1±0,1 
5987,5±0,3 

1,30±0,06 

1,40+0,06 

1,20±0,04 
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The absorption spectra, averaged for all the mlcrophotograms, 

obtained are represented by the curves In Fig. 2 (each curve Is an 

average for 4 or 5 spectrograms), and Table 2 gives the wavelengths 

of the characteristic points on the LTTT edge. 

An analysis of the results obtained enables the following con- 

clusions: 

1. A change In parameters of the K  i,K  ,K 5 of the spectrum 

for all three specimens of chromium metal of varying purity Is firmly 

established experimentally (we should recall that two of these lines, 

K 1, and K,  originate theory transitions between deep atomic levels 

Is 2p, Is - 5p. 

As the Impurity content diminishes In the chromium form hydro- 

genlzed to Iodized chromium K  1 and K 5 lines are displaced towards 

the shortwave side.  The unsymmetry Index for the K  , line changes 

sharply.  The position of the K absorption edge and the path of the 

absorption coefficient remain unchanged. 

2. As an Indicator of the relative behavior of the electron 

energy spectrum In the transition from pure metals to alloys, we can 

take the absolute value of the energy-level change with respect to the 

energy of the corresponding levels of pure chromium and molybdenum. 

It is assumed in this comparative evaluation that the (is) energy level 

for atoms in a pure metal or in an alloy remains constant.  The energy 

of the M   TI Cr level Increases in absolute value during the transi- 

tion from electrolytic chromium to alloys with an admixture of 0.14 

to Ifo   (remaining further unchanged up to 31$ molybdenum) .  A similar 

displacement occurs for the MTV v level of chromium. 

However, having undergone appreciable displacement in the region 

of low impurities content, this level retains a constant displacement 

in absolute value in relation to pure chromium, up to alloys containing 
2.50$ molybdenum. 
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TABLE  1 

Bun ipoua K-Kpalt «.. 

|liiAn;<iiuü JVi 1 

a.-icHTpojinrnqecHiiii Ns 2 

2080,41^0,04 
5946,1 ±0,1 

2080,61±0,05 
5945,5±0,1 

2O8O,79±0,O4 
5945,0±0,1 

2066,45±0,03 
5986,3±(),1 

2066,59±0,03 
5986,0±0,1 

2066,73±0,03 
5985,5±0,1 

2065,76±0,08 
5988,3±0,3 

2066,03±0,06 
5987,5±0,2 

2066,1±0,1 
5987,5±0.3 

1,30±0,06 

1,40+0,06 

1,20±0,04 
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The absorption spectra, averaged for all the mlcrophotograms, 

obtained are represented by the curves In Fig. 2 (each curve Is an \ 

average for 4 or 5 spectrograms), and Table 2 gives the wavelengths 

of the characteristic points on the LTTT edge. 

An analysis of the results obtained enables the following con- 

clusions: 

1. A change In parameters of the K i,  K    ,  K    5 of the spectrum 

for all three specimens of chromium metal of varying purity Is firmly 

established experimentally (we should recall that two of these lines, 

K  1, and K,  originate theory transitions between deep atomic levels 

Is 2p, Is - 3p. 

As the Impurity content diminishes in the chromium form hydro- 

genlzed to iodized chromium K x   and K 5 lines are displaced towards 

the shortwave side.  The unsymmetry index for the K  , line changes 

sharply.  The position of the K absorption edge and the path of the 

absorption coefficient remain unchanged. 

2. As an indicator of the relative behavior of the electron 

energy spectrum in the transition from pure metals to alloys, we can 

take the absolute value of the energy-level change with respect to the 

energy of the corresponding levels of pure chromium and molybdenum. 

It Is assumed in this comparative evaluation that the (is) energy level 

for atoms in a pure metal or in an alloy remains constant.  The energy 

of the M T TTT Cr level Increases in absolute value during the transi- 

tion from electrolytic chromium to alloys with an admixture of 0.14 

to 1^ (remaining further unchanged up to 51^ molybdenum).  A similar 

displacement occurs for the MTV v level of chromium. 

However, having undergone appreciable displacement In the region 

of low Impurities content, this level retains a constant displacement 

in absolute value in relation to pure chromium, up to alloys containing 
2.50^ molybdenum. 
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TABLE 2 

Position of the Maximum and Minimum Fluctuations of LJJJ 

Absorption Spectra of Lead In the Energy Scale 

- 1 I'D 

TeMneparypa 

'C JViM 1 2 3 

max mln max mln max mln 

300 
200 
20 

—190 

dueprnir, 3B 
13046 
13046 

13048 
13050 

13060 
13057 

13071 
13071 

13084 
13078 13102 

, 

i 

I'bSn (0,2% Sn)        1 I'bSn (0.5% Sn) 
H re 
Q. 
«JO 

1 2 3 I 2 3 

1° 
£3. max mln max mln max mln max  mln max mln max mln 

300 3Hcp 
ran, 
8B 

130418 
13047 
13046 
13048 

13050 
13050 
13048 
13050 

13061 
1306C 
1306; 

13072 
13072 
13072 

13088 
13083 
13088 13103 

■ 
 -- 

200 
20 

—190 

13049 
13047 
13047 

13050 
13050 
13050 

13062 
13060 
13060 

13069 
13070 
13069 

13084 
13083 13102 

, 

« 
g 

PbSn (2% Sn>       { I'bSn (10% Sn) 

s 1 2 3 1 2 3 

Is max mln max mln max mln max mln max mln max mln 

300 3Hep- 
rHH, 
as 

13048 
13045 
13046 

13050 
13048 
13050 

13064 
1306C 
13062 

13072 
13070 
13071 

13082 
13086 13102 

13047 
13050 

13060 
13060 

13067 
13072 

13078 
13086 

200 
20 

—190 
13046 
13046 13098 

In alloys with a higher concentration of molybdenum a further In- 

crease In absolute value for energy of the MVI y level of chromium 

41t- 

! 
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Is  observed*. 

Prom our viewpoint, the practically constant value of the un- 

symmetry Index of the Kaij a2 Cr lines In all the alloys studied 

(excluding the 0.07 #) Is experimental confirmation of our original 

assumption of the constancy of K-level energy In chromium atoms In 

alloys. 

< 

* Examination of the behaviour of the fL  v and N, levels IV, V 
of molybdenum In alloys shows that the energy of these levels In- 

creases In absolute value when the chromium content In molybdenum is 

small (up to 1%).  A further Increase In chromium concentration re- 

duces the absolute value of these energies.  Here the MTU. v levels 

nearly retain their absolute energy value, with a tendency toward a 

slight decrease In alloys with a higher chromium content.  Initially 

there is a characteristic sharp decrease In the absolute energy value 

of the N-j-y v levels, proves that the latter acqures a surplus posi- 

tive charge as compared with their charge In pure metal, whereas the 

decrease In the absolute value of the energy levels Indicates a re- 

duction In the effective charge of the nucleus. 

O 
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Consideration of the experimental results from this stand point 

leads to the assumption that In chromium-molybdenum (as an admixture) 

carries surplus negative charge, whereas chromium (as the base), 

carries a positive charge relative to Its charge In a pure state. 

However, the change In sign has no effect on the shape of the Kg Cr 

and Lo  Mo lines since, as an average (per atom) it Is small. 

Snepeu/i 

Fig. 2.  Fine structure of LTTT absorption edge for 
lead-tin alloys at different temperatures and con- 
centration of Sn, 

«.> 

Figure 3 gives the results of the study of the change In the 

self-diffusion coefficient for a iron and its alloys with chromium, 

molybdenum, and tungsten as a function of their concentrations and 

temperature,  A method developed for this particular purpose [4] 

enabled us to determine the values of the self-diffusion coefficients 

with a very low error factor 7 to 9$.  Let us note the principle 

result of the data which is the minima of self-diffusion coefficients 

for small concentrations of admixtures  of an order of 10 1^. 

The following general conclusions can be drawn from the above: 

A small admixture changes the whole electron energy spectrum 

of an alloy when the atoms of the alloys base are those of the ele- 

ments of the transition groups or of the elements with virtually un- 
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Fig. 3. Change In the self-diffusion coefficient 
for a Fe depending on concentrations of tungsten, 
molybdenum, and chromium admixtures. 

filled Inner levels (5f, Pb); 

When an Interatomic bond Is formed In alloys, the distribution 

of the energy states Is changed at outer valence levels as well as 

at rather deep levels; 

An evaluation of the relative charge of atoms In alloys on the 

basis of data from x-ray spectral analysis Indicates that molybdenum, 

as an admixture, carries a surplus negative charge, as compared with 

chromlumj 

Thermal vibration of atoms not only greatly Influences scattering 

but also affects the entire electron energy spectrum. Including the 

signs of the atoms of the base; 

The presence of small amounts of admixtures changes the mobility 

of the atoms of the base and minimizes the mobility of the atoms of 

the base and minimizes the mobility of atoms of the transition ele- 

ments.  The change In mobility due to temperature depends on the 
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sign of the surplus charge of the atoms of the admixture. 

These experimental facts, as well as an analysis of the papers 

[5J 6], led us to develop an Idealized concept of the forming of 

"atomic blocks" In dilute solid solutions based on transition metals. 

In so doing, we assumed that this Is the principal development In the 

mechanism of alloying transition metals with small additions of ad- 

mixtures . 

Generally speaking, alloying is a very complex phenomenon de- 

pending on a great many active factors, such as structure, composi- 

tion, defects, temperature, and method of processing.  Theoretical 

views therefore, can only be developed by an idealized approach, namely 

by first considering only one of the factors and then in turn making 

allowances for the others in the results obtained.  An ideal crystal- 

line structure (without defects) at absolute zero temperature was 

chosen as the original model, i.e., we are considering ideal static 

conditions. 

It was assumed that the atoms of the admixture did not correlate 

with one another (infinitely dilute solid solution; one atom of the 

admixture in the metal as the limit).  Under these conditions the 

ideas wer are developing can be summed up In the following fashion. 

An admixture (substltutional or interstitial) Introduced into a 

metal transmits its outer electrons to the common conductivity band 

of the electron spectrum of the base and assumes a charge that in gen- 

eral differs from that of the atomic framework of the base-metal. 

The number of lost electrons depends on the relative position (on 

the energy scale) of the electron levels in the admixture atom and 

on the electron spectrum of the metal base.  The excess charge (both 

signs are possible) of the admixture is considered as a perturbance 
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causing deformation of both the conductivity band and the other 

bands of the electron energy spectrum of the base. This disturbing 

potential Is of short duration. Hence the deformation of the elec- 

tron spectrum Is of a local nature and results In a special re- 

distribution of the conductivity electrons (leveling their energies 

to the Fermi level).  This redistribution also affects the electrons 

of the unfilled inner shells of the atomic framework of the base, 

and, as a consequence, the charge of the atomic framework of the 

matrix in the region of the effective disturbing potential is some- 

what changed; "Induced" admixtures appear, with excess charges oppo- 

site in sign to the excess charge of the base alloy.  It should 

be noted that the displacement of the electron energy levels is neg- 

ligible and only Increases as a linear function of the concentration 

of the admixture in an infinitely diluted solid solution.  Conse- 

quently this development will not directly affect the fine structure 

of the x-ray spectra In the zone of small concentrations.  However, 

as has been noted the effective charge of the atomic framework of 

the base metal is changed in the local zone surrounding the admix- 

ture.  A positive excess charge of the admixture will result in a 

decrease In the effective charge of the neighboring atomic frame- 

works, whereas a negative charge will lead to an increase.  This 

effect can be identified by studying the fine structure of x-ray 

spectra at finite, though small, concentrations of the admixture. 

Theoretically the change in the effective charge of the atomic frame- 

work of the base can be viewed as the appearance of "induced" admix- 

tures at the corresponding points.  The sign of the excess charge of 

these admixtures is always the opposite "of that of the alloy base. 

Therefore, between the base and the "Induced" admixtures, an addi- 

O 
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tlonal bond appears. I.e., stable blocks are formed (short range 

order).  When the active zones of the disturbing potentials of the 

base admixtures overlap Interferentlal effects occur which weaken 

the additional bonds In the blocks.  When there Is complete over- 

lapping and the basic admixtures start Interacting, the blocks 

disappear and the normal alloys bonds are established.  Consequently 

there Is an optimum concentration of admixtures at which the activity 

of the blocks is most effective and a maximum concentration at 

which they occur.  This is shown by the path of the curve of the 

dependence of the self-diffusion coefficient on the concentration of 

the admixture; the minimum of the curve in the zone of small con- 

centrations, according to our view, corresponds to the optimum zone 

of concentration of the admixtures. 

The active zone of the atomic blocks can only be evaluated 

theoretically if the density of the energy levels of (n - l) d_, 

the bands near the Fermi boundary of the electron spectrum of the 

basic metal, is known from experimental data. 

An approximate semi-empiric of the active zone of the blocks 

can be made from the experimental results for the change in the 

self-diffusion coefficient (Fig. 3).  If we compare the minimum of 

the self-diffusion coefficient curve with the "close packing" 

(without overlapping) of the active zones of blocks, a formula for 

evaluation of the effective radius of the action of an admixture can 

be derived in a simple way 

where a is the lattice constant; 

x is the number of atoms per elementary lattice cell; 

cmin ^s the concentratlon In atom $  corresponding to the minimum 
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coefficient of diffusion. 

Evaluated In this way, the effective radius of action of an 

admixture was found to be of the order of 10  cm. 

These were theoretically examined In greater detail In an 

approximation of the so-called "right band", used for the first 

time in [7].  On this point research [8] has shown that the basic 

formula AE = eW(r) (AE Is the change In energy of any level of the 

electron spectrum, £ Is the charge on the electron, and W (r) the 

disturbing potential of the admixture) cannot be derived for this 

approximation from the general theory of perturbance. However, an 

approximation of the rigid band can be obtained by approximating the 

Block function by means of the atomic functions that comply with 

the rigid conditions of localization. 

It should be taken into consideration, in going from an In- 

finitely dilute solid solution to a solid solution In which the 

added second component is small but finite in content, that In the 

latter case changes occur in the constants of the elementary 

lattice cell of the alloy (these changes as a rule do not obey 

Vegard's law; see,for Instance, [9]). 

With a change in the lattice parameters, the whole electron 

spectrum obviously changes.  In particular, there is a displacement 

of the Fermi level E .  This displacement can be roughly evaluated 

In the approximation for free electrons from the formula 

) 

where n Is the number of conductivity electrons per atom; 

v0 is the volume per atom. 

It is obvious that the bonds In a metal are likewise changed 

-458- 



z 

in this process, so that this rival development should be taken 

Into account. 

It Is essential to know whether or not the suggested Ideal 

picture of the formation of strengthening blocks obtained at 

absolute zero (static conditions) Is still valid at high temperatures. 

If we are to apply the results obtained to the problem of heat 

resistance. 

The data obtained for self-diffusion (the occurrence of zones 

with lower atomic mobility) and the "retarding" of the "melting 

away". Increase in temperature, of the fine structure of lead 

through small additions of an admixture justify the statement that 

the block effect is also manifested at high temperatures, although 

at this point of course thermal effects which destroy the short- 

range order start to play a considerable role. 

Consequently the question becomes one of evaluating two rival 

effects.  At the present time, only qualitative views may be expres- 

sed regarding this problem. 

The Increase in temperature causes a thermal dispersion of the 

electron energy near the Perml level (of the Fermi boundary). 

This development apparently plays the major part in the "melting 

away" of the first maximum of the fine structure of the absorption 

edge in the x-ray spectrum for lead. 

Moreover, the change in lattice parameters due to temperature 

must influence the electron structure.  As noted above, this 

results in the displacement of the Fermi level [10].  However, 

this displacement will not be the same in the conductivity band and 

in the band corresponding to the electrons with an unfilled shell; 

the displacement in the latter will be less, resulting in an electron 
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flow from this band Into the conductivity band to bring their 

energies up to the new Fermi level.  This effect signifies a change 

in the charge of the atomic framework of the base with an increase 

in temperature. 

It is evident that two cases are possible in the local deforma- 

tion of the energy levels due to the disturbing action of the ad- 

mixture.  In the first case the direction of the local dislocation 

of the levels coincides with the direction of the displacement of the 

Fermi level; in the second the displacements occur in opposite 

directions.  In the first instance the effect of forming the Induced 

admixtures around the basic admixture will be weakened, whereas In 

the second it will be strengthened; the first case is that of an 

admixture with an excess positive charge, whereas the second case 

is that of an admixture with a negative charge. 

It can be expected, therefore, that an admixture with an excess 

negative charge maintains its alloying properties at high temperatures 

whereas an admixture with an excess positive charge lacks this ability. 

The excess charges of an admixture with respect to the base can be 

determined, for Instance, by experimental electrolysis of solid 

solutions. 

Consequently the conclusions can be drawn from our calculations 

and observations that In the alloying of transition metals with 

small amounts of admixtures there is an optimum zone at admixture 

concentrations of the order of 0.05-0.1 atom ^;  this zone can be 

best determined by studying self-diffusion.  At high temperatures 

only a certain class of admixtures (those with excess negative 

charge with respect to that of the atom framework of the metal 

base) retain their alloying properties. 
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INFLUENCE OP THE THERMAL VIBRATION 

OF ATOMS ON THE ELECTRON SPECTRUM OF METALS AND ALLOYS 

I. B. Borovskly and G. N. Ronaml 

Study of the distribution of the Intensity J (cu) through the 

frequencies In the x-ray emission and absorption spectra enables us 

to obtain a very important characteristic of solid bodies, such as 

the distribution of the electron states N (as) through the energies. 

The following relationship exists between the characteristics J 

(tu) ,   N (CD) , and the probability of transitions between f (CD) states 

[1]: 

y(<o) = e^^ffl^ 

The calculation of the values of N (CD) and f (CD) can only be 

reduced to numerical results In rough approximations for completely 

free electrons or those with strong bonds at absolute zero [2, 5]. 

In [4] an attempt has been made to estimate the effect of the 

vibration of electrons at changing temperatures in solid bodies on 

the so-called fine structure of the absorption spectra on the short- 

wave side of the basic edge, and on the structure of the emission 

bands (in the ultralongwave zone of the x-ray spectrum) [5, 6-'' 
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In papers [4, 5] the Interaction of an electron ejected during 

absorption from an atom In the lattice with the photon field of the 

lattice Is considered a minor perturbance.  As a consequence of this 

theoretical reasoning the prediction appeared of the disappearance 

or "melting away", of the fine structure In the absorption spectrum 

on the shortwave side of the basic edge with an Increase In the 

temperature of a solid body, (In paper [5], for copper this tempera- 

ture was estimated from experimental data to be 800°). 

The study conducted by us was aimed first at a thorough verifi- 

cation of the conclusions reached In previous theoretical and 

experimental studies [4, 6], since physically It appeared clear 

that the vibration of atoms In the lattices of metals and alloys, 

whose amplitude at high temperatures (near melting points) reach 15- 

20%  of the Interatomic distances, must Influence more than the mere 

process of dispersion and should not be considered minor perturbances. 

Second, we were particularly Interested In determining the Influence 

of "small" admixtures on the "melting away" of the fine structure of 

the absorption spectra in connection with the recently advanced 

Ideas (7) on the formation In dilute solid solutions of "atomic 

blocks" with reduced mobility among the atoms located In their 

zone of action. 

The L   absorption spectra of lead In lead metal and In lead- 
III 

tin alloys containing 0.2, 0.5^ 2.0, and 10%  tin were studied with 

a bent spectrograph crystal by the "passage" through method.  The 

linear dispersion was 4 XE/nun; the photographic factors: 21.5 kv, 

20 ma, exposure time to to 12 hours. 

The crystalline structure of the alloys was determined from 

the results of x-ray structural analysis, which confirmed that all 
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alloys were solid solutions.  The absorption spectra were obtained 

at four to five different temperatures ranging from -190° to + 500°, 

The photographs were taken In a special vacuum camera (1 • 10 

Hg.) . 

mm 

O 

V 
/           200' 

S~     wo' 

I * 1 \/rl <oo' 
\ ij            20' 

j    2 }*_ 
y  -190° 

^l, ,   . 
/' 

j'J^ ~m' 

Fig. 1, LTTT absorption spectra for lead. 

a) for compovinds of lead with oxygen (PbO and Pb02) ; 
b) for alloy with 10^ Snj c) for lead metal. 

The absence of oxidation during the photography at Increased tempera- 

ture was checked by recording the same specimen at a high temperature 

and at room temperature.  For additional verification special photo- 

graphs were taken of the L-spectra of PbO and PbOa. 

The absorption spectra averaged for all the mlcrophotograms 

obtained (each curve being the average for 4- to 5 spectrograms) 

are shown In Figs. 1 and 2.  The wavelengths for characteristic 

points of L-absorptlon spectra of lead In the metals and alloys are 

given In Pig. 1. 

An analysis of the results obtained experimentally permits the 

following conclusions: 

1. Besides the well-known phenomenon of "melting away" of the 
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TABLE 1 

Wavelengths In the fine structure of the 'LJ-JJ  edge 

(aA /(.iniin HO.IH nan TOHNOA 

Temnepa- Vb 

TTPir.'C 
1 2 3 4 ■ 

300 
948 

13048 

200 
- - - 

— 
948,1 

13047 

100 ^XE 947,3 

13059 

945,3 
13080   
  

20 
XXE 

ß» 

948,2 
13046 

947,2 

13060 

945,4 

13084 — 
948,2 
13046 

—190 
XXE 948,2 

13046 
947,4 

13057 
945,8 

13078 

943,3 

13112 

948 

13048 

■ 3,? PbSn (2% Sn) PbSn (10% Sn) 

) 2 3 4 1 2 3 

300 
XXE — — - '    - 

=  -^ 

200 
XXE 

ß» 

948 
13048 

947 
13064 

■ - 

— 
- - 

100 
EBn 
  

:  ——^ -^-.— —_ 

20 '■XE 

ß» 

948,3 

13045 
947,2 

13060 

945,6 

13082 — 
948,2 

13046 
947,2 

13068 
945,8 

13078 

-190 ^XE 948,3 
13046 

947 

13062 

945,3 
13086 

943,3 

13112 
948,2 
13046 

947,2 
13060 

945,3 
13086 

/IJIBRM  BOJIH   JJ.IH 

948,8 
13038 

PbSn 
(0.2% Sn) 

948,8 
13038 

Fb Sn 
(0,S% Sll) 

948.8 
13038 
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TABLE 1 

(continued) O 

npyicTvpM /-iri-KP"" 
TnC.inUa   1 

(b) 
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TABLE 1 

(continued) 

Wavelengths In the basic L   edge 
III 

ociioniioro Z/m-KpaH 

I'bSn 
(2% Sn) 

PbSn 
(10% Sn) rbo PhO, 

948 8 

13038 

948,8 

13038 

948,6- 

13042 

948,4 

13044 

(c) 

fine structure on the shortwave side of the basic absorption edge, 

a change In the structure and In the basic absorption edge itself 

also takes place with an Increase In temperature.  Consequently 

the frequencies and amplitudes of the vibrations not only Influence 

the processes of dispersion (minor perturbance) but also the whole 

energy spectrum of the crystal lattice of a metal. 

2. The Intensity of the "melting away" of the fine structure 

of the absorption spectrum and the basic absorption edge Itself In 

lead and In lead-tin alloys during an Increase In temperature greatly 

depends on the percentage of "alloying" element.  Thus In the case 

of pure lead and a lead alloy with 10%  Sn the whole structure of the 

absorption spectrum vanishes completely at temperatures below 200°, 

whereas for an alloy with 0.2-0.5$ Sn the structure of the basic 

absorption edge is retained up to 500° (i.e., even up to the melting 

point) . 

Similar studies of Pb alloys with Tl and Sb confirmed the 

results obtained for the alloys with Sn.  The strongest Influence 

of "admixtures", however, was observed when their content differed. 

The maximum effect of "stabilization" of the basic LJJ-J- absorption 
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for Pb Is achieved when the content Is 0.1%  Sb and ~0.5^ Tl. 

Thus the presence of "small" admixtures below 1%  essentallly 

changes the frequencies and the amplitudes of atomic vibration with 

an Increase in temperature, compared with the respective values in 

a pure metal.  Consequently the presence of an "admixture" in a 

metal will Influence the dispersion process (for instance, the known 

dependence of residual resistivity at low temperatures, of the 

specific heat, etc., on "admixtures") as well as the whole energy 

spectrum of an alloy. 

A rough estimate of the influence of the amplitude of the 

vibration of atoms at a given temperature on the distortion of the 

Interaction potential of atoms in a pure metal makes it possible to 

state that this distortion might be the reason for the blurring 

of the levels at the Fermi border, which is what causes the dis- 

appearance of the structure of the basic absorption edge. 

The monotcpnlcally delining influence of an "admixture" with the 

increase in its content finds its explanation in the previously de- 

veloped theory of "atomic blocks". 
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Fig. 2.  L  -absorption spectra of lead In 

lead-tin alloys,  a) 2^, b) 0.5%  and c) 0.2^ Sn. 
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X-RAY SPECTROSCOPIC STUDIES OF FERRO-MOLYBDENUM 

AND FERRO-ALUMINUM ALLOYS 

S. A. Nemnonov, V. A. Trapeznikov and K. M. Kolobova 

J 

The crystalline and electronic structures of solid bodies are 

basic factors predetermining their various physical and chemical 

properties.  These two factors closely depend on one another and 

depend In turn on the structure of the electron shells of the atoms 

of the elements In a given alloy.  At the present time, the most widely 

developed field of experimental research Is that dealing with the 

determination of the crystalline structure of various substances. 

As regards the study of the electronic structure of solid bodies 

and the assessment of the type and strength of the Interatomic bonds, 

research has been conducted on a comparatively small scale.  However, 

a knowledge of these factors as applied to alloys and other technologi- 

cally important materials together with structural data. Is vital 

in substantiating and understanding various physical and chemical 

properties of the materials under study.  X-ray spectroscopy and 

x-ray structural analysis are the principal methods for solving 

these problems. 
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X-ray spectra reproduce not only the distribution of electrons 

In the energies of the Inner electron shells but also the condition 

of the outermost valence electrons (emission spectra) as well as the 

distribution In the energies of the unfilled states (absorption 

spectra) .  Hence the x-ray spectra may provide direct experimental 

data on the sum total of the energy characteristics of the electron 

structure for different classes of solid bodies. 

In a number of studies on x-ray spectroscopy [l, 2,   5] it has 

been established that the so-called fine structure of the absorption 

spectra, (i.e., the alternation of clearly defined maxima and minima 

of absorption coefficients p./p for certain pure elements, such as 

iron) begins to fade gradually with an increase in the temperature 

of the absorbent, the fading starts on the shortwave side of the edge 

and spreads, with a rise in temperature, over the whole edge.  Accord- 

ing to one of the existing theories [4, 5] and on the basis of re- 

search work [7].» this uniform leveling of the maxima and the minima 

of the fine structure of the absorption spectra of solid substances 

is related to an increase in the amplitude of the thermal vibration 

of the atoms in the lattice.  In view of this it was natural to 

assume that the thermal stability of the fine structure of the 

absorption spectra of solid substances should Increase with the 

strengthening of the interatomic bonds, through the reduction of 

the root-mean-square deviations of the atoms from their equilibrium 

positions.  Consequently it seemed advisable to utilize and to widen 

the opportunities afforded by x-ray spectroscopy by applying them to 

a particular factor in heat-resistant materials, namely, the 

strength of the Interatomic bonds.  Moreover, x-ray spectroscopy is 

not only suited to this purpose but also enables us to study the 
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nature and pattern of these bonds, the distribution of the outer 

valence electrons among the energies, and other aspects or character- 

istic features of the electron structure of metals and alloys. 

Pig. 1.  Cross-section of vacuum 
spectrograph. 

C, 

In view of this, we undertook an x-ray spectroscoplc study of 

ferro-molybdenum and ferro-alumlnum alloys.  The present paper 

gives some of the results of the part of the study dealing with the 

x-ray spectra of one of the components of the alloy Iron.  The 

effectiveness and high accuracy of x-ray spectroscoplc studies on 

different aspects of the electron structure of solid, and Is some 

cases also liquid, bodies made It necessary to construct a vacuum 

spectrograph of a new type with greater linear and angular disper- 

sion.  A schematic cross-section of this apparatus [6] and an Inside 

view of It are shown In Figs. 1 and 2.  The advantages of this 

appax^atus are: a single vacuum system for the path of the x-rays 

from the source to the crystal and from the latter to the recorder, 

which makes It possible to study the spectra In the soft longwave 

band (up to 19 A), when mica Is used an an analyzer. O 
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Flg. 2.  Interior of vacuum spectrograph. 

The use of various crystals with different radii of curvature 

(the latter can be varied for a given crystal and a given crystal- 

lographlc plane from 50 to 2000 mm); the possibility of using Johann«s 

method at angles up to 83° as well as Caucholx's* method in view of 

the complete circular rotation of the tube and the crystal.: the 

availability of a considerable amount of unoccupied space inside 

the apparatus in which additional equipment can be housed for in- 

stance* an oven for heating foll(up to 900°), an arrangement for 

cooling it to temperatures of liquid nitrogen by the absorption 

method, a second anode when using the fluorescent method; the possi- 

* transliteration is Koshua, 
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blllty of recording x-rays both photographically and by lonlzatlonj 

the latter Is ensured by the available rotating x-ray tube and sinus 

mechanism. 

With this spectrograph K-absorptlon spectra and emission spectra 

for Iron contained In ferro-molybdenum alloys (0, 0.5, 1.0, 2.0, 4.0, 

10.0, 15.0, 25.0, 46, and 52^ of Mo) and the ferro aluminum alloys 

of stolchlometrlc composition FeaAl, FeAl and PeAla were studied. 

In addition, some ferro-zlnc alloys were studied for comparison. 

For  the K-spectra of Iron we used a single quartz crystal with a 

reflecting plane (1540, Johann's method).  The linear dispersion 

in the region of the K-absorptlon edge and the emission lines of the 

Kß group for iron was about 2.5 XE/mm. 

As Is known, the K absorption edge. I.e., the sudden Jump in 

the x-ray absorption coefficient, occurs when ever the quantum 

energy x-ray suffices to remove one of the electrons of the K-shell 

of an atom of a given element beyond the Fermi surface of the lattice 

In a metal or alloy.  The characteristic features of the fine struc- 

ture of the basic edge and of the entire absorption edge of an 

element contained in a certain substance, like the fine structure 

of the emission spectra, depend basically on four factors, namely: 

The structure of the outer electron shells of the absorbing 

atom; 

The atoms which are nearest-neighbors of the absorbing atom, 

i.e., the atoms constituting short-range order; 

The nature or type of the Interatomic bonds between the 

absorbing atom and the surrounding atoms; and 

The type of crystal lattice in the given alloy. 

Consequently these four factors predetermined all the character- 
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Istlc features of the electron structure of various types of solid 

bodies. Moreover, they basically predetermine the physical-chemical 

and mechanical properties of materials. Hence the study of the diverse 

x-ray characteristics of both the absorption and the emission spectra 

of various solid bodies. Including heat-resistant alloys, assumes a 

great scientific and practical Importance.  The present work Is only 

a beginning In research of this kind which is now being conducted 

at the Institute of Physical Metallurgy of the Ural Branch of the 

Academy of Science of the USSR. 

Study of Ferro-Molybdenum Alloys 

The fine structure of the K-absorptlon spectra of iron was 

studied from the standpoint of both the concentration of molybdenum 

In a ferro-molybdenum solid solution (0.5j 1.0; 2.0 weight %  Mo) 

and temperature (20, 600, 700, and 800°). Figure 3 shows the K- 

absorptlon edge of pure Iron and the fine structure of the edge. 

As is seen from this figure, after the Initial Jump In absorption 

there Is a clearly defined alternation of the maxima and the minima 

of the absorption coefficient, the so-called fine structure of the 

absorption spectrum, the features and extension of which In the di- 

rection of the shortwave depend on the nearest surrounding atoms [7], 

as has already been noted, the Intensity of the maxima begins to 

decrease with a rise In temperature, with the Influence of the 

thermal vibration of the lattice atoms on the reduction of this 

Intensity Increasing with the distance of the maxima from the basic 

edge (an effect similar to that observed In Debye lines with an 

Increase In the angle of reflection. 

A quantitative estimate of the change In the degree of contrast 
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Flg. 5. Fine Structure of K absorption 
edges of Iron for FeaMOa and pure Iron. 

of the fine structure of the absorption edges was made from the 

relative change In the Intensity of the fourth (D) and first (A) 

fluctuations. This estimate based on the ratio of the relative 

amplitudes of -2- fluctuations within each spectrogram, was made 
PA 

according to the following equation: 

O 

1>A 'imawc        IMiiii 

(1) 

'IMHIIC     'iifoii 

where ti_„„ and ti-.-,, are the maximum absorption coefficients of 

the fourth and first fluctuations; 

t4 .  and ti ln the respective minima of absorption; and 

t4 ti are the absorption coefficients 
background  background 

corresponding to the values of the background from the longwave 

side of the edge extrapolated for the zone of the first and fourth 

fluctuations. The ratios of the amplitudes of fluctuation were 

taken for each spectrogram, while for several spectrograms together 
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the result was obtained as the arithmetic mean of the Individual 

spectrogramsj the relative error In measurement being not greater 

than 5^. 

zp 

tjs 
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a 
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Pig. 4.  Variation In the relative 
stability of the amplitude of fluctua- 
tions of the absorption coefficient dependent on 
the molybdenum concentration (a) and on 
temperature (b) . 

The results of the measurements [7], taken at room temperature 

and depending on the molybdenum concentration In a solid solution, 

are given In Pig. 4a and In Table 1. 

Apart from the ratios of the amplitudes of the fluctuations of 

the fine structure of the absorption edges for Iron In the respective 

solid solutions, obtained at different temperatures. Table 1 also 

gives data for the positions of the maxima of fluctuations at 20°. 

Figure 4a shows that the relative value of the intensity of the 

fourth maximum, which is more readily affected by the thermal move- 

ment of atoms than the first maximum. Increases with a greater 

molybdenum content in ferro-molybdenum solid solutions excluding the 

alloy containing 0.5^ Mo for which this value is within the limits of 

the experimental error.  This Increase In the degree of contrast or 
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stability of the fine structure of the K-absorptlon edge for Iron 

with the Increase of molybdenum content points to a fall In the 

amplitude of the thermal vibration of the lattice atoms (the various 

alloys were Investigated at tie same temperature). 

We can conclude from this that the strength of the Interatomic 

bonds In Iron alloyed with 1,  2,   and 4^ Mo correspondingly Increases, 

rising sharply between 0.5 and 2j6 Mo and very slightly between 2 and 

4^.  These conclusions accord with the data from radlographlc determi- 

nation of the characteristic temporature 0 (9 = 450oK for pure Iron 

and 9 =  500oK for Pe + 1.8 aton$ Mo), the x-ray spectroscoplc 

characteristics of an alloy, unlike those obtained by radlographlc 

methods, directly reproduce the changes In the electron energy 

spectrum of the lattice and the nature of the bond strength between 

atoms.  However, the experimental data on the nature of atomic Inter- 

action In alloys studied at room temperature can not be extrapolated 

in advance for the Increased temperature zone.  Hence the necessity 

of studying these alloys at higher temperatures Is thoroughly evident. 

We studied the absorption spectra of the same alloys at 600, 

700 and 800°.    Figure ^t-b gives curves showing the course of the 

changes In the relative stability of the amplitudes of the previously 

discussed fluctuations of the absorption coefficient that are depen- 

dent on temperature.  It can be seen from Fig. 4b and Table 1 that 

compared with pure iron the effect of molybdenum on strengthening the 

interatomic bonds In a solid solution lattice was also maintained 

at higher temperatures.  From Fig. 4b It can also be seen that 

the slope -^-(t) of the curves showing the dependence on temperature 
FA 

of the ratio of the fluctuation amplitudes Is manifested more 

strongly for solid solutions than for pure Iron.  These data 

. J 

-478- 



apparently Indicate that In solid solutions the relationship be- 

tween the dynamic and the static distortions or the lattice changes 

with the temperature of the alloy under study.  The changes In the 

relationship between these distortions In solid solutions may result 

from different degrees of Inhomogenelty In the total concentration 

of molybdenum In the lattice of the solvent, which establish an 

equilibrium at a given temperature and at a given concentration of 

molybdenum.  Establishment of the short-range order with re- 

distribution of the molybdenum concentrations In the lattice of iron, 

and the stability of this Inhomogenelty will depend on two conflic- 

ting factors namely the strength of the bonds between heterogeneous 

atoms and the energy of thermal motion I.e., temperature). 

The fullest and most productive manifestation of the inter- 

atomic bond strengths of iron and molybdenum inherent In a given 

solid solution can best be achieved if sections of the lattice are 

molybdenum-enriched. I.e., If local differences in concentration are 

possible at the given temperature.  The effect of the inhomogenelty 

of concentration on the fine structure of the absorption spectra 

Is discussed In paper [9].  This uneven distribution of molybdenum 

in the lattice of a solid solution will evidently correspond to 

stronger Interatomic bonds and the least static distortion of the 

alloy lattice.  However, this nonunlformlty in concentration will 

be destroyed at higher temperatures by the increased thermal motion 

of atoms, which in fact turn results in additional weakening of 

the bond strength depending solely on the redistribution of con- 

centrations of atoms In the alloying element. 

In order to reach a conclusion on the changes in the nature 

of the Interatomic bond strength In iron when alloyed with molyb- 
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denum, we studied various x-ray spectroscoplc characteristics of Iron 

In the Intermetalllc compound Fe,Mo2.  The results of these studies 

and, for purposes of comparison, similar data for pure Iron and Its 

oxides are given In Table 2. 

An analysis of the data given In Table 2 shows that In the Inter- 

metalllc compound Fe,Mo2, along with the metallic type, a covalent 

type of Interatomic band strength Is apparent to a considerable degree. 

This follows from a number of x-ray spectroscoplc characteristics 

(namely:  the K absorption edge of Iron In Fe,Mo2 as seen In Fig. 5) 

shifts towards the shortwave section by 0.8 ev, the position of the 

Kg emission band remaining unchanged; the shortwave border of the 

liberated KQ, satellite shifts in the opposite direction. I.e., towards P 
the longwave section, by the same amount (0.7 ev) as the absorption 

edge.  Moreover, we observe a sudden narrowing (by 4.1 ev) of the basic 

edge without the zone of initial absorption and a great decrease In the 

index of asymmetry of the Ka, line (from 1.53 to 1.28). 

TABLE 1 

D 

Mo, wt. % Ratio of fluctuation amplitudes 
at various temperatures,0C  *. 

20 600 700 800 

Position of 
maxima, ev 
A       B      C       D 

Arraco   iron 1,75 1,04 1,00 !       0,91 

0,5 ±0,09 
1.73 _ +0,05 ±0,04 

1,0 
+0,05 

1,88 — 

2,0 +0,08 
1,98 1,10 

4,0 +0,09 
2,0 1,15 1,07 1,00 

+0,05 +0,05 +,),(.,•, 

(129,0 

7129,2 

715'i,l 7193,7 7219,0 

7152,1 7190,8 7216,8 

o 
-480- 



TABLE 2 

Material 

1 i 
•H <n • 
4i 
o 

g *l 

+> ^ 
8 en 

W 

T« 7056,7 

iie 3(102       7036 .6 

PejOj 7056,6 

M 

CO. 

■ 6 
CO. «i 
• o 

7044.7 

7042.9 

1.5 

2.0 

7106.9 

7104.4 

2,05 

1.75 

1.80 

M 

I 
fa 8 
lit 

■ 
M 
o 

0.25 

1.15 

1^ 

0.3 1.53 

1.28 

ACHMMeipiIH 

TABLE 5 

Marepnan Marepnaji Marepiiaji AcHMMeTpnn AcHMMeTpm 

Htejicao <t> 
JKejieao 
0,5% Mo 

1% Mo 
2% Mo, 

1,56 
1,53 
1,53 
1,53 
1,53 

2% Mo, 

4% Mo 
10% Mo 
15% Mo 
25% Mo 

1,56 
1,5 
1,53 
1,5 

1,5 

46%  Mo 
53% Mo, <D 
53% Mo, 
53% Mo, 

1,35 
1,31 
1,28 
1,32 

In Table 5 Is given data on the asymmetry of K , for Iron In 

ferro-molybdenum alloys.  The relative error does not exceed J^ (* 

denotes the secondary spectra; the Indices 1 and 2 alloys from different 

meltings. 

The pattern and extent of the fine structure of the K-absorption 

spectrum of iron in Fe^MOp (see Fig. 5) aire not those of ionic com- 

pounds, which also indicates the considerable degree of covalency of 

the intercrystalline bonds.  Increased brittleness and great electrical 

resistivity (the latter, according to the low-temperature laboratory 

of the Institute of Physical Metallurgy increases 50-100 times as 

opposed to pure iron) also indicate a deterioration of the metallic 
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properties.  If we take It that an intermetalllc compound possesses a 

covalent type of bond besides a metallic one. It Is quite natural to 

expect this change In the nature of the band strength to begin to show 

up even in solid solutions, since the transition of the metallic type 

bond into the covalent type is not abrupt.  On the strength of this, 

it may be assumed that the increase in the strength of the interatomic 

bands in ferro-molybdenum solid solutions with an Increase in their 

molybdenum concentration is due to an Increase in the covalent component 

of the atomic interaction and that the manifestation of the covalence 

of the band strengths also requires a corresponding coordination of 

atoms, i.e., of molybdenum-enriched local zones in the lattice of 

the solvent. 

lit* 

M/f "M.: J IStt 

Jr. 

Jfh 

O.S3t 

7IM 7/30 £,3l 

Fig.   5.     Basic  k-absorption 
edges  of iron  for  Fe-,MOp and 
for pure   iron. 

Study of Certain Ferro-Aluminum Alloys 

X-ray spectroscopy acquires great Importance in the study of the 

electron structure of the transition elements (titanium, vanadium, 

chromium, iron, cobalt, nickel, columblum, molybdenum, tantalum, 

tungsten, and others) and the alloys based on them.  These mfetals and 

C. 
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their alloys with the other elements are the basic Ingredient of 

extremely Important Industrial materials (ferromagnetic materials, 

ferrltes, heat-resistant and oxidation-resistant alloys).  The specific 

nature of these metals and their alloys with other elements is connected 

with the Incompleteness of nd electron shells, and the extent to which 

the electrons In these shells are active In producing Interatomic 

bonds differing In type and strength depends on the nature of the 

other elements composing either simple or complex alloys.  The formation 

of such strong Intermetalllc compounds as carbides, borldes, slllcldes, 

and a number of other alloys on transition elements is also explained 

by this peculiarity of their electronic structure. 

It is known from x-ray spectroscopic studies that there are a 

number of anomalies in both the absorption and the emission spectra 

for the transition metals of the first long period.  It is known, for 

instance that the asymmetry of some spectral lines, with the rise in 

the atomic number of the element, first increases, reaching its maximum 

in the case of Iron, and then decreases again to nearly zero in copper 

[10].  A similar dependence is also observed for the value of the 

magnetic moment of atoms, or more exactly, the divalent ions of these 

elements [11].  It is thought that both dependences are linked with 

the number of unpaid electrons in the Jd shell. 

The degree of incompleteness of the 5d electron shells for atoms 

of titanium, chromium, iron, and nickel Is different, decreasing from 

titanium to nickel.  Nonetheless, it is precisely this feature which 

determines the specific nature of the various properties of these 

metals and their alloys with other elements.  At the same time very 

little is known about the influence of this feature on the pattern of 

the energy spectrum of the transition elements and their alloys.  As a 
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result of this redistribution of electrons, for Instance, strong 

Interatomic bonds are established In titanium carbides or In some of 

the nlckel-alumlnum alloys.  Also, uncertain are the degrees of par- 

ticipation of the valent electrons of various elements In the Inter- 

atomic bonds and the change In the nature of the bond strengths in 

transition-element alloys, with nontransltlon elements, the number of 

valent electrons in which varies (for Instance, in such systems as 

iron-zinc, iron-aluminum, iron-silicon, and iron-sulfur).  Hence It is 

vital to the principal laws governing the changes in the electronic 

structure and in the strength and nature of the interatomic bonds 

according to the physicochemlcal nature of the alloyed elements.  It 

is advisable in so doing to make of such x-ray spectra characteristics 

of the transition elements of the iron group as the degree of asymmetry 

of some of the spectral lines, the features of the fine structure of 

the absorption spectra of these metals and other characteristics. 

In order to establish such laws and to theorize on the basis of 

experimental data, a study must be made of alloys of different systems 

over a rather wide range of concentrations and temperatures.  With 

this in mind, we made x-ray spectroscopic studies of ferro-aluminum 

alloys with comparatively high concentrations of a nontransltlon ele- 

ment (Fe,Al, FeAl, and PeAl-,).  Some ferro-zlnc alloys were also 

studied and the k-absorptlon spectra of Iron, the asymmetry K at 

altitude K , the emission lines and Kg bands of the Iron group were 

examined in these cases.  For comparison, the K asymmetry of iron 

and ferro-zlnc alloys of approximately the same composition as that of 

ferro-alumlnum alloys was studied.  The studies were carried out with 

a spectrograph of the same design and the same order of linear dis- 

persion as the one used for ferro-molybdenum alloys. The dependence 

of the value of the asymmetry of the K and Kg lines for Iron on the 

o 
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atomic concentration of aluminum, zinc, and molybdenum In the corre- 

sponding alloys with Iron were determined from a study (Fig. 6 and 

Table 4).  Prom the diagram we can see that the asymmetry of the K 
al 

spectrum line for Iron decreases markedly with an Increase In the 

aluminum concentration In the alloy, this decrease being a rectilinear 

function.  The slope of the straight line Is less marked for ferro- 

zlnc alloys than for ferro-aluminum alloys. 

As has been noted, the asymmetry of a given line Is conditioned 

by the number of unpaired electrons In the Jd shell of the Iron atoms. 

I.e., by the number of electrons capable of participating in the 

formation of a certain type of interatomic bonds, 

But the degree to which these electrons are Involved in inter- 

atomic bonds will depend on the number of valent electrons in the atoms 

of the nontransltlon elements alloyed with the iron, as well as on the 

concentration of those elements.  Experimental data permit us to 

establish the following dependence of the change in the asymmetry of 

the Ka line of pure iron a^ on the atomic concentration c_ and on the 

valence n of the solute element: 

aalloy = aFe " kcn ^ 

where aalloy is the asymmetry of the K^ llne of lron ln the alloy 

and k is the proportionality coefficient found by calculation to 

equal 1.51 ' 10"5. 
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atomic concentration of aluminum, zinc, and molybdenum In the corre- 

sponding alloys with Iron were determined from a study (Fig. 6 and 

Table 4).  Prom the diagram we can see that the asymmetry of the K_ 

spectrum line for Iron decreases markedly with an Increase In the 

aluminum concentration In the alloy, this decrease being a rectilinear 

function.  The slope of the straight line Is less marked for ferro- 

zlnc alloys than for ferro-alumlnum alloys. 

As has been noted, the asymmetry of a given line Is conditioned 

by the number of unpaired electrons in the 5d shell of the iron atoms, 

i.e., by the number of electrons capable of participating in the 

formation of a certain type of interatomic bonds. 

But the degree to which these electrons are Involved In inter- 

atomic bonds will depend on the number of valent electrons in the atoms 

of the nontransition elements alloyed with the iron, as well as on the 

concentration of those elements.  Experimental data permit us to 

establish the following dependence of the change in the asymmetry of 

the K  line of pure iron a-p on the atomic concentration £ and on the 

valence n of the solute element: 

aalloy = aFe — kcn (2> 

where aalloy is the asymmetry of the K^ llne of lron ln the alloy 

and k is the proportionality coefficient found by calculation to 

equal 1.51 * 10"5. 
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By using this formula It Is possible. In particular, to determine 

the values of the asymmetry of the K^ line of Iron for those ferro- 

alumlnum and ferro-zlnc alloys for which they were found experiment- 

ally.  These values, given In Table 4, fully accord with experimental 

data and fall readily on the relevant straight lines (marked by dots). 

The change In assymetry over the range of concentration where 

there Is a mixture of two phases. Is caused by the combination of 

lines of both phases with different asymmetries; In this particular 

case the value of the asymmetry Is determined by the relationship 

between the two phases, as In the case of ferro-zlnc alloys with 

28 and 50^ concentrations of zinc and In ferro-zllmunlum alloys with 

concentrations of aluminum from 50 to 75%-     This development is 

similar to that defined by an equation previously evolved by Sadron 

[12] covering the dependence of the mean magnetic moment of saturation 

In an alloy on the concentration and valence of a nontransitlon 

element in nickel. 

The physical significance of the dependence expressed by Eq. 

(2) lies In the fact that the spins of the valent s_ and £ electrons 

of aluminum atoms are oriented towards the 3d uncompensated electrons 

of the iron atoms and thereby compensating them and "extinguishing" 

the magnetic moment of the Iron atoms by a corresponding amount. 

This extinction is proportional to the number of valent electrons of 

the atoms of the alloying elements.  The compensation of the 3d 

unpaired electrons in the Iron atoms thereby reduces the interaction 

of the 3d electrons with their own 2p electrons and, as a consequence, 

also reduces the asymmetry of the Kg  emission line.  Figure 6 also 

shows that the change in the asymmetry of the IC,  band of iron In the 

same ferro-aluminum alloys Is identical with that of the K- line. i 

-486- 



1 

TABLE 4 

Concentration of 
alloying element 
In atom 

0 

25 Al (PegAl) 

50 Al (PeAl) 

75 Al (FeAla) 

25 Zn 

50 Zn 

75 Zn 

Valence of 
alloying 
element 

3 

3 

2 

2 

2 

Index of asymmetry 
of Ka line (exper) 

1.52 + 0.03 

1.40 + 0.04 

1.30 + 0.04 

1.18 + 0.03 

1.41 + 0.02 

1.35 + 0.02 

1.29 + 0.02 

Index of 
asymmetry 
calculated 
from Eq. 2 

1.41 

1.29 

1.18 

1.43 

1.37 

1.29 

TABLE 5 

Aluminum concentration 
In alloys In atom %               0 

25 
Al(Fe3Al) 

50 
Al(FeAl) AlCPeAla) 

Index of          2 ?6 + 0 l^J 
asymmetry         ^"^ i u-i^ 
of Kg  line 

for Iron 

2.06 j* 0.12 1.92 + 0.04 1.74 + 0.06 

Kg band originates from transitions of 3d electrons to the excitation 

level of the Iron atoms. Hence, the change In the asymmetry of the 

Kg band of Iron with an Increase In the concentration of the alloy- 

ing element (in this aluminum) also shows that the 3d electrons are 

compensated and that as a result this electron shell Is,as It were, 

"completed." Thus, a study of the asymmetry of certain spectrum 

lines of the transition metals of this period gives a good Indication 
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of the nature of the atomic Interaction In alloys based on transition 

metals.  However, from a study of the asymmetry of the spectrum lines 

we cannot Indentlfy the class of Interatomic bonds In these alloys 

since the compensation of the 5d electrons of the Iron atoms may not 

only result from the presence of covalent bond, strength, but also 

from the easily detachable valent electrons of the zinc and aluminum 

atoms by the 3d shell.  We need to study the absorption spectra of Iron 

In the same alloys. 

In Fig. 7 Is shown the K absorption edges of Iron In Fe, FeaAl, 

FeAl and FeAla.  Analysis of the   fine structures of these edges 

Indicates that the Initial part of the K absorption edge originating 

from the x-ray electrons Into the generalized 3d and 4s band shifts 

with an Increase In the concentration of aluminum In the alloy towards 

the longwave side; this shift Is 0.8 ev for FeaAl and 1.0 ev for 

FeAl (compared with pure Iron).  With regard to the FeAl alloy the 

fine structure of the basic edge of the Iron becomes clearly distinct 

by comparison with Fe, FeaAl and FeAl; the features of the 3d and 4s 

absorption band disappear almost completely, and .furthermore, the 

crystalline structure of this phase Is very complex.  The shift of 

this part of the absorption edge In the ferro-alumlnum alloys FeaAl 

and PeAl appears to be the opposite of that found In FeaMoa.  This 

difference Is probably connected with the appearance of various types 

of bonds.  In the case of FeaMoa, covalent bonds, as was already 

noted, appear to a considerable degree, along with the metallic bonds, 

while for FeaAl, FeAl and FeAla* the Ionic nature of the Interatomic 

bonds becomes more evident with an Increase In aluminum content.  The 

K absorption edges of Iron In FeaAl, FeAl and FeAla alloys also indi- 

cate that the first inflection of the basic edge caused by the gener- 

alized 3d and 4s band and by the incompleteness of the 3d electron 
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Shell gradually disappears with an Increase In aluminum content and 

vanishes almost completely in FeAla.  This apparently also Indicates 

that the valent electrons of the aluminum atoms are captured by the 

3d unfilled shell of the Iron atoms.  The most convincing evidence 

of the ionic nature of the bonds manifested to a considerably greater 

degree in the FeAla alloy is the great difference between pure iron 

and the iron in FeAla in the pattern and the extent of the fine 

structure of the absorption spectrum. 

The fine structure of the K absorption elge of pure iron covers 

several hundred electronvolts (six maxima are well marked) whereas 

for FeAla there are only two clearly defined maxima, the first of them 

being so high and narrow in Intensity that it can be called a selective 

line with full justification.  This maximum is shifted 8 ev towards 

the shortwave side in comparison with the first maximum pf pure iron. 

The occurrence of one or two clearly marked selective lines is a 

characteristic of ionic crystals. 

It should be pointed out that the nature of atomic interaction 

in alloys may change continuously, depending on their composition 

and the test temperature, and as a rule, bonds of different kind 

coexist and act simultaneously in the process.  Hence, when the 

Interatomic bonds are subdivided into their basic types (metallic, 

covalent and ionic) not only should the arbitrary character of this 

division be emphasized, but also the degree to which a certain type 

of bond is expressed. For instance, the presence of covalent bonds 

but which have been polarized to a certain degree can be assumed in 

the case of ferro-alumlnum alloys.  Consequently, in this case, there 

are indications of the presence of both covalent and ionic bonds, 

along with the metallc properties; the degree of polarization of the 
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covalent bonds, apparently Increasing with an Increase In the alum- 

inum content.  This signifies that the electron density of a pair of 

electrons forming a covalent bond shifts more and more towards one of 

the atoms (in our case, towards the iron atoms. 

D 
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K. P. ROMADIN 

ELECTRODISPLACEMBNT IN METALLIC SOLID SOLUTIONS 

All processes in the thermal and thermochemlcal treatment of 

metal alloys are based entirely on the phenomenon of redistribution 

of the composing elements.  However, the relationship between mobility 

and structure in metal systems has not yet been sufficiently explored. 

The present study is devoted to the question of the movement of 

the solute substnace in a metal solid solution under the Influence 

of direct electric current. 

njfisr}»! 
»*i 

J\L'2a 
firiOd 
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Kamod 

Fig. 1. Microstructure of steel wire containing 1.2% C in 
its initial state, after migration at 9800 for 50 hours at 
a current density of 28.6 amx/mm2 (X IOO). 

At the anode - ferrite; in the middle - ferrite 
with perllte; at the cathode - perlite, cementite, 
and a certain amount of graphite. 

We carried out experiments on the migration of atoms (ions) in 

metal solid solutions with alloys of the Iron — carbon system con- 

taining *0.65 and 1.2% C,   a number of binary alloys of nickel and 

chromium, nickel and aluminum, nickel and iron, and nickel and titanium, 

and with a complex eight-component alloy based on nickel.  The alloys 

to be studied were prepared in an induction furnace and were pumped in 

a fluid state into small porcelain tubes with an inner diameter of 

2 mm.  In this way. 
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the cross section of the specimens acted on by direct current turned 

out to be 5.14 mm2 Instead of 0.285 mm2, as previously assumed. 

After homogenlzatlon at 1100° for 24 hours, platinum electrodes 

were welded to the ends of the specimens 4-0 mm long.  Direct current 

(55-45 amp) was then passed through the specimens in a vacuum using 

a VUP-2 apparatus, and they were heated to 1000°.  Next, the specimens 

were examined under a microscope, their electroreslstlvlty and micro- 

hardness were measured and a spectrum analysis made.  The results of 

all the methods used In our research were In agreement. 

Figure 1 shows the mlcrostructure of a steel wire which con- 

tained 1.2^ C In its Initial state, and in Fig. 2 the mlcrostructure 

of a specimen prepared from a nickel-aluminum system which contained 

l8fc,  Al In its initial state.  The photographs make it clear that the 

ions of the solute substance migrated in the tests. 

'./?««? «...»«p^ as^iP dS™l 

■-.f   -      -.{-.' 

Fig. 2.  Mlcrostructure of specimen prepared from nickel- 
aluminum alloy containing 18$  Al in its initial state after 
electro displacement at 1000° for 50 hours at current dens- 
ity of 14.5 amp/mm2 (X 150) . 

o 
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Flg. 5.  Variation in 
electroresistivitir 
along the length of 
specimen prepared from 
an alloy of nickel- 
chromium system contain- 
ing 40^ Cr in its initial 
state after migration at 
1000° for 100 hours at 
current density at 14.7 
amp/mm2. 
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Fig. 4.  Variation In elec- 
troresistlvity along the 
length of specimen prepared 
from a complex 8-component 
alloy with a nickel base 
after migration at 1000° 
for 100 hours at current 
density of 14.2 amp/mm2. 

Figure 3  gives the results of measurements of the electroresls- 

tivlty along the length of a specimen at 5 mm intervals which was 

prepared from a nickel-chromium system containing 40^ Cr in its 

initial state.  Figure 4 gives the sound data for a specimen prepared 

from a complex 8-component alloy with a nickel base.  The curves 

show considerable Increase in resistivity at the cathode and a 

decrease at the anode as compared with the original resistivity of 

the alloys. 

Thus, the measurements of resistivity along the length of the 

specimens also indicate that the migration of the ions of a substance 

dissolved in a metal solid solution when a direct current is applied 

to it takes place both in simple and complex alloys. 

It should be noted during these tests that a decrease in the 

temperature of the specimens was observed a certain time after they 

were started (1-2 hours) and that the current had to be stepped up, 
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All the specimens showed a drop In temperature.  The current was 

stepped up at the beginning of the test by 1-2 amp and this was con- 

tinued for 10-15 hours, depending on the alloy, up to a total of 

8-10 amp.  These changes In temperature were caused by the change In 

composition of the alloy along the length of the specimen, brought 

about by electromlgratlon.  It follows from this that migration is a 

common occurrence in metal solid solutions. 

Let us now examine the nature of the active forces of diffusion 

responsible for leveling out concentrations of a solute element in a 

homogeneous medium.  The kinetic energy of the movement of the ele- 

mentary particles in the active force during diffusion in gaseous 

and liquid media.  In the dissociation of the diffusing particles 

during diffusion in gases and liquids, electric forces are also active, 

But with regard to diffusion in a solid, the energy of vibration of 

the particles cannot cause oriented movement.  Not only the lattice 

forces but also the interpartlcle electric forces In the solute sub- 

stance are active here.  Consequently, diffusion in a solid should 

not be considered movement of the neutral noninteractlng particles 

(molecules and atoms) but rather diffusion of their dissociation 

products, the ions. 

On the other hand, the theory of electroconductivlty states 

that conductivity in metals is due to the fact that a certain number 

of highly mobile electrons are separated from each atom and that this 

mobility brings about high conductivity.  Hence ions with a definite 

valence are to be found at the lattice points of metals. 

From our investigation of migration. It follows that the metal 

with the higher electroconductivlty moves to the cathode.  For 

instance, during migration in liquid metals of the tin-bismuth, 

cadmium-tin and copper-tin systems, the former are more conductive 

i 
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than the latter, and move to the cathode. 

The experiments also Indicate that If the diffusing atoms differ 

little from the atoms of the base metal In size, chemical composition, 

and other characteristics, diffusion proceeds through an Interchange 

of positions.  Durlngthls process their mutual solubility Increases, 

very frequently to an unlimited degree; this is due to the freedom 

of action in the formation of a uniform lattice (substitution solid 

solutions).  But when the diffusing atoms differ considerably in their 

properties, particularly In size, from the atoms of the metal base, 

their solubility in the metal base decreases, which Is evidently 

determined to a considerable degree by the presence of unoccupied 

sites in the Interatomic space.  In this case the solid solution is 

formed through the filling of the interatomic gaps (interstitial 

solid solutions). 

Conclusion 

1. Migration of the components of alloys takes place when a 

direct current is passed through a metal solid solution.  This migra- 

tion is a common feature in metal solid solutions. 

2. Disturbance of the balanced state of a system by passing 

direct current through it causes a movement of the components of 

alloy, the ion with the greater charge density moving to the cathode, 

3. On the basis of the theory of the metallic state the pro- 

cesses of diffusion in metal solid solutions should be viewed as 

processes conducted with phenomenon of diasociation.  The diffusion 

flow should be considered a flow of ions rather than of atoms. 

4. The migration of ions in metal solutions can be used in 

practice for the most varied purposes; for Instance, refining alloys 

In a liquid state, obtaining pure metals in a solid state by 
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removing Impurities, etc. 
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ON THE POSSIBILITY OF■RADIOAUTOGRAPHIC DETECTION OF 

INHOMOGENEITIES IN CONCENTRATIONS OF ADSORPTION ORIGIN 

V. I. Arkharov, et al 

O 

A great number of papers are available at the present time on 

the radloautographlc study of Inhomogeneous distribution of alloy- 

components by means of radioactive indicators.  The majority of these 

papers deal with the unevenness In concentration originating either 

from segregation [1, 2, 5] or from the decomposition of solid solutions 

and the precipitation of new phases [4 ].  In all these papers the 

uneven distribution of the alloy components was detected by adding 

radioactive indicators to the alloy or by activation of the alloy 

followed by radloautographlc recording of the labeled component. 

The study of the uneven distribution of an alloy component of 

segregation or phase origin by micro-radloautography proved possible, 

essentially for two basic reasons : 

the size of the zones with a modified concentration is macro- 
scopic; 

the ratio of concentrations reached a great magnitude (of the 
order of 102). 

Given these conditions and the use of emitters with a rather low 

radiation, the contrast of the radloautograms is quite pronounced. 
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Research has shown that the response of the radloautographlc 

method depends greatly on the type of radiation. Its degree of scat- 

tering and absorption In the specimen and In the emulsion, and on 

the closeness of contact between the specimen and the photoemulslon. 

In view of this, extra precautions had to be taken when studying 

gross InhomogeneIty In concentration in order to obtain sufficient 

response and to solve the problem correctly. . The use of specimens 

with a thickness considerably less than the maximum electron path In 

the given substance and the use of one-sided films coated with an 

emulsion a few microns thick made it possible to reduce the Influence 

of radiation scattering on the quality of the picture. 

Papers [5i 6] have shown that there is a stable (balanced) 

unevenness of concentration connected with the structural Inhomo- 

genelties, particularly In intercrystalllne transition zones, con- 

siderably decreases when these InhomogeneItles are enriched by one 

of the components of the alloy.  This decrease in surplus energy 

due to differences in -concentration In the alloy (internal adsorp- 

tion) creates very small domains with a modified concentration 

(100-1000 A) and the change in concentration In these domains can 

apparently reach 1-2 orders, compared to the average composition of 

the alloy [7].  This internal adsorption occurs at very small admix- 

ture contents compared to the maximum solubility.  Until now, this 

phenomenon has been studied mainly by various Indirect methods which 

made it possible to bring to light certain laws governing Internal 

adsorption. 

Our own purpose was to confirm, ny the most direct method 

possible, the data on the adsorptlve activity of certain small ad- 

mixtures in the alloys based on copper and aluminum which had been 

previously obtained In the laboratory. , 
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Studies of the copper-antimony and aluminum-silver systems [8, 

9, 10] showed that the sliver and antimony In these alloys are 

adsorptlon-actlve elements.  However, the radlographlc examination 
124 of the distribution of antimony labeled with Isotope Sb   In an 

alloy of copper with OAtf  antimony, and the distribution of sliver 
110 marked by Isotope Ag   In an alloy of aluminum with 0.1^ sliver 

failed to detect any Irregular distribution of these admixtures. 

The tests were carried out In the following manner.  A coarse 

grain of the order of 1 mm was grown In the specimens In order to 

widen the distance between the domains with a modified concentration. 

The specimens were subjected to a series of prolonged annealings 

(about 100-200 hours) at maximum solubility temperatures for the 

admixture In the alloy to bring about complete redistribution of the 

admixture between the grains and the Intercrystalllne transitional 

zones. 

Thin, 50-micron plates were prepared from the specimens after 

the heat treatment.  The radioautographlng was carried out on 

MR NIKPI film.  The films were subjected to standard processing after 

exposure.  The absence of any changes In density on the radloauto- 

grams with respect to the microstructure of the specimen indicated 

that the radioautographlc method was most suitable for our purpose. 

Our results gave rise to doubt regarding the possibility in 

principle of radioautographlc detection of adsorption in the selected 

systems, and also with regard to establishing the experimental condi- 

tions necessary for the detection of this kind of unevenness of con- 

centration as a whole. 

Considerable difficulties are encountered in the experimental 

solution of the problem.  The preparation of the superfine specimens 

C 
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1 micron thick, and of the applied emulsions and special selection 

of the systems tested make an empirical method of solving the problem 

practically unacceptable.  In this connection an a priori evaluation 

of the possibility of detecting a fine degree of unevenness of con- 

centration of this order requires a knowledge of the dependence of 

the distribution of emission electrons over the surface of the 
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specimen on Its thickness and on the radiation energy. 

We attempted to calculate theoretically the distribution of 

ß-radlatlon on the surface of the specimen, taking Into account Its 

adsorption through repeated scattering.  Let us deal briefly with the 

diffusion theory of the repeated dispersion of electrons.  As early 

as 1929 Bothe [11] drew attention to the fact that one of the principal 

reasons for the reduction In the radiation of electrons in matter 

was repeated scattering.  A strict theory of this phenomenon was 

developed in a number of studies in the following years [12, 13],  In 

a well-known paper by Bethe, Rose and Smith [14], it was stated that 

the theory of the repeated scattering of electrons, generally speaking, 

can be reduced to a question of diffusion when the electrons are 

emitted in all directions from a radioactive source or when the 

majority of the electrons constituting a narrow beam lose their 

initial direction owing to dispersion.  We give the equation formulated 

by Bethe, Rose, and Smith in the following formula:* 

g£ (x y.z.x) = AF (a.| y z^ + s (Xt y z) s (T) • 
T (1) 

Here F (x, y, z, T) is the full density of the electrons 

(irrespective of the direction of movement) near a given point in the 

space (x, y, z) characterized by parameter T; 

A is the Laplace operator; 

s^ (x, y, z) is the density of electrons near the points (x, y, 

z) emitted by the source; 

6 is Dlrac's delta function. 

~ '  * In the original text of [14] misprints occurred in Eqs. (27), 

( 28) and (31) . 
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Let us call parameter T "symbolic age," as Is done In the theory 

of neutron age [16], The symbolic age depends on the complete path 

of the electron covered by It from the moment of emanation.  The 

path. In turn Is a single valued function of the energy loss of the 

electron.  Soncequently, the symbolic age Is determined by the energy 

E of the electron and Its Initial energy EQ. 

In the theoretical treatment of our experimental data. It appeared 

quite natural to adopt the following simplified model. Let us assume 

that the specimen under study Is a plane-parallel plate with a finite 

thickness b In the direction of the axis £ and that It expands Infi- 

nitely In the direction of x and z^ axes.  Further, let the Inter- 

crystalllne zone be approximate to the section of the plane x = 0 

bounded by the surfaces of the plate,  It Is presumed that other 

Intercrystalllne zones are distant enough to be able to discount 

their Influence. 

Let us also take Into account that the concentration of the 

radioactive atoms of antimony (Sb124) or silver (Ag110) measures 

only 0,1% In  the main body of the specimen and 10^ In the Inter- 

crystalllne zone.  Then In the adopted model. It Is entirely quite 

logical In the first approximation to disregard completely, the radio- 

active atoms of antimony or silver In the main body of the specimen 

and to consider the Intercrystalllne zone a plane source with a 

uniform distribution of antimony and silver atoms, producing Iso- 

tropie radiation In all directions. 

The density of the electron radiation from such a source close 

to the surface of the specimen depends on the energy of the electrons, 

distance from the source along the x axis, and on the thickness of 

the specimen.  The problem is to deduce an explicit expression for 
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this electron density close to the surfaces of the specimen based on 

the above assumptions. 

Let us proceed from the diffusion equation (l). Here, the term 

containing the source Is given as 

i 
where So Is the number of electrons emitted by each square 

centimeter of the source. 

Let us take Into account that the electron density remains 

unchanged In the direction z_.   I.e., that Eq. (l) Is reduced to a two- 

dimensional equation.  In this case we obtain the equation 

3f(x,».T)   a^Qr.y.T)  WQt.y.T) .  ...... , , 

We will select boundary conditions for the problem In full 

accordance with the manner adopted for similar problems In the theory 

of heat conductivity [17] and diffusion [18], namely: we will assume 

that the gradient of the electron density over the surface of the 

specimen In the direction of the outer normal Is proportional to the 

electron density close to the surface: 

-d^^- + hF(x,y,.)     = o at y = 0 (5) 

-^If^ + ^W)   = 0 at y = b, (4) 

where the proportionality coefficient h Is assumed to be constant. 

We will now Introduce the Fourier transform with respect to the 

variable x of the electron density: 

CO 

F (5. y, %) = -^ J F (x, y, t) e^dx. 
(5) 

Then taking Into account the behavior of the electron density 
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at Infinity,  we obtain Instead of Eqs.   (2)   and (4) 

and 

-aF(^)+hP(i.y^) = 0 at y = 0, 

^^ + ^(e.y.x)    = 0 at y = b. 

By substituting 

•f(e,y.T) = G(y,t)e-«•' 

the.Eqs. (6) and (8) are further reduced to the form 

and 

Ä^- + ÄC(y>x) = 0 at y = 0, 

aC(y,T) 
ay + fiG(y,x)     = 0 at y 

(6) 

(7) 

(8) 

(9) 

(10) 

(11) 

(12) 

The solution of the Eq. (lO) with boundary conditions (11) and 

(12) Is equivalent to that of the problem of heat transfer In a 

limited rod, at the termini of which there is a heat exchange with a 

medium of zero temperature, provided the initial temperature of the 

rod is constant and there is no heat exchange on the lateral surface 

[17]. 

Consequently, we have for the function G (y, T) 

-■""«.r+jV. 

it+E    r (15) C (y. t) ^ 4 -^ V ^ (-»^     '  a"41 —> • 

where a3r+1 is the (2r +1) root of the transcendental equation 
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tg^='^r  at 2rl<^<^+i)|. d*) © 

Knowing G (y, T) from Eq. (9) J we find F ( ?, y, T) and substituting 

for the Inverse Fourier transform, we obtain 

F(x.y,,)- Äe-^ v
e"1^™**'+* + Z~*aa"+* r 15v 

where a2r+i Is determined by Eq. (14) . 

At y = 0 and y = bj I.e., on the boundaries of the specimen 

F(x,o.x) = /^(x,b,x) —iL- «T^ vC"a'r+1' 8i°°a:+'> , .     Mfis 

The roots of the transcendental equation (14) are equal to the 

abscissae of the Intersection points of the curves 

l-tg«  H  ^f. (17) 

where 

More  specifically,   for ctib < TT ( ? < -g-) we  obtain 

(a,6)2 — 2*6 « «• [p ~ j« <^ Ji) r 

according to which the thickness _b of the specimen must comply with 

inequality 

b « ^ . (19) 

All other roots are determined by the equality 

a2r+,6=r{2r+il)re      at r =  1,   2, . .. (20) 

V 
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Using the relationships (18) and (20) we can find an expression 

for the density of electrons near the surface of the specimen. 

Z 

I 

where 

Plx,b'x)=F'Vmm' ^ 

_tftT 

^e(x)=Soe " . 

(21) 

(22) 

The Eqs. (16), (21), and (22) give the final solution of the 

problem stated above. These formulas were derived on the assumption 

tha^; the number of radioactive atoms In the main body of the specimen 

is small compared with the intercrystalline zone; that is why In the 

first approximation they generally were not taken into account at all. 

It would have been more consistent to allow for the presence of these 

atoms in the main body of the specimen from the very beginning, but 

nevertheless we can still estimate this effect without making that 

calculation.  Indeed, If it is assumed that the radioactive atoms 

are distributed uniformly with a volur>e density Vo, in the main body 

of the specimen and that there is no intercrystalline zone at all, 

the determination of the density F1 (y, T) of electrons close to the 

surface of the specimen is reduced to the solution of one-dimensional 

diffusion equation 

given the additional conditions 

_a^lL + A^(y>t) = o at y = 0, 

^L+Ä'F'(y.t)  =o.aty = b. 

Here, instead of expression (16) we will have 
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V (0. T) = F' (b. T) =, -^. y «-Jr+iT      **'„+,!> -. 
**& ^+lfc+»lnatr+I«. (26) U 

specifically,   for6<C-2v, 

fC*.,)--^-«"^. (27) 

P^om Eqs.   (16)   and (26)   we  obtain the ratio (at h = h1) 

'"(fr.T) ^Vrg"- (28) 

In appraising the results obtained, we will first take Into 

account Eq. (16) which Is valid for any thickness of the specimen. 

According to this formula for the electrons reaching the surface 

(which Is the section of Interest to us) the normal law of distribu- 

tion along the x axis, with o2 = 2T dispersion. Is valid.  The maximum 

distribution Is x = 0. With an Increase In a2 the maximum of the 

distribution decreases and Its breadth Increases. 

The ratio of this electron density at the maximum point to the 

electron density at the same point, but calculated on the assumption 

of uniform distribution of radiation sources In the main body of the 

specimen and the absence of the Intercrystalllne zone. Is, according 

to Eq. (28), a quantity that depends on the electron energy (through 

f) and does not depend on the thickness of the specimen.  A clear 

form of this dependence can be found, but It requires additional 

calculation.  Without going Into this, we will merely point out that 

the symbolic age T Increases with the Increase In the electron energy 

so that the above ratio of the maximum electron density to the back- 

ground value will be reduced. 

The approximate Eqs. (21), (22), and (27) are only valid for 

thin specimens, i.e., when b « ~~  .  A direct evaluation of the {'"* 
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thickness of the specimen ]3 satisfying this Inequality Is possible 

when the constant quantity h Is known. The latter, can apparently 

be determined by comparing the theory with the experiment as Is done 

In the theory of heat conductivity [17]. 

This theoretical study provides an expression for the distribu- 

tion of the Intensity of ß-radlatlon at the surface of a specimen. 

I.e., an expression determining the degree of contrast of the 

radloautographlc picture. 

To obtain a numerical value for the degree to which the maximum 

density of the electron radiation exceeds the background, further 

study to determine the theoretical parameters would be needed as well 

as a more accurate formulation of the theory Itself for the transi- 

tion from the simplified model to real conditions. 
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EFFECT OF THE DISTRIBUTION OF ALLOYING ELEMENTS ON 

THE BEHAVIOR OF ALLOYS AT ELEVATED TEMPERATURES 

M. Ye. Drlts, et al 

-4> 

Modern concepts regarding the strength of metallic materials 

Indicate that the structure of the alloy. I.e., Its micro- and 

submlcroscoplc Inhomogenelty, plays an Important part In the behavior 

of the material at normal and especially at elevated temperatures. 

The uneven distribution of elements and admixtures In the struc- 

ture of true metals and alloys depends on the characteristic features 

of the process of forming a ploycrystalllne material.  Direct contact 

between differently oriented crystals occurs via the transition 

zones. In which the alloying elements and admixtures are concentrated 

In addition to defects of various kinds (vacancies and lattice 

distortions, etc.). Besides uneven distribution at the boundaries 

of crystals, Intercrystalllne Inhomogenelty Is also observed in true 

metals and alloys, caused by a disturbance of the equilibrium during 

solidification.  This type of inhomogenelty Is clearly evident in 

solid-solution alloys. 

The condition of the internal Interfaces is of great importance 

in heat heat-resistant materials, since at elevated temperatures the 
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deformation and failure of metallic materials begin at the grain 

boundary zones where the diffusion process develops more Intensively 

than In the body of the grain.  In this connection the distribution 

pattern of the alloying components and the admixtures, as well as the 

composition of the phases on the Internal interfaces, determines to 

a considerable degree the diffusion rate and, consequently, the heat 

resistance and strength of the alloys as well. 

The development of the methods of using labeled atoms (radio- 

autography) affords new possibilities In the study of the local 

distribution of alloying elements and admixtures in the structure of 

alloys.  Of particularly great importance is the method of quantita- 

tive radioautography, which enables us to evaluate the scope of the 

intradendtltic nonuniformlty of alloys in relation to the casting 

conditions and their subsequent treatment. 

We tried to establish the relationship between the degree of 

inhomogeneity of cast alloys which occurs during their crystalliza- 

tion and the behavior of alloys at elevated temperatures.  To determine 

the heterogeneity of the structure we used the method of quantitative 

radioautography [1, 2] which Is based on the calculation of the con- 

tent of elements in the mlcrostructures of the alloy by photometric 

measurement of the blackening density of the radloautograms, 

1 
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The mlcroradlograms were measured on an MF-2 mlcrophotometer 

with a square 1 mm2 silt at X24 magnification.  A section of the 

radiogram with the most characteristic structure, 4-5 mm In length, 

was examined. Its blackening density being measured at Intervals of 

0.01 mm. I.e., at 400-500 points. 

Curves were plotted showing the change In blackening density 

along the length of the measured section.  The data obtained were 

treated statistically'and presented as frequency distribution curves, 

the character of which makes It possible to determine the deviations 

In the concentration of the element from Its average content In the 

alloy.  It is clear that the higher the maximum of the frequency- 

curve and the smaller the distance between the branches of the curve 

on the abscissa axis, the less marked the Intracrystalllne inhomo- 

genelty of the structure of the alloy (Fig. l). 

100 

*  80 /i"\ i 
5   60 

\\ 

l„ I 
i 

i 

1" \ \ J V 
Fig. 1.  Frequency distribution 
curve. 

% 

For a clearer and more complete generalization of the data 

obtained, we suggested two coefficients, K and C. The former is 

calculated from the formula K = 
100 ■«. n 

100 , where 100 is taken as 

the total number of microstructures in which the content of the 

element was measured and n is the maximum of the frequency curve and 
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represents the number of mlcrostructures of average concentration In 

the alloy.  Consequently, the coefficient of the InhomogeneIty K shows 

the total number of deviations from the average content In the section 

of the structure examined. 

The coefficient C gives an Idea of the magnitude of possible 

deviations In Individual mlcrostructures of the alloy and Is calculated 

as the ratio between the maximum and minimum concentrations of cal- 
Q 

clum In the examined section of the structure (C =  ■) .  A com- 
^In 

blned use of these coefficients makes possible a quantitative estimate 

of the degree of inhoraogeneity in the alloy. 

The relationship between the lack of homogeneity resulting from 

the preferred nature of the crystallization of alloys and their heat 

resistance under different cooling conditions during solidification 

was one of the subjects of our study. 

It is known that the rate of crystallization is one of the basic 

factors influencing the structure of a cast metal.  D. K. Chernov 

[3]}  even in his time, pointed out that during high grade casting 

the properties of an alloy could approximate those of a metal proces- 

sed under pressure.  Indeed, the introduction into technology of the 

most efficient casting process, continuous casting, ensures the 

rapid crystallization of alloys, enables us to obtain castings that 

are not Inferior in quality to deformed material. According to 

V. I. Dobatkln [4], the additional strengthening of duralumin alloys 

by acceleration of the rate of crystallization may reach 10-15 kg/mm2. 

Research carried out by B, B. Gulyayev, [5]* has also shown the 

considerable improvement in ultimate strength of steel castings when 

the hardening rate is quickened. 

However, the data available on the influence of the rate of 

crystallization of alloys on their properties mainly concern tests 

') 
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at normal temperatures, without direct relation to the degree of 

Inhomogenelty of the alloys. We made a study of the relationship 

between the rate of crystallization and the nonunlformlty of alloys 

by quantitative radloautography, using the radioactive Isotope Ca«. 

It should be noted that a study of the map of distribution of cal- 

cium In alloys of this system Is of some Interest, since it was shown 

earlier that a positive Influence has small additions of calcium on 

the strength of these alloys at elevated temperatures. 

Oi«, *<*"»' 

*0      w 

Fig. 2. Influence of cooling rate on the 
microinhomogenelty and heat resistance of 
magnesium-manganese-alumlnum-calcium alloys, 

Variations of cooling rate in our tests was effected by changing 

the diameter of the earthen mold (from 11 to 80 mm).  Specimens were 

prepared from the castings for microradlographic study. 

Under similar conditions, specimens were cast for long-time 

strength tests for the purpose of determining the ultimate long-time 

strength of the alloy at 250° for 100 hours. The results of the tests 

are given in Table 1 and Pig. 2, together with the curves defining 

the variation in microinhomogenelty of alloys cast at different rates 

of crystallization. 

H 
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TABLE 1 

Cooling rate 
0C/mln 

Coefficient of InhomogeneIty Ultimate long 
time strength 

^oo'^A™2 K C 

200 

45 

22 

4 

0.45 

0.68 

0.75 

0.58 

1.7 

2.2 

3.2 

2.9 

4.2 

5.0 

5.2 

4.0 

D 

The comparative mlcroradlograms are given In Fig. J. 

As seen from the given curves the relationship between the Inho- 

mogenelty and the rate of crystallization Is expressed by a curve 

with a maximum.  The InhomogeneIty of the alloy is at a minimum at 

both a high and low rate of cooling. I.e., the distribution of the 

calcium In the structure Is more uniform (Flg. 3a and Jb); the highest 

degree of inhomogenelty Is found at medium rates of cooling, which is 

demonstrated by a structure with clearly worked distribution of the 

calcium in the indentrltic spaces (Pig. 3b).  Such a pattern of this 

kind in the influence of the crystallization rate on the progress of 

intradentrltic inhomogenelty can be explained by the different dif- 

fusion rates in liquid and solid phases under varying casting con- 

ditions.  For Instance, very rapid cooling creates conditions under 

which the primary diffusion in the liquid phase responsible for the 

segragation effects is suppressed, and dendritic crystallization 

does not develop to any appreciable degree.  The diffusion processes 

are facilitated at certain medium rates of cooling, and as a result, 

the difference in composition of the solid and liquid solutions. o 
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Increases, intracrystalllne heterogeneity reaching Its maximum In 

this case.  A further decrease In the cooling rate facilitates the 

processes of secondary diffusion in a solidified metal, which results 

in a certain leveling out of the inhomogeneitles in the alloy structure, 

^st^Sf^t 

Fig. 5. Mlcroradiograms of magnesium--*™, 
manganese-alumlnum-calclum alloys. PaJ 
Rate of cooling (0C/mln): a) 200; b) Cm 
^5; c) 4. „ws 

ppv ^ w B flüfc 

Hi ..; \i 

'mi li uGaM    " ü \li,' L*!^ kiiii 'c^1 

With a change in the cooling rate, the heat resistance of an 

alloy is modified in such a manner that the highest values of ultimate 

long-term strength are obtained at medium crystallization rates, i.e., 

at the highest values of the coefficients of inhomogenelty and, con- 

sequently, at the most marked degree of nonuniformity In the distri- 

bution of calcium (Fig. 5b).  It may be assumed that at higher cool- 

ing rates as also in very slow cooling a more uniform distribution 

of calcium facilitates the diffusion processes and, to a certain 

degree, reduces heat resistance (see Flg. Ja and 5b). 

Besides the degree of heterogeneity in the cast structure of a 

solid solution caused by the presence of calcium, a number of other 

factors, for instance grain size, the extent and manner of precipita- 

tion of the strengthening phases as well as the pattern of distribu- 

tion of other alloying elements, can Influence the long-time strength 

r 
L 
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of these alloys.  It should be noted In this connection that the quan- 

tity of the second phase was very small In the alloys studied and was 

only detachable under great magnifications (x 1000); further. If 

Impurities are rather.fine in rapid cooling, they become coarser at 

medium and low cooling rates, even though their quantity remains about 

the same.  As regards grain sizes a slight trend toward an increase 

of the grain is observed, but the extent of these changes is not 

comparable to that of the intracrystalline structure of the grain, 

i.e., nature of the distribution of calcium. 

It is known that the structural changes occurring in alloys 

during heat treatment greatly influence their properties at both room 

and elevated temperatures.  The stability of the properties of an 

alloy at elevated temperatures largely depends on the stability of 

the original structure.  In view of this, the study of the kinetics 

of the redistribution of elements in the structure of alloys under 

the influence of heating acquires great practical importance. 

The development of radiographic methods for investigating the 

structure of alloys has given rise to the possibility of the quantita- 

tive characteristics of this process.  We investigated the influence 

of the nature of the redistribution of certain elements in the struc- 

ture of magnesium and aluminum alloys under heat treatment.  For this 

we studied complex and binary alloys of magnesium and calcium as well 

as alloys of aluminum and iron with the use of the radioactive iso- 

topes Ca  and Fe^ .  The kinetics of the redistribution of these 

elements in the alloy structures was studied during the homogenlzation 

at a temperature 50° below solidus, the specimens being kept in the 

furnace for periods up to 100 hours. 

Our experiments showed that given identical conditions of casting o 
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and heat treatment, the Intracrystalllne heterogeneity of the struc- 

ture occurring during solidification may vary to a large extent In 

different alloys. 

The nonunlformlty of structure of complex magnesium alloys com- 

posed of magneslum-manganese-alumlnum-calclum remains stable even If 

the annealing Is of relatively long duration. Along side this, the 

redistribution processes In the binary magnesium-calcium alloys 

develop at a rather rapid rate, and a leveling out of the calcium 

concentration In the body of the grain Is already observed after eight 

hours of annealing.  Further, alloying of magnesium-calcium alloys 

with manganese and aluminum evidently results In a marked decrease In 

the diffusion which may be of positive significance In Influencing 

the heat-resistance characteristics of alloys. 

TABLE 2 

Conposltlon State 

Coefflelent of 
Inhomogene ity 

Hardness Hg, kg/»»2, P ■ 100 kg Dni ■ 10 ma 

K      C § 
s 3 1 

in 
1 
s 

£ 
£ SI 

Mg * 0,2)t C» 

O. *  0.2$ Fe 

Cut 
Annealing 

at 565°, 
24 hours 

Cast 
Annealing 

at 605°, 
24 hour* 

0.697    2.2 

0.107    1.75 

0.66    4.0 

0.59     3.0 

14.3 

13.8 

8.8 

8.7 

13.8 

11.4 

7.5 

8.7 

1  

9.7 

8.9 

6.6 

6.4 

10.1 

8.2 

5.8 

5.9 

10.1 

7.6 

5.9 

6.5 

8.5 

7.6 

5.6 

6.5 

The study of the kinetics of the redistribution of iron in binary 

alloys with aluminum showed that the dendritic character of the struc- 

ture is well preserved notwithstanding prolonged annealing.  The data 

we obtained on the stability of the inhomogeneous cast structure 
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brought about by crystallization In the presence of Iron evidently 

conform with published data [6] which Indicate the positive role of 

Iron In the heat resistance of aluminum. 

- The greater the stability of the structure of a casting should 

also produce Increased stability of Its properties during heating. 

We carried out as a preliminary experiment a study of the Inhomogenelty 

of simple binary magnesium-calcium and aluminum-Iron alloys In con- 

nection with the behavior of these alloys at elevated temperatures. 

The data on the Inhomogenelty of alloys and the results of hardness 

tests at elevated temperatures are given In Table 2. 

^   'k^d 
" ^'^y* * mm 

t'^J&i 

wtm m 
" "■'"■mi 

to it a* Lei'ii»-^; H 

Fig. 4.  Mlcroradlograms of alloys (x 25). 
a) Mg + 0.2.%  Ca, cast; b) Mg + 0.2^ Ca, 
annealing at 565° for 24 hrsj c) Al + 0.2$, 
Pe, cast; d) Al + 0.2%  Pe, annealing at 
605° for 24 hrs. 

The mlcroradlograms of the examined alloys as cast and after 

heat-treating are given In Pig. 4.  In the case of the Mg-Ca alloys o 
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(Flg. 4a and 4b), considerable changes In the distribution of calcium 

occurred under the Influence of annealing; the coarse cast dendritic 

structure Is transformed Into a structure with a fairly uniform dis- 

tribution of calcium with the exception of conglomerations at certain 

points.  The coefficient of InhomogeneIty K changes with particular 

abruptness and Is reduced to one seventh of Its original value as a 

result of annealing. Under the same conditions of heating, scarcely 

any changes In the structure of the alumlnum-lron alloy are observed 

(Pig. 4b and 4c).  The dendritic character of the structure Is com- 

pletely retained, the only difference being an increase In size of 

the dendritic cells; the coefficient of Inhomogenelty K remains prac- 

tically unchanged (0.66-0.59), 

In Fig. 5 a graph of hardness against test-duration Is shown 

and shows the results of comparative creep-tests of the same alloys 

performed by the lasting-hardness method.  The path of the curves 

shows that in the case of alumlnum-lron alloys, the variation in 

hardness with time at 250° Is equal, both In the cast state and after 

homogenlzatlon. This accords well with the absence of appreciable 

changes In the degree  of dendritic Inhomogenelty, as can be seen in 

Fig. 4c and 4d.  In the case of the magnesium-calcium alloys, the 

hardness values of the annealed alloy are appreciably lower than 

those of the cast alloy, thereby Indicating Intensification of the 

creep process as a result of the heat treatment.  At the same time 

there Is a noticeable redistribution of calcium tending toward reduc- 

tion of the Intracrystalllne heterogeneity (Fig. 4a and 4b).  The 

values of the K and 0 coefficients are lower after homogenlzatlon 

than In the cast state. Thus the changes In the structure of the 

alloys are likewise responsible for their difference In behavior at 

elevated temperature. 
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Flg. 5.  Influence of length of test on the 
hardness of alloys, t = 25O0; P = 100 kg; 
DJU = 10 mm:  1) Mg + 0.2^ Ca, castj 2) 
Mg + 0.2^ Ca, annealed; 5) Al + 0.2^ Pe, 
cast; 4) Al + 0.2^ Fe, annealed. 
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INFLUENCE OF ALLOYING ADDITIONS ON THE TEMPERATÜRE 

DEPENDENCE OF THE MODULI OF ELASTICITY IN NICKEL 

AND NICHROME ALLOYS 

I. G. Polotskly, T. Ya. Benlyeva and Z, L. Khodov 

The elastic properties of metals and alloys are determined to a 

considerable degree by the strength of the Interatomic bonds and can 

be considered one of their fundamental properties.  A combination of 

Important physical and technological properties of alloys depends on 

the strength of the Interatomic bonds In the crystal lattices.  Hence 

a study of the elastic constants and of the factors affecting them Is 

of Interest In the study of heat-resistant alloys.  The present paper 

deals with Young's modulus, the shear modulus of elasticity and the 

internal friction in test alloys with a nickel and nichrome base. 

Dependence of Young's Modulus on Concentrations and 

Temperature In Nickel-Base Alloys* 

There have been a number of studies on the dependence of Young's 

modulus on concentration in binary alloys.  Among these are the 

* Research performed by T. Ya. Benlyeva, 
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< 
studies made by Koester and Rauscher [4] and by Smith [5], in which 

they establish laws governing the change in Young's modulus with a 

varying concentration in numerous binary alloys and are of great 

Interest.  In addition to this. Smith studied the Influence of valence 

and atomic size size on Young's modulus in binary alloys.  He showed 

that Young's modulus decreases with the increase in concentration of 

the additive In many solid solutions, the decrease becoming more 

rapid with the increase in valence of the alloying additions.  The 

decrease In Young's modulus in alloying does not, however, obey any 

laws (in fact, an increase Is frequently observed).  For Instance, 

it was established that there is a strengthening of the interatomic 

bond In iron when alloyed with gold.  A number of studies [6-10] 

have dealt also with the dependence of Young's modulus on temperature 

in metals and alloys. 

A study of the Influence of alloying additives on the moduli of 

elasticity and their dependence on temperature was considered to be 

of Interest.  It is known that chromium, molybdenum, titanium and 

aluminum Increase the heat resistance of nickel-base alloys.  Our 

intention was to Investigate the dependence of Young's modulus on 

concentration and temperature in binary solid solution of nickel- 

molybdenum, nickel-chromium, and nickel-titanium alloys, and also 

In nlchrome alloys with additions of titanium and aluminum.  The 

dependence of the modulus of elasticity on temperature in the chemi- 

cally pure nickel which was used as the base for these alloys was 

likewise investigated.  To determine Young's modulus in alloys we 

used the acoustical method.  This method [11], unlike those described 

by other authors [12-14], enabled us to measure Young's modulus at 

higher temperatures ranging up to 1200°. ä') 
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Material and Preparation of Specimens 

The nickel-molybdenum, nickel-chromlvun, and nlckel-tltanlum 

test alloys were melted In a high-frequency furnace In an argon atmos- 

phere, while the nlchrome-aluminum and nlchrome-tltanlum alloys w6re 

fused In air. As starting materials we used 99.99$ Nl, 99.95^ Mo, 

and 99'95$ Al and also 98.5^ alumlnothermlo Cr and 99.6$ Tl. The 

chemical composition of the nickel alloys Is given In Table 1. 

TABLE 1 

Alloy 
Content of elements  In weight $ 

Mo Cr Tl Al Nl 

Nickel - - - - 99.99 

1 4.98 - - - remainder 

2 9.85 - - - 11       it 

5 U.90 - - - 11       11 

4 L9.48 - - - 11       n 

5 - 9-40 - - 11       11 

6 - 21.56 - - tt       11 

7 - 25.75 - - 11       tt 

8 - - 4.52 - n       11 

9 - - 8.37 - n       11 

10 - - 10.45 - 11       11 

11 - 19.78 - 0.82 tt       11 

12 - 19.78 - 2.20 it       11 

13 - 19.58 2.5 - n       11 
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Each alloy was prepared from one melting and was cast as an 

Ingot.  The Ingots of all the alloys, excluding nickel with 12.5 

atom %  Tl, were then forged Into rods with a cross-sectional diameter 

of 10 mm.  Polished rod-shaped specimens, 7 mm In diameter and 200 mm 

long, were prepared for determination of Young's modulus.  All the 

alloys were studied In the annealed state.  During the heat treatment 

the specimens were soldered Into an evacuated quartz tube (a vacuum 

of lO'-'mm Hg).  The alloys of nickel, with the exception of nickel- 

molybdenum alloys, were heat-treated up to 900° for 5 hours and 

cooled In air.  For the purpose of comparing the experimental data 

on the elastic constants of the nickel-molybdenum alloys with the 

results of the study on the self-diffusion of the same alloys, the 

latter were subjected to diffusion annealing.  The specimens were 

soldered Into a quartz tube (10--3mm Hg) and heated to 1200° for 48 

hours.  In studying the dependence of Young1d modulus on temperature, 

the measurements were made in an argon atmosphere to eliminate the 

loss of molybdenum in the nickel-alloys and to preserve their chemical 

composition.  The modulus of elasticity of two specimens from the 

same melting, the characteristic frequency of each alloy being deter- 

mined twice over the entire temperature range. 

Experimental Results and Discussion 

The data obtained from thr study of the dependence of Young's 

modulus on concentrations and temperature in nickel and nickel- 

molybdenum alloys are given in Figs. 1-4. 

As seen from Fig, 1, Young's modulus of the nickel-molybdenum 

alloys increased with an Increase in molybdenum concentration for all 

alloys, with the exception of that containing 5.1? atom %.     The o 
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abnormal change In the modulus of elasticity for this alloy is due to 

the fact that magnetic alloys show a considerable decrease In Young's 

modulus.  The maximum modulus of elasticity was established for the 

nickel alloy containing 12.89 atom %  Mo. Young's modulus for this 

alloy is greater than for pure nickel by 6^.  The modulus of elasticity 

of nonmagnetic nickel-chromium alloys also increases with an increase 

in concentrations of chromium up to 25.46 atom #.  The change in the 

modulus in nickel-titanium alloys is related to the fact that the 

alloy containing 5.24 atom ^ Ti is magnetic, but with an Increase 

in titanium content to 10.06 atom #, the modulus decreases. 

Consequently molybdenum and chromium strengthen the interatomic 

bonds in binary nonmagnetic nickel-molybdenum and nickel-chromium 

alloys.  The results coincide with studies made by 0. V. Kurdyumov 

and N. T. Travina [15], who established that additions of chromium 

to nickel strengthen the Interatomic bonds.  It is known that even 

in alloys containing only one transition element, the unfilled d-shell 

strongly Influences the bonds. An explanation of the observed growth 

of Young's modulus for the nickel-molybdenum and nickel-chromium 

alloys should therefore be sought in the fact that the vacancies in 

the d-shell tend to be filled by the atoms of nickel combined with 

those of molybdenum and chromium during the formation of the alloys. 

o 
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Fig. 1.  Dependence of Young's 
modulus on concentrations in 
alloys.  1) Nl-Cr; 2) Ni-Mo; 
3) Nl-Ti. 
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Fig. 2.  Dependence of Young's modulus on 
temperature for nickel and nickel-molybdenum 
alloys with molybdenum concentration atom %: 
1) 0; 2) 5.15; 5) 6.27; 4) 9.68; 5) 12.89. 

O 

The dependence of Young's modulus on temperature In nickel 

reaches a minimum at 200 , and this is connected with Its ferromag- 

netic state [16] (Fig. 2).  The dependence on temperature above the 

Curie point takes the form of an uninterrupted curve.  The curve of 

Young's modulus for the binary solid solution containing 5.15 atom % 

Mo within the ferromagnetic temperature range is similar to that of 

pure nickel, but its minimum value shifts into the region of 100°. 

It should be pointed out that the alloys within the ferromagnetic 

temperature region showed an additional reduction of Young's modulus 

along with the temperature, until the Curie point was reached; this 

is caused by their ferromagnetism. 

The change in Young's modulus in nonmagnetic nickel-molybdenum 

alloys containing from 6.27 to 12.89 atom %  Mo is up to 700° practi- 

cally a linear function, whereas at higher temperatures there is an 
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accelerated reduction of the modulus. The temperature curves of the 

modulus for the nickel-molybdenum alloys are situated considerably 

higher than those for pure nickel.  The absolute value of the modulus 

of elasticity Increases and Its higher values are maintained In the 

temperature range from 20 to 1100 , as the molybdenum concentration 

In the alloys Increases. 

Young's modulus In solid solutions with 10.^8 atom ^ Cr is 

greater over the whole temperature range studied (Pig. 3) than in 

pure nickel.  The temperature curve of Young's modulus for the nickel- 

base alloy containing 25.46 atom ^ Cr is located somewhat higher 

than for the alloy with 10.48 atom J^ Cr.  A noteworthy fact is that 

in the solid solution with an increase in the concentration of Cr up 

to 28.15 atom $,  Young's modulus does not Increase and its absolute 

value at both low and high temperatures is about the same as for the 

alloy with 25.46 atom &  Cr.  The data given show that for nickel- 

chromium alloys a sharp Increase occurs in Young's modulus in the 

800-900° zone. 

In the case of nickel-titanium alloys containing from 5-24 to 

12.51 atom ^ Ti, the higher values of the modulus for temperatures 

up to 1100 are observed in the alloys with a lower titanium concen- 

tration. 

Young's modulus for the nickel-chromium-aluminura alloy with 

0.82^ Al In the temperature range from room temperature to 600° is 

about the same as for the binary solid solution (Fig. 4).  A further 

increase in temperature causes a considerable decrease in the modulus 

of elasticity for nichrome whereas the modulus for the nickel-chromium- 

aluminum alloy is greater than for the nickel-chromium binary solid 

solution.  Consequently, the combined influence of chromium and alum- 

inum causes a considerably higher modulus for the ternary nickel- 
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Flg. 5.  Dependence of Young's modulus on 
temperature for nickel, nickel-chromium, 
and nickel-titanium alloys with chromium 
titanium concentrations (atom $0:  1) NI5 
2) Nl + 10.48 Cr; 5) Nl + 25.46 Cr; 4) 
Nl + 5.24 Tl; 5) Nl + 10.0 Tl; 6) Nl + 
+ 12.51 Tl. 
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Fig. 4.  Dependence of Young's modulus on 
temperature for nlchrome with additions of 
aluminum and titanium (weight ^): 1) Nlchrome; 
2)  Nlchrome + 0.82 Alj 3) Nlchrome + 2.2 Al; 
4) Nlchrome + 2.5 Tl. 
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chromium-aluminum alloy at elevated temperatures, as compared with 

nlchrome.  Young's modulus for the nickel-chromium-aluminum alloy- 

decreases with an increase In the aluminum concentration from 0.82# 

to 2.2^, but in the ~ 7OO0 zone the temperature curve of the modulus 

of this alloy intersects with that of nlchrome and is located higher 

than the latter when the temperature is raised to 1100 ,  The tem- 

perature curve for the nickel-chromium-titanium alloy is located 

lower than that of nickel-chromium at temperatures ranging from 20 

to 500°, and with an increase In temperature the difference in the 

values for the modulus decreases, with the curves approaching each 

other. 

On the basis of these values we determined the temperature 

coefficients of the moduli (Table 2).  The temperature coefficients 

of the modulus of elasticity for nickel at temperatures ranging from 

100 to 200° and for the nickel alloy containing l^-lJ atom $>  Mo at 

100-200° were not determined since at that temperature range the 

dependence of the modulus of elasticity on temperature takes an 

abnormal course. The temperature coefficient for nickel increases 

with the temperature, a sharp climb being observed' at temperatures 

ranging from 700-800°.  In the nickel-molybdenum nonmagnetic alloys. 

Young's modulus increases with an increase in the molybdenum concen- 

tration, whereas the temperature coefficient of the modulus of elas- 

ticity falls at temperatures up to 700°.  It should be noted that 

although.the temperature coefficient of the modulus rises with the 

increase in molybdenum content, the absolute value for Young's modulus 

up to 1100° is the greatest in alloys with a high molybdenum content. 

For the nlchrome, nickel-chromlum-alumlnum, and the nickel- 

chromlum-tltanium alloys the temperature coefficients of the moduli 

of elasticity increase evenly with an Increase in temperatures up to 
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700 , their values at corresponding temperatures being approximately 

equal.  The temperature coefficients of the moduli of these alloys 

rises steeply at temperatures ranging from 800-1000°.  It should be 

noted that the values of the temperature coefficients of the moduli 

for the nlckel-chromlum-tltanium alloy at temperatures ranging from 

800-1000 are greater than those for the nlchrorae and nlckel-chromlum- 

alumlnum alloys.  This Indicates that In the given temperature range 

the nlckel-chromlum-tltanium alloy shows the most Intensive softening. 

Since the temperature coefficient of the modulus of elasticity 

increases when the interatomic bonds are weakened to any great extent, 

the coefficients we determined give an idea of the softening of the 

nickel alloys and of their behavior patterns over a certain tempera- 

ture range. 

Influence of Heat Treatment on Young's Modulus of 

Nickel-Chromium and Nlckel-Chromlum-Titanium-Alumlnum Alloys 

An anomalous change in electric resistivity with temperature 

variations was observed during the study of certain alloys of nickel. 

Thomas [17] believes that this Is connected with the occurrence of 

the K state observed in alloys containing at least one element with 

an unfilled d-shell.  There are different views on the nature of this 

state.  G. V. Kurdyumov [18] established that after a hardened nickel- 

chromium-titanium-aluminum alloy is heated at temperatures at which 

the single-phase state of the alloy is still preserved, an Increase 

in the interatomic bond strength was observed.  The author assumes 

that this Increase results from a distribution of the atoms in a way 

that causes an increase in the number of paired atoms with the 

strongest bonds; i.e., the Influence of the chemical bonds is greater. 
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Yu. S. Avramov [19] studied the mechanism and kinetics of the struc- 

tural transformations In the Kh20N80 and EI437 alloys.  He showed 

that the K state originates In these alloys and Interprets It as the 

formation of short-range-order segregation. 

For our study of the changes In the state of nlckel-chromlum 

and nlckel-chromlum-tltanlum-alumlnum alloys we determined Young's 

modulus under different heat treatments.  The study was conducted on 

a special device which enabled us to determine the modulus of elas- 

ticity with great accuracy.  The specimens of the nickel alloy with 

23.^6 atom %  Cr were subjected to the following treatment:  heating 

to 1000° for 5 hours and annealing at 400° for 4, 16, 36, 90, and 

144 hours.  In the Investigation of Young's modulus for the El457b 

alloy during aging, the annealed temperature was 1080 and the dura- 

tion 8 hours.  The aging was carried out at 500, 600, 700, and 800° 

for 4 hours.  In all Instances the specimens subjected to heat treat- 

ment were cooled in air.  The results of the study of the Influence 

of heat treatment on Young's modulus for the Kh20N80 and El437b alloys 

are given in Table J>.     The data obtained show an increase in Young's 

modulus in the Kh20N80 alloy after annealing at 400°.  During the 

first 4 hours of treatment, a rapid increase in the modulus was 

observed, which slowed down appreciably during further treatment; 

the modulus, however, steadily Increased when heating was maintained 

up to 90 hours.  Consequently, the increase in the modulus for the 

Kh20N80 alloy proceeds at a rather high rate in the initial stage of 

the transformation. 

Young's modulus for the El457b alloy, aged at 500 and 600°, is 

greater than that In the annealed alloy, despite the fact that the 

alloy is still single-phase at these temperatures.  The established 

pattern of the change in Young's modulus during aging of the nickel- 

D 

1 
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chroralum-tltanium-alumlnum alloy Indicates that the Increase In the 

modulus continues until the decomposition of the solid solution begins 

and the a' phase Is precipitated which confirms G. V. Kurdyumov's 

observations [18] concerning the Increase of the bond strengths even 

before decomposition of the solid solution begins. 

TABLE 5 

Heating 
900° 

Annealing at 4000C, hrs. 

4 16 36 90 144 

Kh20N80 lOOjg 100,29 100.38 IOO.67 100.95 100.98 

Hardening 
1080° 

Aglne for 4 hours 

500° 600° 700° 800° 

Sl437b 100^ 101.5 101,7 100.5 100.5 

Study of the Temperature Dependence of the Shear Modulus of 

Elasticity and Internal Friction In Nickel-Molybdenum Alloys 

and Nlchrome with Additions of Titanium and Aluminum 

In recent years a number of publications have appeared on the 

study of the temperature-dependence of the shear modulus and of 

Internal friction In metals and alloys.  Of great Interest are the 

studies made by T. Ke [20], A. S. Novlk [21], B. N. Flnkel1shteyn 

[22], V. S. Postnlkov [23], and others.  We studied the temperature- 

dependence of the shear modulus for nickel-molybdenum alloys and for 

nlchrome with additions of aluminum and titanium for which Young's 
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modulus had already been determined (see Table 1, alloys 1,2,5,12,15). 

Measurements of the Internal friction for these alloys were also made. 

To measure shear modulus and Internal friction In the alloys, 

the torslonal-vlbratlons method was used.  The difference between our 

procedure and that described by other authors [22, 25] Is that we 

used an electronic counter to measure the period of the torslonal 

vibrations. 

A beam of light from a source passes through a narrow silt and 

falls on a mirror which reflects it onto a screen covering the photo- 

cell.  A voltage pulse is created on the screen at the input of the 

triggering circuit when the beam passes through the slit.  The trig- 

gering circuit Is set up in such a manner that it functions for four 

periods of torslonal vibrations.  During this time the electronic 

counter counts the number of vibrations of the quartz oscillator 

working at a frequency of 2.5 kilocycles.  This enables us to obtain 

values for the period of the torslonal vibrations, accurate to several 

tenths of a millisecond. 

The absolute value for the shear modulus was determined at room 

temperature and the relative change in this value was determined 

under heating.  The absolute value at the given temperature was then 

calculated from the latter value. 

The reciprocal of the quality for the material was taken as a 

measuring unit of the internal friction: 

,-1  6 Q TT ' 

I 

where 6 is the logarithmic damping ratio, or 

Q 1 = 0,2062 £, 

where T is the period of torslonal vibrations; 
( 
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T Is the time during which the vibration amplitude decreases by 

half its value. 

In order to obtain T, the photocell was covered with a screen 

on which the zero-position of the beam was marked and in which there 

were two slits.  The first slit was located midway between the second 

slit and the zero mark.  The pulse was fed from the photocell into 

an oscillograph for scanning.  The first slit was covered until dis- 

appearance of the signal from the screen.  The length of time the pulse 

appeared on the screen with the first slit open was the value required. 

All measurements were made in vacuum. 

The heat treatment of the wire specimens were done In the same 

way as for the specimens used In the determination of Young's modulus. 

The results of the study of the temperature-dependence of the shear 

modulus and Internal friction of nickel-base alloys are given in Figs. 

5 and 6.  The upper limit of the range of the temperature measurements 

was set by Intensive damping of the oscillations which prevented any 

accurate calculation of the shear modulus. 

The shear modulus nickel-molybdenum alloys Increases with an 

increase In the molybdenum concentration (Pig. 5).  The variation in 

the modulus for nickel-molybdenum In the middle temperature range is 

practically a linear function, whereas at higher temperatures an 

accelerated decrease is observed.  For alloys with a lower molybdenum 

content, there is a deviation from the linear change at lower tem- 

peratures.  The dependence of the shear modulus on concentration and 

temperature established by us for nickel-molybdenum alloys is similar 

to that established earlier in our study of Young's modulus for the 

same alloys. 

The curves of the dependence of internal friction on temperature 
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for nickel alloys with different molybdenum contents take the same 

form.  The Internal friction In these alloys Is practically the same 

at temperatures ranging from room temperature to 400 , scarcely 

changing with the Increase In Internal friction.  This Increase begins 

at a lower temperature In the alloys with a smaller molybdenum con- 

tent.  It should be noted that the Increase in internal friction and 

the deviation from linearity of the temperature-dependence of the 

shear modulus occurs at approximately the same temperature.  This may 

be considered as the result of elastic slip along the grain boundaries 

in the nickel-molybdenum alloys.     J 
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Fig. 5. Temperature depend- 
ence of the shear modulus 
and internal friction of 
nickel-molybdenum alloys 
with molybdenum content 
(atom %)  1) 5.13; 2) 6.27; 
5) 9.68. 

Fig. 6. Temperature dependence 
of the modulus, internal fric- 
tion, and Poisson's ratio for 
nichrome with additions of 
aluminum and titanium (atom J^) 
1) 2.2 Al; 2) 2.5 Ti. 
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The results of our study of the dependence of the shear modulus, 

internal fl-lctlon, and Polsson's ratio on temperature for nlchrome 

alloys with additions of aluminum and titanium are given in Fig. 6. 

The temperature curve of the shear modulus for nlchrome +2,5^ titan- 

ium is located higher than that for nlchrome +2.2^ aluminum, the curves 

tending to approach one another with an increase in temperature.  The 

shear modulus of these alloys, for all practical purposes, decreases 

as a linear function up to aoout 400 , and on a further Increase in 

temperature this decrease becomes rapid. 

As in the case of the nickel-molybdenum alloys, the internal 

friction scarcely changes at all with an Increase in temperature 

over the range in which the path of the temperature dependence of the 

shear modulus is observed to be linear,  In the temperature range 

within which there is a rapid increase in the internal friction, a 

deviation from linearity of the temperature dependence of the shear 

modulus is also observed.  The more rapid decrease^observed in the 

modulus with an Increase in temperature is probably brought about by 

the occurrence of imperfections in elasticity and primarily by elastic 

slip along the grain boundaries. 

Polsson's ratio for the whole range of temperatures studied was 

calculated on the basis of the data obtained for Young's modulus and 

the shear modulus of the nlchrome alloys (see Fig. 6). The calcula- 

tion was made according to the formula 

where E is Young's modulus and N the shear modulus. 

In accordance with the above results for the elastic constants, 

an appreciable change in Polsson's ratio starts to occur at 400-500°. 

Polsson's ratio for nlchrome with the addition of titanium reaches 
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0,45» which can be interpreted as a significant Increase In the plas- 

ticity of this alloy. 
~) 

Ultrasonic Pulse Device for Determining the 

Elastic Constants of Metals and Alloys* 

In recent years ultrasonic pulse methods have been Introduced 

for the study of the elastic constants of various types of crystals. 

Lazarus [24] determined the elastic constants of single crystals of 

ß brass, and Investigations [25-^2], using the ultrasonic method, 

have determined the elastic constants of certain pure metals and 

alloys.  Ultrasonic methods make it possible to determine Young's 

modulus and the shear modulus in the same specimen, affording great 

opportunities for studying the elastic constants of experimental 

alloys and establishing the relationship between the moduli and other 

characteristics of atomic interaction.  We constructed an ultrasonic 

pulse device for the purpose of determining Young1s modulus and the 

shear modulus in single and polycrystals of metals and alloys.  Our 

procedure differed from that described by other authors in that we 

were able to determine the elastic constants with great accuracy in 

specimens 25 mm long and 15-20 mm in diameter and to measure the 

modulus in those metals In which the ultrasonic frequencies experience 

Intensive damping, making it impossible to obtain a large number of 

"reflected" pulses. 

* Study made by T. Ye. Stefanovlch, aided by V. V. Chaplenko, O 
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Working; Principle of the Device 

Our device enables us to determine the speed of propagation of 

high-frequency ultrasonic waves by a method similar to that used in 

radar (Fig. 7).  By means of an electroacoustlc transducer the oscil- 

lation pulse generates ultrasonic waves In the specimen which, having 

passed through the specimen and been reflected from Its opposite 

side, return to the transducer and there generate an "answering" 

pulse.  The time interval between the two pulses is measured In a 

special electronic device.  From the distance traveled by the waves 

and the time taken to complete the round trip we calculated the speed 

of propagation of the transverse and longitudinal oscillations of the 

ultrasonic waves and then from these the speed of propagation of 

Young's modulus, the shear modulus, and Polsson's ratio in the given 

metal. 

The Polsson ratio is 
v2   - 2v2 

^=^Lons tran_ (l) 

2v   — 2v long   tran 
where v,   is the longitudinal wave velocity; 

v.    is the transverse wave velocity. 

Young's modulus is 

E = pv2   ^lonfi - ^tr^ (2) 
lonS (v

2   _ v2  ) x long   tran' 

where Young's modulus is expressed in dynes/cm ; 

p is the density in g/cnr; 

|i, is Polsson's ratio. 

The shear modulus (N) is determined by the formula 
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N - vtranP' 

which gives the shear modulus In dynes/cm , 

©r 

(5) 

Fig. 7.  The working principle of (a) and a 
block diagram (b) of the ultrasonic pulse 
device.  1) specimen; 2) Initial wave; 3) 
reflected wave; 4) transducer; 5) generating 
pulse; 6) reflected pulse. 

The ultrasonic device, a block diagram of which is shown In 

Fig. 7, works In the following way.  Under the Influence of triggering 

pulses produced In the timer I, the oscillator II, periodically 

generates short high-frequency oscillations which are fed Into the 

transducer III.  The repetitive rate of the triggering pulses may be 

selected within the limits of 2-10 kilocycles, the duration of the 

high-frequency oscillations Is about 1 M,sec and the frequency Is 

1-6 megacycles.  The electromechanical transducer consists of a 

plezoquartz plate attached to the specimen with wax or mineral oil. 

X-cut-quartz plates and Y-cut plates are used to generate the longi- 

tudinal waves and the transverse waves.  The oscillations Induced In 

7) 

O 
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the transducer by the reflected pulses are amplified by a receiver 

IV and fed Into a responder V.  The receiver Is a wide-band amplifier 

with a pass band at up to 6 megacycles, and a 10-4 oscillograph with 

minor adjustments Is used as a responder. 

The ultrasonic waves generated In the specimen undergo multiple 

reflection and are recorded by the responder each time they reach 

the transducer.  An image of several pulses following one another at 

equal time Intervals, by the length of the specimen, appears on the 

screen of the responder (Fig. 7c).  For measurement of the time 

interval between pulses, two pulses only are reproduced on the screen 

(by means of an oscillator In the timer) which delay the scanning, 

as shown in Fig. 7d. Then without changing the time during which the 

pulses appear on the screenm the oscillograph scanning Is replaced 

by sinusoidal scanning from the sinusoidal sweep oscillator located 

In the timer.  If the period of sinusoidal scanning Is made equal to 

that of the time between the pulses, the latter will be superposed 

on each other (Fig. 7e).  The frequency of the sinusoidal scanning 

oscillator Is measured with great accuracy by the calibrator VI, 

which Is a type 528 heterodyne wavemeter.  The speed of propagation 

of the ultrasonic waves Is calculated by the formula 

v = 2lf, 

where v Is the speed In cm/sec; 

I   is the length of the specimen In cm; 

f Is the frequency In cps determined by the calibrator. 

The tests showed that this ultrasonic pulse device is reliable In 

performance and enables one to measure ultrasonic wave velocities 

with an accuracy of + 0.2^ In specimens 25 mm long.  The accuracy 

of the measurements Increases In proportion to the Increase In the 
length of the specimen. 
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Apparatus for Determining Youns's Modulus and ' . 

Damping Factor at Elevated Temperatures* 

Acoustic methods are wldelt used for measuring the elastic constants 

of metals and alloys.  Various apparatuses for measuring temperature 

changes In Young's modulus and In the damping factor are described 

In the published papers [12-14]. 

In view of the present necessity for great accuracy In measuring 

Young's modulus and the damping decrement In studying transformations 

In nickel alloys, we constructed an experimental device that differs 

considerably from other types In Its use of a quartz oscillator and 

an electronic counter for determining the characteristic oscillation 

frequency of the examined specimen; this enabled us to reduce the 

error factor of our measurements to 0.02^.  The damping decrement is 

measured by means of the electronic counter, which counts the number 

of free oscillations when their amplitude is reduced to half.  In 

order to eliminate the Influence of the suspension clips on the res- 

onance frequency of the oscillations and the damping decrement, the 

specimen was suspended at the nodal points of the oscillation.  Since 

air exercises a damping effect and causes error in determining the 

extent of damping, the measurements were carried out in a vacuum. 

Our device used electrostatic excitation, and the recording of the 

oscillations was effected through frequency modulation of a high- 

frequency generator. 

The block diagram of the device for determining Young's modulus 

and the damping factor at elevated temperatures Is shown In Fig. 8. 

* Study made by V. F. Taborov, aided by G. I. Levina. 
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Fig. 8.  Block diagram of device for 
determining Young's modulus and the 
damping factor. 

The specimen 1 and the electrode 2 are simultaneously connected to 

the audlo-osclllator 3 and the oscillatory circuit of the high- 

frequency generator 4.  The output of the audlo-osclllator has a 

polarized alternating voltage 

U = U0 (1 + sin 27rft). 

The electrostatic forces of this voltage produce the maximum amp- 

litude of oscillations when the specimen has resonance frequency. 

This produces frequency modulation In the high-frequency generator 4 

the oscillations of which are received by a standard frequency modu- 

lation signal receiver 6.  By means of the quartz oscillator 9 the 

cut-in circuit 7 connects the receiver output to the counter 10 every 

20 seconds for 10 seconds.  In the case of the specimens with a 

characteristic frequency of about 800 cps, the counter registers 

~ 8000 periods .  The readings are reproduced with an error factor of 

+ 0.02^.  In determining the decrement, the counter, by means of the 

discriminators 5 and 8, records the oscillations of the specimen when 

the amplitude of free oscillations is reduced by half.  The discrimi- 

nators switch.the counter on and off when the potential at the 
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receiver Input changes by a factor of 2.  The damping factor Is 

determined by the formula 

6 - i In 2, 

where n Is the number of oscillations when the amplitude of oscilla- 

tions Is reduced by half. 

As a preliminary test the device was used to measure Young's 

modulus and the damping factor was determined for the Kh20N80 and 

El437b alloys.  The results showed that It could be used for measur- 

ing Young's modulus at temperatures ranging from room temperature to 

1000  and for measuring the damping decrement at temperatures up to 

800°. 

Conclusions 

1. The Increase In Young's modulus when molybdenum or chromium 

are added to nickel Indicates that the latter strengthen the Inter- 

atomic bonds In binary nonmagnetic nlckel-chromlum and nickel- 

molybdenum alloys. 

2. In the case of nonmagnetic alloys containing 6.27 to 12.89 

atom %  Mo or 10.48 to 25.46 atom %  Cr, a higher value Is observed 

for Young's modulus over the whole range of temperatures Investigated 

in alloys with higher concentration of these elements.  Young's 

modulus is observed to be higher up to 1100  In nlckel-tltanlum 

alloys with a smaller titanium content. 

5.  An Increase In Young's modulus during the aging of the 

alloy El437b up to the point where decomposition of the solid solu- 

tion begins, and an Increase likewise in this modulus in the annealed 

Kh20N80 alloy Indicate, the occurrence of low-temperature transformation 

in nickel alloys, leading to the strengthening of the interatomic {) 

-546- 



bonds . 

4. The deviation from linearity of the temperature dependence 

of the shear modulus occurs within the same temperature region within 

which internal friction abruptly increases; this is probably caused 

by the presence of elastic imperfections and primarily by elastic 

slip along the grain boundaries. 

5. Polsson"s ratio for nichrome with an addition of 2.5^ Ti 

begins to show a marked increase at 400-500 ; this is possibly due 

to a considerable increase in the plasticity of this alloy. 
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LAWS GOVERNING THE MECHANICAL STRENGTH OF MATERIALS 

OBTAINED BY SINTERING OF METAL POWDERS 

B. Ya. Pines, A. F. Slrenko and N. I. Sukhlnln 

Single and multlcomponent powder metal specimens, 
sintered at the same temperature but soaked for 
different periods, show a decline In the so-called 
"transient ' mechanical strength with an Increase In 
porosity, which obeys a linear law.  The tensile 
strength of solid specimens may be found by means 
of linear extrapolation with respect to zero poros- 
ity; this value coincides In the case of single- 
component compacts with the actual value of the 
strength of cast metals.  In multlcomponent powder 
mixtures. Including those which form solutions and 
Intermetalllc phases, the strength values, extrap- 
olated with respect to zero porosity, are a quad- 
ratic function of the concentration.  The existence 
of this function was verified experimentally for 
two and three-component powder metal specimens of 
the following mixtures:  copper-Iron, copper- 
molybdenum, copper-tungsten, copper-nickel, molyb- 
denum-chromium, chromium-tungsten, nickel-tungsten, 
copper-nlckel-lron, tltanlum-nlckel, and tltanium- 
chromlumj this was confirmed In tests at room and 
at elevated temperatures (up to 1000°). 

Tiie sintering of powder metal compacts is usually studied with 

the use of a high-temperature dllatometer, which either checks the 

amount of shrinkage (or the corresponding variation in porosity) 

after the specimens have been soaked at a high temperature, or 
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registers the shrinkage during the entire sintering process. 

However, the phenomenon of sintering Is not limited to the shrink- 

age effect and the accompanying Increase In density.  As to the fea- 

tures of the phenomenon Itself, the changes In the mechanical proper- 

ties of the materials, particularly In mechanical strength, which 

takes place during the sintering process, are of considerable Interest. 

While the laws of shrinkage during sintering (at least in single- 

phase systems) have been studied in fairly detailed fashion as being 

dependent on many parameters and a certain theoretical understanding 

of the phenomenon has been gained [1], the results of Investigations 

into the change in mechanical properties during sintering are still 

Inadequate.  Only fragmentary data on this problem have been published; 

no firmly, established general laws of the change in mechanical proper- 

ties during sintering have been formulated, nor has there been even an 

approximate quantitative interpretation of the effects obtained.  It 

is also noteworthy that a theory or mechanical properties of materials 

has scarcely been developed at all up to the present time.  In par- 

ticular, no quantitative connection between the structure of materials 

and their mechanical characteristics has yet been established.  This 

gap could be partially filled by an experimental study of the proper- 

ties of materials of different prescribed structure (structural 

inhomogenelty).  The simplest way of producing such materials is 

apparently by the methods used in powder metallurgy.  However, the 

difficulty of doing so consists in the as-yet unclarlfled quantita- 

tive change in mechanical properties caused by the presence of 

porosity and shrinkage voids In the powder compacts.  In this con- 

nection. It is Important to establish and interpret the basic laws 

of mechanical properties of substances produced by sintering powder 

compacts. 
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Fig, 1.  Specimen for 
tensile strength test. 
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Fig. 2.  Dependence of mechan- 
ical strength (transient) at 
room temperature on porosity 
of compacted powder metal 
copper specimens sintered at 
different temperatures. 

The present work Is an attempt to make a systematic study of the 

laws governing the mechanical strength of single and multlcomponent 

powder metal mixtures subjected to sintering.  Copper was selected as 

the basic material to simplify evaluation of the results and to avoid 

complications caused by the redistribution of stresses appearing In 

heterogeneous brittle substances (the so-called "notch" effect). 

Test specimens (Fig. l) were pressed from powder mixtures and 

were subjected to sintering for various periods at varying tempera- 

tures.  The shrinkage )poroslty) was determined and then the specimens 

were tested for tensile strength on a PM-500 machine; ultimate tensile 

strength and the total elongation to rupture was calculated.  The 

specimens were narrowed down In their central portion to ensure the 

rupture always taking place In that area.  The pressure at which 

powders were compacted was selected on the basis of preliminary tests 

which showed that high pressure retards sintering due to the pressure 

of the gas trapped In the closed pores being formed [2]. 
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Figure 2 reproduces the curves showing the dependence of mechan- 

ical strength on the final porosity "eta" in copper specimens sintered 

at different temperatures.  All the specimens were prepared from an 

electrolytic powder passed through a screen with a mesh 50 microns in 

diameter.  The pressure was ~ 3.5 t/cm and the Initial porosity p 

amounted to 26-28^.  The difference- In porosity of specimens sintered 

at the same temperature, shown on the same straight line in Fig. 2, 

was obtained by varying the sintering times.  It can be observed that 

In specimens sintered at the same temperature the mechanical strength 

S decreases when the porosity t]  Increases, within the range of values 

under study, on what is approximately a linear pattern.*  Given the 

same porosity, the strength value Is found to depend also on the 

sintering temperature.  Thus the porosity of a specimen is not an 

exhaustive criterion of its state and properties. 

1 

*  A linear dependence of strength on porosity (for Fe specimens) 
was also observed In the research described In [JJ. 
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We obtained the strength of a nonporous substance by extrapolating 

the S value to the point n = 0,  If the extrapolation Is done along 

a straight line corresponding to sintering temperatures of 1000 C, 

we will obtain a strength value of 58.5 kg/mm , which Is close to 

that for solid copper.  The equation for this straight line can 

therefore be written as 

S = S0 (1 - HT)) (1) 

On the other hand, the straight lines showing the dependence of 

S on T] after sintering at other lower temperatures, may be presented 

analytically by the formula 

S = Srel (1 - kyi), (2) 

where Srel < S0 and M-T < M-0 (Fig. 2). 

To explain the drop in S with the increase in TJ, one must first 

take Into consideration the weakening of the cross section of the 

specimen due to the presence of pores.  Let us first assume, for the 

sake of simplicity, that all the pores in the specimen are spherical, 

have the same radius r, and are uniformly distributed. 

L 

Fig. 5.  Diagram showing 
the influence of porosity 
on tensile strength. 
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Lee mm (Flg. >) be the plane alon^ which cleavage of the specimen 

occurs.  Then the layer MM, 2r In thickness, which Is adjacent to this 
2 

plane wiol have, per cm of cross section a pore volume equal to 

2r and; consequently, a number of pores TT^L = ^Ks   •     The area 

3 TT 
2 

occupied by the pores per cm of cross section will be a = ^  p = 
2Trr 

= n T) .  This Is the quantity by which a cross section of 1 cm^ will 

be reduced, and hence the ultimate tensile strength will decrease 

accordingly.  In addition to the pores which are cut through by the 

cleavage plane and which thus directly weaken the cross section, the 

pores situated in the neighboring layers 2r thick will also cause 

a decrease in strength.  Indeed, a distortion in the distribution of 

stresses caused by the individual spherical pores should, according 

to the well-known principle of St. Venant, spread to a depth of the 

order of their diameter.  Consequently, the sections of the MM layer 

which are adjacent to the pores contained in the neighboring layers 

2r thick will be subjected to a diminished stress [the area of the 

sections per unit of cross section will be 2a (1 — a)].  Taking the 

weakening factor as s_, we shall find that the overall effective 

decrease in the cross section, and with it, in the strength, is 

expressed by the value 

( 

' , 
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(1 - a)l - 2s) = 1 - a(l + 2s) + 2sa2 

The experimental data presented In Pig. 2 are not for particularly 

high values of T^.  In view of this, we can neglect addends of the order 

T]2 In their Interpretation and cai write: 

P = Poli - a (1 + 2S)I = P„ [l - -^(l + 2*)] . (5) 

For this expression to coincide with Eq. (1) it is required that 

M.0 = J C1 + 2£)- 

The value |XQ for specimens sintered at 1000° is ~5.^5* which 

according to Eq. (Ja) leads to the value _s ^^ , which is of the 

correct order of magnitude. 
p 

Let us note that if s_ = ^- the full formula for the dependence 

of S on T] can be written as 

/> = P0 (1 __ 3,45^ + 3^ (3a) 

D 

As previously mentioned, values for the strength Srel that are 

considerably lower than SO will be obtained if we extrapolate the 

value _S with respect to n = 0 for samples sintered at lower tempera- 

tures.  In this connection we may suppose that in these specimens 

there remain elusive areas of loose contact between grains when the 

porosity changes.  The relative extent of such areas in the cross 

section should be taken equal to 
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b = 1 - Srel sü— 

provided that there are no other effects than a decrease In the actual 

cross section. 

Figure 4 shows curves for the dependence of mechanical strength 

on porosity In specimens sintered at 1000° with different soaking 

periods; the specimens were made of copper powder of varying Initial 

porosity (|i.lnit) according to the pressure under which they were 

compacted.  The strength values for all the specimens, except those 

for which T] = 8 and l^fo,   can be plotted on one curve, which even for 

the greatest values obtained (ri = 40^) scarcely differ from the curve 

calculated according to Eq. (3a). 

' 

ll/MH» 

' 

\ 
\ 

■ \ 
OS 

'1 

—1 1 

^ 

^ 
«    B    12   16   20 &   II 32  31  itt 7, % 

Pig. ^t.     Dependence of the strength on porosity In 
copper powder metal specimens with Initial porosity 
nlnlt %:    (i) 60; (2) ^0; (5) 26; (4) 18; (5) 14; 
(6) 8, 
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Thus even up to 4C$ the decrease In the strength of the porous 

specimens (plastic metals) can be adequately explained by a weakening 

of the cross section through porosity.  With regard to specimens for 

which ^Inlt = 8 and l4^, the sintering [2] Is not followed by shrink- 

age but by "growth" of the specimens due to gas pressure In the trapped 

pores.  It Is possible that the specimens showing this growth, as 

well as those sintered at low temperature, have open areas of loose 

contact which are not detectable In measurements of porosity, and 

their actual decrease In strength Is greater than that calculated 

from their volumetric porosity. 

The dependence of strengths on r]  arises, according to Fig. ^, 

when the granulometry of the powder used for compacting the specimens 

remains constant.  If the granular size is changed, other conditions 

remaining unchanged, a certain Increase in strength can be observed 

along with greater dispersion of the powder granules. 

V////////;y?/777777////////////SySÄ 

Flg. 5.  Schematic diagram of the apparatus 
used for mechanical tests at elevated tem- 
peratures . 
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The dependence of S^ on T^ described above leads uc; to conclude 

that this law must be valid not only at room but also at higher temp- 

eratures.  This conclusion was verified by testing powder metal 

specimens at higher temperature, mainly at 900 , In an Hp atmospnere. 

The apparatus shown schematically in Fig. 5 was used for these 

tests.  One of the ends of the specimen was attached to the wall of 

a metal container, while the other was connected to a cylindrical 

rod moving through a tightly fitted bushing and protruding through 

the opposite side.  After the specimen was fixed in position, the 

lid of the apparatus was screwed on with a rubber gasket ensuring 

a tight fit.  Dry hydrogen from an electrolyser was continuously 

circulated through the apparatus. 

The specimen was subjected to stress by means of a tank filled 

with water attached to a cable passing over a pulley and fastened to 

the rod protruding from the end of the container.  Different loads 

were achieved by varying the quantity of water in the tank. 

The test specimens were prepared by compacting and sintering 

the powder, and were of the same shape and size as those tested at 

room temperature (Fig. 1).  Prior to the test, the specimens were 

subjected to sintering of different durations at 1000 . 

First of all we examined the dependence of high-temperature 

strength on the porosity for pure cooper.  Various porosity samples 

were obtained by sintering at different durations at one and the 

same temperature (1000 ).  The results of the investigation of the 

dependence of strength on porosity at various load rates (from 

8 • 10 ^ to I.07 kg/min per mm ) are presented in Fig. 6a.  For a 

given load rate, with an increase of porosity, the strength drops off 

linearly.  The strength values appeared much lower than at room 
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temperature.  Certain tests conducted at various temperatures (with 
p 

one and the same load rate ~ 1 kg/mln per mm ) allowed us to determine 

the curve of temperature dependence S (Fig. 6b).  It Is, of course, 

extrapolated to the value S = 0 at the melting point of copper. 

If using the data presented In 6b, the dependence S on load 

rate Is established, then the values S = S extrapolated to rj = 0 

and also the values corresponding to the other r\ =  const, appear to 

Increase linearly with the logarithm of load rate.  This result 

fully accords with the data obtained by Zhurkov [k]   in his work on 

the law governing the dependence of durability on stress. 

The linear dependence of the tensile strength S on the porosity 

T| (Fig. 6a) can be obtained by applying a constant loading rate. 

This method makes It possible to find the strength of specimens with 

zero porosity by extrapolation according to a linear law. 

Let us consider the data on strength ratios In binary mixtures. 

In the beginning, tests were made with mixtures of nonlnteracting 

substances.  Figure 7 shows curves for the dependence of strength 

on porosity at room temperature for copper specimens containing an 

addition of tungsten and for some containing molybdenum, sintered 

for different lengths of time at 1000 .  Both the admixed powder 

and the copper powder were screened through a 50-mlcron  mesh. 

In the mixtures of powders of a given composition, as in the 

case of pure copper, a decrease in S with TJ is observed which more 

or less obeys a linear law.  The strength also decreases with an 

Increase in the additive, since a nonlnteracting additive merely 

separates the copper granules and acts In a way similar to the 

sections with loose contact in the low-sintered compacts of pure 

copper mentioned above.  This Influence of the additive becomes 

particularly clear if we extrapolate the S value with respect to ^ = 0, 
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Fig. 7.  Tensile strength S at room 
temperature depending on the porosity 
T) of specimens:  l) Cu; 2) Cu + 5^ W 
(Mo); 3) Cu + 20^ W (Mo); 4) Cu + 35^ 
W (Mo). 

Fig. 8.  Dlagramatlc distribution of com- 
ponents near the surface of the rupture. 
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Flg. 6.  Dependence of tensile strength 
of copper specimens.  a) on porosity TJ 
at different loading rates (t = 900°); 
O) 1.07; A) 0.15; x) 0.08; 4) 0.008 
kg/mln mm2; •) on temperature; c) on the 
logarithm of the loading rate where T\  IS 
equal {%)   to: 1) 0; 2) 10. 
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since the extrapolated values are already free from the Influence of 

Ti.  The quantity of the additive Is known In this particular case, 

so that an evaluation of the expected decline In strength can be made 

(from the decrease In the contact area).  For the sake of simplicity 

let us assume that each metal powder Is a collection of Isomerlc and 

Identical particles having a linear dimension L (different for each 

powder: L*   and L„), while the compact is a close-packed system formed 

by such particles. 

Let us consider the true surface (plane) of fracture of the 

material and the adjacent two layers of a thickness L on either side, 

L being the greater of the dimension L^ and L2 (Fig. 8.) In both 

layers the part of the volume w. and Wp = 1 — w., occupied by each of 

the components, will be equal to the average volumetric concentration 

of the components which we shall designate by 1 — x and x-  The por- 

tions of surface occupied in each layer by the particles of compon- 

ents 1 and 2 will be expressed by the same values.  In the case of a 

disordered and random grain arrangement of the components in each 

layer, it will be found that the areas fi-- , occupied on the cleavage 

surface by points of contact between like and unlike grains, amounts 

to: 

Qi1 = W, —'p = w2,; 1 Wi+ Ul! *' 

fi2j = »! - 
ira 

* U>. -f- tt). 1     *» 

1 

1 U>2 + Wi 

Ml 

' UJl + UJj     n • U), -|- I/)j 

and  since 
p P 

w1   = 1 — x,  w2   = x,   then Q.^  =  (l — x)   ;   n^  = x ;   fi^g = 2x 

(1-x). 

Let us assume that during cleavage along the rupture point t "I 
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1 — 1 a resistance S,, Is overcome; along the contact point 2 — 2, 

a resistance S^i   and along the contact point 1 — 2, a resistance S^' 

In this case. If the rupture means the simultaneous overcoming In 

each section of Its "own" critical stress, the ultimate strength of 

the composite material must be equal to: 

S = S1 (1 - x)2 + S2x
2 + 2S12x (1 - x) (5) 

In applying Eq. (5) to the data In Fig. 7 we must take Into 

consideration the fact that after sintering at 1000  only the copper 

grains coalesce, as Is clear from the data on shrinkage of specimens 

[SJ; the molybdenum (tungsten) grains, on the other hand, neither 

fuse with each other, nor with the copper.  This means that If we 

compare the experimental results shown In Fig. 6 with Eq. (6), we 

must take So = 0 and S12 = 0; I.e., we must assume the dependence of 

S on x to be 

S = S1 (1 - x)2. 

Diagrams (a) and (b) In Pig. 9 show the values of the ultimate 

strength S at room temperature, depending on the x volumetric concen- 

tration In the two series of sintered specimens of copper and Iron 

powder mixtures.  The specimens of both series were made from electro- 

lytic copper powder screened through a 50-mlcron mesh.  The Iron 

powder In one of the series was of the "whirled" type; I.e., It was 

pulverized In a whirl mill,* while In the other It was reduced from 

carbonyl.  The carbonyl powder had a grain size of 2-5 microns, while 

the whirled powder had a coarser grain since it had been screened 

through a 50-mlcron mesh.  All the specimens were sintered at 1000° 

in an atmosphere of Hp, with two soaklngs of 15 mln and 4 hr respec- 

* Translator's note:  apparently a form of micro-atomizer. 
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tlvely.  The valu« of the strength S for a solid specimen was obtained 

by linear extrapolation aiong a straight line where ^ = 0.  Thr- 

validity and reliability of linear extrapolation based on t] were' 

verified by additional experiments, which confirmed the soundness of 

this method of eliminating the porosity effect. 

Equation (5) demonstrates Its validity well for the given mix- 

tures, as indicated by the curves shown in Fig. 9a and 9h  for the 

dependence of the extrapolated S values on the concentration.  The 

values AS = S — 8^(1 — x) — SoX  fully accord with the magnitudes 

expected from Eq. (5) and coincide with the curve 2S^^x  ( 1— x). 

The magnitude S^p 0^  the strength of the localized welds- between 

copper and Iron is found in Cu + carbonyl Fe alloys to be 72 kg/mm , 

and for Cu + Fe of the "whirled" type it is 46 kg/mm2.  The first 

value Is greater than the second, and this accords with the high 

value of rup = shrinkage In the inhomogeneous point-bonds occurring 

in alloys With carbonyl iron [5]- 

After sintering at 1000 , compacts made from Cu + Fe (whirled- 

type) were tested for tensile strength similarly at 900 and at a 

loading rate of 0.1  .4 2.  The dependence of strength on porosity 

(when reduced porosity was achieved by longer sintering at the same 

temperature) was found to be linear in this case as well.  The S 

values extrapolated with respect to r) = 0 also satisfied Eq. (5) when 

tested at 900 , as indicated by the data shown in Fig. 9C i'or the 
p 

dependence on concentration of the values for AS = S — S. (1 — x) — 

— SpX , which easily fall on a curve of the x (1 — x) type.  Accord- 

ing to Fig. 9c we have at a temperature of 900° (kg/mm ) 

'Cu 1.2, SFe = 3A,   SFe_Cu= 3.2, 
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Fe.% 
ö 

da    in 20     «a    to    eo 
Ni,r. 

Flg. 9.  Values of S = S(x). a) for a 
mixture Cu + Fe (carbonyl-type at room 
temperature); b) for Cu + Fe (whlrled- 
type at room temperature); c) for 
Cu + Fe (whirled-type at 900°); d) for 
Cu + Nl at 900° (heating rate 0.1 kg/mln 2x mm ; 

Similar tests on powder metal specimens prepared from copper- 

nickel powders have shown that In these mixtures there is a linear 

dependence of strength on porosity.  Notwithstanding the complex 

structure of these specimens, which were not completely homogeneous 

solid solutions [6], the experiments showed the dependence of the 

extrapolated strength values on the concentration, also satisfying 

the Eq. (5).  According to Pig. 9cl, we have In kg/i mm 

«r 
^ 
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In the present research we also studied the dependence of the 

strength values on concentration, extrapolated with respect to t] = 0, 

In sintered specimens of powder mixtures of chromium-molybdenum, 

chromium-tungsten, and nickel-tungsten. 

The chromium-molybdenum specimens were sintered at temperatures 

of 1^00 and 1500°, the chromium-tungsten at 1500°, and the nickel- 

tungsten* at  1250°.  All the tests were made at 1000° In an H2 

atmosphere.  In all cases the sintering period was varied at each 

selected temperature.  This permitted the obtaining of specimens 

with different porosities, and the results of the tests made it possible 

to find the S values extrapolated with respect to T] = 0.  The depend- 

ence of the S values on the concentration in the above-mentioned 

mixtures satisfied Eq. (5), despite the fact that solid solutions 

form in these systems at high temperatures. I.e., unlimited solid . 

solutions in the systems chromium-molybdenum'and chromium-tungsten, 

and limited in the system nickel-tungsten. 

The quadratic dependence of the S values (strength extrapolated 

with respect to zero porosity) on the concentration must apply to 

three-phase systems, i.e.. 

o 

* Tests were of short duration.  This proved to be essential 
for tests with specimens containing chromium.  Under our conditions, 
heating of specimens up to 1000° lasted about 10 mln., the test took 
less than 5 mln., and the cooling about 7 mln.  The total time that 
the samples were subjected to high temperatures did not exceed 20 mln. 
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P = Pp* + Pty* + P> + 2PKx,j + 2/>l,xz + 2P„yi, (6 ) 

where x, y and z are the volumetric concentrations of the components 

x + y = 1; (6a) 

S^, Sp and S, are the quantities of tensile strength for pure com- 

ponents.  S^o> S,.-, and Sp-z ace the quantities which can be interpreisd 

as tensile strength of bond contacts between different metals. 

This conclusion was verified by an Investigation of the ratios 

of mechanical strength in sintered specimens of the three-phase 

copper-lron-nlckel-powder mixture.  The specimens were sintered at 

1000° and tested at room temperature (using a PM-500 machine). 

The data obtained from the study of the three binary systems, 

enabled us to detenhlne the constants S.j. by means of which we found 

the estimated strength values for the ternary alloys.  These values 

were compared with the experimentally derived quantities for three- 

phase specimens, the compositions of which corresponded to two cross 

sections of a ternary system: a) with an iron-copper catio of 2.5 

(with a nickel concentration of 0 to l)and b) with a nickel ratio of 

2.3 (with a copper content of 0 to l). 

The calculated and the experimental values closely coincided. 

Thus Eq. (6) was confirmed, although there was still .an inhomogeneous 

concentration of the solid solution in the specimens. 

It should be noted that a quadratic dependence of strength on 

concentration both at room and at higher temperatures was eveolved 

in all cases tested parallel with a like quadratic dependence of 

shrinkage r\  on concentration [5].  To the systems in which a quad- 

ratic dependence of strength on concentration is observed belong 

not only those mixtures in which solid solutions (limited or unlimited) 

'; 
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are formed, but also such mixtures in which new intermetallic phases 

originate at high temperatures as a result of interaction.  Specific- 

ally, according to our data, a similar dependence Is observable in 

specimens of titanium-chromium powders after sintering at 1500 , and 

of titanium-nickel powders after sintering at 900 .  However, if low- 

melting eutectics are formed in the system, and-a liquid phase appears 

at the sintering temperature or below it, the dependence of strength 

on concentration according to Eqs. (5) amd (6)  is no longer valid. 

In this respect, the laws governing strength are similar to those 

governing shrinkage. 

< 

TABLE 1 

System 
Sintering 
Temperature 

Temperature and 
atmosphere of 
test, 0C 

Constant 
strength 

s,  | 

Sl S2 s12 

Titanium-chromium 1300 1000, vacuum* 6 15 17.d 

Nickel-titanium 900 900, vacuum* 3-7 7 12  i 

Chroraium-molybdenurri 

Chromium-tungsten 

1500 
1400 
1500 

1000, Ho 
1000, Hp 
1000, Hg 

15 
14.2 
15 

21.5 
15 
22 

55.d 
22 
29.6 

Nickel-tungsten 1250 4 1000, H2 3.2 17 24 1 

Copper-nickel . 1000 900, H2 1.2 4.2 2.4 

Copper-iron 
(aarbonyl type) 1000 room temperature 38 48 72 | 

Copper-iron 
(whirled type) 1000 

1000 
room temperature 
900 

38 
1.2 

59 

3.^ 

46.5 
3.2 

Nickel-iron 
(reduced from ore) 1000 room temperature 41 ^7 7^ 

Copper-nickel 1000 room temperature 58 41 '57 1 

Copper-iron 
(reduced from ore) 1000 room temperature 38 ^7 6'2 

* Tests were carried out with 
to the one shown in Fig.5. O 
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The sharpest deviation from the laws described above was observed 

in art Investigation of copper specimens with low-melting additions of 

lead, tin, cadmium, bismuth, antimony, and 2lnc; here, an "abnormal" 

dependence of strength on concentration was observed.  In a number of 

cases, an Increase In strength was observed parallel with an Increase 

in prorosity.  This is explained by the appearance of an increased 

number of trapped pores due to the eutectic composition of the liquid 

flow between the grain boundaries when low-melting additives are 

present.  Hence, together with the growth of contacts through diffu- 

sion, which increases the strength, there is an increase in porosity 

due to the gas pressure in the trapped pores; this results in a simul- 

taneous increase in both strength and porosity.  Similar effects were 

discovered in the nickel-aluminum system. 

A peculiar dependence of strength on concentration was found to 

exist in powder mixtures of Mo + SIC, sintered in a vacuum at l800o 

for one hour.  In this system a reaction takes place In the solid 

phase at the indicated temperature, probably resulting in the forma- 

tion of molybdenum sillcide and carbide.  The eutectic of a multi- 

component system encompassing the reaction products and the original 

components is very near this temperature.  When the reaction products 

are formed, a liquid phase seemingly also appears in some elements 

of the structure and spreads along the grain boundaries.  This leads 

to a peak on the curve of the dependence of shrinkage on concentration 

[5] and an analogous peak on the curve of the dependence of strength 

on concentration.  It is probable that the spreading of the eutectic 

at medium concentrations is associated with an increased number of 

stronger bonds between unlike grains cemented together by the reaction 

products in the solid phase and the eutectic. 
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The values of the strength constants In powder metal specimens 

prepared from binary mixtures of metallic powders are given In Table 1. 

This table only contains those systems in which a quadratic depend- 

ence of strength on concentration was observed, i.e., when no liquid 

phase is present at sintering temperatures.  The constants refer to 

strength values extrapolated with respect to zero porosity. 

Conclusions 

1. It has been established that the tensile strength In a short- 

time test (i.e., "transient" strength) decreases according to a linear 

law with an Increase in porosity in porous single and multi-component 

powder metal specimens (provided that the porosity T\  is not very 

great:  TJ < 25^) .  This dependence is only invalid if a liquid phase 

is formed in the specimens during sintering (i.e., if there are low- 

melting eutectlcs present whose temperature is below that of the 

sintering).  The linear dependence of tensile strength on porosity 

is maintained in tests at higher temperatures.  The variation of 

"transient" strength with porosity, according to a linear law in the 

case of low porosity and quadratically in the case of Increased 

porosity, is explained by the weakening effect in cross section pro- 

duced by the pores. 

2. The tensile strength of the solid specimens can be found by 

linear extrapolation with respect to zero porosity, which in the 

single-phase compacts, coincides with the actual strength of the cast 

metals.  The strength values of multl phase powder mixtures, extrapo- 

lated with respect to zero porosity, are a quadratic function of the 

concentration.  This is true of powder mixtures in whose system both 

unlimited and limited solid solutions, as well as intermetalllc phases. 
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are formed.  This result Is Invalid only If a liquid phase appears In 

the specimens at the sintering temperature or below It. 

3.  It was proved experimentally that strength Is a quadratic 

function of concentration In specimens of binary powder mixtures: 

copper-Iron, copper-nickel. Iron-nickel, nickel-tungsten, tungsten- 

chromium, chromium-molybdenum, nickel-titanium, titanium-chromium, 

and also in the ternary system:  iron-copper-nlckel. 
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CERTAIN PROBLEMS RELATIVE TO THE THEORY OF HEAT RESISTANCE 

M. Yu. Bal'shln 

The theory of resistance to elevated temperatures Is one of the 

most Important and, at the the same time, least studied sections of 

the general theory of creep resistance. 

A very Important event In the theory of thermostablllty was the 

recent publication of the work of Academicians A. A. Bochvar, S. G. 

Konobeyevskly, et al., on the study of directional deformation In a _ 

number of metals and alloys, as a result of cyclic heat treatment 

[1,2,3].  The expansion of materials In some directions, accompanied 

by contraction in others, during cyclic heat treatment was established 

and a series of Important laws governing this deformation were brought 

to light by this research.  Unfortunately, the volumetric deformation 

of the specimens during cyclic heat treatment was not dealt with. 

The published data Indicate an increase in volume of the specimens as 

a result of cyclic heat treatment, although it Is difficult to Obtain 

a quantitative Idea of this because of the warping of the specimens 

and their deviation from a regular geometrical shape.  The volumetric 

variation in refractories after cyclic heat treatment was the problem 

which was dealt with most thoroughly..  A great deal of the research 
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done shows that cyclic heat treatment of refractories Is accompanied 

by a considerable volumetric expansion. In a number of cases exceeding 

lOJ^, which leads to cracking and failure of the objects.  The experi- 

ments on refractories were carried out under conditions which prevented 

a chemical reaction with the atmosphere. Besides volumetric expansion, 

cyclic heat treatment also causes a diminished contact surface between 

the grains of the material, resulting In a considerable loss of 

strength.  Table 1 shows the decrease In strength of metals after 

heat-resistance tests at 1000 (quenching In water).  It should be 

pointed out that the reduction of the contact surface and the strength 

Is a much more sensitive characteristic than the Increase in volume 

since a change In density of 1^ corresponds to a 5-15/^ change In 

strength.  According to our data, cyclic heat treatment tests also 

result  In an increase In volume for heat resistance. 

Thus It can be taken as established that cyclic heat treatment 

Is accompanied by deformation, resulting in a greater volume, a 

decrease in contact between the structural.elements of the material, 

and in time, its failure. 

The majority of researchers consider that deformation after 

cyclic heat treatment is caused by internal stresses. However, as is 

known, the sum of the tensile and compressinve internal stresses is 

always equal to zero.  In view of this fact, it should be established 

why a cyclic heat treatment leads. In this case, to an increase In 

volume and a decrease in contact area and strength. 
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TABLE 1 

DECREASE IN BENDING STRENGTH AFTER 

THERMOSTABILITY TESTS [10] 

Material 
Strength loss 

In % Material 
Strength loss 

In ^      j 

Fe - A1205 95.8 Nl - A120 99.14      j 

Fe - MgO 88.1 Nl - MgO 97.1      | 

: Cr - A1205 96.6 Co - A1205 94.0       | 

Cr - MgO 97-8 Co — MgO 95.2 

The principle has been advanced [K, 5, 6], that tensile stresses 

cause very much greater deformation of a solid material than compres- 

slve stresses during heat treatment. This principle Is substantiated 

as follows: 

1. In the process of extension the nonunlformlty In the distri- 

bution of the stresses Increases, causing the extension to take place 

at an accelerating rate; for Instance, If a cross section of the 

material Is weakened by a defect. It will be subject to a greater 

stress than other.-sections and will be deformed more rapidly.  This 

stress differential and the rate of deformation will constantly 

Increase.  Conversely, In the process of contraction, there occurs a 

levellng-out of the stresses and deformation rate.  Thus, If one 

cross section Is weakened and deformed under compression at a higher 

rate, the defect will be eliminated, the cross section will Increase 

up to its mean value, and the stresses and rates will be equalized. 

2. Extension results In a greater number of mobile atoms due 

to an Increase In defects, while contraction leads to a decrease In 

') 
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I their number.  In this connection creep takes place at an accelera,^ 

rate during extension. 

5.  Admixtures and oxide films considerably reduce tensile 

strength, which In this case, is determined by the strength of the 

admixture but do not lower compresslve strength, which Is determined 

by the strength of the basic material. 

Let us consider the experimental confirmation of this principle. 

Mong [7], who investigated the creep rate in a number of refractories, 

has shown that the creep rate under tension is greater by about one 

order than under compression.  The creep rate under both tension and 

compression in metals was only studied for molybdenum alloys, and no 

particular difference in its rate has been detected.  This does not 

disprove Mong's data, however, as the comparison was made under 

different atmospheric conditions-compression in a vacuum and tension 

in air.  Moreover the difference in the creep rate must be consider- 

ably less in thermostable alloys of molybdenum than in the thermally 

unstable refractories, which do not stand up very well to cyclic heat 

treatment.  The distribution of stresses is especially inhomogeneous 

in nonheat-conducting and brittle refractories; hence the difference 

in the effect of tensile and compresslve stresses is particularly 

characteristic of these.  Nevertheless, a certain nonuniformlty in 

the distribution of stresses can be found even in the most plastic 

and heat-conducting metals; therefore, in these metals there must 

have been at least some difference in the tensile and compresslve 

stresses which can occur after a considerable number of heat changes. 

A more indirect argument in favor of this Is the difference 

between the tensile and compresslve strengths, and especially between 

the hardness and true strength at failure point Sk, both at room and 
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at elevated temperatures. This difference Is especially marked In 

brittle materials which are not thermostable.  For instance, silicon 
ab carbide has a ratio of T?— equal to a few tenths of one percent, due 

to which silicon carbide without admixtures is thermally unstable. 

An indirect argument in support of the difference between the 

action of tensile and compressive stresses lies in the different laws 

governing creep under tension and in contact deformation.  In both 

cases the creep can be described by the exponential law: 

^ = K an, (1) 

where -T-TT- IS the creep rate; 

a Is the stress; 

n is the exponent. 

However, In cases of contact deformation, when we determine the hot 

hardness taking place under hydrostatic nonunlforra pressure, the 

exponent n = 2;   in conformity with which there Is a dependence of 

the indentation diagonal jr on time t^: 

y -v (t0 + t)\ 

where tQ corresponds to the time Interval required to obtain creep 

deformation equal to the initial plastic deformation [5]. 

There is also a law of flow proportional to the square of stress 

for the increase in the area of contact between two particles during 

sintering.  For sintering under pressure [5,8], given equal porosity 

the rate is proportional to the square of the pressure, which means 

that here too the law of the proportionality of the creep rate to the 

square of the pressure Is obeyed.  For creep under load n ^ const, 

and only very seldom is it near 2, it is usually greater.  The 

experimental data mentioned earlier on the increase in volume and 
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decrease In strength after cyclic heat treatment also confirm the 

principle which we have advanced.  It is oikewise confirmed by data 

for the Increase in volume when compacts of great density are sintered 

under high pressures.  Figure 1 shows a typical case of the sintering 

of copper compacts of different density. At a density of 865^ there 

is an increase in linear dimensions in the direction of the pressure 

as well as an over-all increase in volume.  It Is generally accepted 

at present that this increase is caused by relaxation of the residual 

stresses remaining after compacting.  But sine the sum of the tensile 

and compresslve residual stresses in compacting Is equal to zero, 

these data confirm the conclusion that the tensile stresses are 

predominant. 

The phenomena of volume Increase and strength decrease under 

cyclic heat treatment could be explained In a different way.  As Is 

known, when the temperature rises there is an Increase In the bal anced 

concentration of vacancies, which may not have time to diminish under 

rapid cooling.  As a result of this process, a further accumulation 

and coagulation of vacancies takes place during subsequent cycles. 

However, It is difficult to conceive of a tremendous accumulation of 

vacancies many times greater than the balanced concentration and their 

massive coagulation, without the action of stress.  The variation in 

the balanced concentration cannot by Itself explain why the increase 

proceeds In one direction and the contraction in another, nor can it 

explain the influence of size on heat resistance and several other 

phenomena.  It is more correct, therefore, to explain the phenomena 

of heat treatment by the principle of the dominant Influence of ten- 

sile stresses.  We should, however, emphasize the fact that creep 

under stress is brought about in the first place by the most mobile 
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atoms at imperfection sites, and that this principle does not by any 

means exclude the decisive influence of vacancies and of other 

defects on the process of deformation in cyclic heat treatment. 

Thus the principle advanced implies the inevitability of the 

failure of the material if the conditions of the cyclic heat treat- 

ment are severe enough and it is sufficiently prolonged.  But at the 

same time it indicates the method of increasing thermostability to 

magnitudes needed in practice. 

As is known, the tensile stress acts most harmfully with an 

evident orientation of particles since In that case it is easier for 

rupture to occur.  As an effective measure to prevent harmful orien- 

tation, we can recommend preliminary granulation of the starting 

powders.  Figure 2 shows how granulation reduces the harmful effect 

of tensile stress during sintering of extruded pieces from copper 

powder with flat particles. 
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Fig.   1.     Changes  in dimensions  of copper 
compact after sintering at 800°:    1)  In 
the direction of compacting;   2)  In a 
direction perpendicular  to this pressure. 
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We see frm Pig. 2, after sintering of extruded pieces from 

nongranulated powder a significant Increase In volume (15.2^) Is 

observed.  Preliminary sintering powder Into granules of 140 and 

100 mesh significantly decreases growth but sintering Into granules 

of 60 mesh absolutely stops growth and Is accompanied by a certain 

shrinkage (3. 2jt) . 

The practice of powder metallurgy also yields the answer to the 

question whether tensile stresses are always harmful.  In such cases 

when external pressure Is applied, the presence of tensile stresses 

can be beneficial by helping to relieve deformation.  For Instance, 

vlbratlonal settling always creates both tensile and compresslve 

stresses In equal quantities. When the powder Is settling under the 

action of Its whole weight and also during compacting, the vibrations 

greatly increase the density.  The hot reduction of sintered powder 

metal materials without a die followed by rolling, which ensures 

lateral expansion, eliminates residual porosity more fully than hot 

compacting in closed molds. 

The presence of small pores, which cause the formation of com- 

presslve stresses In powder metals, has a similar effect to external 

pressure.  For instance, the standard process of sintering powder 

materials under capillary pressure, which reduces the volume of the 

pores, is equivalent to an external pressure on the order of 2-10 

kg/cm . 

It should be pointed out that two conditions are essential for 

the cyclic heat treatment to be effective, namely, the absence of 

directional orientation of the structural elements and sufficient 

fineness of the pores.  The data in Table 5 shows that in the cyclic 

sintering of copper an initial density of 60^ gives better results 

than one of 88^. 
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In the latter case the orientation of the particles has a markedly 

harmful effect. 
TABLE 2 

Influence of Granulation at an 8C$ Relative Density of the 

Extruded Pieces on Sintering During 1 Hour at 800° 

♦ 

Mesh Fraction Volume Change In % 

Starting powders — 200 +15.2 

Granules        — 140 +2.8 

Granules        — 100 +1.1 

Granules        — 60 -5-2 

TABLE 3 

Sintering of Copper Depending on Initial Porosity 

1   Initial 
Density 

Volumetric change, % 

Isotherralc sintering at 800 Cyclic sintering at 800° 

1 hr - 4 hr 4 x 1 hr          1 

60 

1   88 
- 9-6 

+ 2.3 

- 11.9 

+ 1.4 

- 14.2            \ 

+ 4.8            I 

In this connection, porous ceramic and powder metal materials 

are generally more thermostable than less porous ones (Table 4). 

A"comparison of the data on the porosity, modulus, and heat 

resistance gives reason to suppose that the sharp decrease in thermo- 

stability parallel with the comparatively slight decrease in porosity 

is probably caused by much greater directional orientation In con- 

nection with a considerable Increase in the modulus. 
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It is only possible to alimited extent to Increase thermostabil- 

ity by Increasing porosity, since in the process there is a decrease 

in strength and heat resistance.  It is much more advantageous to 

increase thermostability by eliminating the harmful effect of 

orientation. 

TABLE 4 

Brick 
Brand 

Modulus of 
elasticity 
E, kg/mm2 

Porosity 
Number of heat cycles, 8500 - water 

Beginning of 
weight loss 

20^ loss 

B-2 

KP-5 

958 

1290 

1810 

1900 

2810 

4270 

25.0 

25.5 

22.3 

20.6 

18.1 

17.4 

22 

17 

6 

10 

8          ( 

4 

28 

51 

16 

19 

29 

9 

TABLE 5 

Initial granules size In mm 
Number of heat cycles at 1200° 

-quenching In water 

Strons granules Weak granules 

Ungranulated powder up to 0.01 1.0 1.0 

Granules 0.4 11,2 5.0 

Granules 3 8.3 4.25 

30^ Granules 0.4 11.3 4.0 

705^ Granules 3 

«iJ^ 
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The effect of grain size on thermostablllty Is also related to 

what has been described above.  A small grain structure, can, on the 

one hand. Increase thermostablllty dur to greater strength and 

smaller flaws, and on the other, decreases it by facilitating the 

formation of Intergranular fissures. 

Granulated powder is the most favorable structure for the start- 

ing mixture.  Granulation ensures strong materials with fine residual 

porosity and an absence of orientation.  This results in greater 

thermostablllty of material prepared from powders preliminarily sin- 

tered into granules of different strength (Table 5). 

It can be seen (from Table 5) that the thermostablllty of a 

material sintered into stronger granules is greater by one order 

than for ungranulated material.  The thermal stability of a material 

agglomerated into weak granules is also 4 to 5 times greater.  The 

final size of the granules depends on the size of the specimen to be 

made.  For instance, if the linear dimensions of the specimen are 

10 mm and the size of the granules is also 10 mm, manufacturing the 

specimen from the latter is almost equivalent to making it from un- 

granulated powder. 

Thus the methods used in powder metallurgy make it possible to 

considerably Increase the thermal stability of heat resistant 

materials. 

The principle of the dominant influence of tensile stress may be 

applied to explain the behavior of solid materials both under cyclic 

heat treatment and also under any other kind of treatment which sets 

up internal stresses, as for instance, exposure to radiation. 

Conclusions 

1.  The volumetric increase and cracking of specimens during 
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cyclic termal treatment can be explained by a difference In prin- 

ciples In the magnitude and rate of deformation under tensile and 

compresslve stresses. 

2.  The principle of the dominant influence of the tensile 

stresses, explains the dependence of thermal stability on structure 

and porosity, as well as the detrimental Influence of preferred 

orientation. 

J.  The principle of the dominant influence of tensile stresses 

can be used to produce the most thermally stable macrostructures by 

preliminary sintering of powders into granules and other agglomera- 

tions . 
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BRITTLENESS DURING CREEP 
N. Ye. Karskly 

Brittle fracture in metals working under conditions of creep 

limits the service life of a great deal of the machinery used In power 

plants.  For instance, the Increase in the diameter of high pressure 

steam pipes should not exceed 1%,   due to the low plasticity of steel 

in creep.  On the other hand, it Is known that metal which has been 

working for a long time shows high rather than low plasticity during 

subsequent short-time tests.  This applies equally to the ultimate 

stage of failure by creep; at this stage, a considerable distension 

of the grains and failure in the body of the grain is often observed, 

while deformation at the beginning of failure at the boundaries is 

slight.  The opposite effect has also been observed; a metal which 

is brittle during static tests or which has a low Impact strength can 

only be fractured during creep after considerable residual deforma- 

tion — for Instance, the creep rate of cast iron may be greater than 

that of steel.  Similar behavior is characteristic of many cast alloys 

with an iron or nickel base, having a shell of excess phases at the 

grain boundaries and in the interdendrltic space.  Consequently, 

brlttleness at high deformation rates and brittle fracture as a 
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result of prolonged creep are not linked by any one cause, but rather 

are caused In different ways. 

A qualitative coincidence of the behavior of undamaged metal in 

short-time and long-time tests could be expected only if the deforma- 

tion mechanism remained the same in both cases, i.e., if the deforma- 

tion is not by nature an athermlc shear*.  The latter, however, is 

not typical of slow creep at high temperatures and low stresses. 

There are two points of view with regard to brittle fracture 

in metals during creep. 

* Relaxation, which eliminates the hardening due to shear at 
high temperatures, can only facilitate further shear deformation 
but does not change its mechanism.  Crystallographlc shear occurs 
only at terminal values of shearing stress; these values change 
relatively slightly with a rise in temperature and, according to 
data obtained by E. I. Shmld and V. Boas [1], do not become zero 
even up to the melting point of the metal. 

*»> 
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According to the first and most popular view, the metal acquires 

brittleness in the process of creep,as a new property which did not 

have in its original state (prior to creep).  Among the diverse 

causes of embrittlement and weakening of the metal in creep are 

sometimes cited the diffusion processes accompanying creep, such as 

aging.  At present one of the most probable causes is considered to 

be latent imperfections, or the formation and development of cracks, 

in a number of cases even at an early stage of deformation [2,J>].     A 

number of hypotheses have been advanced on the mlcromechanism of the 

genesis of these cracks [h]. 

According to the second point of view, first expressed by 

Jeffries as early as 1919, there exists an equlcoheslve temperature 

at which the strength of the boundaries becomes equal to the strength 

of the grain, while at a higher temperature It declines.  This 

explains the transition  from intragranular to Intergranular failure. 

The concept of the equlcoheslve temperature has been investigated In 

greater detail, and this temperature is no longer considered constant 

but dependent on the stress, the duration of the stress applied to 

the metal, and on the creep rate [5].  According to the second 

point of view in Its original version, brittleness (intergranular 

failure) Is a natural property of a metal and not one acquired during 

creep. 

This elaboration of the concept as well as various hypotheses 

proposed by some Investigators on the different behavior of the grain 

and the boundaries at high and low creep rates narrow the gap 

between the two theories.  The possibility that a unified theory of 

the failure of metal at high temperatures will later be formulated 

on this basis is not excluded. 

O 
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Types of Deformation and Failure During Creep 

ATHERMIC SHEAR 

Deformation can be divided Into athermlc and thermic (dlffuslonal) 

types.  The athermlc types Include shearing and twinning.  The latter 

Is typical of deformation at low temperatures Is apparently not very 

active In creep.  Shear should therefore be considered as a basic 

form of athermlc plasticity at high temperatures. 

It has been established that shear begins when the shearing 

stress reaches a certain (critical) value, which depends comparatively 

little on the temperature and the deformation rate.  Shear is accom- 

panied by greater strength.  In contrast to the critical shearing 

stress, the strength decreases sharply with a rise in temperature. 

This is explained by relaxation In the crystals, i.e., the elimina- 

tion of distortions in the crystal lattice caused by the shear.  In 

the range of temperatures having a great effect on the strengthening, 

the latter increases considerably with an Increase in the deformation 

rate. 

In single crystals or in the separate grains of a polycrystals, 

the dislocations are localized in thin bundles, between which are 

located the crystal bodies which are only elastlcally deformed. 

Dislocation bundles moving in the same direction divide into crystal 

bands, while dislocations which are not parallel to the above break 

up the bands into blocks.  The formation of dislocations is accom- 

panied by the appearance of "deflection" lines, which according to 

N. F. Lashko [6], help the crystal to stay in one piece during 

plastic deformation. 
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The plastic deformation of a polycryatal is very much Impeded 

and Is nonunlform In different grains as a result of Interaction 

between neighboring grains.  The point-bounds between three grains 

show the greatest resistance to plastic deformation in the grain; 

deformation is minimal in their vicinity and tensile stresses are 

therefore especially great and lead to local ruptures [7].  A diagram 

showing how cracks form at the bond contacts of three grains accord- 

ing to Zener, is given in Fig. lb. 

Traces of slip both in single crystals and in polycrystals 

become more pronounced as the temperature rises and the deformation 

rate decreases.  At the same time the number of dislocation bundles 

decreases and the crystal (grain) is sharply divided into large 

single blocks.  This "degeneration" of shear deformation is described 

in detail by Wilms and Wood [8],  Under very small loads, when the 

shearing stress does not reach a critical value, athermic shear does 

not take place even at temperatures near the melting point [1]. 

In accordance with the views of I. A. Oding [9], the speed of 

sustained creep is directly proportional to the'intensity (rate) of 

recovery and is in inverse proportion to the intensity of hardening. 

This conception satisfactorily explains shearing creep.  It can explain 

in particular, the damping of the creep rate at the beginning of the 

process.  It Is sufficient here to keep in mind that the deformation 

in the individual grains of a polycrystal and in different parts of 

a grain is not uniform and Is accompanied by the appearance of peaks 

of stress.  Hence, alongside nonstrengthened or poorly strengthened 

areas, there will also be considerably strengthened sections.  The 

1 
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relaxation of the latter, and consequently* also their recovery, 

progresses at an accelerated rate, which apparently causes a higher 

creep rate immediately after loading.  In the course of time the 

initial peaks of stress and intensive hardening are gradually smoothed 

out, recovery Is slowed down, and the creep rate decreases.  A similar 

point of view has been expressed by L. P. Nikitina [10]. 

Shearing creep, as it is known, is dominant at moderate tempera- 

tures and high degrees of stress and deformation rates.  The grain 

boundaries resist deformation under these pondltions.  Due to the 

Imperfections of the actual crystals in the dislocation bundles, a 

loosening effect takes place as the degree of deformation Increases. 

According to contemporary thinking [4], vacancies accumulate here, 

uniting to form pores; these are the basis of subsequent cracks 

gradually leading to the final failure in the body of the grain. 

Failure is preceded by "necking" and a considerable degree of deforma- 

tion.  A. Salli [5] points out that single metal crystals are subject 

to this type of failure at all temperatures and test rates. 

Viscous Flow of Grain Boundaries 

At high temperatures, low stresses, and low creep rates, when 

* Recovery through relaxation means here relaxation of the 
critical shearing stress in a cold-hardened metal. 
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athermlc shear Is basically supressed thermic (diffuslonal) plasticity 

comes to the fore.  The dlffuslonal deformation rate under a given 

stress Is determined by the thermal mobility of the atoms.  It Is 

well-known that the latter Is greater on the boundaries than Inside 

the grain [11] and that It assumes an appreciable magnitude on the 

boundaries at lower temperatures than In the grain.  This Is explained 

by the presence of a transition layer on the boundaries, in which 

the arrangement of the atoms is an intermediate one as compared to 

that In the neighboring grains.  Moreover in industrial alloys, there 

may be an accumulation of low-melting admixtures, additionally 

stimulating thermal mobility.  Disturbance of the crystallographic 

pattern renders the properties of the boundary more similar to those 

of amorphous bodies, apparently, of the"hard-glass type. 

It follows from the theory of amorphous substances [12] that the 

probability of the group mechanism of the displacement of molecules 

In hard glass Is infinitely small and that diffusion takes place 

only by elementary Jumps without disturbing the arrangement of the 

neighboring molecules.  The viscous flow in amorphous bodies Is 

built up from Jumps of this kind. 

As is known, under the prolonged action of stress plastic 

deformation may occur In substances having great viscosity.  At the 

same time, sudden impact loads prevent the development of a notice- 

able relaxation even in low-viscosity systems, and they react to an 

external force as elastic bodies. 

Ke Tln-Sul [15] points out that the grain boundaries in metal 

behave like a viscous substance, with the viscosity coefficient 

decreasing as the temperature Increases.  This easily explains why 

the boundaries behave as if they Were areas of great resistance to 
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deformation of the metal at a low temperature and higher deformation 

rate, and low resistance at a higher temperature a low deformation 

rate.  On this ground Ke Tln-Sul proposes that a polycrystalllne metal 

should be considered a two-component -system.  One of Its components 

behaves as a viscous component and obeys the equation 

-c*. 

S = aa + ba, 

where S Is the total rate of deformation; 

a^ Is the coefficient. Inversely proportional to the coefficient 
of internal friction; 

]D is the coefficient inversely proportional to the shear modulus. 

The other component is of a purely elastic nature and obeys 

Hook's law.  For a certain limited range of temperatures and stresses 

this model is very near to real conditions.  Ke Tln-Sul showed con- 

vincingly the presence of viscous behavior of the boundaries of metal 

grains by methods of measuring the non-elastic phenomena. 

Displacement on the grain boundaries in aluminum during creep 

was noticed by Pazan> Sherby and Dorn [14-] in the course of raetallo- 

graphlc observations.  It Is characteristic that considerable local 

deformation, concentrated on the boundary, correspond to total defor- 

mation of only 0.07^.  From this it follows the Important conclusion 

that viscous flow of the grain boundaries without appreciable grain 

deformation cannot ensure a highe degree of deformation in creep, 

since the volume of metal on the boundaries is an Infinitely small 

part of the volume of the whole polycrystal.  This is the cause of 

brittle fracture in metals under low stress, at high temperatures, 

and low creep rates, when grain deformation is almost suppressed 

and when viscous flow and failure is centered at the boundaries. 

A similar idea has been expressed by K. Zener [15] and M. Ya. L'vovskly, 
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Thus, viscous flow on the grain boundaries Is not the reserve 

plasticity of  the alloy under conditions of creep.  The sooner It 

begins with respect to grain deformation and the fewer impediments 

it encounters in its development, the sooner failure will start along 

the boundaries, continuing until the metal accumulates even slight 

residual deformation. 
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Pig. 1.  Diagram of crack formation. rä|jpf;]",r" ■' '  Mj 
a) on boundaries with low tangential Kpl-^j -^/.^ ,...,,: h 
stresses; b) at bond contacts of     *' '' " 
three grains (l, II, III). P ?■ "'" 1 n'iSS 

Fig. 2. Fracture sites during creep 
In pearllte steel, a) boundary rup- 
ture (t - 650°, 0-12 kg/mme ek = 
= 125 hours, e = 3.85^, V = 15.% 
steel 15KhIMIFL) (x 100); b) beginning 
of failure on grain boundaries (t — S^O0, 
a - 25 kg/mm2, G     =  1450 hours, e, = 7-5^, 
f  = 19.6%; steelK20KhMPL) (x 20007- 3 
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In the case of absence of deformation In the grain the viscous 

flow of the boundaries Is Inevitably accompanied by failure.  Only 

the displacement of a single grain with respect to another along a 

limited section of a flat boundary Is possible without disrupting 

continuity.  The boundaries In actual polycrystals are Irregular. 

Moreover, In practice there are boundary sections In every grain 

that are not parallel to the direction of force of the maximum tan- 

gential stresses.  Hence, In polycrystals there are always sections 

of the grain boundaries where displacement Is difficult and where 

peaks of normal stresses are observed.  This has been shown dlagra- 

raatlcally by Salll (Pig. la). 

In boundaries perpendicular to the direction of the maximum 

normal stresses, the latter are particularly great.  It Is natural 

to assume that the bond contacts of three grains are the places 

where failure starts and continues until the boundaries prevent the 

formation of displacement.  Prom the moment that the grain becomes 

a zone of impeded deformation, the fracture sites become localized 

on the boundaries perpendicular to the direction of the maximum 

normal stresses.  It is precisely here that boundary rupture cracks 

originate for the most part. 

The extent of viscous displacement of groups of grains is great- 

est In those sections of the polycrystal where the boundaries of 

neighboring grains coincide in direction, at least approximately, 

and are oriented parallel to the maximum tangential stresses.  These 

chain boundaries are points at which viscous shear occurs most 

easily.  They break the metal up into macroblocks.  At the points 

along the chain where separate grains or grain protrusions are 

encountered, peaks of tangential stresses may appear during the 
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creep and deformation may occur in the grain Itself.  Therefore, 

crystallographlc grain orientation also Influences the progress of i' 

boundary deformation. 

In those links of the chain where the tangential stresses are 

low and the normal stresses are high, boundary rupture takes place. 

This case Is shown in Fig. 2a.  Thus, a chain of favorably oriented 

boundaries (and grains) Is at the same time a chain of fracture 

sites.  Mlcrophotographs of the beginning of fracture on the grain 

boundaries are shown In Fig. 2a and 2b.        . 

The cup-like, nearly equlaxlal shape of the sites of fracture 

(Fig.2b) contradicts the Idea of a purely mechanical rupture and 

accords with the notion of the accumulation of vacancies. 

Viscous Flow In Grains 

With an Increase In temperature, a decrease In stress and an 

Increase In the duration of creep, the shear deformation of the grain 

degenerates,the role of diffusive plasticity of the boundaries becomes 

greater, and a decline In plasticity Is observed at the moment of 

fracture.  However, we know of cases of a gradual Increase In plas- 

ticity over a very long period of creep after minimum value of the 

deformation accumulated by the moment of fracture has been passed 

[14].  From our viewpoint, this Is possible only under conditions 

where there Is an Increase In grain deformation, since the displace- 

ment along the boundaries takes place In an Infinitely small volume 

and cannot ensure substantial deformation without disrupting the 

continuity of the metal.  The theory proposed by Ke Tln-Sul, according 

to which the grain Is considered a purely elastic body, discounts 

such a possibility.  By keeping to this theory we Ignore the 
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dlffuslonal mobility of the atoms of the grain as a source of residual 

deformation.  But in actual fact, the higher the temperature and the 

longer the duration of creep, the greater the part played by this 

mobility.  Many facts which will be mentioned below, suggest that 

viscous ("shear-less") flow in the grain is actually possible.  It 

proceeds more slowly than on the boundaries, but it develops in a 

greater volume of metal, and in sum may cause a considerable residual 

deformation. 

. The viscous flow of the grain generally remains unnoticed since 

the service temperatures and comparable test temperatures of metals 

are too low and the test period is limited.  Moreover, it Is often 

difficult to distinguish viscous flow from other forms of crystal 

deformation.  Nevertheless, a number of factors which can be observed 

confirms the reality of this phenomenon In the grain body.  Hanson 

and Wheeler [5] showed that deformation In polycrystals at high 

temperature may proceed without any visible slip.  Observing very 

great elongations of up to 4^ at the initial stage of creep, they 

measured the deformation of the individual crystals at the end of 

this stage and found that the crystals were extended In the direction 

of the stress and were compressed in the direction perpendicular to 

it, to the same extent as for the specimen as a whole.  A comparison 

of all observations made clearly showed that deformation of the indi- 

vidual crystals may take place under conditions of a slow elongation 

without any signs of slip.  Commenting on the results of the Hanson 

and Wheeler tests, Salll pointed out that the high degree of deforma- 

tion observed during the Initial stage of the process, cannot be 

accounted for solely by the displacement of grain boundaries. 

Herring [153, referring to Nabarro* points out that self- 

* Translator's note: '^labarrei1 is a transliteration. 
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diffusion within a polycrystal grain may cause flow In the solid 

body under shearing stresses.  In Nabarro's opinion, the displacement 

caused by dlffuslonal flow, spreads out from the boundaries where 

there Is pressure, to the boundaries where tensile stresses a-ct on 

the grain.  The result of this Is that the polycrystalllne body 

becomes similar to a viscous liquid.  Herring expresses the view that 

the given phenomenon Is the main cause of creep at very high tem- 

peratures and under very low stress, as distinct from creep observed 

tinder normal conditions.  Glch [16] refers to the creep tests carried 

out by Alexander, Kuchlnskl and Dawson with gold wire (diameter 

0.254 mm) at 970°,  These Investigators obtained a linear dependence 

of the deformation rate on stress in the section of steady-state 

creep. 

It was found that at the initial deformation rate, viscous flow 

takes place at a stress of less than 7 kg/mm and that the coefficient 
12 of viscosity amounts to 1.4 • 10  poise.  At stresses greater than 

this, the initial deformation rate again depends linearly on stress 

but Increases faster; in this case, the coefficient of viscosity is 
12 equal to 1.5 • 10  poise,  Glch assumes that viscous flow Is produced 

under low stress by Prenkel's migration of vacancies, while the 

deformation rate under greater stress obeys the law formulated by 

Nabarro, relating the deformation rate to the size of the block in 

the mosaic structure or in another zone of coherence of the lattice. 

Furthermore, Glch refers to the results of the study of creep in gold 

wire (diameter 0.028 mm) at 920-1020°, in which Alexander, Dawson 

and Kling also found a linear dependence of the creep rate on the 

stresses, i.e., viscous flow.  Glch comes to the conclusion that the 

volumetric diffusion of vacancies within blocks of the mosaic 
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structure may cause viscous flow and equates the two processes. 

Ya. B. Prldman [1?] points out that thermal plasticity Is ob- 

served to some degree In all materials. Including brittle intermetalllc 

compounds, given a sufficient increase in temperature.  It is known 

that recrystallization during creep accelerates this plasticity. 

When the process of recrystallization terminates, the creep rate 

declines.  It is characteristic that, according to Salll, failure 

seldom takes place during this process.  Phase transitions [18, 19] 

affect the acceleration of creep in the same was as recrystallization. 

Viscous flow of the grain does not exclude failure on the grain 

boundaries but it does apparently smooth out to some extent the stress 

peaks at the fracture sites. 

It is therefore easy to conclude that with a higher temperature 

and a longer period of creep, we should expect a decline in plasticity 

to be followed by an increase in viscous flow on the grain boundaries 

as a result of viscous flow in the grain Itself.  Structural and 

phase variations are important only so far. as they change the rela- 

tionship between the resistance to deformation of the grain and that 

of its boundaries.  Alloying, heat treatment, the processes of smelting 

and pressure treatment, cold hardening etc., have a similar effect. 

All the factors which increase resistance to deformation in the 

grain as compared to resistance to deformation on the boundaries, 

must increase the Intergranular brlttleness of the metal during 

creep.  This view enables us to understand certain facts which are 

at first sight paradoxical.  For example, accretions of a thermally 

and mechanically strong excess phase on the grain boundaries block 

the boundaries and prevent the displacement of grains relative to 

each other.  An alloy with this kind of structure generally has low 
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plasticity and low Impact strength but does not decline In plasticity 

during prolonged creep (e.g., heat-resisting cast alloys with a i' 

nickel base and cast austenltlc steel with accretions of carbides or 

Intermetallic compounds on the boundaries).  The example cited gives 

us reason to assume that the viscous flow of the boundaries may be 

reduced not only by raising the coefficient of Internal friction 

but also by their "mechanical blocking." 

This point of view underlies our approach to the evaluation of 

a number of phenomena that take place In the metal during creep and 

provides a basis for the solution of certain problems of practical 

Importance.  One of these problems Is the Increase In plasticity 

during creep.  Attempts are often made to retard aging for this 

purpose, but this approach does not seem to us to be always correct. 

It Is obviously more Important to suppress the viscous flow on the 

boundaries, thereby eliminating "premature" Intergranular fracture, 

and to compensate If necessary for the degeneration of athermlc 

shear by moderate viscous flow In the grain. 

In the majority of cases pure metals (and also other polycrys- 

talllne bodies) are not subject to this requirement:  the viscosity 

on the boundaries Is, as a rule, much lower than the viscosity In 

the grains, and It Is very difficult to reverse this ratio.  Hence 
■ 

polycrystals. In contrast to single crystals, must be considered to 

be brittle by nature when there Is slow creep due to the Inevitable 

development of cracks on the grain boundaries.  The task thus Is 

reduced to strengthening the boundaries In every way In relation to 

the grain. 

Similarly, in the alloying of heat-resistant alloys viscous 

flow on the boundaries and In the grains of the metal Is seldom 

taken Into account and the mistake Is often made of obtaining a O 
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grain which is much too hard in relation to the boundaries, which did 

not receive enough attention in this respect.  "Premature" fracture on 

the boundaries makes sin alloy of this kind brittle and precludes the 

possibility of utilizing the heat resistance of its grain. 

Attempts to evaluate the tendency of an alloy to become brittle 

during creep by aging it without stress cannot be Justified either. 

Thermal brittleness and structural stability may be disclosed In this 

way, but not the tendency toward brittleness during creep.  Instead, 

the relationship between the athermic shearing strength and the 

breaking strength of the grain changes in aging without stress, while 

the tendency toward brittle fracture during creep is. In the first 

place, determined by viscous flow on the grain boundaries and the 

formation of fracture sites near the boundaries. 

The nature of these two forms of brittleness is entirely differ- 

ent.  Therefore, especially when using the term "embrittlement" in 

connection with metals in creep, we must decide whether it means the 

effects of aging, detectable by short-time testing or the brittleness 

due to cracking of the metal as a result of viscous flow on the 

boundaries. 

Henceforth, we will take "embrittlement" to mean the transi- 

tion from intragranular to intergranular fracture, and the corre- 

sponding decline In plasticity In long-time strength tests or In 

the long-time use of a metal which has failed as a result of creep. 
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, Certain Laws Governing the Embrlttlement 

of Steel During Prolonged Creep 

The following section gives an analysis of the dependence of 

residual deformation on temperature and time to fracture during 

creep In 12 MKh steel (which was Investigated In detail by the author, 

L. P. Trusov [20] and L. P. Nlkltlna), In EI275 steel, and In certain 

other types. 

In order to represent the test results graphically, we used 

the parametric dependence [22, 25] resulting from the exponential 

law: 

K  = AeRT, 

o 

where S  Is the time to fracture; 

A Is a coefficient; 

Q Is the variation In the activation heat; 

R Is the gas constant; 

T Is the absolute temperature. 

For a -  const, the exponential law gives an equal parameter for 

different temperatures: 

7,i(C+lg9*) = 7,2(C+lgeO- 

o 
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•^ (C + log 0k) = T2 (C + log 0k ). 

The coefficient C was taken to be equal to 20;   I.e., the param- 

eter T (20 + log 0. ) was used. The advantage of the parameter Is 

that It encompasses both factors (temperature and time) on which the 

rupture stress and the deformation rate during creep depend. 

The relative elongatlorf- ecr caused by creep was chosen as the 

characteristic of plasticity: 

ecr = Ek ~ "^O' 

where e  Is the elongation due to creep; 

e.  Is the general elongation at the moment of fracture; 

EQ is the elongation under load. 

Long-Tlme Strength and Embrlttlement 

of Pearlite 12MKh Steel 

The results of long-time strength tests on 12MKh steel are 

summarized in Table 1, and Fig. 5 shows the dependence between the 

initial stress and the temperature-time parameter of fracture 

(20 + log ©j) and the dependence of the creep deformation e  = e = 

= EQ  on this parameter.  It can be seen from the graph that at tem- 

peratures up to 600 inclusive, the dependence of the stress on the 

parameter may be expressed by a general straight line from which 

only the results of tests under greater stress deviate to the left. 

For each test temperature there is a corresponding left-hand branch 

* The relative contraction in this case (extension) gives way 
to the relative elongation, since it often characterizes fundamentally 
the rapidly developing final stage of fracture.  Moreover, the great 
quantity of scale forming at high testing temperatures distorts the 
measurements of the contraction. 
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and the higher the temperature, the lower this branch Is situated. 

Thus, the general straight line exists only on the right of the 

"break." A check showed that the results of  tests with specimens 

which fractured along the grain boundaries without "necking" for 

which the Initial and actual stress at the moment of fracture are 

almost the same, can be satisfactorily plotted on the general straight 

line.  The branches deviating to the left correspond to specimens 

with a neck, which fractured In the grain. 

The results of tests conducted at 650 deviate from the results 

obtained at lower temperatures.  The reason for this is the failure 

of all specimens with great residual deformation. The specimens 

tested under great stress produced a local neck, whereas under low 

stress (5 kg/mm ) and less they produced more uniform contraction 

and elongation.  Considerable uniform contraction without a marked 

local neck is characteristic of fracture in amorphous bodies.  This 

confirms our view of viscous flow in metal at high temperatures. 

In all the tests at 650 the stress greatly increased toward 

the moment of fracture and several times exceeded the initial stress. 

However, the results obtained in tests at 65O0 were distorted because 

of considerable scaling, particularly in specimens tested under low 

stress and subjected to the prollnged action of high temperature. 

Examination of the dependence of creep deformation on the parameter 

(with a decrease of the Initial stress) shows how the creep deforma- 

tion at first Increases with the rise in the parameter and then 

begins to decline sharply. The higher the temperature in long-time 

strength, the greater the parameter at which plasticity begins to 

decline.  This decline occurs at any temperature up to a certain 

minimum value, which we call the physical limit of embrittlement or 
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simply the limit of embrlttlement.  After that, ecr shows a tendency 

to Increase, which can be seen from the results of testing at 5^0 

and 600°. 
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Flg. 3.  Results of long-time strength 
tests on 12]yiKh steel at temperatures 
of (0C):  1) 480; 2) 5l0j 3) 540; 4) 
500; 5) 600; 6) 650; 7) 65O (particu- 
larly even load). 

For each parameter there are several minimum and maximum plas- 

ticities.  The maximum and minimum plasticity Increases with the rise 

In the parameter; the maximum plasticity Increases less Intensively 

with the rise In the parameter. 

t 
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TABLE 1 

Results of Long-Time Strength Tests on 12MKh Steel 

t, 0c a,  kg/mm 0, , hours e0, ^ V *! ecr' ^ V, * Remarks 

480 30 2245 0.9 4.4 5.5 1.5 Series I 
^ 686 1.9 7.4 5-5 2.4 of speci- 
55 856 2-5 7-6 5.1 5-Ü men * 
56 520 4.2 17.4 15.2 55.8 
56 505 ?'7 

4.2 
12.6 8.9 18.3 

50.4 56 576 I6.5 12.1 
58 204 4.2 15.2 11.0 45.1 
58 214 5-5 11.2 7.7 18.6 
58.5 9 18.9 15.2 69-5 
59 44 19.4 14.6 

UA 59 8 5^5 19.7 14.4 
40 5.25 7-75 17.9 10.1 69.2 
40 1.15 5.7' 19.O 15.5 '66.1 

510 18 6466 0.19 1.2 1.01 69.2 
22 1252 0.40 1.7 1.5 11.4 
24 674 0.60 2.6 2.0 7.6 
25 807 0.60 2.5 1.9 5.9 
28 260 1.0 4.5 5.5 7.6 
50 145 1.7 6.6 .4.9 12.0 
52 121 2.1 8.5 6.2 17.5 
54 55-5 2.5 6.6 4.1 11.4 
55 21.5 5.2 15.6 10.4 57.8 
55 50 2.5 8.9 6.4 15.9 
55 41 2.9 11.5 8.4 22.1 
56 4.5 4.6 I8.5 15.9 66.5 

540 15 2295 0.12 2.4 2.28 4.6 
18 696 0.2 1.5 1.5 7.5 
19 588 0.2 2.6 2.4 0.6 
20 520 0.25 2.2 2.0 • 4.2 
22 596 0.5 2.2 1.7 1.5 
24 95 0.5 5-4 2.9 7.1 
24 156 0.4 . 2.2 1.8 7-5 
25 67 0.8 4.6 5.8 11.5 
26 55-5 0.6 5-7 5.1 9-2 
28 40 1.2 4.6 5-4 10.5 
28 54.5 1.5 5-6 4.5 11.6 
50 15.5 1.6 8.2 7.6 20.4 
50 18 1.5 7-8 6.5 15.1 

■ 51 5.5 2.2 16.0 15.8 47.6 
52 0.6 4.5 20.7 16.2 71.8 

600 8 1205 0.06 5.5 5.44 15.6 
10 228 0.06 12.0 11.04 20.8 
12 125 0.07 4.8 4.75 14.6 
15 55 0.07 8.5 8.25 16.2 
14 

l06 
0.10 8.2 8.1 17.0 

16 0.15 5.1 4.97 11.2 
17 8.7 0.2 15.0 12.8 25.2 
19 4.25 0.25 11.2 10.95 24.0 

'   * The specimens of series II differed from those of series I 
by somewhat greater long-time strength and lower plasticity. 
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TABLE 1   (CONT •D) 

u-e a, »«■;>•■• •». 1iC. s. % «»•% •„. % *. % n'"~~ 

13 55 0.07 8.3 8,23 16,2 
14 30 0,10 8,2 8,1 17,0 
16 46 0,13 5.1 4,97 11,2 

(jb 8,7 0,2 13,0 12,8 23,2 
4,25 0,25 11.2 10,95 24,0 

20 2,5 0,36 13,4 13,04 3b,8 
24 0,3 1,58 20,8 18,22 62,4 

«00 10 578 0,06 5,6 5,54 16,9 II cepan 
11 185 0,07 3,5 3,43 15,2 o6paanoB •• 
13 131 0,09 4,0 3,91 19,8 
14 102 0,10 5,3 •      5,2 11,6 
15 59 0,12 3,1 2,98 12,8 
17 26,5 0,19 6,5 6,31 17,1 
18 28 0,15 3,2 3,05 15,3 
18,5 6,5 0,20 9,5 9,30 22,4 
21 3,0 0,35 9,4 9,05 25,8 
22 5,8 0,30 8,4 8,10 14,6 
23 4,9 0,40 9,0 8,60 22,2 

SSO 3 1308 0,02 20,2 20,18 75,8 
4», 845 0,03 37,05 37,02 76,7 
5 27 0,07 54,3 54,23 90,9 
:>•• 309 0,03 34,8 34,77 69,7 
G" 20 0,10 34,0 33,9 84,3 
8 8 0,07 28,3 28,23 92,1 
8»» 3,75 0,24 51,7 51,46 85,4 

10 2,3 0,20 37,6 37,4 91,8 
> 10»* 10,1 0,125 59,2 59,1 90,0 

12" 0,3 1,33. 48,4 48,07 78,5 

** Particularly even loading. 

The physical meaning of these laws Is made clear by examination 

of the three complexlng forms of deformation, viz., athermlc shear, 

viscous flow on the boundaries, and viscous flow In the grain.  The 

straight line showing the Increase In maximum plasticity corresponds 

to an Increase In shear deformation with rise In the parameter (i.e., 

with an Increase In the temperature and testing time).  This variation 

Is the shear plasticity Is entirely regular, since the increase In 

the parameter is equivalent to the progress of recovery and the 

shearing process.  This Increase in plasticity is then arrested by 

Intergranular fracture, due to viscous flow on the boundaries, and Is 

replaced by a decline In plasticity — embrlttlement starts. At high 

parameter values (corresponding to high temperatures, long test 
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periods and low stress), plasticity again starts to Increase owing to 

viscous flow In the grain. 

The straight lines showing the Increase In shear and viscous 

plasticity are determined on a single-value basis by the parameter, 

whereas the straight line relating to erabrittlement is determined on 

a multi-value basis.  Each temperature has Its own straight line for 

embrittlement.  With an Increase in temperature the slope of this 

line decreases. 

The design of embrittlement of metals during creep (Fig. 4) 

represents the principle described.  The straight line (1) basically 

characterizes the increase In shear plasticity when viscous flow is 

almost completely suppressed. The straight line (5) shows primarily 

the Increase in plasticity following viscous flow in the grain, when 

shear is practically suppressed.  The straight line (2) (line of 

embrittlement) depicts the plastic deformation which has accumulated, 

mainly in the grain, by the moment of fracture.  With the higher 

parameter, the role of the utilized athermic shear Eb decreases, and 

the role of viscous flow e  Increases in the over-all creep deforma- 

tion ecr: 

ecr = ea + V 

Complete utilization of the shear would be possible in the 

absence of embrittlement due to intergrasular fracture.  The greatest 

possible elongation would increase constantly with a rise in the 

parameter and would amount to e  = e + e, + E  (or e  = e + e er   «Ei    D    c      cr   3,    c 

to the right of point B, Fig. 4). 

This accords with the fundamental tenets of the theory of equi- 

librium between hardening and fracture during creep [9]•  At the 

same time, it shows the Inconsistency of the objection to this theory 

~) 

:) 
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raised by a mimber of metallurgists [5], who see a lack of conformity 

between the expected Increase In plasticity and the decrease actually 

observed when the length of the process Is increased. We have known 

that an Increase In athermlc plasticity actually takes place together 

whlth the rise In the parameter.  This Increase Is Interrupted by 

Intergranular fracture which Is not directly connected with shear 

deformation In the grain. 

Figure 5 shows the dependence of plasticity (calculated for 

12MKh steel from the parametric graph and flrectly measured by Glen) 

on the time to fracture.  Our curves are qualitatively Identical with 

Glen's curve [14] and to the curves obtained from direct experimental 

findings [24] during long-time strength tests. 

Figure 6 shows the rapid Increase of the limit of embrittlement 

with the rise in temperature and the correspondingly simultaneous 

sharp decline in stress. The first value tends toward infinity, and 

the second toward zero at a temperature near 67O0. We explain this 

by the fact that embrittlement gradually disappears with a consider- 

able increase in temperature because of the highly developed viscous 

flow in the grain. 

The tendency of plasticity toward infinity under very low stress 

Is equivalent to the prevention of fracture until the moment the 

specimen stretches out Into a monatoralc (or monomolecular) filament. 

The deformation of amorphous bodies in effect approximates this 

extreme case under reduced stress. 

The ascending straight line (see Figs. 3 and 4), which we attrib- 

ute to viscous flow in the grain, could not be explained with exhaus- 

tive concluslveness in our experiments because of the shortness of 

the tests. The existence of this straight line, which is common to 
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various temperatures. Is confirmed by the results of the greatly pro- 

longed tests made by Glen. o 
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Fig,   5.     Dependence  of plasticity on time 
to  fracture:     a)  12MKh steel;  b)  15M steel 
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Long-Term Strength and Embrlttlernent of 

Austenltlc EI257 Steel 

The results of long-term strength tests with EI257 steel are 

given In Table 2.  During the process of loading under high Initial 

stresses, EI257 steel undergoes a very great residual elongation EQ 

rising in percentage to several decimals. Under these conditions, 

steel previously cold-hardened is subjected to creep.  The initial 

residual deformation diminishes with the decrease in the prescribed 

stress, i.e., the cold hardening decreases; moreover, the time to 

fracture increases with the decrease in stress, and this helps to 

remove the cold hardening during creep.  Thus, under low stress the 

metal being tested for long-term strength, for all practical purposes 

is not cold-hardened.  This makes it understandable why the dependence 

between plasticity and initial stress, as well as the nature of 

embrlttlement of austenltlc EI257 steel, is more complex than in 

perlite 12MKh steel, in which the role of cold-hardening is small. 

We should point out that when speaking of the strengthening of 

the steel through cold-hardening we must not ignore the processes of 

aging.  If the latter are particularly active during loading or at the 

very beginning of creep, they may produce an additional resistance to 

shear in the grain In the later stages, thus preventing, along with 

the cold-hardening, the accumulation of residual deformation by the 

moment of fracture on the boundaries. 

The parameter dependence of the long-term strength of EI257 steel 

(Pig. 7) indicates a slight break in the straight line:  the slope of 

the left-hand branches differs little from the slope of the right-hand 

straight line (cpmmon to all temperatures). The dependence of the 

elongation ecr = ^ — eo on the  parameter, shown in the same figure, 
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differs from the similar dependence for 12MKh steel (Fig. 3) only In 

cases where there Is cold-hardening. I.e., at temperatures of 580 and 

65er The clearly defined minimum of plasticity at 58O0 revealed by 

the tests and the less clearly marked minimum at 65O0 must not be. 

considered the limit of embrlttlement.  In the given Instance the 

ascending straight lines (for 580 and 65O ) characterize the transition 

from the low plasticity of the cold-hardened metal to a higher plas- 

ticity In the noncold-hardened metal. 
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Fig. 7.  Results of long-term strength tests on EI257 
steel at temperatures of (0C):  1) 58O; 2) 65O; 3) 700; 
4) BOO, 

The embrlttlement of the cold-hardened metal Is characterized by 

an Independent set of straight lines, which are located to the right 

at higher parameter values.  The straight lines for the embrlttlement 

of EI257 steel have approximately the same slope at various tempera- 

tures up to 800°. 

i 

O 
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TABLE 2 

Results of Long-Term Strength Tests on EI257 Steel 

t,   0C 

650 

0,   kg/nun' 

580 

700 

800 

14 
16 
18 
20 
22 
22 
24 
26 
20 
28 
28 
29 
30 
30 
32 
32 
33 

23 
25 
28 
32 
34 
34 
35 
35 
37 
42 
44 
46 
47 

10 
10 
12 
14 
14 
16 
18 
20 
20 
23 
25 
27 

6 
9 

12 
15 

hours 
V^ 

2604 
666 
320,5 
329 
93,7 

130,35 
51,7 
15,8 
22,25 
8,5 
8,15 
7,5 
4,15 

."    2,35 
1,05 
1,7 
1,2 

0,20 
0,30 
0,60 
1,70 
2,70 
2,43 
3,55 
4,05 
4,57 
6,90 
4,89 
5,81 
6,87 
0,33 

10,03 
10,33 

(11,5) 

11H3 2,55 
1375 3,25 
493 5,30 
112 7,40 
72,5 8,40 
45,5 9,45 
41 10,06 
41,5 10,10 
22,75 11,00 

5 17,25 
3,05 (19,6) 
1,15 25,40 
0,65 25,70 

932 0,09 
1003 0,07 
247,5 0,10 
132 0,16 
141,5 0,21 
81,25 0,90 
20,15 1,29 
8,6 1,30 
7,75 1,40 
2,2 3,00 
1,0 4,50 
0,5 6,50 

287 0,03 
20 0,08 
3,8 0,30 
0,5 1,98 

EW    # 

14,90 
18,90 
24,0 
30,30 
18,80 
29,00 
23,10 
22,80 
17,20 
19,40 
30,00 
22,60 
19,70 
30,90 
24,00 
23,60 
26,80 

£or'* 

i4,70 
18,00 
23,40 
28,60 
10,10 
26,57 
19,55 
18,75 
12,63 
12,50 
25,71 
16,79 
12,83 
24,57 
13,37 
13,27 
15,30 

1,80 
6,50 

30,10 
47,00 

7,20 4,65 
7,()0 4,75 
9,70 4,40 

10,60 3,20 
12,20 3,80 
12,50 3,05 
13,50 3,44 
12,60 2,50 
15,70 4,10 
23,50 6,25 
29,6 10,0 
32,50 7,10 
35,00 9,30 

13,80 13,71 
9,50 9,43 

25,90 25,80 
40,00 39,84 
33,80 33,59 
29,10 28,20 
43,00 41,71 
42,10 40,80 
36,40 36,00 
38,00 34,40 
31,50 27,00 
37,30 30,80 

1,77 
6,42 

29,80 
45,02 

*.    % 

22,2 
40,2 
47,7 
35,7 
22,2 
48.1 
34,1 
35,9 
36,5 
18,8 
32,0 
20,3 
30,1 
34,2 
29,1 
34,2 
44,3 

17,1 
11,6 
24,2 
15,2 
17,0 
16,6 
18,6 

18,6 
27,7 
35,1 
40,3 
50,8 

26,0 
16,6 
41,8 
53,6 
54,8 
43,5 
65,0 
56,3 
57,5 
49,7 
47,9 
45,0 

7,5 
20,6 
49,4 
67,5 

Remarks 

graphically 

graphically 
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The character of the embrlttlement of EI257 steel at 800° Justifies 

the view that Its limits amount to a fraction of one percent at oper- 

ating temperatures (58O-65O0) and stresses but may be attained at 

high parameter values corresponding upwards of 100,000 hours in the 

case of the steel casts under consideration. Thus the danger of 

embrlttlement during service Is, In the given Instance, particularly- 

great only In cold-hardened metal.  In our opinion, shear deformation 

causes cold-hardening of the grain and Increases its resistance to 

shear.  At the same time, cold-hardening produces structural Insta- 

bility and stimulates diffusion processes. Including viscous flow on 

the boundaries.  As was mentioned earlier, an Increase In the resist- 

ance of deformation In the grain, compared to the resistance to 

deformation on the boundaries, must cause an Intensification of the 

embrlttlement which Is exactly what happened during cold-hardening. 

Method for Evaluating Embrlttlement 

It follows from the parametric graph (Fig. 5) and from the 

diagram showing the embrlttlement of metals during creep (Pig. 4) 

that to find the limit of embrlttlement It Is essential to determine 

reliably the point of Intersection of the straight line of embrlttle- 

ment (line 2 In Fig. 4) and that of viscous flow In the grain (line 

5 In Fig. 4).  The line of embrlttlement may be found in many cases 

from the results of long-term strength tests on a piece of equipment 

at service temperature, using current methods.  In order to obtain a 

straight line for viscous flow, tests will be needed at a higher 

series of temperatures than Is usual at present.  Hence, a straight 

line for viscous flow In the grain Is, on the whole, unknown. 

The hypothetical plasticity, however, can be determined on the 
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service parameter that corresponds to the given time and temperature. 

For this purpose we must extrapolate the straight line for embrlttle- 

ment relative to a given temperature with respect to the service 

parameter. 

The plasticity e  at the service parameter, determined by the 

method Indicated, may be said to be the arbitrary limit of embrlttle- 

ment.  In cases where the arbitrary limit of embrlttlenient Is suffi- 

ciently high, satisfactory plasticity In the metal may be guaranteed 

during creep fracture (at a given temperature) since the arbitrary 

limit of embrlttlement characterizes the lowest possible plasticity 

up to termination of a prescribed service life of the part or machin- 

ery used in the power plant. The arbitrary limit of embrlttlement 

may be higher than the physical limit only on condition that the 

parameter of the latter is higher than the service parameter. 

It should be pointed out that the data on the measurement of 

creep deformation show a great deal of incoherence.  A great amount 

of testing, therefore, lincluding tests with long periods of time to 

fracture, are necessary to determing the physical and arbitrary limit 

of embrlttlement. 

Conclusions 

1.  Creep in metallic polycrystals is a combination of three 

components of residual deformation; athermic shear in the grain, 

viscous dlffusional flow in the grain boundaries, and viscous (dlffu- 

slonal) flow in the grain. 

Athermic shear is the main component at low temperatures, high 

stresses, and short time to fracture, whereas viscous flow in the 

grain is the main component at high temperatures, low stresses, and 
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long time to fracture.  Viscous flow on the boundaries starts at more 

moderate temperatures than viscous flow in the grain. 

2.  A considerable residual deformation during creep without 

disturbing the micro- and macro-continuity of the metal, may only be 

obtained by grain deformation. I.e., through athermlc shear of viscous 

flow In the grain Itself.  Viscous flow on the boundaries takes place 

In a small volume of the metal and cannot cause appreciable deformation 

of the whole polycrystal. 

5.  Viscous flow on the grain boundaries Is the cause of Inter- 

granular fracture and embrlttlement during creep.  All the factors 

that Increase the grain's resistance to deformation as against the 

resistance to deformation of the boundaries, Intensify embrlttlement. 

4. The special features of embrlttlement during creep In the 

case of pearllte 12iyiKh steel and austenltlc EI257 steel were clarified. 

The embrittling effect of cold-hardening, which strengthens the grain 

and softens the boundaries, was demonstrated. 

5. The notion of "physical limit of embrlttlement" or simply 

"limit of embrlttlement" was proposed, i.e., minimum plasticity as 

the moment of creep rupture at a given temperature Is approached.  It 

has been shown from the example of pearlitlc steel that the limit of 

embrlttlement increases with a rise in temperature. 

6. The notion of an "arbitrary" limit of embrlttlement has been 

proposed; that is the plasticity due to creep at a given temperature, 

obtained by extrapolation of the straight line of embrlttlement with 

respect to the parameter T(C + log 9, ) of the endurance limit.  The 

arbitrary limit of embrlttlement is below the physical limit if the 

parameter of the latter is less than the former, and vice versa. 

■ 

O 
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A THEORY OF THE BINDING ENERGY OF OXIDES OF TRANSITION METALS 

A. N. Men' and A. N. Orlov 

Calculation of the binding energy of multlcomponent oxides con- 

taining Ions of transition metals by strict quantum mechanical methods 

Involves sizable mathematical difficulties.  The use, therefore, of 

quasi-classical methods for the solution of this problem Is of value. 

If the lattice Is a pure Ion lattice, the calculation of the basic 

role of binding energy Is reduced to computation of the Madelung 

constant.  There are no simple methods of evaluating the binding 

energy If partially covalent bonds are Involved.  Specifically, In 

the case of multlcomponent oxides which form during the oxidation of 

complex alloys. It is Impossible to determine how the ions are dis- 

tributed among the various types of Interstices. 

On the basis of quantum chemical considerations, Goodenough and 

Loeb [1] examined the question of the arrangement of various tran- 

sition metal ions in octahedral and tetrahedral interstices of a 

spinel-type lattice.* They proposed qualitative evaluation of the 

variation in the energy of the penetration of transition metal ions 

* For the sake of brevity, henceforth we shall call the octa- 
hedral and tetrahedral Interstices "0- and T-" points. 
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Into the 0- and T- points as a function of the number of d-electrons 

ft,      n,.  The results of their work [1] may be formulated mathematically 

and made more complete by taking entropy Into account.  This enables 

us to obtain an approximate expression for the free energy F of the 

oxide lattice.  The derivation and Investigation of this expression 

for F Is presented In the present work. 

Goodenough and Loeb evaluate the binding energy of the ions In 

the 0- and T- points, U0 and U™ on the basis of a four-point scale 

and limit themselves to examination of the most probable combined 

electron orbits of three types, sp , sp^d , and sp d, having tetra- 

hedral, octahedral and quadratic symmetry, rwspectively.  The quadratic 

orbits contain atoms located in the 0- points (they cause tetrahedral 

distortion of the lattice).  If we designate the binding energy with 

the participation of a quadratic irblt by U0, (then all other condi- 

tions being equal) the sign of the difference U™ — UQ (or U™ — U0) 

will determine which point will be occupied by an ion of type M.* 

If we assume for the sake of simplicity that the four graduations 

of the scale are of equal weight A [1], then the established depen- 

dence of U on n, can be expressed graphically as shown in Fig. 1. 
■ 

This graph may be approximated by the equations (dotted lines): 

£;T = 3(0,16|/I —5((5 —|n-5|)-lj A. 

üo={0,4|n —4|(5-|n —4|) —4} ,4. (1) 

(2) 
A = f/T_t;o= {l+0,4(6|n —5|-5|n —4|-0,2n,! + 4n-14])/l. V    ' 

Henceforth, UQ shall be taken to mean the maximum (UQ, U-). 
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Let us consider an oxide in which the oxygen Ions Torm a frame- 

work with a face-centered cubic structure.  In order to obtain kn 

approximate expression for the free energy of such a lattice let us 

postulate the following for purposes of simplification: 

a) the energy of the framework of oxygen ions does not depend 

on the oxide composition; 

b) the energy of thermal oscillations does not vary with the 

oxide composition either. 

The mutual Interaction between the metal ions is not taken into 

account.  The number of 0- and T- points which may be occupied by the 

metal ions in the given structure is set.* 

Fig. 1.  Dependence of the energy of an 
ion in a tetrahedral (U™) and in an octa- 
hedral (UQ) interstice on the number of 
d-electrons. 

Hence, in the entropy S only the conflguratlonal part depends on 

the oxide composition.  Then 

F = U - TS + F0, (3) 

* We could consider a more general variant of the theory, in 
in which these numbers, and consequently the type of structure, are 
obtained automatically from the condition of a minimum of free energy. 
However, this requires a more accurate knowledge of the forces of 
atomic Interaction and then given in the work [1], on which we are 
basing ourselves here. 
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where F0 Is the amount of free energy that does not depend on the 
composition and arrangement of the Ions at the points; 

U Is the energy of the Interaction of the metal Ions with the 
surrounding oxygen ions, determined by Eq. (1); 

S Is the entropy of configuration. 

In determining the explicit form of the dependence of F on the 

oxide composition and the arrangement of the ions at the points, we 

will for the sake of simplicity only deal with a fairly general and 

not very complex case.  Let us consider a lattice at whose T- and 0- 

polnts there are located metal ions of only two types A and B, of 

which the A Ions may be in two states having the integer valencies 

P.  and P.  while the B ions have a constant valence* P-.  Let us A,.     A^ ü 
designate the number of different ions in 1 cur by n ., in which 1 

Indicates the type of point and J[ the type of ion; nk designates the 

number of oxygen ions which, by agreement, is equal to the number of 

points in the lattice of the oxygen "framework."  Then, 

T     T     O     O 
«A + "A, + "A, + riA, 

T     0 
«B + "B = "B. 

"A, 

PBHU + PA.HA, + PA/IA, = 2nk. 
(4) 

Let us find the equilibrated values of n. from the condition of 

minimum free energy, satisfying the conditions of (4).  Let us des- 

ignate the following equalities: 

"i = «A,; «2 = nAt\    n3 = n",;    nt = nS,'. n» = nf,;    nt = nS; 
(5) 

Pl = P5 = V P2 = P4 = V P5 = P6 = PB' 

* The latter assumption Implies that with a prescribed oxide 
composition the lattice neutrality (the last equation in (4) deter- 
mines the ratio P. /P.  as a single value. 
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then 

U^^n.Ui; (6) 

5 = InW = In —JJ—^—or ^—I—^-^mo Inmo—1) + 

6 

+ mxClnrnx — 1) — Y^'C""' — *)• (7) 

where m0 and m™ are the whole number of 0- and T- points which may be 

occupied by metal ions In the given structure.  The values of m0 and 

nu, corresponding to 32 Ions In certain cubic oxides are given In 

Table 1.  In conformity with the conditions of (4), let us Introduce 

the Lagrange factors X., Xp, X-,   the task Is then reduced to deter- 

mining nine unknown Items from Eq. (4) and from the System (8) below: 

^ = 0(-l,2 6), (8) 

where 

0 = F + )., [nA £ n.J + ).a [nB _ „6 _;„,] + 

6 

+ >■# [n* — 2 "'/''] • 
< i-1 

F = 2 niUi — kT [mo (In mo — 1) + /raT (In mr — 1) — 
• -i 

6 

— ^riiilnnt —I)], 
i-i 

TABLE 1 

(9) 

(10) 

Type of lattice m0 nirji 

NaCl 
Spinel      / 
7 - Fe203 

ZnS 

32 
16                 J 

16 
0 

0 
8 

16/3 
52 

o 
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The solution of the system of equations (4) and (8) leads to 

the following results: 

T _ "^Z'^.-t-"n/'.'i~2',t 
A' (PA.-PAJU-I 

T = 
2">- — "nPn — "AP A, 

*' (PA.-PA,)"-* 

T 
«0 = 

O _    nAPA,+ ''RPB — 2nk 
A~      <PA.-PAJD> 

O   _   2nk — ',BPB~nAPAl 
A' {PA-PA)»* 

n0
B: 

U+e       " J Ll.+ « *T J 

(11) 

where 

■DU = 1 + cxp (*%% (12) 

The substitution of Expression (11) In (10) gives the equation 

for free energy at the prescribed values of U. , n., n-, p^ * ^k ' 

and P-g. 

A number of consequences follow from Expressions (10) and (11). 

The temperature-dependence of the numbers n^, which determine the 

arrangement of the Ions at points of various types, may be presented 

by the following general formula 

„. = 1 i + 7=mf   ' 
(15) 

when A and ß are  constants,   and ß > 0. 

The  curve  ni(T)  Is   shown  schematically In  Fig.   2.     The  point  of 

Inflection is  found from the  condition 

2kT 
th 

2/cT' (14) 

We obtained a particular expression for Eq. (15) in [2](Eq.(10)), 

but the question of the relative magnitude of the energy U, i.e., 

of the sign A, was not solved In a single-value manner.  Within the 
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framework of the theory under consideration this sign xs determined 

by Eq. (2). 

Fig. 2. Temperature dependence of 
the equilibrated number of Ions of 
J_  type In 1^ type Interstices. 

Effect of admixtures on the quantity of equilibrated vacancies. 

Equation (10) makes It possible to evaluate the manner In which 

additions to the oxidized metal affect the equilibrated quantity of 

vacant Interstices In the oxide.  Let us consider this problem In 

the particular case when an oxide of spinel structure Is formed with 

the composition 

A3-c-xBc04- (15) 

The B atoms play the part of the admixture.  For the sake of 

simplicity we shall consider that they enter Into the lattice soley 

In the form of divalent Ions, whereas the A type Ions may be both 

dl- and trl-valent.  In this case the free energy Is a function of 

the concentration of the admixture c_ and the vacancies x.  The 

condition 

öF/öx =0 (16) 

determines the equilibrated number of vacancies x  (c).    Let us 

determine the form of this function. 
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In the notations of the structural formula (15) the equilibrated 

values of the numbers of Ions (11) are equal to 

3(3-e —»)-(-2c-8   o   3(3-c-r) + 2c-8 
ü ,    nAl =  nA,' 

T _8-2<!-2(3-e-x) q  _ 8 — 2e — 2 (3 — c — ») 
SU     ■ "A. (17) 

By substituting (17) In (10) and by differentiating with respect 

to x, we obtain 

1^ = C1+C8 - 3AT In (3 (3 - c - x) + 2c - 8; [^i-+ jL] + 

+ 2*Tln[8-2c-2{3-c_»)l[5LH-JL] = o, (18) 

In which the constants 

do not depend on c_ and x.  Solving Eq. (18) with respect to c,   we 

find 
c=l-3a:o —C3[2(l + x»)]"'., 

(19) 

vtere 
GJ-exp|--w_J 

and It Is taken into account that 

■O-i u,       ' • 

(20) 

(21) 

It can be seen from Expression (19) that In the case under con- 

sideration the equilibrated number of vacancies x decreases with an 

Increase in c_. We may expect that if the composition of x ^ x 

occurs as a result of the actual kinetic characteristics of the for- 

mation of the given oxide, the addition of admixtures will then 

-623- 



affect the number of vacancies In the same way. 

If, however, the B type Ions are also present In the oxide In 

divalent states, the tendency of the number of vacancies to decline as 

£ Increases will appear If the B atoms are less Inclined to form 

trlvalent Ions than the A atoms. 

Since the diffusion rate Is determined to a considerable extent 

by the presence of vacant points In the lattice, we may expect that 

the addition to the oxidized alloy of B atoms, which do not tend to 

form trlvalent Ions, will lead to a decline In the rate of formation 

of an oxide film with a spinel structure. 

A similar Investigation can also be made for other, more complex 

oxides. 

Non-stolchlometrlc combinations.  It follows from Eq. (10) that 

a situation Is possible where the free energy of a crystal of a non- 

stolchlometrlc composition is lower than that of a stolchiometric 

oxide. This can be taken to explain the existence of oxides of vari- 

able composition over a comparatively wide range of concentration. 

Let us Illustrate this, using the simplest example of a single- 

component oxide in which the metal ions may be In divalent states. 

FeO is a representative of this type of system.  We shall consider 

concentrations close to the composition of FeO with the general 

formula Fe^^O (x < i).  At x « 1, the majority of Fe ions will be 

divalent.  Since they each have d-electrons, they prefer 0- points, 

according to Fig. 1, so that from the structures given in Table 1 

the one formed is the NaCl type. When there is deviation from 

stolchiometric composition, there appear 0- points and the number of 

Pe-^ ions is doubled. 

The complete structural formula (calculated per 0 atom) takes the 

form: 
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Fflft^F*®.0. (22) 

where ® Is the vacant octahedral point. 

Since experimental data Indicates that not only divalent but 

apparently also trlvalent Ions do not occupy T- points, we may con- 
T    T aider that in all cases n.  = n.  =0 and, consequently that D,, and 
Al   A2 :L 

D2 » 1, and that D1 and Dg are of the order of 2.  Then the free 

energy per mole of oxide (22), Is, according to (10) equal to: 

0 

^ = _(t_3I)(l-a1)|C^.|-2«(l-«2)|t7$.|-AT{m0(lnm0-l) + 
'■     +mT(lnmT —1) —(1 —3:e)lln(l —3z) —1) —2:i;(ln2x—1) + 

+ ^(1—3i) + 2»x11}> 

a* (25) «t = e   *Tt At = ^T(_t;o.    (i = i,2). 

Let us Investigate the form of the dependence P(x).  For this 

purpose we find 

^ = 31^.1(1-0-21^.1(1-^) +AT {-3 ln(l-3x) + 
+ 21n2:B + 3<x1 —2a,}. (2^) 

-r* OF = o. 4-V,    v,               2x -*W
0

A.\+*K.\   »K,K-'Kh   3"T- 
11 5^ then   (l-3x)-'. 

= e         8*T         e          zitT          e 

(25) 

Since It follows from Formula (25) that x < ^ , then 

d'F 
^-^(r^ + 4)>o1 (26) 

so that the convexity of the curve F(x) Is directed downwards.  It 

Is easy to show that the equation äF/öx has a single radical In the 

Interval 0 < x < ^- , which according to Eq. (26) corresponds to a 

minimum of energy. Let us note that x = 0 cannot be the radical x0 

of the equation öF/öx = 0 when T ^ 0. 
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Whether or not the given phase actually occurs depends on the 

magnitude of the free energy of the neighboring phases, pure Iron and 

magnetite.*  If, In the diagram of F(x), the tangent to the F(x) 

curves of the two neighboring phases lies throughout Its course below 

the F(x) curve of the phase under consideration, the latter will not 

take place.  But If a phase with an almost stolchlometrlc composition 

Is engendered, we may as a rule expect a single-phase zone of finite 

width near this composition.  Tests have shown that the structure of 

a non-stolchlometrlc composition with a NaCl-type lattice actually 

exists In the FeO system;  It encompasses a relatively wide single- 

phase zone, of which the FeO composition Is not a part.  Knowing 

the nature of the dependence n.(T), determined by Eq. (12), It Is 

possible In a number of cases to establish the type of the XQ(T) 

curve.  In particular. In the FeO system under consideration, XQ IS 

determined by Eq. (25), In which U.  has to be replaced by U/  \ 
Al ^nd; 

from Eq. (l), and U.  by the quality U/    \, In which n. Is the 

number of d-electrons In the Ion under reference.  The following 

relationship Is then found: 

-■ ST     e 2*T       e   »  . (27) 
(1 - 3X)'1' 

However, this equation Is not convenient for practical Inves 

tlgatlon and It Is simpler to determine the nature of the XQ(T) 

curve for specific values of n,, using the points In Fig. 1. 

* The theory does not Include the possibility also of other 
phases In this Interval. 
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When x Is small. It Is easy to find XQ  by expanding (1 — 3xP' 

Into a series with accuracy as far as the linear terms.  Then, 

Xo = 9 + 4-r1 • 
(28) 

where 

-»KdJ+K*-..! Koh-K..,-.)!' 
r= e 

The results  of examining Eq.   (28) at  different  values  of U 
rO 

K) 
and U*  1\ are schematically shown In Fig. 3.  Curves (1) and (2) 

^nd  ' 
were obtained by assuming that a^ = a2 = 0, which means that (29) the 

energies of the Ions at the T- points are very great.  Depending on 

the relative magnitude of U*  \ and U/  _i)» we obtain, at T = 0, 

XQ = 0 or x0 = 2/9.  However, if we take Into account the final value 

of the constants a^ and otp, curve (2) will be displaced upwards. 

whereas curve (1) will be displaced upwards If 

and downwards If 
U0\nd) 

V0ind-i) 

fuK) 
^("„-i) 

>y (curve 4), 

v0^) 
V°(nd-i) <1, >1 (curve .5).  Thus, If 

a rise In temperature will contribute to the deviation of the compo- 

sition from Its stolchlometrlc form 

Fig. 5.  Types of temperature 
dependence of the equilibrated 
concentration of a non-stol- 
chlometrlc oxide. 
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P0 ("d)     I 
-jrr; 77|>1.   the  equili- and to the formation of vacancies, but If  i 
D   (n^ — 1) I 

brated number of vacancies Increases with an Increase In T, although 

more slowly than In the case of a^ = ou = 0.  In the case of the oxide 

Fe1_ 0» according to Fig. 1,  |t/?+(C)|=2. |f/?+|  = 5-  Since the four 

graduations on the energy scale In Fig. 1 encompass the range of all 

possible values of U , we must assume that the scale varies more 

rapidly on the U axis than If It were subject to a linear law.  The 

relationship .f0(",<) -,  <r~  is   therefore  satisfied,   and  the x^fT) 
{/O (Bd — 1) ^- 3 Ox ' 

curve must be of type (2) or (5), approximating at high temperatures 

the limit value x0 = 2/15 — 0.15.  This point is not far removed 

from the zone in which the Fe*  0 phase exists; but as regards the 

dependence of x0 on temperature, there are apparently no direct 

experimental data, and even data on the temperature dependence of the 

limits of the homogeneity of the Fe±_-jS
>  phase are contradictory. 

Let us note that the proposed system for calculating the free 

energy could be made more accurate by taking into account the inter- 

action of the metal ions.  To this end, use may be made of the 

methods applied in the theory of metal solid solutions [5].  However, 

there is hardly any point in further elaborating the theory until 

more accurate expressions for the energy of UQ and U™ are obtained 

by direct computation on the basis of quantum mechanics. 

o 

( 
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Conclusions 

1. An approximated analytical formulation of the results of 

quantum mechanical evaluations of the binding energy of Ions of tran- 

sition metals In octahedral and tetrahedral Interstices (0- and T- 

polnts) In oxide lattices with a cubic structure has been advanced. 

2. An approximated expression for the free energy was obtained 

and a form of the temperature-dependence- of the equilibrated number 

of Ions of various types and valencies in the O- and T- points was 

found. 

5.  As an Illustration of the general results obtained, the 

dependence of the equilibrated number of vacancies on the concentra- 

tion of an admixture of another metal was Investigated in a spinel- 

type lattice, and an explanation was supplied for the existence of a 

non-stolchiometrlc oxide of Fe^ 0 composition in a lattice of the 

rock-salt type. 
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ELECTRO-DIFFRACTION STUDY OF PHASE CHANGES 

IN THIN METAL AND OXIDE FILMS 

D. V. Ignatov 

■ 

The study of phase changes In thin films Is of great Importance 

In elucidating the mechanism of the Interaction between the various 

contiguous phases, as a function of temperature and heating time. 

Such phases may be metal with metal, oxide with oxide, or metal with 

oxide and other chemical compounds. 

Interactions of this kind take place during sintering and oxlda- 

tlon and also occur between the base (a metal or other substance) and 

the material applied to It In the form of a thin layer of different 

composition. 

The present paper deals with the results of an electron-diffraction 

study of phase changes relative to temperature and length of heating 

which take place In oxide films on aluminum. In an Iron-aluminum 

system, and In the oxide systems N10 — CrpO., and N10 — AlpO,. 

Thin metallic films (400-500 A thick) obtained by evaporation 

and condensation In a vacuum were used as specimens.  The thickness 

of the films was determined by the gravimetric method.  The thin 

films of Iron and aluminum were obtained either by simultaneous 
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evaporation of the metals or by consecutive evaporation from two 

points.  By regulating the rates of simultaneous evaporation from 

two centers It Is possible to obtain metallic systems In the form of 

films of any desired composition. 

It Is particularly easy to obtain chemical (intermetalllc) 

compounds of metals by this method.  Conversely, as shown by S. A. 

Vekshlnsky [1], when the rates of simultaneous evaporation of different 

metals from the corresponding centers are constant and when the lining 

on which the metallic vapor condenses Is reheated. It Is possible to 

obtain a film whose composition corresponds to the full diagram of 

state. 

Thin films were prepared from the oxides as follows.  First, 

thin films of aluminum and chromium were obtained by evaporation and 

condensation In a vacuum.  Mica foil was used as a base, and the 

metallic films were peeled off by Immersion in distilled water.  The 

pieces of thin film were recovered from the surface of the water on 

small platinum-sheet frames 10 mm long, 5 mm wide, and O.J mm thick. 

The frames had from 2 to 4 perforations, 0.6-0.8 mm in diameter, 

which when they were removed from the surface of the water, were 

covered by the thin aluminum or chromium films. 

The specimens thus obtained were completely oxidized In heating 

in air for 20-30  minutes, at 600  for aluminum and 400  for chromium. 

Next, nickel vapor was allowed to condense on them in a vacuum and as 

a result two-layer films were obtained, consisting of a layer of 

oxide 7-Alp0, or a-CrpO., and a layer of nickel. 

By heating these specimens in air for 30 minutes at a tempera- 

ture of 400° we obtained two-layer films of the oxides NiO and 

7-Alp0_ in the first case, and the oxides N10 and a-CrgO-, in the 

second. 
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The thickness of the nlckel-alimlnum and nickel-chromium metallic 

films was selected In such a way that the oxides produced corresponded 

In quantity to the stolchlometrlc composition of the NIAlpOj. and 

NlCrgO^, The thin films of metal were obtained In a vacuum 

(2 10"    mm Hg)  In the  device shown  In Fig,   1 

The  specimens were next 

heated In air in the  following 

temperature ranges : 

Aluminum -  from 500  to ±300°; 

Iron-Aluminum -  from 100  to 
900° j 

NiG-CrgO,  -  from ^00 to 800°; 

N10-A1203 - from 600 to 1500°. 

Electron diffraction by the 

"passage through" method was used 

as the basic method for determining 

the phase originating in relation 

to the time and temperature of 

heating. 

Figure 2 shows the electron 

diffraction patterns of a thin 

film of aluminum (with spectral 

purity), heated In air at 5OO0 

for 5 hours, and at 400, 450, 

Fig, 1,  Device for obtain- 
ing thin layers of metal in 
a vacuum:  1) protective 
cylinder and specimen 
(linings) holder; 2) evap- 
orator In form of small 
tungsten wire baskets; 3) 
trap for freezing out lub- 
ricant vapors (flooded with 
liquid air or nitrogen; 4) 
outlet to vacuum installa- 
tion; 5) wires supplying 
evaporator with current. 

500, 600, and 700 for 10 minutes 

at each temperature.  It follows from these electron diffraction 

patterns that an oxide modification of Y'-AlpO- already starts to 

form at 5OO0 and exists together with the metal up to 600°.  At 

600°, 7,-AlpO turns into the oxide modification -y-AlpO ; this phase 
i 
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Is stable up to I5OO0.  At I3OO0 It turns Into the oxide modification 

a-AlgO- in 5 hours. 

Thus our results do not confirm the claim made by ü. Kubashevsky 

and B. Hopkins [2] that oxide films on aluminum are amorphous while 

being heated in the temperature range of 300-500°, The amorphous ' 

oxide film which forms at room temperature on polycrystalline alum- 

inum only exists up to 300°. 

Figure 3 shows the electron diffraction patterns of an Iron and 

aluminum film (both metals were evaporated simultaneously from two 

centers), for the same specimen heated in air in the temperature 

range 20 to 900°. The specimen was heated for 10 minutes after 

every 100 . 

Analysis of the electron diffraction pattern 4a showed that the 

film consists of a mixture of Iron and aluminum.  The considerable 

increase in Intensity of the second diffraction ring In this pattern 

Is caused by the exact coincidence of this aluminum ring with the 

first and strongest iron ring. 

-633- 



k • 

■    »'   :  ^ .*: 

jpuli-i -11 Iri- ate in-'-a'-'-L-yVt »1tiT4^#%#^f^<-rt- .(.nilW-ife-ii 

REPROiyCiLE 

Fig. 2. Electron diffraction patterns of 
a thin film of aluminum, heated at the 
temperatures (0C) of: a) 300;  b) 400: 
c) 450; d) 500j e) 600; f) J00;   g) IJOO 
(5 hours). 

) 
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As can be seen from patterns 3b and 3c, the diffraction picture 

of this specimen, heated at 100 and 200°, does not change; I.e., 

the Iron and aluminum mixture continues to exist.  Pattern 5d Includes, 

besides the Iron and aluminum lines, very strong Fe^Oj. lines, whose 

low Intensity Indicates the presence of a small quantity of the Fe,0^ 

phase In the film. 

Heating the specimen at 400° leads to a sharp change In the 

diffraction picture, which Is clearly visible from pattern 3e. 

Analysis of this electron-diffraction pattern showed that the lines 

of reflection correspond mainly to the chemical compound FepAl,-. 

Besides the PtepAl^ lines there are also Fe.,02, but, as in the 

previous case, their intensity is very low.  Further heating up to 

500 and 600° does not change the diffraction pattern. 

An analysis of the electron-diffraction patterns 3g, 3h, J>±  of a 

specimen heated at 700, 800 and 900° showed the presence of the 

following phases:  FCgAl,-, FeAl and 7-Al20 at 700o,PeAl and PeAlgO^ 

at 800°, and FeAlgO^ at 900°. 

Thus the phase FepAl^ gradually decomposed from 700 onwards 

and the phase FeAloOj. formed in its place. 

In connection with these results we should point out that the 

phase FeoAlc is more resistant to oxidation than iron and aluminum 

taken separately.  Films of this thickness oxidize completely in 10 

minutes, at 400 in the case of iron and at 700° in the case of 

aluminum.  A film of FepAl,- however, only oxidizes completely at 

900°.  The protective properties of thin aluminum coatings on steels 

(without the addition of chromium) can apparently be explained by 

the formation of the FepAl,- phase in the surface layer, as well as 

by the subsequent formation during heating of an oxide film consist- 
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ing mainly of FeAlgO^. 

We should point out that In the case of simultaneous evaporation 

of Iron and alumlonm or nickel and aluminum from two closely located 

centers (metal spheres of 1 mm size) and condensation of their vapors 

on cold linings (up to 100°), the products of condensation were always 

metal mixtures.  However, In the case of evaporation of these metals 

on other bases (glass, mica, et al.) heated to 400°, the products of 

condensation were always chemical compounds (Fe-JVl, FegAl,-, N1A1 etc.) • 

these compounds were also obtained on a cold base provided the com- 

pounds themselves were used as the evaporating substance. 

Figs, k  and 5 show the electron-diffraction patterns of specimens 

in the form of two-layer films composed of NiO — CrpO., (Fig. k)  and 

NiO — AlgO, (Fig. 5).  The results of the analysis of these diffrac- 

tion patterns are given in Table 1. 

It follows from Table 1 that in the system NiO — CrgO-, a chemical 

compound with a spinel-type structure begins to form in an appreciable 

quantity at 700° and ceases at 800 .  The specimens were destroyed at 

900° (probably because of recrystalllzation), and it was thus impossible 

to determine the products of decomposition of the spinel NICrpOj. in 

specimens of this type.  We then resorted to heating the sepclmens of 

NiCrpOj. in a vacuum (~ 10" mm Hg).  For this purpose we prepared 

specimens in the shape of cylinders 10 mm long, 5 mm in diameter and 

with a wall thickness of 0.8-1 mm by compacting and sintering fine 

NiCrpOj. powder.  A spiral 4 mm in diameter made of tungsten wire with 

a section of 0.2 mm was used as a heater.  The temperature was meas- 

ured by a platinum and platinum-rhodium thermocouple, the bulb of 

which was placed Inside the cylinder.  In this case as in the previous 

case the temperature was determined with an accuracy of + 10 . 
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The products of decomposition of the spinel NICrpOj. (i.e., the 

products of Its evaporation) were condensed on mica foil (or laminae 

of NaCl). They then peeled off the mica when Immersed In water and 

were recovered on platinum frames In the form of a film. 

An analysis of the electron-diffraction pattern obtained from 

them showed that the products of evaporation contain Nl, N10 and 

a-CrpO, In about the same proportion corresponding to the spinel 

NICrpOj..  This conclusion was made In view of the fact that after the 

films were heated In air at 800° the spinel NlCr20^ reappeared. 

' 
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Fig. 5.  Electron-diffraction 
patterns of an Iron-aluminum 
specimen, heated at the tem- 
peratures (0C) of:  a) 20: 
b) 100; c) 200; d) 500} e) 400; 
f) 500 and 600; g) 700; h) 800; 
1) 900. 
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Flg. 4.  Electron-diffraction 
patterns of a N10 - CrpO, 
specimen heated at the tem- 
peratures (0C): a) 400 (5 
hours); b) 600 (5 hours); 
c) 600 (10 hours); d)600(15 
hours); e) 700 (15 hours); 
f) 800 (15 hours). 

3* 

Fig.   5-     Electron-diffraction 
patterns   of a N10  -  AlpO-, 
specimen heated at the  temper- 
atures   (0C):     a)   600   (5  hours) 
b)  800  (5 hours);   c)  800   (10 
hours);   d)  800   (15 hours); 
e)  900  (10 hours);   f)  100-1200 
(15 hours);   g)  1300   (1 hours); 
h)  1500  (5 hours). 

O 

< 
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TABLE 1 

Change In the Phase Composition Relative 

to Temperature In the Systems NIG - CrpO, and 

N10 - A120  (heating time 15 hours) 

Temperature 
0C 

N10 - Cr203 N10 - A1203 

Phases Phases 

400 
Mixture 

a-Cr203 + N10 
Mixture 

-y-AlgO + N10 

500 same same 

600 primarily the same mixture 
with traces of phase NlCrpOj, 

same 

700 a-Ci-gO, + N10 and an appre- 
ciable-'quantity of phase 
NlCr204 

same 

800 primarily phase NlCr^Oj. and 
traces of the oxides NIG and 
Cr205 

7-Al20 + N10 and an 
appreciable quantity of 
phase NiAl20^ 

900 Specimens were destroyed primarily phase NlAlgO^ 
and traces of the oxides 
NIG and ^-k\20^ 

1000 NlAlgO^ 

1200 NlAlgO^ 

1500 a-AlpO, and traces of 
N1A120^ 

Appreciable evaporation of the above-mentioned specimens was 

observed after two or three hours in a vacuum at 1100 .  When the 

same specimens  were heated in air, appreciable evaporation was 

observed at 1100° after 50 hours and at 1200° after 20 hours.  The 

product of evaporation in this case was the phase a-Cr^-,. 

As it follows from Table 1, the system N10-7-Al203 exists in the 

form of the mixture N10 + 7-Al20^ upon heating In air over the tem- 
perature range 400 to 800°.  The formation of the phase NiAlgO-, in 
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an appreciable quantity Is observed after 15 hours of heating at 800° 

(this phase forms in a small quantity after 5 hours) . The almost 

complete formation of phase NlAlpO^ In the case of thin films (thick- 

ness 800-900 A) terminates after ±3  hours of heating In air at 900°. 

This phase Is stable up to I5OO0, and we did not detect any other 

chemical compounds except the spinel NIAlpOj. over the temperature 

range from 900 to I5OO0. 

After 1 hour of heating at I5OO0 In air the decomposition of the 

said spinel Into NIAloO-, Is to a great extent recrystalllzed, as Is 

visible from the electronic-diffraction pattern (Fig. 5g)- 

Heating for 5 hours at this temperature resulted In almost complete 

decomposition of the spinel NlAloO^., and the diffraction lines In the 

pattern for this specimen corresponded mainly to the phase a-AlpO,, 

which In this case had also highly recrystalllzedj this fact Is 

attributed to the deterioration of the dlffractlonal rings Into 

point-like reflections (see the electron-diffraction pattern In Fig. 

5h).  The N10 phase Is not detected In the pattern for this specimen. 

We may conclude therefore that the spinel NiAl^Oj, decomposes at I3OO0 

through evaporation of the N10 phase.  This conclusion was confirmed 

by heating the NIAlgOj. specimens In a vacuum In the same way as was 

done with specimens of NlCrpOj,. 

After the NlAlpO^. specimens had been heated In vacuum for 20-50 

minutes at 1100 , a change from the blue spinel color to white occurred 

which Is characteristic of sintered specimens of pure aluminum oxide. 

Electron-diffraction analysis of the products of evaporation and 

condensation showed that they consisted of Nl and N10.  In a vacuum 

of 10" ramHp, the N10 phase partially dissociates Into nickel and 

oxygen and the oxygen is then evacuated.  Thus the spinel NlAlpOj. 

< 
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decomposes into NIC and a-AlpO-* at a temperature of IJOO during 

which the N10 evaporates, while the a-AlgO phase Is highly recrystal- 

llzed.  It Is Interesting to note that after 5 hours at I5OO0 -y-AlgO-, 

also turns Into a-AlpO.,, which Is also highly recrystalllzed, as can 

be seen from the electron-diffraction pattern (Fig. 2g). 

Regarding the results obtained from our study of the Interaction 

between oxides relative to temperature and heating time, certain 

conjectlons may be formulated which differ from those put forward by 

K. Hauffe and K. Pschera [5].  These authors Investigated the forma- 

tion of the spinels NlCr20^, ZnCr20^, NlAlgO^, and ZnAlgO^ during the 

Interaction of specimens made from the original oxides in the form 

of sintered tablets and heated in air at 1100 and 1200°.  As a result 

of this study they came to the conclusion that the formation of spinels 

is faclllated to a considerable degree by the evaporation phase of 

the more volatile component (oxide) in the spinel, for example ZnO 

in the systems ZnO - Cr20, and ZnO - AlpO, or a-CrpO-, in the system 

N10 - Cro0-.. 

According to S. Wagner's theory [k],   spinels (for example MgAlpOj. 

In contact with specimens of the oxides MgO and Al^O,) are formed as 
1 p 

a result of diffusion of the bivalent (Mg  ) and also the trivalent 

(Al •5) metal ions.  Proceeding from our experimental data on the 

decomposition of spinels and taking into account the heat of forma- 

tion of the oxides NiO, CrpO_ and AlgO,, we can assume that the spinel 

NICrgOj, is formed by diffusion of the Ni+2 as well as of the Or"*"-5 

Ions. 

In our opinion, the spinel NiAlpO^. forms mainly as a result of 
+2 

diffusion of the nickel ions Ni  .  The evaporation factor could not 

have played any great role In our case since the spinels formed over 
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the temperature range 7OO-9OO .  On the contrary, the evaporation 

rate played a negative part, since the spinels decomposed as a result 

of evaporation of the oxlaes a-CrgO, or N10, 

The data which we obtained on the thermal stability of the spinels 

NlCrpOj. are of great practical Importance since these oxide compounds 

compose the major part of scaling on alloys of the type nlckel- 

chromlum and nlckel-chromlum-alumlnum containing various Inclusions. 

Moreover, the composition nlckel-chromlum-alumlnum is often used for 

coating steel and certain heat resistant molybdenum-base alloys.  The 

oxides a-CrpO and a-AlpO., are themselves very often used as the 

basic components In oxide or enamel coatings. 

The three examples of the use of the electron-diffraction method 

In research which we have considered manifestly show that this method 

can be successfully applied to the study of phase transitions in thin 

free films of complex composition. In surface films on metals and 

alloys and along Interphase boundaries. In the same way as the X-ray 

method Is used to study phase transitions within the body of the 

substances concerned. 
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APPARATUS FOR STUDYING THE KINETICS OP OXIDATION 

IN METALS 

P. M. Arzhanyi and N. N. Vellchenko 

The existing methods for studying the kinetics of oxidation in 

metals and alloys, which are based on short-time heating and weighing 

have great disadvantages and do not provide an accurate picture of the 

process.  In this respect it is more convenient to conduct the study 

by subjecting the specimens to continuous heating and automatically 

recording the results of oxidation while they are still in the 

furnace.  But there is almost no apparatus of this kind in use.  A 

number of designs for balances can be found in scientific literature, 

which fall into two main groups: 

Those with back coupling (continuous resetting of the balance 

to the position of zero equilibrium), and 

Those without back coupling. 

An example of the first type is the solenoid balance; and of 

the second group, a balance which records on photographic paper by 

means of a pen or spark. 

We have constructed an apparatus for studying the kinetics of 

oxidation In metals with automatic recording of weight variations 
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(Pig. 1).  It consists of three major parts":  the heating surface, 

a balance containing a photoelement, and the automatic recording 

Instruments.  The design Is based on an ADV 200 analytical balance 

mounted on a welded metal base. In the lower part of which we Installed 

a ShP-1 type heating furnace.  The left pan of the balance was removed 

and replaced by a platinum hanger with a platinum crucible which 

fitted the combustion space of the firnace.  In order to eliminate 

the influence of the furnace heat on the balance and to reduce 

convection currents, asbestos and testolite shields were placed 

between the platform of the balance and the furnace; the shields 

contained a small aperture through which the platinum hanger passed. 

An STsV photoelement fixed to the upright of the balance was used 

as a feeler to transform the swing of the balance beam Into an 

electic signal. 

A small flag made of aluminum foil was fixed to the pointer 

carrying the balance dial to act as an interrupter of the beam of 

light produced by the source whenever the dial moved.  The photo- 

element was connected to the input of a DC amplifier and was supplied 

with a stabilized voltage from a rectifier-amplifier.  In order to 

keep the light beam stable and to eliminate the possibility of any 

change in the illumination of the photoelement, the light source was 

fed from a low-voltage stabilized rectifier cf the BN-1 type.  An 

EPP-09 recording instrument which registered the current fluctuation 

of the photoelement was connected to the output of the DC amplifier. 

The furnace is equipped with a self-registering heat regulator 

of the KPD-17 type, making it possible to record the temperature in 

the combustion space 

4 
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rj. 7 

i^ Li 
■^Htef 

Fig. 1.  External view of the apparatus used 
to study the kinetics of oxidation In metals. 

Pig. 2.  Oxidation curve of Armco Iron. 

The teats were carried out In the following order.  First, the 

specimen Is suspended from the left-hand side of the arm and the bal- 

ance Is set at equilibrium.  The furnace Is heated and the light 

source, amplifier and recorders are switched on.  When the furnace 

reaches the prescribed temperature, the specimen which Is Inside the 

platinum crucible Is lowered Into the furnace and the balance moves 

out of equilibrium.  If the specimen's weight alters during oxidation, 

the balance beam and the small flag fixed to the pointer swing from 

the zero position, which results In a change In the beam of light. 
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This  causes  a change   In  the  current passing  through the photo- 

element which Is  transmitted to the self-registering potentiometer 

and causes  the  recorder needle to move  to an extent proportional to 

the swing of the  balance  beam.    The direct weight variation within - 

testing  time  Is   thereby recorded on the dial of  the potentiometer 

with the margin  of error not  exceeding 0.2 mg. 

The results  of the research are  Illustrated by a  curve showing 

the oxidation of Armco Iron at a temperature of 700° over a period 

of JO hours   (Fig.   2). 

o 

o 
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THE INFLUENCE OF CHROMIUM ON LONG-TIME STRENGTH 

OF CHROMIUM-MOLYBDENUM STEEL 

0. A. Bannych and I. F. Zudln 

The study of the Influence of chromium concentration on long- 

time strength and creep in heat-resistant steel is of obvious 

practical Interest, since chromium is one of the basic alloying 

components of the  overwhelming majority of heat-resistant types 

of pearlltic steel produced so far. 

A great deal of the numerical data compiled from the results 

of tests made by 17 firms in the USA until 1953 is contained in a 

symposium by W. Simmons and H. Cross*.  The symposium contains data 

on 52 steel compositions. 

Six compositions, differeing in their chromium content but very 

similar in their content of other alloying elements, were selected 

for our analysis of the influence of chromium on long-time strength 

of chromium-molybdenum steel (see page JO). 

The long-time strength values obtained from treatment of the 

*>■ 

* W.   F.   Simmons and H.   C.   Cross.     The Elevated-temperature 
properties  of  chromium-molybdenum steels;   spec.   Tech.   Publ.,   No. 
151,  ASTM,  1953. 
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experimental data In a dual logarithmic system of coordinates 

log a — log T are given in Table i. 

An examination of the relative variation in long-time ulrlrcate 

strength relative zo  time and temperature reveals some interesting 

laws of behavior. 

3j  expressing the values for long-time ultimate strength after 

1000, 10,000, and 100,000 hours in percentages of the strength value 

after 100 hours, we can show the susceptibility of the steel to a 

decline in long-time strength with an Increase in time.  Figures 

showing this decline in relation to time are given in Table 2 as 

percentages of the 100-hour values. 

he less chromium there is in the steel, the greater the relative 

decline in the magnitude of the long-time strength.  This dependence 

is most clearly evident at a temperature of 593° (Fig. i).  At 558° 

ah abnormally small relative decrease In the ultimate strength from 

100 to 1000 hours is observed in the steel from melts Nos. 3 and 4 

(0.97 and 1.24jg cr. respectively).  At 649° the curve for steel 

without any chromium (No. 1) is located somewhat higher than that 

for steel containing 0.97^ Cr (No. 3). 

A clear idea of the nature of the dependence on time of the 

relative variation in the value of long-time strength is given by 

the curves plotted as relative variation in long-time strength against 

chromium content (Fig. 2).  The curves in Fig. 2 show a sharp 

1 
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TABLE 1 

melt 
no. 

test temper- 
ature C 

long-time strength kg/mm 

100 hours  1000 hours  10,000 hours  100,000 
hours 

538 
503 
659 

53S 
593 
6/i9 

538 
593 
G49 

28.0 
11,9 
5,9 

39,6 
16,8 

',1 

33,2 
17,5 
8.4 

16,0 
5,5 
3,ct 

27,3 
9,7 
3,9 

26,6 
11.2 
5,6 

538 21,3 15,0 10,5 1,4 
593 12,2 8,7 6,2 4,5 
649 7,4 4,9 3,2 2,1 

538 16,8 14,1 12,0 10,1 

593 10,5 8,1 6,2 4.7 

G49 6,65 5,0 3,3 2,1 

538   — — — 
593 12,2 9,6 7.5 5.9 
649 7,0 5,0 3,6 2,5 

TABLE 2 

Melting No. 

Time, 
hours 

1 3 1 

5.5.S« 553» 649' ö.»* 593• 6i3' 5*. 593- 649» 

100 100 100 100 100 100 100 100 100 100 
1000 57,2 46,2 59.4 81,3 57,7 55,0 80,3 64,0 66,6 

10000 31,1 29,3 37.3 46,7 32,5 31,0 52,7 42,8 34,5 
100C0D 17,0 18,5 22,2 27,1 18,8 16.9 33,7 28,0 16,7 

TABLE 2   (continued) 
Melt   No. 

4,75 
2,2 
1.3 

9,1 
3.15 
1.2 

11.2 
4.9 
1,4 

Time, 5 6 7 

hours sss» 593' 649- 536' 593* 649* EM' DOS' 649' 

100 100 100 100 100 100 100 100 100 100 
1000 •   70,4 ■71,2 66,2 84,0 77,1 75,2   78,6 71,4 

10000 49,4 50,8 43,2 71,4 59,2 49,6   61,4 51,4 
100000 34,7 36,8 28,4 60,1 44,7 , 31,6 — 48,3 35,6 
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Fig. 1, Relative variation 
In the ultimate long-time 
strength on time (t = 595°). 
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Fig. 2.  Relative variation 
In the long-time strength of 
steel, depending on the chro- 
mium content (t = 595°)• 

J 

rise In the area where the chromium content is 0-2,08^ and a slight 

rise at higher concentrations (up to 7.35^). 

Taking the value of the long-time strength at 558° as 100^ and 

expressing the values of the ultimate long-time strength at 595 and 

649° in percentages of that value, we can determine the susceptibility 

of the long-time strength of steel to variation in temperature 

(Table ?). 

With an increase in the chromium content the temperature varia- 

tion In the Interval under consideration has less effect on the rela- 

tive change in the ultimate strength after 100 and 1000 hours (Fig. 5). 

This dependence is less pronounced for the 10,000 and 100,000 hour 

ranges, which is probably due to the fact that the respective values 

of the ultimate long-time strength, obtained by extrapolation are 

less reliable. 
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Conclusions 

When steel Is treated In order to ensure a stable structure 

(annealing), the slope of the straight line a -  log T or log o - log T 

decreases as the chromium content Increases. 

The existence of a clear time-dependence of the relative varia- 

tion in the value of the ultimate long-time strength Is an advantage 

under conditions where the steel Is working under stresses higher 

than the prescribed maxima.  Consequently, whenever there Is Insta- 

bility In the service stresses the ultimate long-time strength over 

100,000 hours, being equal, steel with a lower chromium content should 

be more reliable In service. 

The sharp temperature-dependence of the relative variation In 

the value of the ultimate long-time strength, observed In steel with 

a low chromium content, is a disadvantage when the service conditions 

of the steel Involve the possibility of temperature variation in time. 

The higher the chromium content in steel, the less effect overheating 

will have on the level of the long-time strength.  The latter factor 

is important when the steel is intended for the manufacture of steam 

superheaters in boiler plants, for example, in which overheating is 

inevitable while in service. 

O 
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INVESTIGATION OF THE RESISTANCE TO PLASTIC 

DEFORMATION IN ALLOYS OF THE NICKEL-IRON SYSTEM 

K. A, Oslpov and Ye. M. Mlroshklna 

The present paper presents the results of a study, by the use of 

hot-hardness tests, of the resistance of a number of alloys of the 

nlckel-lron system to plastic deformation as a function of composi- 

tion, temperature, and duration of loading. 

The alloys, whose chemical composition Is given In Table 1, were 

fused from electrolytic Iron and nickel with repeated remeltlng In 

a vacuum. 

TABLE 1 

Chemical Composition of the Nickel-Iron 
Alloys Studied 

Alloy No.         | Nl wt.# Nl aton$ 

1 51.40 30.56       | 

2 46.45 45.2 

3 55.25 ' 54.44 

1  ^ j        59.79 1       58-61        1 

5 
1        79.18 78.36 
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The hardness of the alloys was determined by the diamond Inden- 

tation method.  The diamond used was In the form of square-based 

pyramid and the angle of the point was I360.  Prior to testing, the 

specimens were annealed In a vacuum for 50 hours at a temperature of 

1200°. The load on the Indenter amounted to 1 kg and the deformation 

time was 1 to 20 minutes.  The tests were carried out at temperatures 

of 850 and 1000°. 

The study established that the variation in the indentation 

diagonal, satisfactorily obeys, in time, the well-known dependence 

Ö 

d = a • tl (1) 

where d is the indentation diagonal; 

t_ is the deformation time; 

ji and h are  parameters depending on the alloy concentration and 

temperature. 

The values of d for various alloys relative to the deformation 

time at 850 and 1000° are shown in Tables 2 and 5. 

TABLE 2 

Values of the Indentation Diagonal at 85O0 

Alloy 
No. 

Nl atom J^ Deformation time (mln) and 
tlon diagonal (mm 

values of the indenta- 

1 2 5 5 10 20 

1 
/ 

50.36 0.277 0.286 0.284 0.2945 0.505 O.5I6 

2 45.20 0.220 0.254 0.241 0.151 0.267 0.286 

3 54.44 0.225 0.240 0.245 0.259 0.277 0.286 

k 58.61 0.215 0.224 0.240 0.245 0.268 0.264 

5 78.56 0,246 0.260 0.256 0.262 0.286 O.5O6 

o 
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TABLE 5 

Values of the Indentation Diagonal at 1000 

[Alloy 
No.  j 

Nl, atom Deformation time (mln) and the values of the Inden] 
tatIon diagonal (mm)                         ; 

1 2 5 5 10 20  | 

1 

2 

5 

j 4 

5 

50.56 

45.20 

54.44 

58,61 

78.56 

0.559 

0.248 

0.244 

0.501 

0.222 

0.552 

0.270 

0.265 

0.299 

0.247 

0.566 

O.276 

0.280 

0.528 

0.252 

0.577 

0.291 

0.299 

0.527 

0.250 

0.459 

0.541 

0.509 

0.556 

0.296 

0.481 

O.57O 

0,424 

O.59I 

.0.581 

TABLE 4 

Values of Parameters a and b and the Plate of 

Deformation (v10 mln) at 850° 

Alloy  j 
No.   1 

Nl, atom a, mm • mln b •105 v10 mln _1 \ 
mm • mln" 

1 1 50.56 0.275 0.04 1.21      | 

1  2 45.20 0.22 0.08 2.12      | 

1 3 54.44 0.22 0.08 2.12 

4 58.61 0.216 0.07 1.78      || 

| 5 78.56 0.24 0.07 I.98      j 

pure 
nickel 

100 0.556 0.04 1.59      j 
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TABLE 5 

Values of the Parameters a and b and the 

Rate of Deformation (v10 mln) at 1000° 

Alloy       Nl atom      a, mm • mln" 
No. Jß 

1 50.56 O.325 

2 45.20 0.245 

3 54.44 O.236 

4 . 58.6I 0.240 

5 78.56 0.216 

b v10 mln 

mm   *  mln 

0.12 4.99 

0.15 4.52 

0.16 5.52 

0.18 6.74 

0.17 5.52 

1 

The data of these tables are represented In Figs . 1 and 2 by a 

graph of the logarithm of time against the logarithm^ of the indenta- 

tion diagonal. 

The values of the coefficients a  and ID  in Eq. (1), calculated 

for temperatures of 850 and 1000° on the basis of the primary 

data given in Tables 2 and 3, are shown in Tables 4 and 5,  which give 

additionally the values of the deformation rate of the alloys, corre- 

sponding to the moment of testing time t = 10 mln. 

Figures 5 and 4 show the dependence of the coefficients a and b 

on the nickel content in the solid solution. 

A comparison of the values of the parameters a and ]D at 85O and 

1000 leads us to the conclusion that a depends but little on tempera- 

ture, whereas' parameter ID increases very sharply with a rise In tem- 

perature :  the increase in the latter from 850 to 1000° produced an 

increase in parameter ID of about one order. 

i    I 
-656- 



It follows from Eq. (1) that the rate of plastic deformation may- 

be expressed by the relationship 

.b-1 v = abt (2) 
/ 

from which It can be seen that the deformation rate is a function of 

the deformation time. • 

The values of the rate, calculated from Eq. (2) and correspond- 

ing to the moment of test time t = 10 mln, given In Tables 4 and 5» 

are shown by the graph In Figs. 5 and 6.  As Is seen from these data 

at 850 those alloys which by their composition are located in the 

central part of the diagram of state have the highest creep rate; at 

a temperature of 1000° these alloys containing 6O-7O atom %  Ni 

apparently have the highest creep rate. 

 4 

\       I     3 

In t, HIU 

Pig, 1.  Variation in the 
logarithm of the indenta- 
tion diagonal as a function 
of the logarithm deformation 
time (t = 8500) for alloys 
with a nickel content (wt Jß), 
1) 51; 2) 46; 5) 55; 4) 60; 
5) 79. 

3 l_ - 
o_ '  /   "   / 

Ln C.MUM 

Fig. 2. Variation In the log- 
arithm of the indentation 
diagonal as a function of the 
logarithm of deformation time 
(t = 1000°) for allovs with a 
nickel content (wt Je). 1) Jl; 
2) 46; 5) 60; 4) 79. 
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SB 

Pig.   3.     Dependence  on concentration of the 
parameters a and b  for  Iron-nickel alloys 
at a  temperature of 8500. 

«1 

«H 

r* 

Hi.am. % 
SO 

hi,amX 
J I' 

Fig.   4.     Dependence of parameters a, (Fig.   4a) 
and ID  (Fig.  4b)  on concentration In Iron-nickel 
alloys at 10000. 
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Pig. 5. Dependence of the 
creep rate on concentration 
at the moment of time t = 10 
mln for Iron-nickel alloys 
at 850°. 

i-4 • -/^ 

0 50 w 
Ni, am % 

Fig. 6.  Dependence of the 
creep rate on concentration 
at the moment of time t = 10 
mln for nlckel-lron alloys 
at 1000°. 

Fig. 7-  Dependence on concentration of 
the activation energy and the coefficient 
of self-diffusion of Iron in Iron-nickel 
solid solutions. 

Figure 7 shows data obtained by A. Ya. Shlnyayev (from his thesis 

195^) on the self-diffusion of Iron in the solid solution of an Iron- 

nlckel system relative to a temperature of 1055 • By comparing 

Figs. 5» 6» and 7, we can conclude that the concentration dependence 

of the activation energy of self-diffusion of Iron in solid solutions 

of Iron-nickel Is essentially different from the dependence on con- 

centration of the rate of plastic deformation in alloys at temperatures 
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of 850 and 1000°.  No close similarity is observed either between 

the dependence on concentration of the deformation rate at a tempera- 

ture of 1000° and the coefficient of self-diffusion of iron at a 

temperature of 1055°.  Our previous statement that diffusion param- 

eters determined for an unstressed state cannot be considered as 

criteria for the heat resistance of solid solutions is apparently- 

confirmed. 

Conclusions 

1. The resistance to plastic deformation of solid solutions of 

the Iron-nickel system was studied by the hot-hardness method at 

temperatures of 850 and 1000°.  It was established that those solid 

solutions which by their composition correspond to the central part 

of the diagram of state have the greatest creep rate at these 

temperatures. 

2. It was further shown that no well-defined conclusion con- 

cerning the heat resistance of alloys can.be made on the basis of the 

parameters of self-diffusion of iron in iron-nickel solid solutions 

obtained for an unstressed state in the absence of plastic deformation 

of the alloy.  We reached a similar conclusion In a study of alloys 

of the nickel-copper and nickel-chromium systems. 

C 
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HEAT RESISTANCE AND HOT-HARDNESS OF ALLOYS OP BINARY 

SYSTEMS OF NICKEL WITH CHROMIUM, MOLYBDENUM, AND TUNGSTEN 

I. I. Kornllov and N. T. Domotenko 

The application of physlcochemlcal analysis, first developed by 

N. S. Kurnakov, to the study of the properties of metal systems at 

high temperatures makes It possible to establish a dependence between 

the measurable properties and the chemical composition of systems In 

equilibrium. I.e., to plot composition-property diagrams. 

The present work deals with the results of study of the Influ- 

ence of chromium, tungsten and molybdenum on the heat resistance of 

nickel. 

Preparation of Alloys and Their Heat Treatment 

The alloys used for the study of heat resistance of nickel 

solid solutions (and also their neighboring zones) were prepared from 

chromium, tungsten, and molybdenum; their compositions are given in 

Table 1. 

The stated compositions were selected in accordance with the 

data of the diagrams of state of the corresponding binary systems. 
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TABLE 1 

Alloying 
Element 

Content, %                                                         \ 

Chromium 20 25 27 50 34 55 56 58 to 42 45 50 

Tungsten 5 10 15 24.6 29.6 55 57-5 40.9 

Molybdenum 5 10 15 20 22.8 25 26 27.829.6 30 55 57 42.2' 

« 

The melting was effected In a high-frequency furnace in "corundiz" 

crucibles under a layer of base slag.  The tests pieces were obtained 

by pumping the melt into heated porcelain tubes, using the method of 

N. I. Stepanov [14]. 

Before testing, the alloys of the nickel-chromium system were 

homogenized in an atmosphere of commercial argon at a temperature of 

1150° for 6 hours and were then slowly Booled, together with the 

furnace.  The nickel-tungsten and nickel-molybdenum alloys were 

subjected to homogenizatlon annealing under the following conditions: 

at 1200° for 120 hours, at 1000° for 100-hours, and subsequent 

quenching in water.  The alloys which were to be tested below the 

temperature of peritectoid reactions were further annealed at the 

test temperature for 200 hours. 

The heat resistance of the alloys was studied in bending by the 

centrifugal method [1].  The time taken by the specimens to reach a 

prescribed flexure reading was made the criterion of heat resistance. 
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Relationship Between Stress and Heat Resistance 

In [2-9] the study of heat resistance In alloys and the plotting 

of a composition — heat-resistance diagram were carried out (for a 

given test temperature) .at.Jtbe_^same Initial stress.  The effect of a 

variation In stress on the heat resistance of the alloys was not 

studied.  The present work, however, deals with using the example of 

nickel-chromium alloys and the effect on the maximum heat resistance 

caused by variation in stress when the test temperature is kept 

constant.  An analysis of the results of the tests, which were carried 

out at a temperature of 800° and at stresses of 10, 12.5, 14.3 and 

15.8 kg/mm , shows the following. 

Those alloys whose composition is in the transition zone from a 

solid solution to heterophase alloys (35-^2^ Cr) are the most heat 

resistant, regardless of the magnitude of the stress. 

As the stress increases, there is a slight shift of the maximum 

heat resistance into the zone of the less supersaturated solid solu- 

tions .  It may be assumed that this shift is caused by a more rapid 

coagulation of the excess phase in the supersaturated solid solutions, 

due to acceleration of the diffusion processes taking place In the 

direction of the stress gradient [12]. 
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Heat Resistance of Nickel-Chromium Alloys 

For the study of the relationship between composition, tempera- 

ture and heat resistance, the alloys were tested at temperatures of 

600, 700, and 750° and under a stress of 15.8 kg/mm , and also at 

temperatures of 800, 900, 1000, and 1100° at stresses of 8, 7.2, 

2.7, and 2.15 kg/mm , respectively. 

0 
NL C 

Fig. 1.  State diagram of the nickel-chromium 
system and polythermlc composition heat- 
resistance diagram. 

On the basis of the tests "Composition heat-resistance" diagrams 

were plotted, making It possible to determine the alloy zones with 

maximum heat-resistance. 

Figure 1 gives a state diagram of the nlckel-chromlum system 

with a superposed polythermlc composition heat-resistance diagram. 

The curve (l) Is for alloy compositions with the maximum heat resist- 

ance at the given test temperature.  The curves (2) and (3) delimit 

the zones of alloys of this systan with a greater heat resistance. 

Prom the results of our investigations and data obtained by 

other workers [3, 15] it can be stated that the maximum heat resist- 

ance is shifted into the zone of homogeneous solid solutions as the 

test temperature increases on alloys of the nickel-chromium system as 

well as in 
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alloys of other systems [4, 6,  8].  At low temperatures (600-700°), 

when the diffusion processes during creep are not very active, those 

alloys in which the second phase was in a finely dispersed state had 

the greatest heat resistance.  At 800-900 , the alloys in the transi- 

tion zone had increased heat resistance, while at 1000-1100° the 

homogeneous solid solutions became most heat resistant.  At still 

higher temperatures the melting point becomes the deciding factor and 

it may happen that a pure metal Is more resistant than alloys based 

on it (as was the case in alloys of the aluminum-magnesium system [6]) 

Heat Resistance of Nickel-Tungsten 
and Nickel-Molybdenum Alloys 

The heat resistance of nickel-molybdenum alloys was studied at 

a temperature of 800° and at stresses of 10, 12.5 and 15.8 kg/mm , 

and also at a temperature of 900 and a stress of 10 kg/mm . 

The nickel-tungsten alloys were studied at temperatures of 700, 

900, and 1000° and under stresses of 10, 8 and 2.7 kg/mm , 

respectively. 

The composition-heat resistance diagrams given in Figs. 2 and 3 

were either plotted according to the time taken by the specimens to 

attain the prescribed flexure reading (3-5)mm or else the time to 

failure. 

The following points ensue from the test results; I.e., an 

increase in the molybdenum and tungsten content in the solid solution 

of nickel results in an increase in the heat resistance of the alloys; 

the maximum heat resistance of the alloys Is interconnected with the 

phase transitions which take place in the system during an increase 

in temperature; at test temperatures below the perltectoid reactions 

the path of the curves in the composition-heat resistance diagram 
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changes at the boundary of the saturation limit of the solid solution 

and for nickel-molybdenum alloys In the zone of the ß-phase (NlwMo). 

It follows from an analysis of the curves given In Fig.2 that 

the alloys containing 22-24^ and 28-30J6 Mo are most heat resistant at 

the temperature of 800°. The tests at stresses of 12.5 and 15.8 

kg/mm also confirmed the high heat resistance of these alloys.  For 

example, the alloy containing 29.8^ Mo showed a flexure reading of 

5.5 mm when tested for 100 hours at a temperature of 800 and a stress 

of I5.8 kg/mm , while the other alloys either failed or showed a 

flexure reading of more than 20 mm.  Moreover, subsequent testing 

for 20 hours under stress of 25 kg/mm  Increased the reading by only 

1 mm. 

In the temperature range of 85O-900 , perltectold reactions take 

place In the nickel-molybdenum alloys with the disappearance of the 

ß- and 7-phases.  The maximum heat resistance which existed at a 

temperature of 800  in the ß-phase zone, also disappears. 

It Is clear from the graphs in Fig. 2 that at a temperature of 

900 the heat resistance of the alloys rises as the molybdenum con- 

tent is increased. 

Figure 3 shows the dependence of heat resistance on composition 

In nickel-tungsten alloys for the isotherms 700, 900, and 1000°.  The 

path of the curves showing the dependence of variation In heat 

resistance of the alloys on composition shows that the time required 

to reach a prescribed flexure reading increases with an Increase In 

tungsten content, attaining a maximum in the zone of the saturation 

limit of the solid solution.  As the quantity of the second phase 

increases, the heat resistance of the alloy decreases.  A dependence 

of a similar kind was obtained in study [7] on the heat resistance 

of alloys of this system at a temperature of 800°. 

< 
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Peritectold reactions take place In the system at 970 , and this 

Is also shown by the nature of the "composltlon-heat-resls tance" 

diagram. 
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It can be seen from Pig. 5 that the heat resistance of the alloys 

Increases at a temperature of 1000 as the tungsten content is 

Increased. 
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Hardness  of Alloys  at  High Temperatures 

The alloys  of the  compositions  given  In Table  2 were prepared 

for the study of hardness   (hot-hardness)  at high temperatures. 

TABLE 2 

i 

Alloying 
Element 

Composition,   % 

Chromium 

Molybdenum 

Tungsten 

20 

5 

3 

25 

15.4 

16.8 

30 

20 

17.7 

33.1 

21.5 

28.8 

35.5 

25.8 

31 

40 

28.8 

33 

43.5 

30 

35. 

47.3 

31 

39.4 

50 

35-5 4( 

41.1 
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Fig. 4.  Influence of 
composition on the hard- 
ness of nickel-molybdenum 
alloys at temperatures (0C) 
1) 700; 2) 800; 3) 900; 
4) 1000; 5) 1100. 
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Fig. 5. Influence of compo- 
sition on the hardness of 
nickel-tungsten alloys at 
temperatures (0C): l) 700; 
2) 800; 3) 900; 4) 1000; 
5) 1100. 

Cast specimens 15 mm in diameter and 5 nim in height underwent 

the following heat treatment: 

nickel-chromium alloys, homogenization annealing at a tempera- 

ture of 1150° for 6 hours; 

< 
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nickel-tungsten and nickel-molybdenum alloys underwent two variants 

of the heat treatment:  1) homogenization annealing in quartz ampoules 

at a temperature of 1150° for 120 hours with subsequent water quench- 

ing; 2) gradual annealing from II50 to 450° for 1600 hours. 

The hardness of the alloys was determined at room temperature 

as well as at 600, 700, 800, 900, 1000, and 1100° on a VIM-lm hard- 

ness tester. 

The results of the tests are given In Figs. 4 and 5 and suggest 

the following: 
1 

an increase in the concentration of the alloying element in the 

solid solution of nickel results in an increase in the hot-hardness 

of the alloys; a considerable increase in hot-hardness is observed 

during the transition from single- to two-phase alloys; 

at a temperature of 1100 an Increase in the alloying element 

does not lead to an Increase in the hot-hardness of the alloys for 

all practical purposes. 

It follows from this that at high temperatures the second phase 

does not play a great part In strengthening the alloy. The strength 

of the alloy at these test temperatures will be characterized by the 

properties of the alloy base — the nickel solid solution. 

^ 
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DEPENDENCE BETWEEN HEAT RESISTANCE AND HOT 

HARDNESS OP ALLOYS 

^ 

The academician A. A. Bochvar, In his study of the dependence 

of heat resistance of aluminum alloys on composition and structure 

[11], recommends the method of lengthy hardness testing at high temp- 

eratures and points to the correspondence found to exist between the 

results of these tests and the results of ordinary creep tests.  I. L. 

Mirkln and D. Ye. Livshits [15], while studying the hardness of metals 

and alloys at high temperatures (up to 850 ), came to the conclusion 

that there is a correlation between hot hardness and long-time strength, 

which is even linear in nature in a certain type of alloy. 

In the present work the dependence between heat resistance and 

hot hardness was studied on the basis of nickel-chromium alloys. 

Combined diagrams on composition, heat resistance and composition, 

and hot hardness for the isotherms 800, 1000, 1100  are reproduced 

in Fig. 6.  Analysis of these data indicates that an increase in the 

concentration of chromium in the nickel solid solution results in an 

increase in both heat resistance and hot hardness. 

A considerable Increase in both properties takes place in the 

transition zone from a solid solution to heterophase alloys and 
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t 
reaches a maximum at a certain concentration of the alloying element. 

A dependence of this kind must exist for all aloys which have Increased 

plasticity at high test tenperatures.  If, however, the alloys are 

brittle at high test temperatures, they may fall at small degrees of 

plastic deformation.  In this case, the normal link between strength 

and hardness breaks down.  Nevertheless, the hot hardness testing 

method may be used for a preliminary evaluation of heat resistance 

in cases where the metals or alloys under Investigation are under- 

going intense oxidation, when long-time strength and creep tests 

using the centrifugal method present considerable difficulties under 

ordinary conditions. 
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Conclusions 

1.  An Increase In concentration of the elements In the solid 

solution of nickel results In an Increase In the heat resistance and 

hot hardness of the alloys. 

2. There Is a direct connec- 

tion between the chemical composi- 

tion of alloys, the nature of the 

phases, and heat resistance In the 

temperature range under study. 

3. The zone In v*ilch alloys 

with highest heat resistance exist 

depends on these phase transitions 

which take place In the system 

during temperature variation. 

4  There are two maxima In 

the composition — heat-resistance 

diagram of the nlckel-molyodenum . 

system; one of them corresponds to 

the zone of saturated nickel solid 

solutions, and the other to the 

ß-phase zone based on the compound 

Nl^Mo. ' 
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5.  The maxima on the curves for hot hardness at the investigated 

temperatures are less clearly marked than In the composition — heat- 

resistance diagrams. 
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THE ROLE OF NITROGEN IN HIGH-TEMPERATURE OXIDATION 

OF CHROMIUM IN AIR 

V. I. Arkharov, V. N. Konev, I. Sh. Trakhtenberg, 
S. V. Shumlla 

The process of oxidation of chromium represents an extensive 

class of phenomena Involved In heterophase reaction diffusion [1]. 

These phenomena are based on the same mechanism but differ from each 

other In a number of details.  In order to evolve a general theory 

of heterophase diffusion, particularly one on high-temperatiire oxida- 

tion of metals, the greatest possible number of specific cases must 

be Investigated In order to obtain detailed experimental data on these 

processes. 

Chromium Is of special Interest because It belongs to a category 

of metals which are comparatively stable under high-temperature chemical 

action and is one of the most important components of chemically stable 

alloys of practical significance. 

During their operational service, parts made of low-alloy chromium 

and of high-chromium steel are affected by air at high temperatures. 

In order to study the mechanism of this effect and the role of the 

composition of the atmosphere in which the parts are used, it Is first 

necessary to study the oxidation of pure chromium in media containing 

nitrogen and oxygen (air). 
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The Investigations made by Mlyake [2], Gulbransen [3, k],  V. I. 

Arkharov [5]* and others, enable one to conclude that «the scale form- 

ing on chromium when oxidized In oxygen as well as In air consists of 

the rhombohedral oxide CraOa.  In some of these papers [2,5*5]* on 

the strength of Indirect evidence, the existence of a 7 - Cr203 phase 

was surmised, but it was not directly detected.  The effect of atmos- 

pheric nitrogen on oxidation has not been accounted for In any 

research with which we are familiar. 

However, in principle, the direct Influence of atmospheric 

nitrogen on chromium at high temperatures is also possible.  It has 

been found [9] that In the nltriding of chromium a nitride Is formed 

which produces In radiographs a diffraction pattern (diatroplc maximum) 

similar to the one which was Interpreted in [5] as an indication of 

the presence of a 7 - Cr203 phase.  With a view to further clarifying 

this mechanism, we investigated chromium oxidation in air and in 

oxygen.  A study was made at different temperatures of the kinetics 

of the process of scaling (from the increase in weight of the specimens), 

the phase composition and texture of the layers of incipient scale, 

and the microstructure of the layers. 

i 

i 
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o 
Method of Experimentation 

Our starting material was electrolytic chromium obtained by pre- 

cipitation from an electrolyte composed of 150 g CrO, and 1.5 g 

HoSÜ!, per liter of water, the conditions of the electrolysis being 

varied to produce two essentially different types of chromium pre- 

cipitate-bright and dull.  As was previously established by one of 

the investigators [6], these two types of precipitate differ with 

respect to the crystallographic character of the texture and the 

degree of its perfection:  in bright precipitates there is a highly 

perfect chromium texture In which plane (ill) Cr Is parallel to the 

outer surface; In "dull" precipitates, the plane (IOO) Cr is parallel 

to the surface, but (and this is important for the evaluation of the 

test results) the degree here of perfection of the texture is very 

low here. 

The chromium was precipitated onto the outer surface of copper 

tubes 8 mm in diameter and 20 mm long.  When a chromium layer of a 

thickness of O.5-O.8 mm had been deposited, the specimens were placed 

in nitric acid to dissolve the copper base; by this means the chromium 

specimens were obtained in the form of hollow cylinders.  Oxidation 

in air was carried out in a vertical electric furnace.  The specimen 

was suspended by Nichrome wire from one of the pans of an analytical 

balance above the furnace.  The increase In the weight of the speci- 

mens was measured without their removal from the hot part of the 

furnace.  The oxidizing in oxygen was carried out in a closed vertical 

quartz tube in a tubular electric furnace.  The specimen was suspended 

In the quartz tube on Nichrome wire in such a way that It was possible 

to move it by means of a cantilever, which could be rotated through 

JL 
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a lateral port in the side of the tube near the top, without dis- 

turbing the atmosphere In the tube.  At the beginning of the test, 

the specimen was located In the upper, cold part of the reaction 

tube; the air was then pumped out of the tube and replaced by dry 

oxygen at a pressure of 160 mm Hg.  The furnace was heated to the 

test temperature and the specimen was then lowered Into the center 

of the furnace. After soaking at this temperature. It was quickly 

raised to the upper, cold part of the furnace, where It cooled, and 

thereafter removed from the quartz tube.  The specimens were weighed 

before and after oxidation with an error factor of + 0.1 mg to dis- 

cover the Increase In weight during the experiment. 

In order to determine the phase composition of the scale, the 

specimens were prepared from remelted chromium In the form of laminae, 

The photographs were taken In cameras of the Ivensen type with K-Cr 

rays, using the flat mlcrosectlon method. 

The textures were photographed in K-Mo radiation and Interpreted 

by the method described in [7]. 

Polished transverse sections of oxidized specimens were prepared 

for the metallographic analysis in the following way: a solution of 

Bakelite In alcohol was poured over the specimen in a special mold, 

and It was then heated to 150-160 and soaked for 2-5 hours; the 

Bakelite was polymerized In the process, thereby consolidating the 

layer of scale, after which the polished section was prepared. 

Results of the Experiments 

Oxldlzlne in oxygen was carried out at temperatures of 700, 800 

and 1000°.  The layer of scale forming on the chromium is a thin 

crust, black or dark gray in color, which is comparatively easy to 

peel off the oxidized specimen; it is very brittle and easy to 
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pulverize(when being pulverized In a mortar, the powder takes on the 

green color that Is characteristic of ordinary chromium oxides). 

In the radiographs of the outer surface of the scale on highly 

oxidized specimens. De bye lines are observed which conform wholly to 

the system of lines for normal chromium oxides (rhombohedral lattice 

with an elementary cell edge a = 5-35 A and a = 55O09). The charac- 

teristic (most Intensive) lines of this phase are also present In 

radiographs of the outer surface of the scale on slightly oxidized 

specimens, along with lines of the chromium metal lying under the 

scale.  No preferred orientation was detected in the outer surface 

of the scale, either at the outset or in the later stages of oxida- 

tion. 

Microscopic investigation confirmed the presence of a single 

phase in the scale (Fig. la).  Figure 2 gives graphs for the depend- 

ence of the weight increase In the specimen (calculated per unit of 

area) on the oxidizing time at temperatures of 700 and 1000°, 

Oxidizing in room atmosphere was also carried out at tempera- 

tures of 700, 880, and 1000 •. The outward appearance of the scale 

is the same as in specimens oxidized in oxygen. 

In the radiographs of slightly .oxidized specimens of bright 

chromium, a diffraction reflection of relatively high Intensity in 

the form of a diatropic maximum density (d = 1.57 A) was obtained in 

addition to the lines of normal (rhombohedral)chromium oxides and 

chromium metal as in [5]•  This additional maximum is not observed 

in radiographs of the outer surface of scale on highly oxidized 

specimens of bright chromium, when the thickness of the scale Is so 

great that no Debye lines are obtained for the chromium Itself.  Nor 

Is this maximum observed In radiographs of slightly or highly oxidized 
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specimens of dull chromium. 

The additional maximum was always present when the surface of a 

specimen of oxidized bright chromium was radiographed after removal 

of the surface layer of scale. 

We can conclude from these observations that the additional dia- 

tropic maximum is produced by the inner layer located between the 

metal and the surface layer of the rhqmbohedral chromium oxide. The 

Debye lines fpr- rhombohedr'äl chromium oxide are continuous and do 

not show any signs of grain-oriented maxima in any of the radiographs, 

."of either'bright or dull' chromium, specimens . '■ 

Lines in full conformity with the corresponding oxide Cr^O    are 

observed In the Debye powder diagrams obtained from the outer surface 

of .oxidized chromium specimens with K-Cr radiation;  In particular. 

It should be pointed but that the Debye lines of CrpO are appreciably 

"displaced" toward small reflection angles with respect to the lines 

in radiographs of CrpO, obtained from chromium oxidized In oxygen. 

This- indicates- an increase .In the parameters of the CrpO, crystal 

lattice .which formed in the chromium when .oxidized in air. 

The# Debye pattern obtained by the same means from the layer 

, remaining- on the metal after removal of the surface layer of scale 

is different from the ' system .of lines for rhombohedral CrpO-, and 

chromium me'tal- (With a body-centered lattice).- In radiographs of 

.the outer.surface of slightly oxidized specimens, lines of both this 

new phase and chromium .metal p^e observed. 

Metallographie Investigation of- the specimens confirmed the 

presence of two phases, or layers, in the scale on chromium oxidized 

In air; i.e., 

a surface layer of  dark color,, consisting of the rhombohedral €) 
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oxide CrgO, according to x-ray data; 

an inner layer similar in color and grain size to the base 

chromium metal, but producing a diffraction pattern different from 

that of chromium. 

The Debye pattern of this layer conforms well to the data for 

hexagonal chromium nitride CrpN [8].  The diatroplc maximum (d = 

= 1.37 A) appearing in the patterns also originate from Cr^N.  Its 

presence in'the grain-oriented patterns of oxidized specimens of 

bright chromium and its absence'in those of dull' precipitates is 

thoroughly in agreement with our 'results for the nitrldlng of chromium 

.[9] in which the process of its origin is examined in detail. I 

The weight increase of the specimens during oxidation In air at 

.temperatures of 700, 880, and 1000- and its dependence on the dura- 

tion of oxidation is shown by the graphs in Fig. 2b. 

The fact.that the parameter of the CrpO, forming on chromium in     . j 

air, is greater-compared to the'parameter of the same phase, forming 

in oxygen' shows that, the nitrogen in the air partially dissolves in 

the chromium oxide'and diffuses through.its lattice into the metal.       . I 

The absence of any sign of-grain orientation in the outer layer 

Of the CrpCL, scale at all test temperatures and during prolonged 

oxidation in both oxygen and air indicates that a diffusion of chro- 

mium . through the''oxide phase CrpO, does not take place to any appre- 

ciable extent.- '-Prom this we can draw the following conclusion: 

. " reaction diffusion in the chromium-oxygen system Is brought 

.about by the diffusion of oxygen atoms through the chromium oxide 

'"layer.-Into the metal-at the boundary of which the growth of the 

Cr20_ layer takes place (the basic front of the reaction is located 

at the boundary Cr/CrpO,).  This oxidation mechanism In chromium was 

previously suggested by one of the authors [j>]j 
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reaction diffusion In the chromlum-alr system takes place 

because of the diffusion of nitrogen and oxygen atoms Into the metal - 

through the newly-formed layers.  Since the diffusion mobility of 

nitrogen atoms Is greater than that of oxygen, the front along which 

the nitrogen reacts with the chromium (having entered the metal) Is 

ahead of the reaction front along which the oxygen and chromium react* 

The reaction between nitrogen and chromium takes place on the 

boundary Cr2N/Cr, and the reaction between oxygen and chromium on 

the boundary CrpN/CrpO-* through the elimination of the chromium from 

the CrpN layer by the oxide. 

During the nitride reaction on the boundary Cr/CrpN , a corre- 

spondence In orientation and size Is established, through which the 

nitride on well-oriented bright chromium Is also oriented, while the 

nitride on the dull chromium with highly Imperfect orientation Is not 

graln-orlented. 

During the reaction Involving the oxide formation on the boundary 

of the metal (during oxidation in oxygen) and also on the chromium 

nitride boundary (during oxidation in air), no correspondence in such 

orientation and size is observed, obviously In view of the power 

conditions for the bonding of crystal lattices. 

It follows from the kinetic curves that the weight Increase In 

the specimens is greater in oxygen than In air (we must take into 

account here the fact that nitrogen is Included In the weight Increase 

of the specimens oxidized in air so that only a part of the total 

weight increase relates to oxygen). The retardation of the oxidation 

of chromium in air is obviously caused by the fact that oxygen 

* The fact that two layers are formed with a phase boundary 
between them is a result of the limited solubility of the chromium 

f*        oxide and nitride. 
**• 
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diffuses with dlfflculy through the Cr20 which contains dissolved 

nitrogen. 

Conclusions 

1. The scale forming on chromium during oxidation In oxygen at 

700-4000° Is composed of the normal oxide a-CrgO.,; no other phase Is 

detected In the scale by x-ray analysis. 

The scale on chromium oxidized in air in the temperature range 

700-1000° has two layers: 

a) an outer layer consisting of the rhombohedral oxide a-CrpO, 

with a parameter greater than the normal valuej 

b) an Inner layer consisting of the hexagonal chromium nitride 

Cr2N. 

2. The greater value of the CrpO, lattice parameter in the scale 

on chromium oxidized in air can be explained by the fact that the 

nitrogen dissolves In the chromium oxide. 

J.  Reaction diffusion in the chromium-air system occurs because 

of the diffusion of nitrogen and oxygen atoms through the newly-formed 

layer into the metal, while the front along which the nitrogen reacts 

with the chromium (on the boundary Cr/Cr2N) is ahead of the front 

along which the oxygen reacts with the chromium (on the boundary 

Cr2N/Cr203). 

4.  The scaling rate on chromium in air is lower than In oxygen 

(160 mm Hg).  The retardation of oxidation of chromium In air is 

obviously caused by the difficulty with which oxygen diffuses through 

CrpO, containing dissolved nitrogen. 

O 

O 
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STUDY OP REACTION DIFFUSION IN A 

CHROMIUM-NITROGEN SYSTEM 

V. I. Arkharov, V. N, Konev and A. Z. Men1shlkov 

The present research was part of a series of Investigations of 

reaction diffusion in binary systems of solid metals and chemically 

active gas [1-10].  The theoretical importance of such research lies 

in the accumulation of experimental data in order to explain the 

physical mechanism of reaction diffusion as a whole.  Its Importance 

in practice lies In the need to study the processes encountered in 

technology including the effect of gases on solid phases, particularly 

gas corrosion and the chemical heat treatment of alloys.  Among other 

things the reaction diffusion in a chromium-nitrogen system is of 

interest in view of the fact that air and other media containing 

nitrogen affect high-chromium alloys undergoing heat treatment and 

also metal parts made from these alloys when used at high temperatures, 

In order to study this effect. It Is first necessary to investigate 

the simpler chromium-nitrogen system.  Reaction diffusion in this 

system Is also Interesting from the viewpoint of developing new 

methods of chemical heat treatment, for example, the method of car- 

bidlzing electrolytic chromium platings [11-12] using nitrogen as a 
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carrier gas. 

This system, among others, has certain distinctive features 

connected with the very small size of the nitrogen atoms compared to 

that of chromium atoms. 

The dpeclal nature of the phases entering into the chromium- 

nitrogen system and the difference In the diffusion mobility of 

chromium and nitrogen in these phases is also related to this fact. 

On the basis of the Investigations made by Valensl .[l?]» Tammann [14],' 

Bllx [15 J» and by V. S. Mozgovoy and- A M..-Samarls .as. well [i6]./ it- 

can be ' cone lüdied'that phases-form -in-the ■chromlum-hitrogen system,*. *.' 

■ Cr0N-and CrNj -thie "latter .is only.stable- ät-temperatures below:'950o • 

.'and at pressures below. 190 mm-Hg".  According to Bllx's. data [i.5J> the . 

•phase Cr2N' (zone of" homogeneity ll.J-ll.^ N) has -the niost-'close- ' •' 

•• pacVed' hexagonal lattice/, -with parameters increasing with the' chromium 

-. content: ■ d' =.,'£.^kf ±2.jiö  A, c-=. 4.459-4.474 A .and the phase CrN has ' ' 

.. a lattice'of "the'NaCl-.type, with'a, parameter a. ='4.-140 A. ■. . 

.'W^ made an- investiga.tlon; ".of the'hltridlng of .chromium'in ah." 

.atmosphere of ammonia gas !:•" We.; Studied-'the rate- of-this .pr'o.ce-s-s at .". 
..- -    ,■'..*"'-•:'• ^-'."•■•"-' :-- "  "     ' ."  •■ ■- • 

' " various temperatures ("from weight" increase of'the •spQ"Qlmp.ns-), • the .' 

#'■ phase.composition and.grain orientation'in.;the layers of the'nascent'•" 

.. •'ni'trldes (by-x-ray analysis), and. the'mlorostructure"'of .the--layers ' 
t  '.    ■     ' • ■ .      »     '■  - •   ■•'..■•■'•...*■".    . >   '. . 

• (metallographlcally).    •■'."     .    .-. •  •  •." ...-    .• *• -. 

Method Employed 

f; 

-:   ' The " chromium, was elec'trcilytlcaily ■precipitated on hoHow^"copper ".' 

cylinders-with an external diameter of 7 mm and a length of '16-17 mm-- 

The tank contained 150 g CrO_ and 1,5 g HgSO^ per liter of water. The , 

conditions of the electrolysis (for the basic series of bright deposits) 
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were:  tank temperature 50 , current density 40 amp/dm , duration of 

precipitation 10-20 hours (during which deposits 0.5-0.8 mm thick were 

obtained).  In some cases the precipitation was carried out at room 

temperature (gray deposits). When the deposition of the chromium was 

complete, the copper base' was dissolved In nitric acid, producing 

' ..■ chromlvun. specimens, ip .the form of .cylinders-with thin walls of the 

* • above'.-mentio.ned dimensions..'.'   '■••' ..\ '"    ..'■•  •  •.'•    ..■•"■ 
..•.•••.•'•'•■••' • i *.•*..•,,' ;■   '■■'   "■..' '- •  '•     •'•;  •',' • ■ ■••      ■ ■. •. - • . •■" . '■ ' 

.••";■■. •    ' .•The' nitridlng was'carried'out according 'tb':the'. method described  " 
','   "*•''f ■"•-•.• . :' .•'   '••. %'. '.•*.     • •    .■''.'■.'"    .•      ■.'   '     '  ■ " ... • 

' •"', '-.oh page'.. _  •■.■;;•■- /.•".'        ".   ,:'        -      -■"'.•■.    .    ""-     .''     ■       . ' ' ■•      •  .    •   ' 

•;   ' "V   • "The "Debye .dlag1*3-"1?- ^or phase "analysis were" obtained by-the method   ■'" . 

..: • '■   j-developed by'Yevin1 sh). of placing the   film asyrametricaily In'K-Cr 
.'"   '••■ •'   •     ■..■..•''»•.■.■      •        ". ..'-."     .-■.'• • ' ■   - .       .  . ' " : .-. .-".rays.   ....... • •     . ....■•• .      ..-■. . . 
..'. ••"'  ■ ." .•'..■     •    ' ,• '.. •    .    '• •".       '      ' "   . •••.••■ •'        ••• '. •.•■ • 

..'.••'..•■•'.' For •'fh'e_.metallograph"lc  study the..chromium was deposited ..on ;steel •■ '  . "' 

• ' ^v*cyllndörs   oh whi-c'h-flat  sections had been previously  filed along the. ' .   •.,' 

•   •■..■'.•generatrix;   after riltriding,  mlcrosec'tlons were  prepared'from ■t.hese  ■• v;  ...• 

;';•■•''..flat" sections "by "oblique cutting.     Small hollow  chromlum.".cylfn<Jer&-'5/t. _!.;■• !• 

-'■'••■(■ihs.ulated f rpm-..the'living)  were also- studied .me tariographi.cäriy;-..;fn  •;.','   :.- 

.•• • .Othis^caiSe,.after nltriding,   a •pollsh^d-sectibn of the -end j>Tä.ne'-\f&&'•■'•.'.''.' ■'. 
• '•*••• .** " • •• .'.•*'. •       •* • ■     • .■•.i'***"* ;*"■■' 
•-                   *            •                                                                      ■■,■•*.                       •                                      •                •.                  .•••••• 

■■ .■;.'.•.*.prepared/.l.e.*, perpendicular -tosthe. axis... '''•■.   .  ■_  : ;•  . ■ '■• .  ''.■ ••'• 

i 

:'. Result s ::of^'^the;.. Exper'lment's 

M;::'V :' :At;..a- ■nitr•idihg•. .temperat.ure':;:of-*6bÖ -A no'.'weight .increase -.wäs^ detected.".-'•.-.• 
: •■"■.•••   '•    ■-. - ..    .. .■.'„,';■•.■■'■. •■"■.v.';~v   •' i. •''•■*■*.■'    ■.■■■•."."   -"' ......    •   .".■• •"': • *;..•"■".     > •. • 

.-.^•.•In-the'-■.specimen",   even--after" prolonged-spaklng.     The weight .increase;   " v-   •■.:• 
•■••..."•      i -   —■.- :.:     ...'•.•■'*=•.•••■•:-. •.:-«^-'••■■«■••% •;.-.       • *   •     .-•    n     •v        •-.• • 

;   : :; ät;'t'emperatljres;',-pf._8oo;K.850r.:9fOO,---;iOO6i;.- ±:10q,'-.ll6q, -arid..12007; is ,".  ;.V
: "•';. 

\--' -.V- shown  in-yi@:-±-'±n th^:-tovm::.öt<^ the -. . 

= •: .■durat'ldn of; riltriding •of/'th^'-'s'ciuare  of- thö weight, increase- (c'alculated 

per "unit  of. area-of the'-specimen's  surface).    As   can be seen from the 

linear nature  of these graphs,   the  diffusion  in  all experiments obeys o 
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I 
a parabolic time law. 

Figure 2 shows the temperature-dependence of the angle of slope 

of the kinetic straight lines reproduced In Fig. 1 (plotted as 

log tana - ^) . 

: •.     '   • • • 

1      ' 0pe*f ojamuinda'/fu/r, voc. • 

Fig'.   1.     Kinetic  curves  of 
riltrMding of chromium- at 
temperatures   (0C)'of:   1)  800; 
•2) §50; v5)  900;   4)-iOOO;.5) 
HCfOj .6)  1160;  7)  1200. 

V 
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Fig.   2.'.Temperature depend- 
ence   of "the angle  of slope of 
the kinetic  curves,   shown in 
Fig.   1. 
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•Fig.   J,.. .Kinetic  curves   of   • 
nitriding  of Cr0N at tempera-- 
.tures   (0C). of:  -^l)- 800;   2)  900; 
5) .iOOOv!..^ "• -.-    -,/■_■ 
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TeMnepamypa, * t 
900 

Fig. 4.  Temperature depend- 
ence of angle of slope of the 
kinetic curves shown In Fig. 5. 

The tangential values of this 

angle express, as we know, the 

diffusion coefficient.  The graph 

In Fig. 2 Is a broken line consist- 

ing of two linear sections; the 

break occurs at IO5O0.  It is 

important to point out that the 

K 

specimens are a dark violet, almost black, color below this temperature 

and a metallic luster above it, almost as In pure electrolytic 

chromium. 

A qualitative x-ray phase analysis showed that there were two 

layers, differing in phase, on the chromium specimens nitrlded at 

temperatures below 1050 , CrN on the surface and CrpN underneath.' The 

Debye patterns of the layers are well in accord with Blix [15] for 

these phases.  There is only one layer of Cr^N on chromium specimens 

nitrlded at temperatures above lOjO . 

Grain-orientation radiographs showed that signs of a well-defined 

orientation of the type 

(110) Cr2N || OS* (1) 

are detectable In the CrgN layer from the very beginning of its forma- 

tion on the specimens of bright chromium after nitridlng. 

After nitridlng at a temperature below IO3O0, a dlatroplc maximum 

appears first.  When nitridlng time is Increased, other lines with 

graln-orlented maxima appear alongside the Increase in intensity of the 

dlatroplc maximum; the position of these maxima calculated by the 

* OS = outer surface 
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method stated In research [1?], accords well with the texture of type 

(l).  The degree of perfection of the texture Is fairly high (the 

angle of scattering Is of the order of 2°). With a further Increase 

In the duration of nltrldlng In the zone below IO3O0, CrN lines appear 

and become stronger, alongside the x-ray pattern of the textured 

phase CrpN.  Above 1030 , the pattern of the phase CrgN with a texture 

of the same type (1) Is alone visible In the texture photographs.  The 

dot-like character of the Debye lines Indicates a grain growth. 

Texture photographs of specimens of gray (low-temperature, un- 

textured) electrolytic chromium nltrlded at 1000 do not show any signs 

of texture In the nitride layers, which Is In sharp contrast with 

similar specimens of bright chromium.  Since the latter, as opposed 

to untextured gray chromium, has a well-defined texture of the type 

(lll)Gr||Hn, (2) 

It may be concluded from a comparison of these results that texture 

(l) In the CrpN layer is the outcome of correspondence In orientation 

and size between the chromium metal with texture (2) and the CrpN 

phase forming on Its surface (by chemical reaction).  In other words, 

texture (1) is the texture which corresponds In its orientation.  It 

originates at the very beginning of the CrpN nitride layer with a 

very high degree of perfection, and is preserved up to the last stages 

of nltrldlng. 

Metallographie investigations confirmed that as a result of 

nltrldlng below IO50 two nitride layers are formed, but above IO5O0 

only one; the latter is similar in color and grain size to the layer 

which forms underneath at temperatures below lOJO . This observation 

is in conformity with the results of x-ray studies. 
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We should mention In particular the metallographlc pattern of a 

cross section of the chromium specimen fully nitrided (until cessation 

of weight increase) at 1200°.  Only two layers are visible in this 

pattern; they are Identical in appearance and are interlocked along a 

clear-cut boundary without any sign of friability or roughness (let 

us recall that the nltrldlng took place from both the outer and Inner 

surfaces of the thln-walled cylindrical specimen).  In addition to the 

described tests, we also studied the nltrldlng chromium nitride CroN, 

which was obtained by transverse nltrldlng of bright chromium at 1100°, 

These specimens were further subjected to nltrldlng at 800, 900, and 

1000 .  As shown by x-ray phase analysis, a second surface layer of 

CrN nitride formed In this case.  Here the weight Increase followed a 

parabolic time law, as can be seen from the graphs in Pig. 5, plotted 

In the same way as in Flg. 1. 

The dependence of the tangent of the angle of slope of the 

straight lines 3 Is shown In Fig. 4 (plotted as log tana — w) .  This 

linear dependence Is disrupted above 1000°, since C and N does not 

form after this point.  If a specimen consisting of CrpN is.nitrided 

at a temperature below lOJO , then, as already mentioned, it gains In 

weight and a layer of CrN grows on Its surface; but If it is further 

exposed to a'temperature above 10^0 In a stream of amonla. It loses 

weight down to Its Initial value when it consisted of Cr^N alone. 

The outward appearance of the specimen changes In accordance with 

these variations.  Its surface in the initial state (CrgN) has a 

metallic luster; after the nltrldlng soaking (IGJO ) it acquires a 

dark violet color (CrN), and after further soaking above lOJO in a 

stream of amonla. It again takes on the metallic luster.  These con- 

clusions were directly confirmed by x-ray phase analysis. 
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t 
Analysis of the Results Obtained 

The absence of graln-orlentation In the Cr2N layer forming on 

untextured (gray) chromium shows that the texture (1) is one of orlen- 

tatlonal correspondences.  It Is preserved for a long time while the 

nltrldlng continues, i.e., as the layer thickens.  This indicates a 

good dimensional congruence between the textures of the initial chro- 

mium (2) and that of the nascent Cr2N layer (1), and consequently, the 

absence of distortions in the abutment of these orientations and of 

stresses in the CrgN layer.* 

*The best correspondence in orientatlonal dimension between the 

lattice of Cr2N and Cr, requiring only slight displacement of the 

chromium atoms in the rearrangement and producing only slight deforma- 

tion in the plane of abutment (and, consequently, also low stresses), 

is obtained If the plane (110) of the Cr2N is situated at a small 

angle (8°) to the plane of the chromium orientation (111); this 

relationship may be written as follows 

(HO)CrsN  11(332)0, ,_» 
[001] CrjN  ||   [110] Or. (5) 

This texture is very close to the texture of type (1) and corre- 

sponds to a theoretically calculated texture pattern in which. Instead 

of the Cr2N diatropic maximum (110) there must be two short maxima 

very close to each other In the equatorial (central) line of the 

texture pattern.  If the texture is Imperfect, which Is fully possible, 

even though it be only slightly so, these two maxima merge into one 

common maximum extended in small peaks on both sides of the central 

line of the texture pattern.  x 

(footnote continued on bottom of next page) 
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If this fact Is contrasted with the absence of growth texture In 

the outer CrN layer and also the absence of porosity and separation In 

the abutment zone of the chromium metal and the Inner nitride layer, 

the conclusion may be reached that reaction diffusion In the chromium- 

nitrogen system Is brought about by the nitrogen atoms diffusing 

through the layers of nitrides Into the metal, at the boundary of which 

the growth of the CroN layer takes place (the basic front of the reaction 

Is on the boundary CrgN/Cr). 

The CrN layer (in nltrldlng below 1050 ) grows on the boundary 

CrN/CroN at the expense of the CrpN layer.  The conditions with respect 

to orientation and dimension for the abutting of the nitride phases 

are obviously unfavorable, and no preferred orientation takes place in 

the CrN layer at any stage of its formation. 

Apparently there is no diffusion of chromium through the nitride 

layers; in any case, it does not play any appreciable part at all in 

the structural pattern of the nltrldlng of chromium; In this respect, 

reaction diffusion in the chromium-nitrogen system is similar to 

diffusion in an iron-nitrogen system [9]• 

The variation in the Increase of the diffusion rate relative to 

temperature, beginning at 10^0 , is linked up with the fact that below 

this temperature at which the curve breaks, nitrogen diffuses through 

two layers (CrN and CrpN), and above it through one layer (Cr^N), We 

O 

should point out that in dealing with these characteristics we should 

, ;ontinued from previous page).  The textural maxima on other 
Debye rings will, in the case of prefered orientation (5) have positions 
similar to the texture (1), within the limits of azimuthal scattering 
due to the slight imperfection of the texture. 

Further tests using a more accurate method are necessary to 
discover which type of texture is found in the Cr^N layer on bright 
chromium deposits, i.e., type (1) or (5), which is very close to it. o 
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not only evaluate the apparent activation energy from the slope of the 

corresponding linear sections In Fig. 2, but should also take Into 

account the circumstances considered In [18] which complicate the 

Investigation. 

Conclusions 

1.  Reaction diffusion In the chromium-nitrogen system takes , . '•. 

■ place .at an appreciable rate at 700 and obeys a parabolic time law .' 
■ ',■''■"■. -S'.-'■■ ■■■      ..'.''■"''. •■■.   -■'■'.■  ... • ■.'■■'.  •■.'•;•"«. *. •'• •.*'.'.' 
.•over .the whole tempera'tjire studied,' up to 1200./".;./ :' ;. •" .'. • •'  .'.' .• .• 

;-;'•• v . *-•'.*: ,.*. 2V "•When-the temperature- rises', • the', dlffi fusion .rate . In» the! chromium.- ; 
v •..■..•..•.;..•• '^ 'W:';t '..•*/•:.*'.,-i.:'* 

.nitrogen systemat  flrst^sloWiy'^lncKe'^ses' (below.iÖ5ü°.)J--.arid''th"en '•*''''■ .»•^*,'•'..■ 

\y'f'..   \\. "(above ••1056o).r it .become-s'rapldr.-, At:;'ip50° •the-'.shär'p/.lribcease'/ln'jjh'e   'i";"r
:. . '.',/;.■' 

'accelerat'ion'pf diffusion, 

times'.'  • ••.-—s: •'.' •• 
* «• 
\ .?••» 

? % 
«tf. 

3« 

-r « 
^- . 
•# 

•*^ ,.' ;. 
♦ *•   • 

• . * • 
v 

• v" V 
•   .» 

«Sf .•» 
A    *• 
■i 

!&••* 
-^t,;** 

• 
^.r,»      / » ' 
(5c-'«.. : v«* ••• '. 

• .•   •• • 
...... 

f •' 

.•" th:e  clÜarige"in the'.phase naturfrl'of the-'dlffukioh,layers.  '   ' '■..     '•    '.'•• 

. .'".•   ■'  rk.'   Dilrl'nlg the-formation-"of .t.he-. CrAN layer//a', texture, with-'-ä; •* ;'; ■ 
■••-• ' - •" '•    .   '   •       .-" .    .,;.   "•»•••J*    '?* .:*.'   .•■-.•.•'    .v" .-   -*.';. V.   .'"   %.•.••". 
•   correspondence  In orlent'atl.önVand'dlmeVislOn-originates, on thö: gfalh■:.;■-.' 

•.. oriented* chromium at. all" temperatures-pf the  type (lIO).CraN||(lll)Cr||Hn  or° 

./.RO^sibiy :1^j|^j^ [f^^'•  The  Cr2Ü layer has no preferred orientation 

on tintextured chromium. ■' •     '        "       - 
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5. Texture Is absent in the surface layer of CrN (forming below 

1050°); consequently, no texture forms In the growth on the external 

surface during the nltrldlng of chromium. 

6. No porosity, loosening, or separation Is observed on the 

boundary between the CrpN layer and the chromium metal.  In effect, 

if the specimen Is subjected to transverse nltrldlng from two direc- • 

-•"'•"tions. 
,— .' 

■defined 
ft'*: ■ >v-4 

,  the  Cr9N layers  interlock and"'cio'sely..adhere._.alQrig/a.'shärply v.;.-..'■ 

ed boundary .without-.any.'gap .between them,.      '  ' :  ' '"" *  •• ''••.• '.     ' . '" 
■.'. • ■ ■'*   *•■' ••   •  ^ a ■*''      *     ••••..    •.'■.   • •• .t '     • '    • ••.•■■  • 

' • »^_; -^laye^s.-and .thät.^t-here  is  no .'diffusion at  all  apprec'; 

»." f-Ci*t;/.^-inv-tfhe.öppbsiteidirection'.     "■':•. 

■iable..of-the, metal' 

• • .■   •       ■•     • t •   »•              •• ■ 
».VrV- Vj  ... . 

•.-. •; v 'V •... ..   ■• k'vÄV..;.:.. 
• •  . ••„" • •   ■•.••? J.;-rs-.-.;•?•„•   .. 

.•. *    •   ■ „ •. S* '•,>■,-   f < " .•» 

,.-. v. •*     . • .:• •    ; •        ••. 
•••    •• '. ••. :; ■.••'•••• • 
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STRUCTURE AND PROPERTIES OF CARBONITRIDED CHROMIUM 

V. N. Konev 

As has been shown In the preceding studies of reaction diffusion 

in a chromium-carbon system and the properties of carbldlzed chromium 

plating on steels and molybdenum [1, 2, 3], carbldlzed chromium plat- 

ing has high corrosion and wear resistance at high temperatures which 

gives reason to consider them suitable for the protection of thermally 

unstable metals and alloys against gaseous corrosion and wear In the 

range of service temperatures up to 1000 inclusive. 

The present study deals with the results of Investigations of the 

structure and properties of carbldlzed chromium platings obtained by 

methods described In the studies, using nitrogen as a carrier gas in 

the carbidlzing treatment. 

Method of Experimentat ion 

Steel 5 was used as the base material to be coated by electro- 

lytic chromium.  The conditions under which the chromium was precipi- 

tated were the same as In the study [5]. 

The specimens for the study of the kinetics carbldlzation process 

O 
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were prepared from remelted chromium In the form of a film.  After 

chromium plating the specimens underwent gaseous carbldlzatlon In a 

flowing atmosphere of a mixture of benzine vapor and nitrogen. In a 

vertical tubular electric furnace.  The composition of the atmosphere 

was determined by the temperature of the thermostat which contained a 

benzine saturated, through which oxygen-free nitrogen was supplied from 

a cylinder at a rate of 10 liters per hour.  The specimen was placed 

In a closed quartz tube on a nlchrome suspension and could be moved 

by means of a side port (cantilever) In the upper part of the tube. 

At the beginning of the experiment the specimen was placed In the 

upper part of the tube, the air was pumped out; the reaction tube was 

then washed with nitrogen and finally, the mixture of nitrogen and 

benzine vapors was released Into it. The furnace was heated to the 

test temperature and the specimen lowered Into the center of the 

furnace.  When the soaking was complete, the specimen was raised again 

Into the upper, cold part of the apparatus and allowed to cool. 

The Investigation was carried out at temperatures of 700, 900, 

1000, and 1100 .  The Debye powder diagrams for determination of the 

phase composition were photographed according to the method In which 

the film Is placed asymmetrically under K-Cr radiation,  'the textural 

radiograms were taken with K-Mo radiation and were interpreted by the 

method described in research [4]. 

The chromium deposits were prepared for metallographic examina- 

tion on small steel cylinders, on which flat areas had previously been 

ground; after carbldlzatlon, polished sections were cut transversely 

from these areas . 

Results of the Experiments 

Structure of the Platings.  The stratified structure is clearly 
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visible In the mlcrostructure of the carbonltrlded platings.  There 

are three successive layers In the outer part of the plating (Fig. 1). 

{.:. 
- «, *'V**'<t  »4 V'*'/'^ 

v-.' 

Fig. 1. Micrograph of section of specimen 
carbonltrlded at 1100° for 5 hours (x 86). 

On the strength of data from an x-ray structural phase analysis 

confirming the presence of three phases, the layers may be considered 

to be In the following order: 

an outer, comparatively thin layer of higher (rhombic) chromium 
carbide Cr^Cpj 

an intermediate, very thick layer of hexagonal chromium carbide 
Cr7C5; 

an inner, thin layer of hexagonal nitride CrgN. 

This order of phase arrangement in carbonltrlded chromium plating 

is confirmed by x-ray phase analysis at various stages of carbonltrld- 

ing.  Besides chromium metal the only other lines in the radiograms 

of the slightly carbonltrlded chromium specimens are those of hex- 

agonal chromium carbide Cr7C, and hexagonal nitride CrgN.  With an 

increase in the carbonitriding time, lines corresponding to the 

rhombic carbide Cr^C^  appear and the Intensity of the Cr CJ and Cr2N o 
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lines gradually diminishes. With a further increase In the duration 

of carbonitriding time the Cr^N and Cr-C. lines disappear due to 

absorption of the x-rays by the upper layers, with Cr2N lines 

disappearing first. 

Texture radiograms showed that there are sig^is of a well defined 

orientation of the Cr2N || OS* type (110) in -the Cr2N layer from the 

very beginning of its formation on the slightly carbonltrlded speci- 

mens .  With an increase in the carbonitriding time the Intensity of 

the diatropic maximum (d = 1.57 A) pertaining to the CrpN phase and 

and characterizing the given type of texture .decreases, while the 

Intensity of the Debye rings for Cr-C-, and Cr-,C2 increases.  In the 

texture radiograms, carbonltrlded specimens of gray (untextured) 

electrolytic chromium did not show any sign of a texture in the layers 

of carbides and nitride, in sharp contrast to similar specimens of 

bright chromium.  As has been established [5], deposits of bright 

chromium, as opposed to untextured gray chromium, have a well defined 

orientation of the type 

(ill) Cr|l OS 

It may be concluded from this comparison that the texture in the 

Cr2N layer is a texture which corresponds In orientation.  No texture 

was detected in the external layer consisting of chromium carbide 

Cr,C2.  In particular, it should be pointed out that the lattice 

parameters of the Cr-C, phase are lower than those In the same phase 

obtained from chromium carbidlzation in the absence of nitrogen. 

Figure 2 shows the curves of the dependence of the weight 

increase of the chromium specimens on the duration of the carbidlza- 

tion (1), carbonitriding (2) and nitriding (5). 

" * OS = outer surface of the specimen. 
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Properties of carbonltrlded 

platings.     Tests  for acid resist- 

ance  were   carried  out by the 

method described In research  [2] 

to establish the  solidity of the 

platings.     As   the  results   of th6 

tests show,  carbonltrlded,   like 

carbldlzed plating,  has a high 

degree of solidity. 

Wear resistance tests, showed 

that carbonltrlded chromium plat- 

ings  are   highly wear-resistant. 

Quantitative  data   on wear   (deter- 
.. "■   . »   ■■ •■   ■ •    •• •" •   f, ;• 

mined by the method explained in •".=.. »•••,"«••"•••...■ /* .'.>••-■ J 
■■'  ZU'- !•:■''■.<■.'•'•I J*'-   Vl'ri 

[2])   endorse  our results  on the wear  of carbldlzed chromium-platings.*" •''•     ;•; '."'■•!.- 
•."■■••■'-•■..«•.•.•;••..•.•.■•'.•■' "A*      " 

[2,   3].      This  gives us reason to hope  that  carbonltrlded-chromium«.' ••   '.''•''':l*"•'"•%;*- 
<    . .■*.    ■"• *.•     .'v ■ 

•   ..»•■•■* 1" '*.•      *•"*«..•*-• . platings   may be used to protect machine parts  from wear.at-Ij-lgh"'' ..'^.. ••'_  .'*     '.'J 
"° "''.   '■:.''. :'••  •''\''! * f"*''   t--S 

temperatures. .    " "l'.. •','.   •.•■.'.*■.'•.■/.''« w"'>-..&j"- 
o    .••..»»•.•   "."."•.• .    ••*; /"•..:■•.• 

Heat-resistance  tests   of the  platings   in air at lOOP /are .;   •"v.t ''i.j
-J"'«'•"'■-;:..'' 

. '      ,•' ■'"' ^'1 .*.   ''■'.':'' * v.-.-'^-lySjfJ 
illustrated in Fig.   5 by the curve  of  the  dependence  of the-» wei'gHlf*;.'\'.*-_\•//■'»■.•..%'''Hi 

'     "    '.;'".•'■'V  *"' \'','.:'.! J'«''.-'",Ä'-'* 
increase   specimen   (calculated per  unit  of surface area)   on the  soak-1*, v!.'0:'..'-'v.-",-"-N:*: 

ing   time   at the test  temperature. 

Fig. 2. Dependence of thev.K" .'■■. 
weight increase of speclmehs"" f °/ 
at 1100° on the duration of'•..'■''.V V 
the process of chromium .s"ati.;' •;'; 
uration. .'• ' "• '.'•''; T1' 

i}iaC: 

Fig.   3-     Weight  increase   in specimen dependent 
on soaking  time  in air at 1000°.     1)  Carbldlzed 
platings  in  a nitrogen-free atmosphere   [j];   2) 
Carbonltrlded platings  in a mixture  of benzene 
vapor and nitrogen. 

Ö 
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Analysis  of Results 

The  absence  of texture  in  the  outer  layer of carbonltrided 

chromium specimens Indicates the predominant diffusion of nitrogen 

and carbon toward the  metal through the   layers  forming during the 

.reaction.     There   Is apparently no diffusion of chromium through these . 

layers;   at. any rate.   It was not.found to be present to any appreciable 

_., ,..degree;---y.; :'.•     ■....'•'■.   •'.'•'■..■..".••• '.■„    .".•:.:'.«•' •'::''. y..\':-'-<-.-:\::%'i'.-,-..-,:'-.--     ■'■ ".-'■ 
;*' •.•-■.*•..:,> Assuming-that the'diffus Ion mobility öfi nitrogen «atoms/is/greater '■    ■'^ 

•'•■ ■ "'■..•,'"••..*•,.-U■..■•■.••■>   •■•■«_•■■ a'-\.' •'• ..     '"*•■■•# •.'   *       ■':• •' •"•..".,•'.■'■. "•■*■'   "'• .'.' .:'■'■ 
••■■ '•   thanrtha't.'of caifbon atoms',   whdch''could "^e .e^ectsd .ffom-Gomnarisdn'of-^   .• 
.•:.:.:'-"; *:•'• >>  V.-•:.-,v •,:/.- .>.• :•    ••••-••     .-^/ii;,:-^";;1^,.:'- -.?: 

thfelr-atomicM*adll,-„the  Eronf arong .which the* hitpoge'h arid chromium-      , .   ■ •. 
■..v°v:v-:•••.•..:'. .;Vv-'-   .•;*   y:-.   ••■:"' ^ :%'!•■••. ^; :.•*.• -^   ;......-. 
-;'•'react••jtiüs.t'*spread.through tihe metal.more "rapidly"-thar) .that, along/ .•;•.'•  .*.:. 

•• ••**••"•. .-.'.•   . <•.: '••.$''.. ••......:*•■.■  .   ^■■'.:'       •*•••.••...  •'. »*. 

:••.•     •     .•.••.•.■   ..•.'■       > '•    '   .,• •.,•:••   •       ♦.   •    <••  .. 'A     •    : •-.■•   •   -%•     • ••.••   •" •■ 
• ...'.. which .tjhe. carbon rea.dts. with the ^chromium.   -In fact;, as  Indicate'd.., - -     •   . 

"■''•*•'.•.••'. •. ••8 •'   ^ ' r. .,• t •   ' '*••      .   •. »• -   •    .• ä;-*■ ••"' "■' .■   -•   "   * .-■        •     *     -'^r •». '. ■   •':'•     •', . ••»•"•;■•.*• s.      . • •   ■ .■• '   ■      ." '      < ■ "   •      *•'.*,'■ ■ ' v, •     '*,•' • ■ ■ ', 
V"."-Vabovej"'a .layer of riitride .forms under'the  carbide' layers. 'A. ■similar • •• *'•' 

•:*■•■•■'•••••.     •. •   -; ■.•■•.• .'.   .      .        -        .   ■•»•     :•■;"■ ...*     •••   ...   ■•   s      :•< 
.-   •.    .-.    .. • .-«- ....   ..,•.••.      , ■• ' •    . •••    .     ■   -J ••     . _^-'.    -■ • , •       ,■•■•■■■;■       .       .    • s.     •■ 
'•. • -Vv- •.. *.«"" •   • *• '*"'.*•»   '.■"',   •' ■.. phenomen is«'observed'during • the oxidation of chromium in-air: where.■• 

1 ••.«.•••■ v •• '.   ■.•■■:..'•    •. •   • ••  ■  •        ■ .   . .     ••        •    ■■•■'■.  : .' . . .'•   •  •■ •    .. - 
"••*•;..•.•        *   ..•   • ;.•'■•..  . *•     % .   •■   _•   "  ■   .        *•'   . . .••■•' - .       •      •   • "      .. 

.'■.*•„":•/I'. ..*:' '.'•*•,.•.   ".:■'.:■ i ,.•   \   • .during  the.-simultane ous diffusion of nitrogen and the.:.oxyge*ri.-. in'^the*   •■"-..■•."•' 
••■.,".-^•••.v^v-s-.'. .;• *■.■.''• ••:"•:.'• ■••' '"'■ •'■^'■..;;■■•. ^•"- \-^"':-.'-.   ..-•■■■  ,.■..••':■•*"••■*••■.•*■■.■■ ...'';. •,:--V 

*   •   .   . • .       •• .      *••....      •• -     ' alr>.in chromlMm, "the .front .along-.which the nitrogen and rchromium'   •• . * 
•^■■•■■^.o-    ■ •    •;•  ••••..••••    •.,■-;v •.•'.•■••• %V ..•:..■'. ••-■■-^.'_.<-    •.-■'••'■:•.■-■..■'..•...    ;'..••.•.•..•.:..••.■• 

•; .     ^ *.,  .   •'-,    '•'    , %.'*•     •*        •• . reactCoUtstrlps  the. oxygen and.chromium reaction  front,  'forming a   • '* '    ,  ►. 
•/•-;-.vr'.;■•• •. ;••■,•.: - ••. ■•■-•.•..:,.• .■.■■■'»■ ••• •:- .••^••-^ -.:-^'.'. ^J'.:.-;-,, ,.••■•,■-.■.'.•■• ■  ■■ /•>; ■••■   .•■■ ;•• -    ...■•. 

*. ..    .•■.'•.«•'<•.•    ..*•".»*.  •   •      . layer, pfinltrlde-Cr^N be low'the. chromlüijioxid,e  layer...,. •*"''•    "  •.".•        •":•', 
•■•.» •:... VvV-''•'•   •■"  '."     *"'• *•■ ■■■■■•>:--V^. l-':;V;"r-*-r./f^ "'■••-:,f.   .■^" \ ••■-'-■■:■';':.'v.-   :. ;.-r;.'':-.'.'■ ■■■■■■■:■.'     *.■>'.••■ -^'.-.•:. ■•..•'' 
. '•'. ••..■'•'•* ';'';'*'    *v      V's,.'" .   •. :   '• ".'   .The •mechanism of .the .siimiitane'ous .diffusion"..of. nitrdgen-carbon « ; '.'*■ 
.     '....      -•      „j .       '.,..■••   '•■■   •.            •■   ••■•.  J,   ■•■.. i- ...■"'■; ■■        ..■    ,   ■■"    ■■■   •     '■;■•        '.'■   *.       •• .'•   ;:"••■■'■.■••■;     • .■' •'       •'■■■.•• *   • 
'• .   ;••.,»      '.      •.       »   •■     '. -•   •-  ■   .•■..-.—T-,-^?,.-.-      ..'■.••.       * ■   : •   ■   ' ,  ■. i .   ■•'   •      '*        ."■■*■.:"'•■•■■:■■■.•■   ;. —. 

.••  ;.       -•,•*■•   . =*     «i" .•.•         ■•    .   'in chromium "can be reduced-to  the -f qi lowing:,    the •react'lon,be'tweeri.:: .•-•, 
.    ••'•»,*    .•. •'     :    • ■ '     ••■.,•'•■     ".: ■.' T '•,'■■ >   ■ . ■ '     '•'"•'    m'\ '■•'•• •    • . '    •    • ' ', \''    ■ •' ■■■■ ;.-'• ■.•*.- ■• ■ "' .'■■.■'   ''. ■'■.■.•.■ ' •■ ' 
'.-••     .••'•••.    »"■:*■     ';'   •'.."•    ••   '     «the-nitrogen and  chromium.takes .place :on- the .phase; boundary. ■.Cr.-Cr0N;  ' ,'   ..•; 
• ••',    ■.*.••*■    ■'     '■    " '.■'.•• .•■■•s .   % "■     ■- •  '      . . ■'    .*    .■■.■«      '  '   .%,      **    •   ■.■■    ■''■'■ ■■■■<'■ *.        ■■../■■•' '■ ■•■■■•  •'■■■■   '•■ ' 

,. •■*...•"' • •• •. * •.'..' '.*• • r'." •   •'• ■.     /Ithe; reaction'.between .the  carbon, arid chromium take'V place  pn-the. phase ••   •. '.'.= 
'■    "'     '*•'•     "•■','  ■   .'"  • *''.•-•   '-., *..'■.:■•■''-■   ■>•';■' ' ■'  •".'•■•.   ■■'-.''.:    ■'•'•  '.■;" *•■    '•■ '•••■.    . ..•• ;"*" ''"..■■■.'*'   ,'.   •'   •..'■■'%'    ' 

•'"•■••.:•''■ - '   '/'..   '■■ •• '•.' •'. •. '. "*   *    .boundary Cr0N-Cr„C,,".where".the•chromium  is* obtained, from the.: Cr0N :     ",'•. .'  '?•■- 

.    «•;«•■;.'    .•:..''".•   : •:   •'•-.-■•'\'   ■-. phased'  ."The "physical-pröcfess  of jthß'"rearrangement  ofthe phase'lattices'.•'t: 

.   • • /    _ '.  ." .    ;. v •:,^--']■•./,''V oh;'the. bo\md^iea of the be.'.examine.d In.*,   ':?;v:;;-., ?-? ',:' 

: • ..,; ".•;.•.»     ■_•.••'■.■.■'". ''°,s..' ■!• \"   -; .gröiater .det&lli^anä*" t^ö''w^^ irivöstigation of- . \-   ,.  . 

■.'■■■* .."'..■'     ..•;-,...the.o,meöhanisra of rfeactlon3°diffusion Insystems  of the type-Me-X/Y •"...      ■•^■' 

S 
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and MeX-Y In which Me Is a solid metal and X and Y are chemically 

active gases.  Prom the practical point of view, this is necessary 

for a clearer understanding 'of the mechanism of gas corrosion as a 

whole and chemical heat treatment of metals In particular. 

It was established that the parameters of the. carbide Cr^C, 

forming during carbidlzatlon in an atmosphere containing nitrogen 

i 

.lattices"-of -.thel'TrewlyTfopin! 

•.        . ♦' '•• s-.-""-• • vnltrdgen'and'-carbori-'iävio'we-r '-ehan- the'nltriding'rate> but higher-than . • 

.■"■•'...v -'i'-that-. 6f-carbidlzaflbn, I . •'.    *... ^l-:',': '  " .• ."* •,--/:v;4-H:-. v ■*'•, ■•.•,: ... , ■■ 
/••••V..^.   • *.    ?       '•.•     ».4      .•V*'    '     *        •«.» '   .    '■ ••        . ■      • •   VV-.-.-v--   ..V..- i^s «;•*■■■..,.-•      •.    , 

./,*J./v    -.-/j   :•■•.•'•.'•'..;••■,•».--. i',^.   •*••• ••'••-  ■     ■..••.•    .■     .   •:    ...■/..- .v*-'';^^.-:-■•■:.■••    v.:-. 
■'•- '•.,•       that'the •pl.atihgs "of .both..types have .-the". Bafne ptdpertles  (heat---* •    ■. .*        ":: 

'i"'-'^:-'\':''i: **..-••'••/.*...:•■'. :.•■.,■,■•-   ' i;-:'■••.•.■*••''■■'-...•"    v "•■■■v---<.';v^'',-:-''■■•'.■'''•. '• 
•»;•': :"■;• '.'.•ies'is'tan.cfe;-''fes*l-stance  to-'wear;.- and.-acid-.resistance) v ;;. This  affinity,.' :. "',■; 
•;■•.''■ '<'" '•"-' '''.'•%' •" * ' ■'•'■.:ik .*   ••*'"' •" •"'' ■' ■"■    :■■•'.•■-   - ■' '■   ■    '•'   '• .■;    '■'.'"      '. •'■■'■ '• •■'' *'"' •*. .'  ■■■ 
^'^"-.•''^».''v^'s^'to'.be'iexpexjted^cbpsldering th^t.'irjb.o'th-cases the  surface "layers; 
r;':Vj:e.>-»y.:!..:s,7«"^;v.'^vA ■-:■'":":... '"'••/    C''      ■■'"'^   '• :"-■•••■ • ••.■■;;.'.-.•;•■.•■'-V; ..■•..••* r-: f-:-JV;:f5y^'.*-.c'ong,lB-f .of'vtli^ysanie':'phases,. .•!'..e;!, • rhombic-,knd -hexagonal chr;omlum .   s/   s •.•:■■* 

^•V^;~/'-;/carbide.•• ^Jt'~isVt^'Qs'4*.sto.fa.ce .layter.s.'-':thä€ determine ^the above.-raehtloned   •: 

:<v°. ''.'■.•. ■-.  .properties? df-t'he .plating...  'In »äci'd-^eslstance  änd-heat^resistance , .   "■ ■..; ... 

'•.-.'i •"**.'••"■     -tests, „the-, surface" layej'S.. of "the".-plating are ■°flrst  allpwe°d  to   inter- 

'. act with the  external-active   agents  of the • corroding medium.-     In. 

tests   for wear resistance  it   is  also  the  outer   layer,   the   layer of O 
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t 
rhombic chromium carbide Cr^C2 that is subjected to abrasion. 

Conclusion 

1.   It was established that during the carbldlzation of chromium 

plating In an atmosphere containing nitrogen, three different layers 

were formed; I.e., 

an outer layer of rhombic chromium carbide Cr^Cp; 

V''-.'-'-' •';:..'• ah Intermediate layer of hexagonal chromium carbide Cr„C ; 

•_# \\! •'"?y."M^ah*•inner*• layer of hexagonal chromium nitride CroN. 

■■']''"')'       ,, •.V2;iv5'.•■..During"••formation of the Cr^N layer, a texture corresponding 
•  '* E.      i'.'.'"*-"*'*'j* '.  *•• •'["' ••*•*•  '*•' • • 
.. •■   lnK'pr'ie,n.tatlbri'-a'na;tslze to ■ the textured chromium can be detected at 
•.■■*•*•.% . .''    i,-f.   ';•','','.-".«.  •.'■■' " 

•' 4^ "'• °aivl.°tempera^ures;.^.,-.ThB'-.|crystallographic character of the rearrangement 
•'■''."■.""•^. "'••"'•-•iV, *■•••;% •:.:':'y,/.;tl .v; t«,   • 
C ■ ■ \/Ofjthq/c.hrcfnyL.xam;jTattJfj;e'.J.nto''the nitride  lattice  is   the  same  as  in 

*■.. \ Vthe/-""casfe\bf'nitri'di:nrg'.°chr6mlum..in ammonia.     The   layer  of Cr0N on 
• * -a.   .ffl v,   , • ,       .•••■•.■ .», ■-^      V      " 1 .      ■   *• 

uhtexturpd  chromium' has'?nds'textüre', 

.   *     the metal-thrtough..the rnascentvlayer.'.•.■..■••■''•■■■    . 

),  • -mi.... .::.■.„,..,;-. ^ ,-.w,.,;,;.;,,.^ ..=::„. ..../■. :.,.•.= -„•„.. .,    , the nitrogen and 

boundary .Cr . —- _Cr0N, 

•while ^h6..fr.o.ntjQf3th4"re]acitioh^ is on the 

lht:erph*a,se...b.o,ündary,'CrpN-:^;''Cr^C^^    i.;*'l&'--A ■■'■ 

l'..'.■■■•■?-5;"">. Iv^eXpihejBenc'e.'-o^an^li^terpl^s^^'lJo      between CrpN and 

•CriC ■Ypoln^ of these phases. 

•\   .'■•■ :6if:,yTtiß:;ädiä:ß?esia.ta^ and wear resistance of 

carbonitrlded chromium plating are not lower than in carbldlzed 

chromium plating'.  This warrants the use of nitrogen as a carrier gas 

In the. gaseous carbldlzation of electrolytic chromium plating  in 
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order to Increase Its protective properties, 
1 
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THERMAL AND ELECTRICAL PROPERTIES OF COPPER, SILVER, 

GOLD, ALUMINUM, AND ALLOYS WITH A COPPER BASE 

V. Ye. Mlkryukov 

The study of the Influence of admixtures of various elements In 

the periodic table on the thermal and electrical properties of a sub- 

stance is one of the problems of the theory of solids and Is of great 

practical Importance.  The theoretical investigation of this Influ- 

ence is related to the band theory of solids and Is based in practice 

on a model of typical metals or semi-conductors.  The Influence of 

admixtures In metals and semi-conductors on their thermal and electric 

properties Is substantially different; In metals, admixtures reduce 

electrical conductivity as well as thermal conductivity, whereas. In 

semi-conductors, on the contrary, they Increase these parameters. 

There is at present strict theory of the metallic state of substances. 

The kinetic coefficients (thermal conductivity, electrical con- 

ductivity, the Hall effect, thermo-emf and the Wiedemann-Franz law) 

are theoretically obtained by means of an approximate theory (the 

band theory), using the Ferml-Dirac statistics and taking into account 

the weak Interactions of the conduction electrons with the thermal 
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vibrations of the metal lattice. 

When the current carriers are of the same sign, the constant of 

the Hall effect and the therom-emf do not depend on mobility and have 

the value 

* 

where R is the Hall constant; 

a  is the thermo-emf; 

A and B are constants; 

n is the number of current carriers; 

K is the Boltzmann constant; 

C is the velocity of light; 

m*ls the effective mass; 

T is the absolute temperature. 

The temperature dependence of thermal and electrical conductivity 

was calculated for two approximations, high and low temperatures. 

At temperatures above the Debye temperature electrical conductivity 

Is Inversely proportional to the absolute value of the temperature 

(K = Tp), while the thermal conductivity does not depend on it all 

(X = const).  In this case the Wiedemann-Franz ration, obtained for 

high temperatures above the Debye temperature, takes the form 

ii.=Zl/'AY =2.45 
y.T   "    3   \c j 

10 -8 watt • ohm  5— 
deg^ 

In explaining the dependence of the Wiedemann-Franz ratio and the 

thermal conductivity of metals, it is assumed that the conductivity 

of heat and electricity is brought about solely by electrons.  Thermal 

conductivity through the metal lattice is not taken Into account. 
( 
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At low temperatures (below the Debye temperature), the electrical 
-5 -2 conductivity is M, ~ T ^, and the heat conductivity is X ~ T  .  It 

follows that from this the theoretical Wiedemann-Franz ratio is not 

valid in this case. This is also confirmed experimentally. 

The lack of a strict theory of the metallic state of substances 

prevents us from determining theoretically the limits of applicability 

of the band theory. 

It follows from what has been said that the question of current 

carriers and their mobility is a fundamental one in the Investigation 

of conductivity in electron conductors.  Hence, if the Investigator 

is to gain a deeper understanding of the nature of conductivity of 

heat and electricity in metals and alloys, he is confronted with the 

task of making complex studies of a whole series of kinetic coeffi- 

cients on the same specimens rather than studying the separate kine- 

matic coefficients. 

In the first place, the simultaneous investigation of thermal 

and electrical conductivity, the Hall effect, the thermo-emf and the 

Wiedemann-Franz ratio on the same specimens, given current carriers 

of equal signs provides the possibility of determining the degree of 

concentration of the carriers n, their mobility u and effective mass 

m*, i.e., the quantities which determine the electronic mechanism of 

conductivity in the above-mentioned macroscopiCLj^lnetlc coefficients. 

In the second place, by comparing the experimental and theoretical 

values of the kinetic coefficients obtained, it Is possible to reach 

certain conclusions concerning the internal concordance or noncon- 

cordance of the theoretical notions.  Furthermore, experimental 

investigation of the kinetic coefficients, irrespective of their 

theoretical Importance, is of Independent interest since they are 

-709- 



widely used In practice. 

Method of Experimentation 

For the Investigation of thermal and electrical conductivity in 

metals and alloys, a method must be used which would enable us to 

determine these quantities with a sufficient degree of accuracy over 

a wide temperature range.  This specification was met by the apparatus 

designed by the author at the Molecular Physics Department of Moscow 

University, which operates according to the Kohlrausch method.  The 

chief advantages of the method are the following: 

the measurement of the quantity of heat is linked to the  8 
the measurement of the current and the drop in voltagec in 
the working sector; as is known these electrical quantities o   

oo ■ ■. 
can be determined by the compensation method with great .  '    ' 
accuracy (up to 10-oa and 10"Ob respectively); 

the ratio between thermal and electrical conductivity can  ° •. 
be determined without knowing any other quantities exc.ept,". 
the current, the temperature at three points on the sped- '• 
men, and the voltage drop in the working sector; measuring . 

— makes it possible to compare the results obtained with the 
theoretical values; °   .ä . 

the thermal and electrical conductivity of metals and alloys .-. 
can be determined by this method. '., . 

The error in measurement in this apparatus does not exceed 3^ 

for thermal conductivity and 1-1.5^ for electrical conductivity. This 

degree of accuracy can be achieved since the measurements of the 

current in the circuit, the voltage drop in the working sector and 

the temperature of the specimen.are performed by the compensation 

method on a PPTN-1 type compensator.  As is known the compensation 

method is the most accurate method of measurement now in use.  The 

theory of the method and a description of the apparatus and of the 

experiments conducted are set forth In detail in research [1, 2, j). 

i > 
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Fig.'2. ■ Temperature dependence of the 
specific electrical resistance•in pure 
metals (for symbols see Flg.l). 
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Fig. 5.  Temperature dependence of heat 
conductivity In pure metals.  1) Cu; 2) 
Ag (1st measurement); 5) Ag (2nd measure- 
ment); 4) Au; 5) Al. 
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Measurement of Copper,   Sliver,   Gold,   and Aluminum Polycrystals 
f 

Copper, sliver, and gold are metals in which the free atoms con- 

tain one valence electron In addition to a filled group of 18 electrons, 

These metals have a face-centered cubic lattice and differ from each 

other only In the lattice constant.  The assumption that there Is one 

valence electron per atom In copper, silver and gold Is confirmed by 

measurement of the Hall effect. 

According to the band theory of solids and taking Into account 

the Pauli principle, the first Br.lllouln zone should only be half- 

occupied by electrons.  In this case the Fermi surface is a slightly 

■distorted sphere which does not touch the surface of the zone.  Con- 

sequently, along with the occupied states, there are also free states 

In all directions .  Under these conditions the the.oretical'explanation 

of the conductivity of heat and electricity will be similar to the 

simple theory of free electrons, according tp which the Wiedemann- 

Pranz law will-be closely obeyed in the above-mentioned metals (if 

the temperature Is above'the Debye temperature), while the temperature 

dependence of the specific•electrical resistiylty must follow a linear 

law.  It is interesting therefore, to compare the experimental results 

with respect to thermal conductivity, the- Wledemann-Franz ratio and 

electrical resistivity of these metals, with the calculated dependence. 

In effect, it turns.out. that the experimental ,value of the 

Wiedemann-Franz ratio for copper, silver, gold and aluminum is In 

close agreement with the theoretical dependence; 

= 2.45 • 10 -8 watt • ohm 
deg 4 
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The  temperature dependence  of the experimental ratio is  shown 

in Fig.  1,  where the bulk of experimental points are  located on the 

theoretical straight line,  shown as  continuous and corresponding to 

2,45.    Some of the  experimental points  differ from the  theoretical 

value by + 5^,   which is   within the  limits  of our error  of measurement. 

The  temperature dependence  of the  specific electrical resistivity 

of  copper,   silver,   gold  and aluminum follows   the  theoretical  dependence; 

i.e.,   it  varies  linearly with an increase   In  temperature   (Fig.   2). 

In the metals  considered above,   the  thermal conductivity is 

performed by electrons.     In this  case 

X    = 2.45   •   10"8 KT    
watt 

e ~     '   ^ cm • deg' 

Consequently the temperature  dependence   of heat  conductivity 

-depends on the  product  KT.     Experience  shows   that with  copper,   silver, 

gold,   and aluminum this   product  slowly decreases with an  Increase   in 

temperature,   causing in   turn a decline   in heat  conductivity (Fig.   5). 

Thermal and Electrical  Properties  of Heat-Resistant 

Precipitation-Hardening Alloys  with a  Copper Base 

Proceeding  from the   foregoing theoretical  concepts,   we may expect 

that  the  influence   of small additions  in  copper alloys  of beryllium, 

nickel,  chromium,   zirconium,   titanium,   aluminum,  molybdenum,   iron, 

tantalum,   cobalt,  tin,  manganese,   silicon and phosphor  (which we 

investigated)   on the  thermal  and  electrical properties  of copper should 

not   change   substantially  the number of  current  carriers,   as  compared 

to pure copper.     The mobility of the  current  carriers  should alone 

differ,  compared to the mobility of pure  copper,  since  in the  crystal 

lattice of alloys there  develops  additional centers  from which the 

electron waves  will be  scattered.     If this assumption is   correct,   the 
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the  observed and calculated  values of the Wiedemann-Franz ratio must 

coincide  In copper alloys  with small  admixtures  and any number of 

components,   as  well as  In pure  copper. 

The  temperature dependence  of the  kinetic  coefficients   (thermal 

conductivity,  electrical conductivity,   and the  Wiedemann-Franz ratio) 

was   investigated in the  following alloy systems:     copper-nickel- 

beryllium,   copper-chromlum-zirconium,   copper-beryllium-cobalt and 

copper-nickel-beryllium-zirconium.     These alloys  are precipitation- 

hardening and heat resistant;   i.e.,   they are heterogeneous  systems  in 

which the  chemical compounds were  NIBe,   CrpZr  and CoBe,   respectively. 

It  transpired that the  experimental and theoretical  values   of 

the  Wiedemann-Franz ratio  in the  above-mentioned alloys,   as well  as 

in pure  copper,   coincide.     Consequently,   the  heat and electricity are 

here   transmitted chiefly by electrons. 

The alloys   investigated have a high degree  of heat  and electrical 

conductivity.     These  parameters  may be   divided,   according  to magnitude, 

into  two groups .     The   first  group  contains alloys  in which the ratio 

of thermal and electrical   conductivity  to pure   copper attains 75-90^ 

at 600   .     The  second group   comprises   the remainder  In which these 

values,   at  the   same  temperature,   reach60-75^'      Only a  few of the 

alloys   investigated are dealt with here;   the  results  of the  other 

measurements have already been published   [4,   5] • 
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Measurement of the Temperature Dependence of Heat 
Conductivityj Eleotrlcal Resistivity and the WeIdemann-Franz 

Ratio In the Alloys;  Copper-Cobalt-Eerylllum-SllverT 
Copper-Zlrconlum-Molybdenum-Cobalt, Copper-Cobalt-Zlrconlum- 

Iron, Copper-Cobalt-Berylllum-Nlckel, Copper-Cobalt-Zlrconlum- 
Aluminum, Copper-Cobalt-Zlrconlum, Copper-Nickel- 

Zlrconlum-Phospher, and Copper-Nlckel-Zlrconl\am-Tln 

Specific electrical resistivity.  Examination of the mlcrostructure 

showed that all of the above-mentioned alloys represent solid solu- 

tions ofthe alloy components and a finely dispersed strengthening 

agent In the form of a chemical compound. 

The electrical conductivity of the alloys Cu + 1.7^ Co + 0.15^ 

Be + 1.0^ Ag, and Cu + 0.27^ Zr + O.JO^ Co + 0.14^ Mo differs little 

up to 500 and have the same temperature dependence of resistivity 

has a lower temperature coefficient. The latter fact is to be 

explained, by the change In the mobility of the electrons In the alloys 

compared to pure metals.  Cu + 0.10^ Zr + 0.30%  CO + 0.05^ Fe has 

the lowest resistivity of all the given alloys.  The electrical 

resistivity Increases with an Increase In temperature, following a 

linear law.  The alloys Cu + 0.60^ Ml + 0.27^ Zr + 0.1^ P, 

Cu + 0.50^ Co + 0.50^ Zr, and Cu + 0.60^ Nl + 0.26^ Zr + 0.15^ Sn 

have low resistivity compared to copper. 

I 

I' 
0/       »^     oj     •«      «5      xf tg   *g 

a too .200 300 iOO 500 too       '   TOO 
Teimepaimfpa, °C       ■ " 

Fig.   4.     temperature dependence  of the  specific 
electrical resistance  In  alloys  of  the  systems: 
Cu plus:   1)  1.7^ Co f 0.155g Be  + 1.0^ Ag;   2)   O.2756 
Zr  + 0.35^ Co -!- Q.l^ M05   3)   0.15g Zr  + 0.35g Co  + 
+ 0.q55g Fe;   4)  O.756 Nl + 0.15g Be + 0.155g Co;   5) 
0.2956 Zr + 0.255g Co + 0.25g Al;   6)  0.35g Zr + 0.35g 
Cojg;   7)   0.65g  Nl  + 0.275g Zr  + O.ljg  P;   8)   0.55g Be  + 
+  2.25g  Co;   9)   0.65g  Nl + 0.265g  Zr +  0.155g Sn. 
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It Increases up to 400 with an Increase in temperature, according to 

a linear law; I.e., It follows the theoretical dependence.  Above 

400° the resistivity of some alloys decreases, while It Increases In 

others. 

The deviation of the specific resistivity In the copper base alloys 

Investigated from the linear dependence. Is caused by decomposition 

of the solid solution with an Increase In temperature and by precipi- 

tation of the chemical compound.  The electrical conductivity of the 

latter Is higher than that of the solid solution; the electrical con- 

ductivity of the alloy, therefore, increases and the resistivity 

decreases, which can be seen from Fig. 4. 

The alloys Cu + 1.?^ Co + 0.15$ Be + 1.0^ Ag and Cu + 0.27$ Zr + 

+ O.J,0%  Co + 0.14^ Mo, have the highest electrlcial resistivity.  The 

temperature dependence of electrical resistivity varies according to 

a linear law up to 500 , decreases up to 500 and then increases 

above 500°. 

Heat Conductivity and the Wiedemann-Franz Ratio 

The method of investigation which we developed makes it possible 

to determine simultaneously the temperature dependence of the relation- 

ship between thermal and electrical conductivity and the electrical 

conductivity itself on the same specimen. 

If the ratio between thermal and electrical conductivity is divided 

by the absolute temperature, the temperature dependence of the 

Wledemann-Pranz ratio 
HT 

is obtained.  It transpired that the 

observed values of the Wiedemann-Franz ratio for the above-mentioned 

alloys, in effect, agree closely with the theoretical dependence 

-i^S- = 2 45- lO"8 watt • ohm 
HT    ' -' deg* . 
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The temperature dependence of the Wledemann-Franz ratio obtained 

experimentally. Is shown In Fig. 5 where the bulk of the experimental 

points are situated along the theoretical straight line, which is 

shown here as continuous and corresponding to 2.45-  A few of these 

points differ from the calculated values by + 2.-J>%,   which Is within 

the error In measurement. 

ot      x?     tj     a«      a.f     *S     97      *S     *t 

too 
Tennepamypa, 'C 

son em 

Fig. 5.  Temperature dependence of the Wledemann- 
Franz ratio for various alloys (for symbols, see 
Fig. 4). 

It has been shown above that the electron theory, which Is based 

on the assumption that heat and electricity are transmitted In metals 

solely by electrons, follows the Wledemann-Franz law.  Since the copper 

and Its alloys with small soluble admixtures and finely dispersed 

strengthening agents In the form of a chemical compound under inves- 

tigation obey this law. It can be stated that thermal conductivity 

in alloys is also performed by electrons.  In this case 

X1, = 2)45-l(r
e*r 

GK-rpaA 

Consequently the temperature dependence of thermal conductivity and 

its absolute value will be determined by the product HT.  Experience 

shows that this product increases in the given alloys with an increase 

in temperature, causing in turn an Increase in heat conductivity 

(Fig. 6). 
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The Increase In heat conductivity with an increase in temperature 

in alloys of solid solutions and with a finely dispersed strengthening 

agent in the form of a chemical compound with a copper base, is caused 

by the fact that the experimental and theoretical values of the 

Wiedemann-Franz ratio coincide.  It follows from this that the heat 

conductivity is determined by the product HT.  If the latter Increases 

the heat conductivity must as a result also Increase, which is 

precisely what is observed in experiments (Fig. 6). 

Thus, the experimental value of heat conductivity in electroconduc- 

tive alloys and its temperature dependence may be calculated theoret- 

ically, irrespective of the number of components, on the basis of the 

Wiedemann-Franz law and the experimental values of the temperature 

dependence of electrical conductivity. 

The Wledemann-Pranz law is obeyed by specimens with a normalized 

state as well as a tempered state following hardening, and also In a 

cald-wqrked state.  This fact is of great practical Importance since 

it enables us to calculate theoretically the heat conductivity of 

specimens in any state of heat treatment or cold-working from the 

electric conductivity, measured in the state in which the specimen is 

used in practice. 

Heat Is transmitted In metals and alloys by two mechanisms: 

electron and lattice conductivity.  The Investigated metals and alloys 

belong to those which are good conductors of electricity.  Therefore, 

the heat conductivity of the lattice is a small quantity as compared 

to electron heat conductivity.  The experimental value of the 

Wiedemann-Franz ratio agrees In such alloys with the theoretical values 

since the heat conductivity of the lattice will be within the limits 

of error'In measurement.  If the alloy is a poor conductor of 
electricity, compared to copper, the heat conductivity of the lattice 
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compared to the electron heat conductivity, will be of some magnitude, 

while the experimental value of the Wiedemann-Franz ratio will differ 

from the theoretical value by the value of the heat conductivity of 

the lattice, divided by the product HT, I.e., 

xT xT 

In which X  Is the electron heat conductivity; 

X, , the heat conductivity of the lattice. 

«* CMtpaJce* 

api- 

as 

av 
too 200 300 WO 
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Fig.  6.     Temperature dependence  of heat  conductivity 
In various alloys   (for symbols  see Fig.   4). 

Consequently the  observed deviations   from the Wledemann-Franz  law 

are  explained by the   fact  that the  heat  conductivity of the  alloy 

cannot  be  calculated theoretically   from the electrical  conducts . ..ty. 

Consequently,   the  Wledemann-Franz   law is  only applicable to good 

electrical  conductors   in which the   heat and electricity are   transmitted 

by electrons. 

It has been shown experimentally that  if the  electrical  conductivity 

of metals and alloys amounts  to 25-50^ in relation to   the electrical 

conductivity of copper,   they are   classed as good electrical   conductors. 

In these metals  and alloys,   the  thermal  conductivity of the   lattice 
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will be a small quantity compared to the electron heat conductivity. 

The experimental value of the Wledemann-Pranz ratio will In this case 

coincide with Its theoretical value, since the value of the heat 

conductivity of the lattice will be within the error of measurement. 

If the metals and alloys have an electrical conductivity of less 

than 255^, the heat conductivity of the lattice compared to the 

electronic heat conductivity will be an appreciable quantity, and the 

experimental value of the Wiedemann-Franz ratio will be different 

from the theoretical value. 

Conclusion 

1. For temperatures above the Debye temperature the modern electron 

theory. In essence, correctly explains the electronic mechanism of the 

conductivity oi" heat and electricity in metals and alloys of solid 

solutions. 

The Wledemann-Pranz law for electronic conductivity Is apparently 

a more general law than follows from the Sommerfeld-Bloch theory 

(X = const, n = = for pure metals, p = "p + p-, for alloys).  Investi- 

gations of copper alloys show that both X and K deviate from the 

theoretical values, while the Wledemann-Franz law remains valid. 

Therefore if heat and electricity In metals and alloys are trans- 

mitted by electrons, holes, or through mixed conductivity (electrons 

and holes together), the experimental value of the Wledemann-Franz 

ratio will coincide with the theoretical value. 

i 
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2.  Heat Is transmitted in metals, alloys, and semi-conductors by 

two processes:  those of electronic and lattice conductivity.  Since 

the investigated metals (copper, silver, gold, aluminum, and alloys 

with a copper base) are rated as  ^ood electrical conductors, their 

lattice heat conductivity is a small quantity compared to the elec- 

tronic conductivity.  The observed value of the Wiedemann-Franz ratio 

agrees in this case with the calculated value, since the heat conduc- 

tivity of the lattice of these metals and alloys is within the error 

of measurement. 

In alloys, which are good conductors, the Wiedemann-Franz ratio 

does not depend on the state of heat treatment or cold working of the 

specimen.  This enables us to calculate the thermal conductivity 

theoretically from the measurement of the electrical conductivity in 

any state.  The heat conductivity and electrical conductivity will 

depend on the heat treatment and cold working of the specimen. 
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